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nineties.  This  symposium,  "Wide-Bandgap  Semiconductors  for  High-Power,  High- 
Frequency  and  High-Temperature  Applications— 1999,"  from  the  1999  MRS  Spring 
Meeting  in  San  Francisco,  California,  focused  on  high-power,  high-frequency  and 
high-temperature  applications  of  these  wide-bandgap  semiconductors.  The 
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ABSTRACT 

SiC  power  switching  devices  have  demonstrated  performance  figures  of  merit  far 
beyond  the  silicon  theoretical  limits,  but  much  work  remains  before  commercial 
production  will  be  feasible.  A  significant  fraction  of  the  remaining  work  centers  on 
materials  science  issues.  This  paper  reviews  the  current  status  of  unipolar  power 
switching  devices  in  SiC  and  identifies  the  major  technological  and  material  science 
barriers  that  need  to  be  overcome. 

1.  INTRODUCTION 

Since  the  development  of  the  modified  sublimation  process  for  growth  of  SiC 
crystals  during  the  1980’s  [1,  2]  and  the  commercial  availability  of  single-crystal  6H  and 
4H  SiC  wafers  during  the  early  1990’s  [3],  interest  and  enthusiasm  for  SiC  electronic 
devices  has  grown  exponentially.  SiC  is  attractive  for  several  reasons:  (i)  its  extreme 
thermal  stability  offers  the  possibility  of  reliable  high-temperature  operation;  (ii)  its  high 
breakdown  electric  field  makes  it  possible  to  build  power  switching  devices  with 
resistance-area  products  400x  lower  than  silicon  [4]  and  microwave  power  devices  with 
power  densities  lOOx  higher  than  GaAs;  and  (iii)  its  native  oxide  (Si02)  enables  the 
whole  range  of  MOS  devices  and  integrated  circuits  known  in  silicon  [5].  These  exciting 
properties  have  given  impetus  to  significant  device  development  programs  in  Europe, 
Japan,  and  the  United  States. 

The  current  device  development  activities  are  taking  place  in  an  environment  where 
many  basic  fabrication  and  material  science  issues  are  still  unresolved.  The  situation  is 
reminiscent  of  the  early  days  of  silicon  technology,  and  indeed  the  SiC  industry  today  is 
in  many  ways  comparable  to  the  silicon  industry  of  the  1950’s.  The  prospects  are 
exciting,  the  problems  are  real,  and  the  future  is  uncertain.  In  this  review,  we  focus  on 
one  aspect  of  SiC  device  and  technology  development,  unipolar  (or  majority  carrier) 
power  switching  devices,  specifically  power  MOSFETs  and  Schottky  rectifiers.  These 
devices  are  expected  to  be  among  the  first  SiC  devices  to  enter  commercial  production 
early  in  the  next  decade.  In  the  sections  that  follow,  we  will  outline  the  basic  device 
designs,  review  the  present  status  of  device  development,  indicate  the  relationship 
between  material  science  issues  and  device  performance,  and  identify  the  most  critical 
performance  and  material  science  issues  still  to  be  resolved. 
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2.  MOTIVATION  FOR  POWER  MOSFETs  AND  SCHOTTKY  RECTIFIERS 


Unipolar  devices  such  as  the  power  MOSFET  and  the  Schottky  rectifier  are  attractive 
for  electronic  power  switching  applications  for  several  reasons.  Unlike  bipolar  devices 
such  as  the  insulated-gate  bipolar  transistor  (IGBT)  or  the  pin  diode,  the  on-state  current 
in  unipolar  devices  does  not  flow  through  a  forward-biased  pn  junction.  The  voltage 
drop  across  a  forward-biased  pn  junction  in  4H-SiC  is  about  2.8  V.  Assuming  a  current 
density  of  200  A/cm2,  SiC  IGBTs  and  pin  diodes  will  dissipate  560  W/cm2  just  to 
establish  current  flow.  This  dissipation  is  absent  in  power  MOSFETs  and  Schottky 
diodes.  Second,  since  unipolar  devices  do  not  store  minority  carrier  charge  in  the 
conducting  state,  they  exhibit  minimal  reverse  recovery  transients  during  switching.  In 
high-frequency  switching  applications,  power  dissipated  during  switching  transients  can 
be  the  dominant  power  loss  in  the  system. 

3.  SCHOTTKY  RECTIFIERS 

3.1  BASIC  DESIGN 

Figure  1  shows  the  cross  section  of  a  Schottky  rectifier  in  SiC  [6j.  The  starting 
wafer  is  4H-SiC,  cut  approximately  8°  off  axis  to  enable  step-controlled  epitaxy  [7],  and 
polished  on  the  (0001)  silicon  face.  The  n-type  substrate  is  doped  with  nitrogen,  with 
resistivity  about  10-20  mQ-cm  and  thickness  of  300  -  350  Jim.  A  lightly-doped  n-type 
epilayer  is  grown  on  the  substrate  with  doping  and  thickness  chosen  to  provide  the 
desired  blocking  voltage  while  minimizing  on-resistance.  For  diodes  designed  for  1500 
V  operation,  the  epilayer  is  about  10  Jim  thick,  doped  4  -  8xl015  cm'3. 


Cathode 


Figure  1.  Cross  section  of  a  high-voltage  SiC  Schottky  diode. 

3.2  SELECTION  OF  SCHOTTKY  METAL 

The  Schottky  metal  is  chosen  to  provide  the  desired  barrier  height  relative  to  4H-SiC. 
Typical  Schottky  metals  are  Ni  (barrier  height  1.3  eV)  and  Ti  (barrier  height  0.8  eV). 
Figure  2  shows  I-V  characteristics  of  Ni  and  Ti  Schottky  diodes  on  4H-SiC.  As  seen,  the 
lower  barrier  height  of  Ti  results  in  a  lower  turn-on  voltage  in  the  conducting  state 
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(desirable),  but  higher  leakage  current  in  the  blocking  state.  The  reverse  leakage  current 
is  due  to  emission  of  electrons  from  the  Schottky  metal  into  the  semiconductor,  a  process 
that  depends  exponentially  on  barrier  height. 

The  design  goal  is  to  obtain  the  highest  possible  on  current  and  blocking  voltage 
while  minimizing  power  dissipation  in  the  device.  As  a  general  guideline,  one  would  like 
to  support  a  forward  current  of  at  least  100  A/cm2  in  the  on-state  with  a  forward  drop  less 
than  2  V.  This  results  in  a  power  dissipation  of  200  W/cm2  in  the  diode.  In  the  blocking 
state  one  would  like  the  reverse  leakage  current  to  be  less  than  1  mA/cm2  at  the  specified 
blocking  voltage.  Although  the  Ti  diode  has  a  lower  forward  drop  than  the  Ni  diode,  it 
has  orders  of  magnitude  higher  reverse  leakage  current.  Taking  1  mA/cm2  as  the 
maximum  reverse  leakage  current,  the  Ti  diode  could  be  specified  for  a  maximum  reverse 
voltage  of  450  V,  while  the  Ni  diode  could  be  rated  to  1200  V.  For  this  reason,  Ni 
appears  to  be  the  better  choice  for  a  Schottky  metal  on  4H-SiC. 


Voltage  (V) 

Figure  2.  Current-voltage  characteristics  of  Ni  and  Ti  Schottky  diodes  on  4H-SiC. 


3.3  EDGE  TERMINATION 

The  diodes  shown  in  Fig.  2  are  fabricated  on  a  13  Jim  n-type  epilayer  that  has  a 
theoretical  plane-junction  breakdown  voltage  of  about  2000  V  [6].  The  Ni  diode  exhibits 
a  maximum  blocking  voltage  of  1720  V,  about  87%  of  the  theoretical  plane-junction 
breakdown  voltage  for  this  epilayer.  In  order  to  achieve  this  result,  it  is  necessary  to 
provide  edge  termination  along  the  periphery  of  the  Schottky  metal  to  minimis  two- 
dimensional  field  crowding.  The  edge  termination  employed  in  these  diodes  makes  use 
of  a  boron  implant  under  the  edge  of  the  Schottky  metal,  as  shown  in  Fig.  1.  This 
implant  is  annealed  at  1000  °C,  a  temperature  high  enough  to  anneal  most  of  the  implant 
damage  without  activating  the  dopants  [8].  The  effect  is  to  form  a  resistive  layer  that 
carries  a  small  leakage  current  under  reverse  bias.  This  leakage  current  produces  a  lateral 
voltage  drop  that  smoothly  tapers  the  electric  field,  reducing  field  crowding  at  the  edges 
of  the  Schottky  metal.  The  leakage  current  is  noticeable  in  the  Ni  Schottky  diode  at 


5 


reverse  voltages  below  about  800  V  (see  Fig.  2),  but  is  obscured  in  the  Ti  diode  by  the 
higher  Schottky  barrier  leakage.  Other  edge  terminations  have  also  been  used 
successfully  [9,  10]. 

3.4  YIELD-LIMITING  MATERIAL  DEFECTS 

Although  the  diodes  in  Fig.  2  are  small,  recent  work  has  focused  on  scaling  to  larger 
devices  to  obtain  on-state  currents  in  the  range  of  several  A  to  tens  of  A  [1 1].  These 
efforts  have  made  it  possible  to  estimate  the  density  of  yield-limiting  defects  in  the 
material.  In  one  experiment,  a  35  mm  “low-micropipe”  (micropipe  density  <  30  cm'2) 
4H-SiC  wafer  was  fabricated  with  circular  diodes  of  diameters  1.25, 2,  and  3  mm.  The 
yield  of  good  devices  for  these  diodes  was  58,  31,  and  22  %,  respectively,  established  by 
testing  to  200  V  reverse  bias.  Fitting  to  a  simple  yield  model  indicates  a  defect  density  of 
about  20  cm'2,  consistent  with  the  expected  density  of  micropipes  in  the  wafer. 

Micropipes  are  open-core  screw  dislocations  with  large  Burgers  vectors  that  extend 
through  the  substrate  and  subsequently-grown  epilayers.  Such  defects  are  obviously  fatal 
to  high-voltage  power  devices.  Fortunately,  the  density  of  micropipes  in  commercially- 
grown  wafers  has  been  declining  steadily  in  recent  years,  and  the  best  reported  wafers 
now  have  micropipe  densities  below  1  cm'2  [12].  Such  wafers  would  permit  fabrication 
of  50  A  Schottky  diodes  with  acceptable  yield. 

In  addition  to  micropipes,  SiC  wafers  have  a  much  higher  density  of  single-screw 
dislocations,  typically  several  thousand  per  cm2  [13].  Although  these  defects  are  not 
immediately  fatal  to  power  devices,  they  appear  to  be  responsible  for  “soft  breakdown” 
characteristics,  and  may  possibly  give  rise  to  a  negative  temperature  coefficient  of 
breakdown  in  some  devices  [14].  A  negative  temperature  coefficient  of  breakdown  is 
undesirable,  since  it  leads  to  filamentation  and  destructive  breakdown  of  the  device. 

Another  problem  that  becomes  apparent  when  Schottky  diodes  are  scaled  to  larger 
diameters  is  the  effect  of  surface  imperfections  and  irregularities.  Since  the  maximum 
electric  field  occurs  at  the  semiconductor  surface,  the  Schottky  diode  is  especially 
sensitive  to  surface  defects  or  irregularities.  Any  macroscopic  surface  imperfection,  such 
as  a  pit  or  asperity,  will  cause  field  crowding  and  premature  breakdown.  Nomarski 
microscopy  reveals  a  variety  of  pits,  asperities,  and  gouges  resulting  from  polishing 
damage  on  commercially  available  SiC  wafers.  This  is  an  area  where  the  materials 
science  community  could  make  an  important  contribution,  since  it  is  critical  to  obtaining 
the  large-area  high-current  Schottky  diodes  demanded  by  customers. 

3.5  CURRENT  STATUS  OF  EXPERIMENTAL  DEVICES 

SiC  Schottky  diodes  have  achieved  impressive  performance  figures  compared  to 
silicon  devices.  A  useful  figure  of  merit  for  unipolar  devices  is  0  =  VB2  /  Ron,sp>  where 
VB  is  the  maximum  blocking  voltage  and  Ron.sp  is  the  specific  on-resistance  in  O-cm2 
(Ron.  sp  is  the  product  of  on-resistance  and  device  area).  This  figure  of  merit  is 
appropriate  because  the  minimum  achievable  RqN  sp  in  a  unipolar  device  theoretically 
scales  as  the  square  of  the  blocking  voltage.  The  Ni  Schottky  diode  in  Fig.  2,  fabricated 
on  a  13  }im  4H-SiC  epilayer,  has  a  blocking  voltage  of  1,720  V  and  a  specific  on- 
resistance  of  5.6  mfi-cm2,  yielding  a  0  of  528  MW/cm2  [6].  By  comparison,  the 
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theoretical  limit  for  silicon  unipolar  devices  is  a  0  of  4  MW/cm2.  Thus,  the  diode  of  Fig. 
2  has  a  figure  of  merit  approximately  130x  higher  than  the  theoretical  limit  for  silicon 
devices.  Schottky  diodes  fabricated  in  our  laboratory  on  50  pm  epilayers  of  4H-SiC  have 
demonstrated  blocking  voltages  as  high  as  4,200  V  [15]. 

4.  POWER  MOSFETs 

4.1  BASIC  DESIGNS 

Figure  3  shows  cross  sections  of  DMOS  and  UMOS  power  transistors  in  SiC.  These 
MOSFETs  are  vertical  devices  with  the  n+  substrate  serving  as  the  drain  contact.  A 
lightly-doped  n-type  epilayer  is  grown  on  the  substrate  to  form  the  drain  drift  region.  As 
with  the  Schottky  diode,  the  doping  and  thickness  of  the  drift  region  are  chosen  to  obtain 
the  desired  blocking  voltage  while  minimizing  the  on-resistance.  In  the  UMOS  structure, 
a  moderately-doped  p-type  epilayer  is  also  grown  on  top  of  the  n-type  epilayer.  This  p- 
type  layer  is  grounded,  and  acts  as  the  base  of  the  MOSFET  (the  base  is  equivalent  to  the 
p-type  substrate  of  a  planar  MOSFET).  In  the  DMOS  structure,  the  p-base  is  formed  by 
ion  implantation  of  aluminum  or  boron.  N+  source  regions  are  created  in  selected  areas 
by  implantation  of  nitrogen  or  phosphorus,  and  the  implants  are  activated  by  a  high 
temperature  anneal.  In  the  UMOS  structure,  a  trench  is  defined  by  reactive  ion  etching 
following  implant  activation.  The  device  is  then  oxidized  to  form  the  gate  insulator. 
Polysilicon  is  deposited  by  LPC  VD,  doped  by  diffusion  of  a  spin-on  dopant,  and 
patterned  to  form  the  gate  electrode.  Ni  source  contacts  and  A1  base  contacts  are 
deposited,  defined  by  liftoff,  and  annealed. 


Drain  Drain 


Figure  3.  Cross  sections  of  UMOS  (left)  and  DMOS  power  transistors. 
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4.2  OPTIMIZATION  OF  THE  MOS  INTERFACE 


The  electrical  quality  of  the  oxide/semiconductor  interface  is  of  critical  importance 
to  the  operation  of  all  MOS-based  power  devices.  Oxidation  of  SiC  is  both  similar  to  and 
different  from  oxidation  of  silicon  [5].  Since  the  SiC  crystal  consists  of  alternating 
planes  of  silicon  and  carbon  atoms,  the  oxidation  process  involves  two  reactions: 
oxidation  of  silicon  to  produce  silicon  dioxide,  and  oxidation  of  carbon  to  produce  carbon 
monoxide  and  carbon  dioxide.  The  Si02  forms  the  passivating  oxide  while  the  carbon 
byproducts  escape  in  the  gas  phase. 

Oxidation  of  SiC  is  much  slower  than  oxidation  of  silicon,  and  the  oxidation  rate 
depends  upon  the  surface  orientation.  The  fastest  oxidation  occurs  on  the  (0004-)  carbon 
face,  while  the  slowest  oxidation  occurs  on  the  (0001)  silicon  face.  The  difference  in 
oxidation  rates  is  related  to  the  bonding  structure,  in  which  successive  planes  of  silicon 
and  carbon  atoms  are  alternately  singly  bonded  and  triply  bonded.  Oxidation  of  the 
carbon  face  involves  oxidation  of  carbon  planes  triply  bonded  to  silicon  planes,  followed 
by  oxidation  of  silicon  planes  singly  bonded  to  carbon  planes.  In  contrast,  oxidation  of 
the  silicon  face  consists  of  oxidation  of  silicon  planes  triply  bonded  to  carbon  planes, 
followed  by  oxidation  of  carbon  planes  singly  bonded  to  silicon  planes.  As  might  be 
expected,  these  two  processes  exhibit  significantly  different  reaction  kinetics. 

The  Si02  -  SiC  interface  is  more  complex  than  the  Si02  -  silicon  interface,  and  the 
role  of  carbon  species  in  determining  the  fixed  interface  charge  QF  and  the  density  of 
interface  states  Dn-  are  subjects  of  current  research.  At  the  present  time,  the  optimum 
oxidation  conditions  appear  to  be  thermal  oxidation  in  wet  02  or  steam  at  1 150  °C, 
followed  by  a  30  min.  in-situ  anneal  at  1 150  °C  in  argon  [16]  and  a  subsequent  re¬ 
oxidation  anneal  at  950  °C  for  60  min.  in  wet  02  [17].  The  argon  anneal  permits  carbon 
species  to  diffuse  out  of  the  oxide  under  non-oxidizing  conditions.  The  subsequent  low 
temperature  re-oxidation  forms  the  final  interface,  and  appears  to  be  beneficial  in 
reducing  interface  state  density.  Pre-oxidation  cleaning  and  loading  steps  are  also 
important.  Samples  are  cleaned  using  a  standard  “RCA”  clean  and  loaded  into  the 
oxidation  tube  at  850  °C  under  flowing  02.  The  furnace  temperature  is  then  slowly 
ramped  to  the  1 150  °C  oxidation  temperature.  This  procedure  minimizes  degradation  of 
the  surface  due  to  loss  of  silicon  during  the  furnace  insertion  [16]. 

Using  the  above-described  oxidation  procedure,  MOS  interfaces  on  the  (0001) 
silicon  face  of  4H  and  6H  SiC  typically  have  fixed  charge  densities  from  5  -  8x10"  cm*2 
and  interface  state  densities  that  range  from  around  1.5x10“  cm*2  eV*1  at  0.5  eV  above  the 
valence  band  to  around  5xl010  cm*2  eV'1  near  midgap  [18].  These  values  are  2  -  3x  higher 
than  currently  found  in  silicon  devices,  but  are  not  high  enough  to  cause  problems  with 
MOSFET  operation.  As  a  general  guideline,  a  MOSFET  in  strong  inversion  is  operating 
with  about  6  -  8x1 0‘2  inversion  electrons  per  cm2,  determined  by  the  maximum  electric 
field  in  the  gate  oxide  (3  -4  MV/cm).  As  can  be  seen,  the  fixed  charge  and  interface 
state  density  numbers  quoted  above  are. small  compared  to  the  density  of  inversion 
electrons  in  strong  inversion. 

MOS  interfaces  formed  on  the  a-axis  surfaces  of  SiC  are  definitely  inferior  to  those 
formed  on  the  silicon  face.  Measurements  on  the  (14-00)  and  1 120)  surfaces  indicate 
interface  state  densities  in  the  range  5  -  7x10“  cm'2  eV'1,  5  -  lOx  higher  than  on  the 
silicon  face  [19].  MOS  interfaces  formed  on  the  (000-1)  carbon  face  are  even  worse,  with 


interface  state  densities  so  high  as  to  prevent  full  modulation  of  the  surface  potential. 

The  differences  are  thought  to  be  due  to  the  presence  of  carbon  bonds  at  the  interface. 

On  the  carbon  face,  essentially  all  the  interface  bonds  are  associated  with  carbon  atoms, 
while  on  the  a-axis  surfaces,  approximately  half  the  bonds  are  associated  with  carbon. 

On  the  silicon  face,  the  vast  majority  of  bonds  are  associated  with  silicon  atoms,  and  on 
an  atomic  scale  this  interface  resembles  the  Si02  -  Si  interface. 

The  breakdown  electric  field  of  oxides  on  4H  and  6H-SiC  are  comparable  to  oxides 
on  silicon,  typically  in  the  range  8-10  MV/cm,  although  the  spread  in  breakdown 
voltage  across  a  SiC  wafer  is  larger  than  for  silicon.  This  is  an  indication  of  the  relative 
immaturity  of  the  technology,  and  probably  reflects  the  difficulty  in  polishing  SiC  wafers 
due  to  the  extreme  hardness  of  the  material.  As  the  case  with  Schottky  diodes,  any 
surface  imperfection  or  irregularity  will  concentrate  the  surface  electric  field,  leading  to 
premature  local  breakdown  of  the  oxide. 

4.3  MOS  OXIDE  RELIABILITY 

Power  switching  devices  operate  at  high  electric  fields,  and  SiC  devices  are  capable 
of  sustaining  much  higher  internal  fields  than  silicon  devices.  Indeed,  the  main 
advantage  of  SiC  for  power  devices  is  the  fact  that  the  critical  field  for  avalanche 
breakdown  is  8  -  lOx  higher  than  in  silicon.  In  MOS  devices,  a  serious  problem  occurs 
at  the  oxide/semiconductor  interface.  Because  the  ratio  of  dielectric  constants  between 
Si02  and  SiC  is  about  2.5,  the  electric  field  in  the  oxide  is  2.5x  higher  than  the  surface 
electric  field  in  the  SiC.  Since  the  critical  field  for  avalanche  breakdown  in  SiC  is  2  -  4 
MV/cm  (depending  on  doping),  the  field  in  the  oxide  is  in  the  range  5-12  MV/cm. 

These  fields  are  uncomfortably  close  to  the  breakdown  field  of  the  oxide.  Note  that  if  the 
same  oxide  were  used  on  a  silicon  device,  the  fields  in  the  silicon  (and  the  oxide)  would 
be  about  lOx  lower,  safely  below  the  breakdown  field  of  the  oxide. 

Oxides  on  SiC  are  also  more  susceptible  to  electron  injection  from  the 
semiconductor,  since  the  conduction  band  discontinuity  between  SiC  and  Si02  is  lower 
than  that  between  silicon  and  Si02,  and  injection  increases  exponentially  as  barrier  height 
is  lowered.  For  these  reasons,  the  long-term  reliability  of  oxides  on  SiC  must  be  studied 
carefully  to  determine  the  tradeoffs  between  mean-time-to-failure  and  oxide  field. 
Although  this  investigation  is  still  in  its  early  stages,  some  preliminary  conclusions  can 
be  drawn.  Figure  4  shows  mean-time-to-failure  of  thermal  oxides  on  n-type  6H-SiC  as  a 
function  of  oxide  field  for  three  temperatures  [20].  Also  shown  in  the  figure  are  the 
mean-time-to-failure  for  oxides  on  silicon  at  the  same  temperatures.  At  high  fields,  the 
failure  times  for  oxides  on  SiC  are  shorter  than  for  oxides  on  silicon.  However,  the  field 
dependence  of  failure  time  is  stronger  for  oxides  on  SiC,  with  the  result  that  at  fields  in 
the  range  3-4  MV/cm  the  mean-time-to-failures  of  SiC  and  silicon  are  comparable. 
These  results  suggest  that  acceptable  oxide  reliability  on  SiC  can  be  obtained  at 
temperatures  up  to  150  °C  if  the  field  in  the  oxide  is  kept  below  4  -  5  MV/cm.  This  can 
be  done  without  compromising  device  operation  if  precautions  are  taken  in  the  device 
design  to  limit  the  maximum  fields  in  the  oxide. 
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Figure  4.  Mean-time-to-failure  for  oxides  on  n-type  6H-SiC  and  on  p-type  silicon  as 
a  function  of  oxide  field  and  temperature. 

4.4  INVERSION  LAYER  MOBILITY  AND  IMPLANT  ACTIVATION 

Since  the  avalanche  breakdown  field  in  SiC  is  8  -  lOx  higher  than  in  silicon,  the 
specific  on-resistance  (Q  -  cm2)  of  the  drain  drift  region  in  power  MOSFETs  will  be 
about  400x  lower  than  for  silicon  devices  of  the  same  blocking  voltage.  However,  to  date 
no  SiC  power  MOSFET  has  achieved  this  ideal.  This  is  because  for  blocking  voltage^ 
below  about  5,000  V,  the  resistance  of  SiC  MOSFETs  is  actually  dominated  by  the 
channel  resistance  rather  than  the  drift  region  resistance.  The  channel  resistance  is 
limited  by  the  inversion  layer  electron  mobility.  In  silicon,  the  inversion  layer  mobility  is 
about  half  the  bulk  mobility,  but  in  SiC  the  inversion  layer  mobility  is  only  about  10  - 
20%  of  the  bulk  value.  The  reason  for  this  is  not  well  understood.  Moreover,  the 
inversion  layer  mobility  on  4H-SiC  is  typically  much  lower  than  on  6H,  in  spite  of  the 
fact  that  the  bulk  mobility  in  4H  is  higher  than  in  6H.  Typical  values  for  inversion  layer 
mobility  reported  in  the  literature  are  in  the  range  25  -  50  cm2/Vs  on  4H-SiC  and  70  -  90 
cm2/Vs  on  6H-SiC.  These  mobility  differences  cannot  be  attributed  to  differences  in 
fixed  oxide  charge  density  or  interface  state  density  between  4H  and  6H-SiC,  since  these 
are  fairly  comparable  between  the  two  interfaces. 

It  has  been  recently  observed  that  the  inversion  layer  mobility  on  4H-SiC  (and 
probably  to  a  lesser  extent  on  6H-SiC)  can  be  severely  degraded  by  thermal  processing 
before  gate  oxide  formation  [21].  This  is  attributed  to  step  bunching  on  the  surface. 
Figure  5  shows  severe  step  bunching  resulting  from  a  1700  °C  anneal  used  to  activate  the 
boron  p-well  implant  in  4H-SiC  [22].  To  enable  step-controlled  epitaxy,  6H  and  4H-SiC 
wafers  are  routinely  cut  at  3.5°  and  8°  off-axis,  respectively.  During  the  high- 
temperature  implant  anneal,  considerable  motion  of  these  surface  steps  occurs  and  the 
surface  seeks  a  lower  energy  state  by  reducing  the  density  of  steps  while  increasing  their 
height.  If  this  surface  is  subsequently  oxidized  to  form  a  MOSFET,  the  resulting  oxide- 
semiconductor  interface  can  have  macroscopic  steps  whose  height  is  a  significant  fraction 
of  the  oxide  thickness.  In  such  a  case  it  may  be  appropriate  to  visualize  this  surface  as 
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consisting  of  alternating  horizontal 
and  vertical  interface  regions,  or 
equivalently,  as  a  series  connection 
of  horizontal  and  vertical 
MOSFETs.  When  the  surface  is 
brought  into  inversion  by  the  gate 
bias,  the  horizontal  regions  will 
typically  go  into  strong  inversion 
while  the  vertical  surfaces  are  only 
weakly  inverted,  or  not  inverted  at 
all.  This  occurs  because  of  the 
relative  geometry  of  the  field  lines 
from  the  gate  to  the  semiconductor, 
because  the  oxide  on  the  vertical 
sidewall  is  2-3x  thicker  than  on  the 
horizontal  surface,  or  because  the 
fixed  charge  and  interface  state 
densities  on  the  vertical  sidewall 
are  higher  than  on  the  horizontal 
surface.  In  any  event,  the  steps 
create  potential  barriers  to 
electrons  flowing  from  source  to 
drain,  significantly  degrading  the 
effective  surface  mobility  of  the  MOSFET.  In  extreme  cases  the  effective  mobility  can 
have  fractional  values.  These  extremely  low  mobilities  are  correlated  with  high 
temperature  anneals  (1600  -  1700  °C)  required  to  activate  p-well  implants  prior  to  gate 
oxidation.  Table  1  illustrates  the  range  of  inversion  layer  mobilities  observed  on  4H-SiC 
as  a  function  of  implant  anneal  conditions  prior  to  gate  oxidation.  As  seen,  in  order  to 
obtain  high  inversion  layer  mobilities  on  4H-SiC  it  is  necessary  to  keep  the  maximum 
implant  anneal  temperature  below  about  1200  °C.  This  temperature  is  insufficient  to 
activate  boron  or  aluminum  used  for  p-well  implants  in  DMOSFETs,  but  is  high  enough 
to  activate  nitrogen  or  phosphorus  used  for  the  source  implants. 

N-type  dopants  in  SiC  are  nitrogen  and  phosphorus,  and  p-type  dopants  are 
aluminum  and  boron.  Since  diffusion  of  impurities  is  impractical  in  SiC  due  to  the  low 
diffusion  coefficient  of  impurities  at  any  reasonable  temperature,  ion  implantation  is  used 
for  selective  doping.  Figure  6  shows  sheet  resistivity  for  nitrogen  and  phosphorus  source 


Figure  5.  AFM  image  of  the  surface  of  4H-SiC, 
implanted  with  boron  to  a  dose  of  4x1 0H  cm'2, 
typical  of  a  p-well  implant,  and  annealed  at  1700 
°C  for  40  min.  in  argon.  Dimensions  of  the 
image  are  H)  xlO  p,m. 


Anneal  Temperature 

1200  °C 

1300  °C 

1400  °C  ‘ 

1700  °C 

No  p-well  implant 

25  cm2/Vs 

7  cm2/Vs 

5  cmVVs 

9  cm2/Vs  * 

Boron  p-well  implant 

0.32  cm2/Vs  * 
0.06  cnr/Vs 

Table  1.  Inversion  layer  electron  mobility  on  4H-SiC  as  a  function  of  implant  anneal 
conditions  prior  to  gate  oxidation.  Asterisks  (*)  indicate  that  the  implant  anneal  was 
conducted  under  a  silane  overpressure;  all  other  anneals  were  conducted  in  argon. 
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implants  and  electron  inversion  layer  mobility  in  4H-SiC  as  a  function  of  implant  anneal 
temperature  [23].  As  seen,  to  obtain  inversion  layer  mobilities  greater  than  10,  it  is 
necessary  to  keep  the  implant  anneal  temperatures  below  about  1250  °C.  This  can  be 
done  successfully  if  phosphorus  is  used  instead  of  nitrogen  as  the  source  dopant. 

The  problem  becomes  more  severe  if  either  aluminum  or  boron  implantation  is 
required  in  the  fabrication  process,  as  for  the  DMOS  structure  of  Fig.  3.  Figure  7  shows 
the  activation  percentage  of  boron  in  4H-SiC  as  a  function  of  anneal  temperature  [22]. 

To  obtain  good  activation,  it  is  necessary  to  anneal  at  temperatures  in  excess  of  1600  °C. 
Comparison  with  Fig.  6  indicates  that  the  expected  MOS  inversion  layer  mobility 
following  such  an  anneal  will  be  in  the  single  digits,  at  best.  The  actual  results  on 
DMOSFETs  are  even  worse,  since  the  MOS  inversion  channel  is  formed  in  the  region 
damaged  by  the  boron  implant.  The  second  line  in  Table  1  shows  that  inversion  layer 
mobilities  in  implanted  regions  annealed  at  1700  °C  are  fractional.  As  described  in  the 
previous  section,  the  low  effective  inversion  layer  mobility  is  caused  by  the  dramatic  step 
bunching  that  occurs  during  implant  anneal  (c.f.  Fig.  5).  One  solution  is  to  convert  the 
near-surface  region  of  the  semiconductor  to  n-type,  forming  an  accumulation-layer 
MOSFET,  or  ACCUFET  [24,  25].  The  density  of  donors  in  the  ACCUFET  layer  is  kept 
low  so  that  the  layer  is  completely  depleted  at  zero  gate  bias,  but  there  the  layer  has 
enough  conductivity  under  positive  gate  bias  that  a  conductive  path  is  established  around 
the  potential  barriers  associated  with  the  surface  steps,  significantly  enhancing  the 
effective  mobility  of  the  MOSFET.  This  solution,  while  workable,  is  undesirable 
because  of  the  difficulty  of  controlling  the  threshold  voltage  precisely  when  it  is  close  to 
zero,  and  the  likelihood  that  the  threshold  voltage  will  go  negative  (creating  a  normally- 
on  MOSFET)  as  temperature  is  raised. 


Figure  6.  Inversion  layer  electron  mobility  and  source  implant  sheet  resistivity  for 
nitrogen  and  phosphorus  in  4H-SiC  as  a  function  of  implant  anneal  temperature.  The 
highest  inversion  layer  mobility  (25  cm2/Vs)  is  obtained  for  a  1200  °C  anneal,  where  the 
phosphorus  source  implant  sheet  resistivity  is  an  acceptable  500  Q  per  square. 
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Figure  7.  Activation  percentage  of 
boron  in  4H-SiC  as  a  function  of 
anneal  temperature.  All  anneals  are 
performed  for  40  min.  in  argon. 


Anneal  Temperature  (°C) 


4.5  CURRENT  STATUS  OF  EXPERIMENTAL  DEVICES 

In  spite  of  the  material  and  processing  difficulties  described  above,  progress  in  the 
development  of  SiC  power  MOSFETs  has  been  dramatic.  Currently,  both  DMOS  and 
UMOS  devices  are  being  developed.  UMOSFETs  fabricated  on  10  pm  4H-SiC  epilayers 
have  achieved  blocking  voltages  of  1400  V  at  a  specific  on-resistance  of  15.7  mQ-cm2, 
for  a  figure  of  merit  0  =  VB2  /  R0N  of  125  MW/cm2,  approximately  25x  higher  than  the  ’ 
theoretical  limit  for  silicon  MOSFETs  [25].  Lateral  DMOSFETs  on  insulating  4H-SiC 
substrates  have  achieved  blocking  voltages  of  2600  V  [26].  With  the  availability  of 
thicker  epilayers  (up  to  50  |im  are  currently  available),  it  is  anticipated  that  MOSFETs 
with  blocking  voltages  in  the  3  -  5  kV  range  will  soon  be  reported. 

It  is  worth  noting  that  the  performance  of  the  best  reported  SiC  MOSFETs  are  still 
well  below  the  theoretical  limit  expected  for  4H-SiC.  For  example,  the  1400  V 
UMOSFET  reported  above  with  a  0  of  125  MW/cm2  is  still  a  factor  of  16  below  the  4H- 
SiC  theoretical  limit.  The  main  reason  for  the  shortfall  is  the  specific  on-resistance  R^, 
which  is  dominated  by  the  resistance  of  the  MOSFET  channel.  In  order  to  reach  the  SiC 
theoretical  limit,  the  MOSFET  channel  resistance  needs  to  be  reduced  by  about  an  order 
of  magnitude.  This  is  the  biggest  challenge  facing  MOSFET  device  developers  today. 

5.  SUMMARY  AND  CONCLUSIONS 

During  the  past  several  years,  the  development  of  prototype  devices  in  SiC  has  been 
taking  place  in  parallel  with  the  optimization  of  unit  fabrication  processes  and  research 
on  fundamental  material  science  issues.  This  leads  to  mistakes  and  false  starts  in  device 
development,  but  it  also  tends  to  bring  into  sharp  focus  the  critical  material  science 
issues.  At  the  present  time,  from  a  device  development  perspective,  the  most  critical 
material  science  issues  are:  (1)  size  and  cost  of  SiC  wafers,  (2)  surface  morphology  of  as- 
received  wafers,  (3)  density  of  micropipes  and  single  screw  dislocations  in  the  material, 
(4)  activation  of  implants  (particularly  aluminum  and  boron  p-type  implants),  (5)  low 
inversion  layer  electron  mobility  at  the  Si02  -  SiC  interface  and  its  relationship  to 
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previous  high-temperature  steps,  (6)  high  ohmic  contact  resistance  (particularly  to  p-type 
SiC),  and  (7)  the  stability  and  reliability  of  Si02  on  SiC  under  high-field  and  high- 
temperature  stress.  Continued  close  communication  between  device  developers  and 
material  scientists  is  needed  to  focus  attention  on  these  critical  problems  and  verify  their 
solution. 

ACKNOWLEDGEMENTS 

This  work  is  supported  by  ONR  under  MURI  grant,  no.  N00014-95-1-1302. 
REFERENCES 

1 .  G.  Ziegler,  P.  Lanig,  D.  Theis,  and  C.  Weyrich,  IEEE  Trans.  Electr.  Dev.  30, 227  (1983). 

2.  C.  H.  Carter,  Jr.,  L.  Tang,  and  R.  F.  Davis,  4th  National  Review  Meeting  on  the  Growth  and 
Characterization  of  SiC,  Raleigh,  NC,  USA,  1987;  U.S.  Patent  No.  4,866,005  (Sept.  12,  1989)  R. 

F.  Davis,  C.  H.  Carter,  Jr.,  and  C.  E.  Hunter. 

3.  Cree  Research,  Inc.,  Durham,  NC. 

4.  B.  J.  Baliga,  IEEE  Electron  Device  Lett.  10,  455  (1989). 

5.  J.  A.  Cooper,  Jr.,  Physica  Stat.  Solidi  (a),  162,  305  (1997). 

6.  K.  J.  Schoen,  J.  M.  Woodall,  J.  A.  Cooper,  Jr.,  and  M.  R.  Melloch,  IEEE  Trans.  Electr.  Dev. 
45,  1595  (1998). 

7.  H.  Matsunami,  T.  Ueda,  and  H.  Nishino,  Proc.  Mat.  Res.  Soc.  Symp.  162,  397  (1990). 

8.  A.  Itoh,  T.  Kimoto,  and  H.  Matsunami,  IEEE  Electron  Device  Lett.  17,  139  (1996). 

9.  D.  Alok,  B.  J.  Baliga,  and  P.  K.  McLarty,  IEEE  Electron  Device  Lett.  15,  394  (1994). 

10.  R.  Singh  and  J.  W.  Palmour,  Proc.  Int’I.  Symp.  on  Power  Semi.  Devices  and  ICs,  Weimar, 
Germany,  May  26-29,  1997. 

11.  G.  M.  Dolny,  D.  T.  Morisette,  P.  M.  Shenoy,  M.  Zafrani,  J.  Gladish,  J.  M.  Woodall,  J.  A. 
Cooper,  Jr.,  and  M.  R.  Melloch,  IEEE  Device  Res.  Conf.,  Charlottesville,  VA,  June  22  -  24, 1998. 

12.  C.  H.  Carter,  Jr.,  Cree  Research,  Inc.,  Durham,  NC,  private  communication. 

13.  S.  Wang,  M.  Dudley.  C.  H.  Carter,  Jr.,  and  H.  S.  Hong,  Mat.  Res.  Soc.  Symp.  Proc.,  339, 735 
(1994). 

14.  P.  G.  Neudeck  and  C.  Fazi,  IEEE  Electron  Device  Lett.  18,  96  (1997). 

15.  H.  M.  McGIothlin,  D.  T.  Morisette,  J.  A.  Cooper,  and  M.  R.  Melloch,  unpublished. 

16.  J.  N.  Shenoy,  G.  L.  Chindalore,  M.  R.  Melloch,  J.  A.  Cooper,  Jr.,  J.  W.  Palmour,  and  K.  G. 
Irvine,  J.  Electronic  Mat’ Is,  24,  303  (1995). 

17.  L.  A.  Lipkin  and  J.  W.  Palmour,  J.  Electr.  Mat’ls,  25,  909  (1996). 

18.  M.  K.  Das,  J.  A.  Cooper,  Jr.,  and  M.  R.  Melloch,  J.  Electr.  Mat’ls,  27,  353  (1998). 

19.  J.  N.  Shenoy,  M.  K.  Das,  J.  A.  Cooper,  Jr.,  M.  R.  Melloch,  and  J.  W.  Palmour,  J.  Appl. 
Physics,  79,  3042  (1996). 

20.  M.  M.  Maranowski  and  J.  A.  Cooper,  Jr.,  IEEE  Trans.  Electr.  Dev.  46,  (1999). 

21 .  M.  K.  Das,  J.  A.  Cooper,  Jr.,  M.  R.  Melloch,  and  M.  A.  Capano,  Semi.  Interface  Specialists 
Conf,  San  Diego,  CA,  December  3-5, 1998. 

22.  M.  A.  Capano,  S-H.  Ryu,  M.  R.  Melloch,  and  J.  A.  Cooper,  Jr.,  J.  Electr.  Mat’ls,  27,  370 
(1998). 

23.  R.  Santharumar,  M.  K.  Das,  M.  A.  Capano,  J.  A.  Cooper,  and  M.  R.  Melloch,  unpublished. 

24.  P.  M.  Shenoy  and  B.  J.  Baliga,  IEEE  Electron  Device  Lett.,  18,  589  (1997). 

25.  J.  Tan,  J.  A.  Cooper,  Jr.,  and  M.  R.  Melloch,  IEEE  Electron  Device  Lett.,  19, 487  (1998). 

26.  J.  Spitz,  M.  R.  Melloch,  J.  A.  Cooper,  Jr.,  and  M.  A.  Capano,  IEEE  Electron  Device  Lett., 

19,  100(1998). 


14 


RECENT  PROGRESS  IN  SiC  MICROWAVE  MESFETs 
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ABSTRACT 

SiC  MESFET’s  have  shown  an  RF  power  density  of  4.6  W/mm  at  3.5  GHz  and  a  power 
added  efficiency  of  60%  with  3  W/mm  at  800  MHz,  demonstrating  that  SiC  devices  are  capable 
of  very  high  power  densities  and  high  efficiencies.  Single  devices  with  48  mm  of  gate  periphery 
were  mounted  in  a  hybrid  circuit  and  achieved  a  maximum  RF  power  of  80  watts  CW  at  3.1  GHz 
with  38%  PAE. 


INTRODUCTION 

Silicon  carbide  (SiC)  MESFET’s  are  emerging  as  a  promising  technology  for  high-  power 
microwave  applications  due  to  a  combination  of  superior  properties  of  SiC,  including  a  high 
breakdown  electric  field,  high  saturated  electron  velocity  and  high  thermal  conductivity.  In  this 
paper  we  report  on  the  substantial  progress  that  has  recently  been  made  in  microwave  SiC 
MESFET  technology.  Improvements  to  device  design  and  fabrication  have  led  to  increased 
breakdown  voltages  of  greater  than  150  V  for  FET’s  with  a  channel  doping  of  3xl017  cm'3. 
Improvements  in  process  control  and  repeatability  have  resulted  in  the  ability  to  yield  devices 
with  up  to  48  mm  of  gate  periphery.  Cree  also  recently  began  fabricating  MESFET’s  on  2-inch 
diameter  semi-insulating  SiC  substrates,  a  substantial  increase  in  wafer  area  over  the  previous  1- 
3/8”  substrates,  preparing  the  way  for  producing  these  devices  in  large  quantity. 

ADVANTAGEOUS  PROPERTIES  OF  SILICON  CARBIDE 

SiC  occurs  in  over  200  different  crystal  structures,  or  polytypes,  but  for  semiconductor 
applications  the  6H  and  4H  polytypes  have  received  the  most  attention  due  to  the  availability  of 
high-quality  single  crystalline  substrates.  For  microwave  MESFET’s  the  4H-SiC  polytype  is 
preferable  because  it  has  a  larger  bandgap  and  higher  electron  mobility  than  6H-SiC.  It  is  the 
wide  bandgap  of  3.2  eV,  compared  to  1.1  eV  for  Si  and  1.4  eV  for  GaAs,  that  gives  SiC  its 
primary  advantage  for  high-power  devices.  This  wide  bandgap  gives  rise  to  a  breakdown  electric 
field  that  is  10  times  higher  than  in  GaAs  or  Si.  This  is  illustrated  in  Figure  1,  which  shows  the 
measured  breakdown  voltage  of  4H-SiC  p-n  junction  diodes  as  well  as  the  theoretical  curves  for 
Si  and  GaAs.  This  high  breakdown  field  has  been  exploited  to  fabricate  sub-micron  SiC 
MESFET’s  with  gate-to-drain  breakdown  voltages  exceeding  200  V. 

The  one  drawback  to  SiC  for  use  in  microwave  devices  is  its  poor  low-field  electron 
mobility,  which  is  in  the  range  of  300  -  500  cm2/V-sec.  for  doping  levels  of  interest  for 
MESFET’s,  i.e.,  IxlO17  cm'3  <  ND  <  5xl017  cm'3.  This  results  in  a  larger  source  resistance  and 
lower  transconductance  than  is  typical  of  GaAs  MESFET’s,  but  is  partially  offset  by  the  ability 
to  operate  the  SiC  devices  under  extremely  high  electric  fields.  The  saturated  electron  velocity  in 
6H-SiC  is  2xl07  cm/s  and  has  been  predicted  by  Monte  Carlo  simulations  to  be  2.7x1 07  cm/s  in 
4H-SiC  [2],  almost  3  times  higher  than  in  GaAs  at  high  fields.  Although  the  knee  voltage  of  SiC 
MESFET’s  is  relatively  high  (typically  «  9  V),  the  drain  efficiency  of  the  devices  is  still  high 
because  the  breakdown  voltage  is  over  100  V.  The  channel  current  density  is  reasonably  large, 
typically  around  300  mA/mm  for  0.7  pm  gate  length  devices,  due  to  the  high  saturated  velocity. 
When  combined  with  the  high  breakdown  voltage,  this  results  in  the  large  RF  power  density  of 
over  4  W/mm  that  has  been  measured  for  SiC  MESFET’s. 
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Figure  1:  Measured  breakdown  voltage  of  4H-SiC  p-n  junction 
diodes  as  a  function  of  doping,  and  the  theoretical  maximums  for 
Si  and  GaAs. 

The  other  property  of  SiC  that  gives  it  a  significant  advantage  over  other  semiconductors  is 
its  very  high  thermal  conductivity.  In  order  to  take  advantage  of  the  high  electrical  power 
densities  available  in  this  material,  it  is  also  necessary  to  dissipate  very  high  thermal  power 
densities,  making  the  thermal  conductivity  an  extremely  important  parameter.  Measured  thermal 
conductivity  data  for  SiC  is  shown  in  Table  I  for  low  doped  n-  and  p-type,  doped  n-type  and 
semi-insulating  material.  The  thermal  conductivity  was  measured  by  creating  a  temperature 
difference  across  a  piece  of  SiC.  Thermocouples  were  inserted  into  holes  drilled  1  cm  apart  and 
AT  and  applied  power  were  used  to  calculate  the  thermal  conductivity  at  25°C  and  100°C. 
Copper  and  A1  were  used  as  calibration  standards.  Thermal  conductivity  is  the  product  of  a 
material's  density,  heat  capacity  and  its  thermal  diffusivity:  the  latter  being  dependent  on  the 
doping  and  quality  of  a  material.  The  very  low  doped  material  exhibits  a-axis  thermal 
conductivity  roughly  the  same  as  that  reported  by  Slack  [2]  for  pure  Lely  platelets.  The  doped 
materials  and  c-axis  direction  have  significantly  lower  thermal  conductivity  values.  Even  the 
lowest  measured  value  of  3.3  W/cm-K  is  7  times  higher  than  the  thermal  conductivity  of  GaAs, 
implying  that  not  only  is  the  power  density  of  SiC  high  in  terms  of  W/mm  of  gate  periphery  but 
SiC  also  has  extremely  high  power  handling  capability  in  terms  of  W/mm2  of  die  area.  For  high 
power,  high  frequency  applications,  this  is  the  more  important  figure  of  merit  since  die  size 
becomes  constrained  by  wavelength,  and  all  power  devices  are  operated  at  their  thermal  limit. 

Table  I 

Measured  Thermal  Conductivity  Data  for  SiC 


Thermal  Conductivity 


Sample 

Type 

Direction 

Carrier 

(cm'3) 

298  K 
(W/cm-K) 

373  K 
(W/cm-K) 

4H  Semi 

//c 

S.I. 

3.3 

2.6 

Ins. 

4H  n 

//c 

2.0el8n 

3.3 

2.5 

4H  n 

J.C 

5el5  n 

4.8 

2.9 

6H  n 

//c 

1.5el8  n 

3.0 

2.3 

6H  n 

//c 

3.5el7  n 

3.2 

2.3 

6H  n 

1  c 

3.5el7  n 

3.8 

2.8 

6Hp 

1c 

1.4el6  p 

4.0 

3.2 

Slack  [2] 

1c 

~lel7 

~5 

-3 
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RECENT  ADVANCES  IN  SIC  SUBSTRATES 


The  development  of  SiC  electronic  devices  has  been  limited  in  the  past  by  the  lack  of 
availability  of  large,  high  quality  SiC  substrates.  The  primary  defects  in  bulk  SiC  are 
micropipes,  which  are  superscrew  dislocations  in  the  crystal  that  have  open  cores,  resulting  in 
pinholes  in  the  wafer.  Recently  Cree  has  made  advancements  in  crystal  growth  technology  that 
resulted  in  producing  4H-SiC  wafers  with  a  micropipe  density  of  <  1  cm  ,  which  is  more  than 
two  orders  of  magnitude  less  than  it  was  three  years  ago.  Because  the  active  area  of  microwave 
MESFET’s  is  very  small,  limited  to  the  source-  drain  separation  of  4  pm,  a  micropipe  density  of 
<  10  cm'2  has  a  negligible  impact  on  yield.  Therefore,  with  these  recent  reductions  in  micropipe 
defect  densities  and  the  increase  in  wafer  diameter  size  (2-inch  in  production  and  3-inch 
demonstrated)  SiC  crystal  quality  has  improved  to  the  point  where  it  would  be  viable  to  fabricate 
SiC  MESFET’s  in  production  quantities. 

The  semi-insulating  material  has  been  characterized  extensively  by  W.C.  Mitchell  and  R. 
Perrin  at  the  Air  Force  Wright  Patterson  Laboratory.  Figure  2  is  an  Arrhenius  plot  of  the  high 
temperature  resistivity  of  one  of  these  wafers  determined  from  Hall-effect  measurements.  The 
extracted  activation  energy  of  1 .7  eV  is  consistent  with  deep-level  compensation  in  SiC  with  a 
bandgap  of  3.2  eV  and  leads  to  an  extrapolated  room  temperature  resistivity  of  1020  Ct-cm.  At  a 
temperature  of  500°C,  the  resistivity  exceeds  107  Q-cm,  making  the  semi-insulating  properties  of 
the  substrate  consistent  with  a  technology  capable  of  operating  at  extremely  high  temperatures. 


Figure  2:  Plot  of  resistivity  vs.  1/T  for  semi-insulating  4H-SiC  as 
determined  with  Hall-effect  measurements. 


MICOWAVE  POWER  RESULTS 

Cree’s  optimized  S-band  power  FET’s  have  a  gate  length  of  0.7  pm  and  employ  a  channel 
doping  of  3x1 017  cm'3.  The  details  of  the  fabrication  sequence  have  been  discussed  previously 
[3].  The  FET’s  are  designed  to  have  a  threshold  voltage  of  V  =  -10  V,  resulting  in  an  Idss  of  300 
mA/mm  at  Vds  =  10  V  and  a  peak  transconductance  of  45  mS/mm.  With  this  device  structure,  1- 
mm  FET’s  typically  have  a  three-terminal  breakdown  voltage  Vds  in  the  range  of  1 50  -  200  V, 
defined  at  the  1  mA/mm  point.  As  determined  from  small-signal  S-parameter  measurements, 
average  values  for  frequency  response  are  fx  =  9  GHz  and  fmax  =  20  GHz. 

From  these  devices  a  maximum  power  density  of  4.6  W/mm  at  3.5  GHz  has  been  measured 
using  an  on- wafer  load  pull  system.  As  shown  in  Figure  3,  a  0.25 -mm  FET  operating  at  a  drain 
bias  of  60  V  had  a  peak  power  of  1 .15  W,  a  Class  A  PAE  of  39%  and  an  associated  power  gain 
of  12.5  dB.  A  similar  device  operating  at  800  MHz  had  a  power  density  of  3.0  W/mm  and  an 
improved  PAE  of  60%,  as  shown  in  Figure  4,  demonstrating  that  because  of  the  high  operating 
voltages,  the  intrinsic  efficiency  of  SiC  MESFET’s  is  high. 
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Input  Power  (dBm) 

Figure  3:  0.25-mm  SiC  MESFET  with  a  peak  power  density  of 
4.6  W/mm  at  3.5  GHz  with  a  drain  bias  of  60  V. 


Input  Power  (dBm) 

Figure  4:  Power  sweep  of  a  0.84-mm  SiC  MESFET  with  a  PAE 
of  60%  and  3.0  W/mm. 

A  single  device  with  48-mm  of  gate  periphery  was  packaged  in  a  hybrid  circuit  with  input 
and  output  matching  networks  fabricated  from  alumina,  and  produced  80  watts  CW  at  3.1  GHz 
with  38%  PAE,  as  shown  in  Figure  5.  This  is  the  highest  CW  power  level  ever  reported  for  a 
single  device  operating  at  this  frequency,  and  demonstrates  the  potential  of  SiC  to  have  a 
substantial  impact  on  solid  state  microwave  power  amplifiers. 


33  34  35  36  37  38  39  40  41  42  43 

Input  Power  (dBm) 

Figure  5:  Power  sweep  of  a  48-mm  SiC  MESFET  at  3.1  GHz 
showing  a  CW  power  level  of  80  watts. 
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With  an  increase  in  the  channel  doping  and  a  reduction  of  the  gate  length  to  less  than  0.45 
pm,  SiC  MESFET’s  have  shown  excellent  power  performance  up  to  10  GHz.  As  illustrated  by 
the  power  sweep  in  Figure  6  a  power  density  of  4.3  W/mm  was  measured  from  a  0.25-mm 
MESFET  at  10  GHz,  with  a  peak  power  of  1.1  W,  a  Class  A  PAE  of  20%  and  an  associated  gain 
of  9  dB.  Cree  has  also  recently  developed  a  via  hole  process  for  the  semi-insulating  SiC 
substrates,  making  the  fabrication  of  MMIC’s  possible.  Combined  with  the  high  power  densities 
shown  at  X-band,  this  makes  SiC  MESFET’s  an  attractive  MMIC  technology  for  future  systems. 
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Figure  6:  On-wafer  load  pull  measurement  of  a  SiC  MESFET 
showing  4.3  W/mm  at  10  GHz. 


GAN/ALGAN  HEMT’s  ON  SiC  SUBSTRATES 

Another  exciting  technology  for  high  power  microwave  applications  that  leverages  the 
advantages  of  semi-insulating  SiC  is  GaN/AlGaN  High  Electron  Mobility  Transistors  (HEMT’s). 
The  close  lattice  match  between  SiC  and  GaN  results  in  a  lower  defect  density  epilayer  than 
typically  obtained  with  growth  of  GaN  on  sapphire  substrates.  Additionally,  the  much  high 
thermal  conductivity  of  the  SiC  substrate  is  critical  for  dissipating  the  very  high  power  densities 
possible  with  the  GaN  system.  GaN  devices  fabricated  on  sapphire  substrates  have  achieved 
relatively  high  power  densities,  but  the  junction  temperatures  at  which  these  levels  are  achieved 
are  typically  in  excess  of  300°C  due  to  the  very  high  thermal  impedance  of  the  substrate.  The 
structure  of  the  GaN/AlGaN  HEMT  devices  fabricated  on  SiC  substrates  is  shown  in  Figure  7. 
The  structure  contains  an  AIN  buffer  layer,  2  pm  of  undoped  GaN  and  approximately  27  nm  of 
Al014Ga0  86N.  The  AlGaN  cap  layer  comprises  a  5  nm  undoped  spacer  layer,  a  12  nm,  2xl018/cm3 
Si-doped  donor  layer  and  a  10  nm  undoped  barrier  layer.  Device  isolation  is  achieved  with 
shallow  mesas  dry  etched  in  a  chlorine-based  plasma. 

Typical  dc  output  characteristics  of  a  1-mm-wide  HEMT  with  LG  =  0.45,  ZGS  =1.0  and  LGVt  = 
1.5  pm  show  a  peak  current  of  680  mA/mm  at  VGS  =  +2  V  and  a  maximum  extrinsic 
transconductance  near  EGS  =  -0.5  V  of  200  mS/mm.  Typical  three-terminal  gate-drain  breakdown 
voltages  range  between  60-70  V.  Small-signal  gain  measurements  at  VDS  =  20  V  and  FGS  =  -1  V 
show  an  extrapolated  unity  gain  frequency  fT  of  28  GHz  [4].  The  maximum  available  gain 
(MAG)  remained  high  up  to  foe  maximum  frequency  of  the  network  analyzer,  so  they^AX  of  this 
device  is  estimated  to  be  114  GHz  by  modeling  the  power  gain  above  35  GHz.  The  effective 
channel  electron  velocity,  as  determined  from  the  slope  of  foe  fT  vs.  1/ZG  data  from  many  devices, 
lies  in  the  range  6-8x1  O'*  cm/s. 
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undoped  AiGaN  (14%)  10  nm 


2e18/cm3  AIGaN  (14%)  12  nm 


undoped  AiGaN  (14%)  5  nm 


insulating  GaN  2  pm 


AIN  Buffer  Layer 


Semi-ins  u  fating  4H-SiC 


Figure  7:  Cross-sectional  view  of  the  GaN/AlGaN  HEMT 
structure  grown  on  a  semi-insulating  4H-SiC  substrate. 


On- wafer  measurements  were  performed  on  a  Maury  load-pull  system  at  10  GHz  and  a 
drain  bias  of  30  V.  A  power  sweep  for  a  0. 125  mm  HEMT  (ZG  =  0.45,  LGS  =  0.5,  and  Z,GD  =1.0 
pm)  is  plotted  in  Figure  8.  The  most  significant  result  was  a  record  RF  power  density  of  6.9 
watts/mm  with  a  PAE  of  51  %  and  an  associated  gain  of  9  dB,  that  was  achieved  at  -6.0  dB  of 
compression  (~4.3  W/mm  at  -1  dB  compression).  This  power  density  is  about  8  times  higher 
than  typical  GaAs  devices,  and  is  more  than  twice  as  high  as  any  other  GaN  HEMT  grown  on  a 
sapphire  substrate,  affirming  the  potential  for  AlGaN/GaN  HEMT’s  on  SI  4H-SiC  substrates  for 
use  in  high  power  amplifiers  at  X-band.  When  tested  at  16  GHz,  this  device  showed  a  CW 
power  density  of  4.4  W/mm  with  a  PAE  of  27%  and  an  associated  gain  of  6.9  dB  at  the  -3  dB 
compression  point,  which  also  demonstrates  their  advantage  for  high-power  Ku-band  operation. 


0.125  mm  GaN/AIGaN  HEMT  on  SI  4H-SiC 


Figure  8:  A  10  GHz  CW  power  sweep  for  a  0.125-mm  GaN/AIGaN 
HEMT  on  SI  4H-SiC  (performed  at  the  Air  Force  Research  Laboratory, 
SNDM)  that  shows  a  record  power  density  of  6.9  W/mm.  The  device  was 
biased  at  VDS  =  30  V  and  VGS  =  -2.25  Y. 
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In  order  to  measure  total  RF  power  on  larger  parts,  HEMT’s  with  3  mm  of  gate  width  were 
packaged  with  ceramic  input  and  output  matching  networks.  After  thinning  the  SI  4H-SiC 
substrate  to  approximately  4  mils,  the  HEMT  was  packaged  into  a  hybrid  matching  network  on  a 
carrier  that  was  maintained  at  1 8°C.  The  power  sweep  shown  in  Figure  9  represents  a  single  3- 
mm  device  tested  at  7.4  GHz.  During  the  part  of  the  sweep  up  to  30  dBm  input  power,  the  device 
was  biased  at  FDS  =  28.4  V  and  VGS  =  -1.8  V.  The  drain  bias  was  changed  to  3 1  V  for  the  last 
three  data  points  to  achieve  a  maximum  output  power  of  9.1  watts,  a  PAE  of  29.6  %  and  an 
associated  gain  of  7.1  dB  (~2.1  W/mm  at  -1  dB  compression).  The  high  parasitic  source 
inductance  introduced  into  the  hybrid  circuit  by  the  Au  ribbon  bonds  reduced  the  gain  and 
frequency  response,  and  the  characterization  of  the  3 -mm  HEMT  at  10  GHz  was  unwarranted. 
When  source  via  holes  are  incorporated  in  the  GaN-on-SiC  HEMT  process,  the  total  RF  power  is 
expected  to  improve,  even  at  10  GHz. 


3.0  mm  GaN/AIGaN  HEMT  on  SI  4H-SIC 


Power  In  [dBm] 


Figure  9:  A  7.4  GHz  CW  power  sweep  for  a  3-mm  GaN/AIGaN  HEMT 
on  SI  4H-SiC  in  a  hybrid  matching  circuit.  For  the  initial  part  of  the 
sweep,  the  device  was  biased  at  FDS  =  28.4  V  and  VGS  =  -1.8  V.  The  drain 
bias  was  changed  to  31  V  for  the  last  three  data  points  to  achieve  a 
maximum  output  power  of  9.1  watts. 


CONCLUSION 

The  progress  in  the  power  performance  of  SiC  MESFET’s  has  been  rapid,  and  these  devices 
are  now  generating  considerable  attention  for  both  military  and  commercial  applications.  The 
combination  of  high  electrical  power  density  of  the  devices  and  the  high  thermal  conductivity  of 
the  SiC  substrates  enables  power  levels  that  are  not  achievable  with  other  solid  state 
technologies,  particularly  for  CW  communication  applications.  At  power  levels  of  80  W  per 
chip,  SiC  MESFET’s  would  have  a  significant  power  advantage  over  Si  LDMOS  or  GaAs 
MESFET’s  in  base  station  power  amplifiers.  As  SiC  MESFET’s  mature  into  a  MMIC 
technology,  they  should  have  an  impact  on  solid  state  power  applications  through  X-band. 
Additionally,  recent  progress  with  GaN/AIGaN  HEMT’s  fabricated  on  semi-insulating  4H-SiC 
substrates  shows  this  to  be  an  exciting  technology  with  tremendous  potential  for  high  power 
applications  at  X-band  and  above. 
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ABSTRACT 

The  progress  that  has  been  made  in  SiC  diodes  and  GTOs  is  reviewed.  A  100  A/1000  V  SiC  p- 
i-n  diode  package,  the  highest  current  rating  reported  for  any  SiC  device,  a  69  A  conduction/  1 1 
A  turn-off  of  a  SiC  GTO  and  MTO™,  as  well  as  the  first  all-SiC,  3  phase  Pulse  Width  Modulated 
(PWM)  inverter  are  reported,  herein,  for  the  first  time.  The  inverter  achieves  voltage  controlled 
turn  off  with  a  high  temperature  capable,  hybrid  SiC  JFET.  Material  and  process  technology 
issues  that  will  need  to  be  addressed  before  device  commercialization  can  be  realized  are 
discussed. 

INTRODUCTION 

The  potential  of  SiC  devices  for  power  switching  applications  is  well  recognized.1,2  Several 
markets  have  been  identified  for  these  devices  (see  Table  1).  It  is  easily  seen  that  there  is  a  greater 
chance  for  commercial  success  of  SiC  power  switching  devices  over  the  relatively  more  mature 
SiC  RF  devices.  Demonstration  of  5.9  kV  p-i-n  and  1700  V  Schottky  diodes,  2.6  kV  MOSFETs 
and  1.4  kV  Gate  Turn-Off  (GTO)  thyristors  are  illustrative  of  the  significant  advances  that  have 
been  made  in  the  power  area.  However,  these  successes  on  small,  low  current  devices  now  need 
to  be  followed  by  demonstration  of  scaled  up  devices.  While  applications  of  devices  with  voltage 
ratings  >  9  kV  currently  appears  to  be  the  realm  of  SiC  devices,  lower  voltage  applications  face 

Table  1 

Potential  markets  for  SiC  devices  (in  order  of  relative  size) 


Application  area _ Typical  device 


Motor  controllers  for  Electric  Vehicles 

Schottky  diode,  MOSFET 

Engine  and  airflow  controls  for  aviation  electronics 

Schottky  diode,  MOSFET, 

sensors 

Electric  Utility  Power  applications 

P-I-N  diode.  Thyristors 

Industrial  High  voltage  power  electronics 

P-I-N  diode,  MOSFET/IGBT 

Ballasts  for  flourescent  lamps 

MOSFET 

Conventional  ICE  automobile  sensors/electronics 

Sensors 

HDTV  transmitters 

SIT 

Surveillance  and  tactical  radars 

MESFET,  SIT 
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significant  challenges  from  the  concurrent  development  of  alternative  technologies.  The  expected 
improvement  of  silicon  technology,  illustrated  by  developments  in  silicon  IGBT  and  MOSFET 
devices,  as  well  as  interest  in  other  materials  for  power  device  applications3  are  cases  in  point  of 
the  need  for  timely  identification  and  resolution  of  outstanding  technical  issues  to  obtain 
continued  performance  and  reliability  improvements  of  SiC  power  devices.  This  paper  focuses 
only  on  issues  related  to  the  development  of  SiC  diodes  and  thyristors. 

Material  quality 

Material  quality  is  an  important  issue  for  the  fabrication  of  high  power  devices.  Much  of  the 
research  being  performed  on  high  voltage  devices  are  presently  aimed  at  devices  having  ratings  of 
at  least  1-10  A/~l  kV,  increasing  to  100-1000A/5  kV.  The  need  to  minimize  on-state  voltages 
limits  practical  devices  to  current  densities  of  ~  500  to  1000  A/cm2.  Such  a  rating  is  sufficient  to 
enable  conductivity  modulation,  without  significant  carrier-carrier  and  Auger  scattering  induced 
resistance  and  will  require  device  sizes  between  5  and  20  mm2.  However,  present  devices  are 
limited  by  catastrophic  voltage  degradation  due  to  hollow-core  screw  dislocation  (“micropipe”) 
bulk  defects  which  exist  in  densities  of  as  low  as  30  cm"2.  Thus,  device  size  is  limited  to  ~1  mm2. 
Progress  in  this  area  is  incremental.  Because,  it  is  well  known  that  the  distribution  is  NOT  uniform 
one  approach  to  device  scaling  has  been  to  selectively  place  devices  in  sufficiently  large 
micropipe-free  areas  of  the  wafer.  This  approach  neglects  the  contribution  of  other  defects. 
Another  approach  would  be  to  parallel  many  smaller  devices.  While  possible  for  unipolar  devices, 
the  success  of  this  strategy  will  have  to  be  demonstrated  for  bipolar  devices  since  current  hogging 
in  the  on-state  and  uniform  switching  to  prevent  catastrophic  destruction  are  potential  problems, 
especially  forGTOs. 

Fig.  1  shows  the  breakdown  voltage  of  devices  of  various  sizes.  It  is  clear  from  the  figure  that 
devices  much  smaller  than  1  mm2  have  severely  degraded  breakdown  characteristics.  The 
observed  degradation  is  consistent  not  with  micropipe  defects,  but  rather  with  ~103  to  105  cm"2 
defect  densities  associated  with  closed  core  screw  dislocations  in  SiC  substrates.  Such  defects 
have  been  found  to  result  in  higher  pre-breakdown  reverse  leakage  currents,  softer  reverse 
breakdown  I-V  curves,  and  highly  localized  microplasma  breakdown  current  filaments  with  space- 
charge  limited  conduction  in  small  diameter,  low  voltage  (<250  V)  p-i-n  diodes.  Encouragingly,  a 
positive  temperature  coefficient  of  breakdown  voltage  (PTCBV)  —  important  to  prevent  localized 
self-heating  of  device  to  destructive  breakdown  —  has  been  observed  even  for  devices  with  a  few 

screw  dislocations.  A  failure  power 
density  of  ~2  MW/cm2,  ~5x  greater 
than  for  silicon  rectifiers  have  been 
reported  for  those  devices.5  However, 
it  is  not  yet  clear  whether  these  results 
apply  to  higher  voltage/large  area 
devices  where  large  numbers  of 
dislocations  or  the  higher  power 
density  could  prevent  true  avalanche 
breakdown.  This  is  important  because, 
if  true,  it  would  result  in  a  detrimental, 
effective  negative  temperature 
breakdown  voltage  coefficient, 
leading  to  current  filamentation  and 


Device  Area  (xlOA5  cmA2) 


Fig.  1:  Dependence  of  breakdown  voltage  on  device 
area.  Kimoto,  et  al.  Data  from  ref.  4 
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catastrophic  breakdown.  Preliminary  measurements  on  devices  made  at  Northrop  Grumman 
indicate  that  a  positive  temperature  coefficients  can  be  achieved  for  multi-kV  devices.  However, 
in  accord  with  the  data  in  figure  1,  many  devices  have  a  negative  coefficient,  making  the 
paralleling  approach  a  more  viable  approach  than  the  selective  placing  of  large  area  devices 
because  smaller  devices  can  be  used.  Nevertheless,  questions  about  how  these  dislocations  affect 
diode  and  bipolar  gain  devices  such  as  the  Bipolar  Junction  Transistor  (BJT),  Insulated  Gate 
Bipolar  Transistor  (IGBT)  and  GTO  thyristors  still  remain. 

Devices  with  5  kV  ratings  will  require  ~25  to  50  |im  thick  epitaxial  drift  regions  with  doping 
concentrations  <  lxlO15  cm'3.  While  such  parameters  are  reasonably  achievable  with  good 
morphology  using  current  epitaxial  growth  processes,  epitaxial  defects  such  as  “tetrahedral  pits’ , 
“comet  tails”  and  “carrots”  do  exist  and  can  also  degrade  device  performance.  The  geometry  of 
these  devices  locally  reduces  drift  layer  thickness,  enhancing  the  peak  electric  field.  Conventional 
wisdom  places  their  origin  at  bulk  defects  or  other  surface  features  such  as  polishing  marks.  As  in 
the  case  of  bulk  defects,  de-rating  the  maximum  field  (Le.  voltage)  rating  of  a  given  epitaxially 
grown  drift  region  generally  increases  the  on-resistance  and  stored  charge  resulting  in  increased 
forward  drop  and  switching  time  ,  respectively,  of  a  device.  Moreover,  the  still  uncontrollable 
minority  carrier  lifetime  of  these  layers  affects  the  on-state  characteristics  of  high  voltage  diodes 
and  GTOs.  This,  combined  with  the  certainty  of  higher  than  desirable  dislocation  densities  for  the 
forseeable  future  makes  the  reduction  of  epitaxial  defect  densities  an  imperative. 

Minority  carrier  lifetime  is  an  important  parameter  for  bipolar  devices.  While  some 
measurements  have  been  made  on  representative  material,  its  value  on  typical  grown  layers  is  not 
generally  well  known  and  more  attention  is  needed  in  this  area.  Measurements  performed  on 
epitaxially-grown  low  voltage  p-i-n  mesa  diodes  indicates  that  lifetime  is  perimeter  governed, 
ostensibly  due  to  poor  device  passivation.  This  has  important  implications  for  bipolar  devices 
including  GTOs  where  the  necessity  for  high  turn-off  gains  places  importance  on  narrow  anode 
fingers.  Most  of  this  problem  is  undoubtedly  due  to  the  poor  quality  of  mesa  side  walls  which 
forced  the  abandonment  of  SiC  UMOSFETs  in  favor  of  planar  DMOS  geometries.  Planar  devices 
have  the  advantage  of  eliminating  oxide  growth  on  surfaces  containing  both  Si  and  C  atoms.  Since 
most  wafers  are  grown  along  the  c-axis  and  prepared  with  the  Si  face  (as  opposed  to  the  C  face) 
as  the  surface,  oxide  quality  on  this  surface  is  expected  to  more  closely  resemble  the  silicon 
system.  However,  such  an  approach  results  in  the  need  for  ion  implantation  technology. 

Activation  of  ion  implants  (N  and  more  recently  P  for  n-type,  A1  or  B  for  p-type)  has  been 
shown  to  occur  at  temperatures  above  1500  C.  Low  dose  (~1016  -  1017  cm'3)  implants  are  needed 
for  MOSFET,  IGBT  and  GTO  gate  regions,  as  well  as  for  the  Junction  Termination  Extension 
(JTE)  edge  termination  technique  favored  for  high  voltage  devices.  Activation  is  most  critical  for 
JTE,  since  its  implementation  requires  control  of  the  total  charge  in  the  implanted  layer.  A 
reduced  activation  temperature  is  important  to  prevent  step  bunching.  In  this  regard,  P 
implantation  shows  promise,  having  been  recently  shown  to  result  in  lower  sheet  resistance. 
However,  both  P  and  A1  have  relatively  higher  masses  than  their  counterparts,  resulting  in 
shallower  implants  with  more  crystal  damage  precisely  where  one  does  not  want  it  -  the  device 
active  junction.  Indeed,  some  identified  problems  related  to  poor  activation  include  single 
injection-induced  voltage  snapback  in  implanted  diodes,  poor  ohmic  contacts  and  poor  turn-on 
behavior  of  GTOs.  Nevertheless,  A1  is  preferred  over  B  for  applications  such  as  guard  ring 
terminations  where  the  greater  B  diffusion  coefficient  may  result  in  poor  lateral  definition.  A  good 
ohmic  contact  is  important  for  optimizing  device  current  and  on-state  voltage  rating.  Once  again, 


25 


p-type  contacts  remain  the  main  problem.  High  dose  implants  using  Al/C  co-implants  have  been 
shown  to  yield  sufficiently  low  contact  resistances. 

Devices 

PIN  diodes 

SiC  p-i-n  diodes  are  expected  to  be 
the  diode  of  choice  above  -2  kV  and  in 
applications  requiring  temperatures  above 
-150  C  because  of  the  soft  breakdown 
and  lower  barrier  height  of  Schottky 
devices.  Cree  Research  has  reported  an 
impressive  5.9  kV  JTE-terminated 
implanted  diode,  the  highest  blocking 
voltage  yet  achieved  for  this  device. 

While  the  on-resistance  was  not  reported, 
this  device  had  a  5.4  V  forward  drop  at 
100  A/cm2.  However,  the  device  size  was 
only  100  pm  dia.  and  the  authors  were 
not  able  to  test  the  breakdown  stability.  As  with  the  Schottky  diodes,  large  area  devices  suffer 
degraded  voltage  breakdown.  Other  workers  have  reported  1  mm2  planar,  Al-implanted  JTE- 
terminated  p-i-n  diodes  of  6  A/3.3  kV  (Ec  -  2.5  MV/cm)  and  5  A/2  kV  (Ec  -  2.1  MV/cm)  with 
PTCBV  to  150  °C,  sustainable  avalanche  current  density  of  20  mA/cm2,  4.8  V  @  70  A/cm2  and 
4.0  V  @  500  A/cm2,  corresponding  to  on-resistances  of  3  m£2-cm2  and  2.2  mQ-cm2, 
respectively.6  The  authors  estimated  a  rather  low  temperature  insensitive,  lifetime  of  <  100  ns 
from  turn-off  measurements.  The  results  of  these  and  other  recent  work  in  the  literature  are 
shown  in  Fig.  2.  Also  shown  in  the  figure  are  our  most  recent  results  (described  below). 

Fig.  3  illustrates  the  first  demonstration  of  a  100  A/1000  V  diode  package,  the  highest  power 
rating  yet  reported  for  a  SiC  diode,  using  a  parallel  arrangement  of  55  400  &  600  |im  dia.  planar, 
Al-implanted  guard  ring  terminated  diodes  with  10  |im  drift  layers.  Measurements  performed  in  a 
high  temperature  dielectric  fluid  showed  that  PTCBV  could  be  obtained  on  individual  devices  up 
to  100  °C  with  a  sustainable  avalanche  breakdown  current  density  of  16  mA/cm2.  Additionally,  12 
A/  2.45  kV  was  achieved  in  a  single  (unpackaged)  1  mm  dia.  diode  with  20  Jim  drift  layer. 
However,  in  both  instances,  poor  ohmic  contacts  formed  by  an  oxygen  leak  during  the  sintering 
process  were  responsible  for  excessively  high  on-state  voltage  at  room  temperature.  The  lack  of 
reduction  in  on-state  voltage  above  150  °C  is  thought  to  be  due  to  non-ideal  package  and  parasitic 
device  resistance.  It  should  be  mentioned  that  no  evidence  of  single  injection  related  snapback  has 
been  observed  in  these  devices. 

Thyristors 

The  conductivity  modulation  possible  with  bipolar  devices  such  as  the  Bipolar  Junction 
Transistor  (BJT),  Insulated  Gate  Bipolar  Transistor  (IGBT)  and  thyristor  make  these  devices 
more  favored  than  unipolar  devices  such  as  the  MOSFET  for  high  voltage  applications.  High 
power  BJTs  have  not,  to  date,  been  developed  in  SiC.  SiC  IGBTs  have  the  same  temperature 
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Fig.  2:  Current  and  breakdown  voltage  rating  for  some 
recent  SiC  p-I-n  diodes. 

26 


(a)  05) 

Fig.  3:  Temperature  dependent  (a)  reverse  and  (b)  forward  I-V  characteristic  of  a  100  A/  1000 
V  SiC  pin  diode  package  consisting  of  15  parallel  600fim  dia.  diodes. 

reliability  and  high  field  sensitivity  issues  faced  by  conventional  SiC  MOSFETs.7,8  These  facts 
make  the  SiC  thyristor  presently  the  best  option  for  high  temperature,  high  voltage  applications. 

A  thyristor  is  a  four  layer  devices  with  the  emitters  of  the  upper  (pnp)  and  lower  (npn) 
transistors  form  the  anode  and  cathode  contacts,  respectively,  with  the  n-base  of  the  pnp  forming 
a  gate  contact.  A  common  collector/base  junction  supports  the  large  positive  and  negative 
voltages  during  their  blocking  state.  Thyristors  are  turned  on  by  a  small  gate  current  applied  to 
the  upper  transistor  in  the  off-state,  resulting  in  low  current  gain  transistor-like  characteristics 
until  the  sum  of  the  common  base  gains  of  the  two  transistors  exceeds  1,  at  which  time 
regenerative  feedback  turns  the  collector  base  into  forward  bias,  leaving  both  transistors  in 
voltage  saturation.  This  results  in  a  low  on-state  voltage  of  approximately  a  single  diode  drop. 
The  devices  turn  off  when  the  corresponding  main  current  or  voltage  goes  to  zero.  On-state 
dissipation  considerations  due  to  the  larger  junction  voltage  of  SiC  ensures  that  thyristor  switches 
become  more  favorable  only  at  very  high  voltages  or  in  applications  where  the  high  temperature 
reliability  issues  of  the  MOSFET  cannot  be  adequately  compensated.  A  lower  voltage  range  is 
also  possible  for  applications  where  the  greater  current  handling  capability  (with  its  attendant 
smaller  device  size)  are  at  a  premium.  Thyristors  with  high  voltage  (900  V),  high  power  (700  V/6 
A),  high  temperature  (500  °C),  and  increased  reliability  (>  600  hr  lifetime)  have  already  been 
demonstrated.9 

Gate  Turn-Off  thyristors  are  more  favored  for  DC  power  switching  applications  because  of 
their  independent  gate  turn  off  capability.  These  devices,  therefore,  do  not  need  to  support  large 
negative  voltages  in  this  application.  This  simplifies  their  design,  resulting  in  an  asymmetric  design 
in  which  the  drift  region  is  made  thinner  by  insertion  of  a  higher  doped  buffer  layer  in  the  lower 
base  layer  to  prevent  the  occurrence  of  punch  through  breakdown.  The  problem  of  terminating 
the  lower  junction  is  also  eliminated  as  only  the  common  base/collector  junction  need  support  any 
voltage.  The  insertion  of  the  buffer  layer  increases  the  turn-off  gain  by  reducing  the  common  base 
gain  of  the  npn  transistor  while  simultaneously  reducing  the  likliehood  of  open  base  breakdown  in 
the  npn  transistor  which  limits  the  off-state  voltage.  The  thinner  drift  layer  of  such  a  structure 
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reduces  the  on-state  voltage  drop  and  the  stored  charge,  decreasing  the  power  dissipation  or 
increasing  the  switching  capability  of  the  device.  SiC  GTOs  are  inverted  with  respect  to  their 
silicon  counterparts  because  of  the  need  to  avoid  using  highly  resistive  p-type  SiC  substrates. 

We  have  previously  demonstrated  GTOs  with  on-state  voltages  of  2.7  V  at  390  C  and  3.35  V 
at  room  temperature  for  a  current  density  of  500  A/cm2.  The  large  decrease  in  voltage  with 
increasing  temperature  occurs  because  of  the 
decreasing  SiC  band  gap,  thereby  lowering  the 
knee  voltage,  and  because  increased 
ionization  of  n-  and  p-type  impurities  of  the 
anode  and  substrate  lowers  the  on-resistance 
of  these  regions.  Room  temperature  contact 
resistances  for  the  best  devices  were  a  very 
low  2.4  x  10~5  Q-cm2.  Like  the  p-i-n  diodes, 
the  robustness  of  the  GTO  and  packaging 
approach  was  demonstrated  by  the  conduction 
of  69  A  (4300  A/cm2)  through  fifteen  GTOs 
connected  in  parallel  in  high  power  package 
(see  fig.  4).  These  devices  did  not  show  any 
indication  of  current  hogging  for  the  current 
densities  measured. 


Turn-off  gain  (WIg)  of  GTOs  is  generally  dependent  on  the  exact  geometry  of  the  gate  and 
anode.  Measurements  shown  in  Fig.  5  on  interdigitated  devices  demonstrate  from  a  relatively  high 
value  of  8  at  just  above  the  holding  current  density  (-40  A/cm2),  when  the  device  is  barely  latched 
on  and  there  is  very  little  minority  carrier  stored  charge  in  the  drift  layer,  to  a  minimum  of  just 
under  2  at  current  densities  >100  A/cm2,  which  occurs  once  conductivity  modulation  occurs  and 
the  drift  region  is  saturated  with  minority  carriers.  Thus,  one  expects  that  switching  times  will  be 
dependent  on  both  cathode  current  and  peak  GTO  gate  current  with  the  slowest  turn-off 
occurring  for  operation  at  high  turnoff  gain  and  high  on-state  current  densities.  The  fastest  turn¬ 
off  is  then  achieved  by  operating  under  unity  gain  conditions  with  low  on-state  current  density. 

However,  the  desire  for  fast  turn-off  is 
moderated  by  the  desire  to  minimize 
device  area.  The  dependence  of  the  turn¬ 
off  current  gain  on  the  cathode  current  is 
the  reason  for  the  complexity  of  GTO 
gate  drives.  We  have  chosen  a  trade-off 
in  which  we  operate  at  a  current  density 
of  500-1000  A/cm2.  Our  demonstration 
of  unity  gain  switching  times  of  <  200  ns 
for  SiC  GTOs  at  a  current  density  of 
1500  A/cm2,  therefore,  suggests  very 
strongly  that  SiC  GTOs  will  live  up  to 
their  expectations  for  fast  switching. 


Storage,  rise  and  fall  times  of  -113, 43  and  100  ns,  respectively,  have  previously  been  reported 
for  SiC  thyristors  at  a  very  low  current  density  of  30  A/cm2.10  Maximum  turn-off  current  densities 
>  5000  A/cm2  have  been  achieved  both  by  us  and  reported  by  others.11  However,  the  inverse 


Fig.  5:  Turn-off  gain  versus  cathode  current  for  a  typical 
SiC  GTO. 
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relationship  between  this  gain  and  anode  finger  width  suggests  that  a  trade-off  must  be  made 
between  maximum  turn-off  gain,  maximum  current  density  (on-state  voltage)  and  device  foot 
print  within  the  previously  prescribed  range  of  -500  to  1000  A/cm2.12  We  have  previously 
reported  GTO  operation  at  325  °C  with  switching  times  increasing  by  a  factor  of  4  from  room 
temperature  due  to  an  increasing  minority  carrier  lifetime.  We  have  also  demonstrated  repetitive 
GTO  switching  up  to  350  V  (3A)  with  3.2  pJ  switching  losses  consistent  with  the  lower  stored 
charge  in  these  devices  compared  to  Si  GTOs. 

We  have  now  extended  the  current  rating  of  packaged  GTOs  to  11  A  (@  800  A/cm2)  (see  Fig. 
6  (a))  with  switching  times  <  100  ns  using  the  same  package  as  that  demonstrating  69 A 
conduction  without  degradation  in  their  turn-off  current  characteristics.  This  result  represents  the 
largest  turn-off  current  reported  to  date  and  demonstrates  the  viability  of  the  paralleling  approach 
with  respect  to  turn-off.  Turn-off  of  69  A  was  not  expected  to  be  achieved  because  the  structure 
employed  had  a  peak  tum-of  current  density  of  -1000-1500  A/cm2.  Unfortunately,  the  devices 
used  had  poor  breakdown  voltage  so  no  high  voltage  measurements  could  be  taken. 


(a)  (b) 

Fig.  6:  Turn-off  transients  for  14  SiC  GTOs  connected  in  parallel,  (a)  GTO  mode,  (b)  MTO™  mode.  11 A 
corresponds  to  a  current  density  of  ~800  A/cm2.  _ 


We  now  examine  the  turn-off  characteristics  of  the  69A  GTO  package  in  Fig.  6a  shows  typical. 
Before  the  application  of  the  turn-off  gate  pulse  the  device  is  in  its  on-state  with  all  three  junctions 
forward  biased.  Thus,  both  transistors  are  in  saturation.  Application  of  the  turn-off  gate  pulse 
induces  the  gate-to-anode  junction  into  reverse  bias,  causing  Vak  to  climb  towards  zero  almost 
instantaneously.  After  -80  ns,  the  storage  time  (ts)  of  the  device,  the  minority  carrier 
concentration  at  the  middle  junction  decreases  below  its  equilibrium  value,  reverse  biasing  it  and 
allowing  the  voltage  to  fall  to  its  off-state  value.  Concurrently,  both  base  and  cathode  currents 
decrease  rapidly  with  a  characteristic  fall  time,  tf.  The  absence  of  the  tail  current  typically  seen  in 
silicon  bipolar  switches  greatly  diminishes  the  switching  losses  of  the  SiC  GTO  and  is  indicative  of 
the  fact  that  the  residual  minority  carrier  density  in  the  base  regions  is  very  small,  as  expected 
because  the  lOx  larger  critical  field  of  SiC  enables  commensurately  thinner  drift  region,  leading  to 
lOx  lower  stored  charge. 

Voltage  controlled  GTO  turn-off 

Voltage  control  is  especially  important  during  turn-off  because  of  the  low  turn-off  current  gain 
of  the  GTO.  A  hybrid  MTO™  package  containing  a  silicon  power  MOSFET  with  a  SiC  GTO  was 
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assembled  to  examine  the  MOS-gated  turn-off  characteristics  of  SiC  thyristors.  The  device 
operates  with  the  MOSFET  shunting  the  gate-to-anode  junction  in  a  manner  analogous  to  a 
removable  cathode  short  in  silicon  GTOs.  The  MOSFET  in  this  arrangement  is  external  to  the 
device  and  thus  can  be  independently  optimized  without  having  the  oxide  subjected  to  large 
electric  fields.  Furthermore,  it  is  only  a  low  voltage  device,  since  it  will  never  see  more  than  the 
gate/anode  breakdown  in  the  worst  case.  Fig.  6  (b)  illustrates  the  switching  behavior  of  this  hybrid 
package.  Voltage  controlled  turn-off  of  an  equivalent  current  to  that  obtained  in  the  GTO  mode 
switching  is  clearly  demonstrated,  indicating  that  sufficiently  large  current  levels  can  be  easily 
switched  using  this  device  configuration.  The  turn-off  is  slower  than  for  the  GTO  in  part  because 
of  the  fact  that  in  the  GTO-mode  turn-off,  the  gate-to-anode  junction  is  strongly  reverse  biased, 
whereas  in  the  MTO-mode  turn-off  this  junction  is  simply  held  near  zero  voltage  during  the 
storage  cycle.  The  fact  that  we  see  no  noticeable  degradation  of  turn-off  capability  while 
paralleling  these  many  devices  under  these  more  restrictive  conditions  also  bodes  well  for  the 
paralleling  approach  to  device  scaling. 

The  dV/dt  rating  of  a  GTO  represents  the  maximum  rate  of  rise  of  the  voltage  before  the  onset 
of  unwanted  retriggering  of  the  device  due  to  capacitive  displacement  currents.  Thus,  it  partially 
determines  the  maximum  device  operating  frequency.  A  high  rating  also  has  the  added  advantage 
of  reducing  or  eliminating  the  need  for  snubber  components.  Typical  silicon  GTOs  have  ratings  in 
the  600-1000  V/ps  range.  We  have  measured  ratings  as  high  as  700  V/ps  in  GTO  mode, 
increasing  to  >1400  V/ps  with  the  use  of  resistive  shunts  (as  high  as  100  O)  such  as  the 
MOSFETs  connected  across  the  gate  and  anode,  sufficient  to  warrant  snubberless  operation  of 
inverters  for  motor  drive  control  applications. 

The  high  temperature  reliability  concerns  of  MOSFETs  has  been  previously  mentioned. 
Therefore,  a  thyristor  with  high  temperature,  voltage-controlled  turn-off  capability  can  be 
achieved  by  simply  replacing  the  MOSFET  with  a  SiC  JFET,  resulting  in  a  Junction  Controlled 
Thyristor.  Like  the  MTO™,  this  device  need  not  be  integrated  into  one  chip,  thereby  allowing 
both  devices  to  be  independently  optimized.  Moreover,  the  JFET,  like  the  MOSFET,  need  only  be 
a  low  voltage  device,  since  it  is  never  subjected  to  voltages  above  the  relatively  low  gate/anode 
reverse  breakdown  voltage. 

Turn-off  transient  was  measured  on  a  hybrid 
a  vertical  4H-SiC  JFET  (Fig.  7).  The  JFET  had 
bias,  Vgs,  of  +3  V.  The  JFET  can  be  turned 
off  with  =  -1  V  or  less.  Turn-on  was 
achieved  by  forward  biasing  the  anode  to  gate 
junction  of  the  GTO  while  keeping  the  JFET 
in  off  condition  through  an  application  of  -7.0 
V  on  the  gate  of  the  JFET.  In  order  to  record 
the  turn-off  transient,  the  JFET  was  turned  on 
by  an  application  of  +3  V  on  the  gate.  This 
presents  a  2.5  ohm  resistance  between  the 
anode  and  the  gate  of  the  GTO  thus  diverting 
all  of  the  anode  to  cathode  current  through 
the  JFET.  The  turn-off  time  was  less  than 
100  ns.  These  results  clearly  demonstrate  the 
functionality  and  potential  of  the  hybrid  JCT 


device  constructed  from  a  4H-SiC  GTO  chip  and 
an  on-resistance  of  2.5  ohm  with  a  gate  to  source 
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for  a  higher  switching  speed  up  to  50-100  kHz. 

All  switching  tests  to  date  have  been  performed  under  resistive  loading  conditions.  However, 
typical  applications  require  switching  under  inductive  loading  conditions,  where  significant 
voltage  overshoot  occurs.  Devices  have  not  yet  been  tested  for  their  ruggedness  at  the  limit  of 
breakdown.  Preliminary  switching  comparisons  suggested  that  SiC  GTOs  had  fall  times  and  turn¬ 
off  energy  losses  ~10x  lower  than  for  comparable  SiMCTs.13 

SiC  inverter 

The  rapid  progress  of  SiC  power  device 
technology  has  led  to  the  development  of 
the  first  all- SiC  inverter  for  PWM 
applications.  Fig.  8  shows  a  schematic  of 
this  circuit,  which  consists  of  3  phase 
switching  with  each  phase  consisting  of  an 
upper  and  lower  switch  containing  a  SiC 
GTO  with  an  anti-parallel  SiC  pin  diode 
and  a  low  voltage  SiC  JFET  connected 
across  the  GTO  gate  and  anode.  In  a 
significant  improvement  over  silicon 
devices,  no  snubber  circuits  are  used  or  expected  to  be  necessary  because  of  the  high  dV/dt  of  the 
voltage  controlled  switch.  Fig.  9  illustrates  the  entire  PWM  system,  including  the  gate  drive 
circuits  and  the  motor,  used  in  the  demonstration. 

In  the  demonstration,  a  DC  bus  voltage  of  45  V  is  applied  across  the  load,  a  0.25  hp  motor  of 
the  type  used  to  re-circulate  the  coolant  in  an  automobile.  The  GTOs  conduct  peak  and  average 
currents  of  1.3  A  and  200  mA, 
respectively,  with  the  upper  switches 
open  for  a  phase  angle  of  120°  and  the 
lower  switches  being  pulsed  at  a  4  kHz 
frequency  over  the  same  interval.  Fig.  10 
shows  the  operation  of  the  inverter, 
with  the  phase  current  (i.e.  current 
through  one  of  the  three  phases  of  the 
motor)  integrating  to  its  maximum 
value  with  the  pulsed  bottom  switch. 

The  current  and  voltage  levels  are 
presently  too  low  to  determine  typical 
switching  characteristics  of  the 
individual  SiC  components.  Tests  are 
currently  underway  to  examine  these  issues  up  to  the  operational  limits  in  voltage,  current, 
frequency  and  temperature.  We  look  forward  to  reporting  these  results  in  the  near  future. 

CONCLUSIONS 

Progress  in  SiC  p-I-n  diodes  and  GTOs  has  been  reviewed.  Among  the  highlights  were 
demonstration  of  a  100A/1000V  diode  package,  69A  conduction/ll  A  turn-off  of  a  GTO 


Fig.  8:  Schematic  diagram  of  PWM  circuit.  Three 
phases  each  consisting  of  an  upper  and  lower  pole.  Each 
pole  contains  contains  SiC  GTO,  JFET  and  diode. 
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package,  MOSFET  and  JFET  controlled  turn-off 
of  SiC  thyristors  and  all-SiC  PWM  for  motor 
control  applications.  The  above  results  are 
indicative  of  the  fast  pace  with  which  these 
devices  are  scaling  up  to  power  levels  needed  in 
typical  power  switching  applications.  Materials 
limitations  affecting  further  improvements  were 
also  addressed. 


Fig.  10:  Phase  voltage  and  current  waveforms  of 
the  SiC  PWM  operating  at  4  kHz.  The  narrow 
spikes  in  the  voltage  waveform  represents  the  off- 
state  of  on  of  the  lower  poles. 
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ABSTRACT 

Exfoliation  of  SiC  by  hydrogen  implantation  and  subsequent  annealing  forms  the  basis  for  a 
thin-film  separation  process  which,  when  combined  with  hydrophilic  wafer  bonding,  can  be 
exploited  to  produce  silicon-carbide-on-insulator,  SiCOI.  SiC  thin  films  produced  by  this 
process  exhibit  unacceptably  high  resistivity  because  defects  generated  by  the  implant  neutralize 
electrical  carriers.  Separation  occurs  because  of  chemical  interaction  of  hydrogen  with  dangling 
bonds  within  microvoids  created  by  the  implant,  and  physical  stresses  due  to  gas-pressure 
effects  during  post-implant  anneal.  Experimental  results  show  that  exfoliation  of  SiC  is 
dependent  upon  the  concentration  of  implanted  hydrogen,  but  the  damage  generated  by  the 
implant  approaches  a  point  when  exfoliation  is,  in  fact,  retarded.  This  is  attributed  to  excessive 
damage  at  the  projected  range  of  the  implant  which  inhibits  physical  processes  of  implant- 
induced  cleaving.  Damage  is  controlled  independently  of  hydrogen  dosage  by  elevating  the 
temperature  of  the  SiC  during  implant  in  order  to  promote  dynamic  annealing.  The  resulting 
decrease  in  damage  is  thought  to  promote  growth  of  micro-cracks  which  form  a  continuous 
cleave.  Channeled  H+  implantation  enhances  the  cleaving  process  while  simultaneously 
minimizing  residual  damage  within  the  separated  film.  It  is  shown  that  high-temperature 
irradiation  and  channeling  each  reduces  the  hydrogen  fluence  required  to  affect  separation  of  a 
thin  film  and  results  in  a  lower  concentration  of  defects.  This  increases  the  potential  for 
producing  SiCOI  which  is  sufficiently  free  of  defects  and,  thus,  more  easily  electrically  activated. 

INTRODUCTION 

Hydrogen  implantation  through  an  oxide  film  followed  by  hydrophilic  wafer  bonding  and  a 
thermal  cycle  is  a  process  developed  to  cleave  a  thin  film  of  silicon-on-insulator  (SOI).1  The 
process  has  recently  been  applied  to  produce  silicon  carbide-on-insulator  (SiCOI)  films  for 
possible  use  as  a  wide  bandgap  semiconductor  in  power  rf  and  switching  devices.2 

SiC  thin  films  separated  from  bulk  material  using  this  process  have  measured  too  resistive,  a 
condition  attributed  to  damage  in  the  SiC  thin  film  caused  by  the  hydrogen  implant  itself.  The 
experiments  described  in  this  work  are  motivated  by  the  desire  to  understand  the  implant  damage 
mechanisms  in  order  to  make  the  separation  process  more  efficient  and  produce  defect-free,  low- 
resistivity  SiC. 

The  problem  is  illustrated  in  Figure  1  which  shows  a  schematic  of  the  hydrogen-implant- 
induced  separation  process  and  a  channeled  RBS  spectrum  of  SiCOI  (-500  nm)  produced  by  this 
process.  Backscattered  counts  from  Si  in  the  SiCOI  (integrated  over  channels  540-640)  measure 
824  greater  than  similarly  measured  counts  from  virgin  SiC.  Calculating  density  using  the  RBS 
data,  one  measures  1.27  xIO20  displaced  atoms/cm3.  These  vacancies  have  the  potential  to  cause 
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Bonded  and  cleaved  SiC  Channel  No. 

Figure  1.  Schematic  diagram  of  transferred  and  cleaved  SiC  (left)  and  RBS-channeling  spectra  of 
the  transferred  SiC  film  (right) ...  H+  implant  damage  polished  off  before  analysis. 

the  deactivation  of  electrical  carriers  in  material  with  typical  doping  concentrations  of  10,7-1018 
atoms/cm3. 

Previous  work  (with  Si)  shows  that  the  process  to  cleave  a  thin  film  by  hydrogen 
implantation  followed  by  a  thermal  cycle  is  a  combination  of  hydrogen  chemistry  and  physical 
processes.  The  implant  results  in  the  formation  of  platelet-like  microvoids  which,  during 
subsequent  anneal,  expand  due  to  gas  pressure  of  excess  hydrogen.  This  links  the  microvoids 
into  a  continuous  fracture,  cleaving  a  thin  film  from  the  bulk  wafer.3  The  use  of  H+-implantation 
to  affect  transfer  of  a  thin  film  from  a  bulk  Si  wafer  was  based  upon  observations  of  bubbling  and 
exfoliation  of  implanted  Si  wafers  after  annealing.4,5 

The  effects  of  ion-induced  damage  on  the  efficiency  of  the  transfer  process  and  its 
dependence  on  H+  dose  are  demonstrated  by  observing  exfoliation  of  SiC  following  H+- 
implantation  and  anneal.  Means  to  control  damage  independently  of  H  dose  are  demonstrated 
with  elevated-temperature  and  channeled  implantation.  It  is  proposed  that  channeled 
implantation  generates  less  residual  damage  from  the  surface  to  at  least  half  the  projected  range, 
1/2RP,  of  the  implant  simply  because  crystalline  axes  of  SiC  are  aligned  with  the  H+  beam, 
decreasing  the  cross  section  for  ion-solid  collisions.  The  elevated  temperature  implants  affect  in- 
situ,  dynamic  annealing  in  order  to  control  H+  implant  damage  in  SiC. 

EXPERIMENTS  and  RESULTS 


Experiments  to  measure  damage  and  exfoliation  of  SiC  as  a  function  of  H  dose  were 
accomplished  using  bulk  SiC  samples,  4H  polytype,  supplied  as  research  grade  material  by  Cree 
Research.  They  were  implanted  with  60  keV  H+  to  doses  ranging  from  2.5  xlO16  to  10.5  xlO16 
atoms/cm2.  Samples  were  tilted  7°  from  normal  to  affect  random  beam  alignment.  Additional 
samples  were  implanted  with  the  H+  beam  aligned  to  [1000]  axes  to  affect  channeled  implants 
over  the  same  dose  range.  Damage  analyses  were  accomplished  by  Rutherford  backscattering 
(RBS)-channeling  using  a  2.3  He^  ion  beam  aligned  with  [1000]  axes  normal  to  the  surface  of  the 


34 


sample.  Backscattered  ions  were  detected  at  1 60°  relative  to  the  incident  beam  using  a  solid 
state,  surface  barrier  detector.  Samples  were  then  annealed  in  order  to  cause  exfoliation  ot  thin 
SiC  from  the  bulk  material.  The  amount  of  exfoliation  was  evaluated  using  optical  microscopy. 

Figure  2  shows  RBS-channeled  spectra  for  three  of  the  samples  from  the  set  generated  to 
evaluate  the  effects  of  implant  damage  on  exfoliation  for  random-implanted  H+.  The  spectra 
represent  as-implanted  samples  at  room  -  or  ambient  -  temperature  (RT).  These  spectra  show 
that  damage  to  the  SiC  at  the  projected  range,  Rp,  increases  with  the  H+  implant  dose.  The 
scattering  yields  near  1/2  Rp  are  also  progressively  greater  (as  a  function  of  dose)  than  the  yield 
from  the  virgin  reference  sample  indicating  the  presence  of  ion-induced,  residual  damage  at  this 
location  in  all  the  samples.  This  is  possibly  due  to  displaced  atoms  that  either  dechannel  or 
directly  backscatter  the  incident  He++  ions.  Analysis  by  positron  annihilation  spectroscopy  (not 
shown)  indicates  the  presence  of  open  volume  defects,  the  result  of  displaced  atoms  at 
concentrations  below  the  sensitivity  of  RBS.  Such  defectivity  may  be  responsible  for 
deactivating  intrinsic  carriers  in  SiC  as  previously  reported  for  similarly  implanted  material.6 

Following  RBS  characterization,  all  samples  were  subjected  to  950°C,  15-minute  anneals, 
then  optically  imaged  using  a  microscope  with  Nomarski  contrast.  Figure  3  shows  a  portion  of  a 
series  of  optical  micrographs  produced  to  observe  exfoliation  of  SiC  as  a  function  of  dose  for  60 
keV  H+  implants  done  at  RT.  During  the  950°C,  1 5-minute  anneal,  bubble  formation  occurs  as 
the  H+  dose  approaches  4.5  xl016/ctn2,  as  seen  in  the  optical  micrograph  [Figure  3(a)],  (Samples 
implanted  with  small  increments  of  dose  between  2.5  xlO16  and  4.5  xlOl6/cm2  revealed  that  the 
critical  dose  to  produce  exfoliation  is  very  near  4.5  xI0l6/cm2.)  Evidence  for  material  removal  or 
exfoliation  of  the  4.5  xl016/cm2  sample  is  clearly  seen  in  Figure  3(a)  by  the  appearance  of  broken 
bubbles.  The  amount  of  exfoliated  surface  material  maximizes  near  a  dose  of  5.5  xl016/cm2 
[Figure  3(b)],  but  at  higher  doses  exfoliation  decreases  as  seen  in  Figures  3(c)  and  (d),  indicating  a 
retrograde  effect  of  the  60  keV  H+  implant  to  doses  greater  than  5.5  xl016/cm2. 

The  information  conveyed  by  the  images  in  Figure  3  is  represented  graphically  in  Figure  4 
which  shows  the  percentage  of  area  that  exfoliates  following  the  950°C  anneal.  Two  sets  of  data 
are  graphed,  one  for  the  randomly  implanted  samples  and  one  for  channel-implanted  samples. 
One  sees  that  channeled  implants  shift  the  onset  of  exfoliation  (as  well  as  maximum  exfoliation) 
to  approximately  1  xlO16  lower  dose  than  the  random  implants.  Furthermore,  the  maximum 


Figure  2.  RBS-channeled  spectra  for  Si  in 
60  keV  H+-implanted  SiC.  Three  dosages 
shown  are  4.5  xlO16,  6.5  xlO16,  and  10.5 
x  1 0 1 6/cm2.  Reference  spectra  include  the 
aligned  yield  from  nonimplanted  (virgin)  SiC 
and  the  randomized  yield  from  an  implanted 
sample. 
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Figure  3.  Nomarski  optical  micrographs  of  SiC  implanted  with  60  keV  H+  to  dose 

(a)  4.5  xlO16,  (b)  5.5  xlO16,  (c)  6.5  xlO16,  and  (d)  8.5  xlOl6/cm2,  after  furnace  annealing  at 

950°C  for  15  minutes. 


exfoliated  area  increases  from  37%  for  the  random  implant  (dosed  5.5  xlOl6/cm2)  to  69%  for  the 
channeled  implant  (dosed  4.5  xl016/cm2).  The  rate  of  retrograde  behavior  of  exfoliation  appears 
the  same  for  both  random  and  channeled  series. 

SIMS  depth  profiles  of  hydrogen  in  random  and  channel-implanted  samples  are  shown  in 
Figure  5.  Each  of  the  samples  was  implanted  with  60  keV  H+  to  2.0  xl016/cm2,  then  annealed. 
The  dose  was  held  low  enough  to  prevent  exfoliation  of  the  SiC  during  the  anneal.  The  profiles 
show  that  the  channeled  implant  has  slightly  greater  range  than  the  random  implant.  More 
significant,  though,  the  retained  hydrogen  concentration  measures  almost  three  times  greater  for 
the  channel-implanted  sample. 


Figure  4.  Percentage  of  area  of 
exfoliated  SiC  as  a  function  of 
60  keV  H  implant  dose.  Two 
sample  series  graphed,  one  which 
was  implanted  in  a  random 
direction  and  one  implanted  with 
samples  aligned  to  [1000]  axes. 


Figure  5.  SIMS  profiles  of  60  keV- 
implanted  hydrogen, 

dose  =2  xl0I6/cm2, 
following  anneal  at  950°C  for 
15  minutes. 
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Elevated  Temperature  Implantation 


To  learn  the  effects  of  elevated  temperature  implantation  for  controlling  H+  implant  damage, 
two  sets  of  4H-SiC  samples  were  implanted  with  60  keV  H+.  One  set  was  implanted  at  room 
temperature  to  doses  ranging  from  3.25  xlO16  to  4.5  xlOl(7cm2.  Samples  of  the  second  set  were 
heated  to  600°C  during  implant  to  doses  ranging  from  2.25  xlO16  to  8.0  xlOl6/cm2. 

Figure  6  shows  RBS-channeling  spectra  for  two  samples  H+-implanted  to  a  dose  of  2.0 
xlO^/cm2,  one  implanted  at  RT  and  the  other  with  the  temperature  elevated  to  600°C  (“hot” 
implant).  It  is  clear  from  comparing  the  scattering  yields  in  the  respective  samples  that  the  hot 
implant  generated  less  damage  at  Rp  as  well  as  1/2  Rp.  Also  evident  is  a  slightly  greater  Rp  for  the 
hot  implant.  Optical  micrographs  for  the  series  of  hot  implants  (not  shown)  indicate  the 
threshold  dose  for  surface  exfoliation  of  SiC  during  a  950°C  anneal  is  ~2.75  xlOl6/cm2. 

Optical  micrographs  shown  in  Figures  7(a)  and  (b)  compare  the  surface  morphology  after 
annealing  for  hot  and  RT  implants,  respectively.  The  images  show  about  the  same  degree  of 
bubbling  and  exfoliation  although  the  H+  implant  dose  for  the  RT  implant  is  much  higher,  4.5 
xlOl6/cm2,  compared  with  2.75  xlOI6/cm2  for  the  600°C  implant.  Previous  work  shows  that  the 
critical  fluence  for  exfoliation  decreases  almost  linearly  with  irradiation  temperature.7 


Si  DEPTH  (microns) 


BACKSCATTERED  ENERGY  (MeV) 


Figure  6.  RBS-channeling  spectra  comparing 
damage  to  SiC  following  60  keV  H+, 

2  xlOl6/cm2  implants  at  R.T.  and  600°C. 


(a)  (b)  _ 50  pm 

Figure  7.  Nomarski  optical  micrographs 
of  60  keV  H+-impIanted  SiC  showing 


similar  degrees  of  bubbling  and  exfoliation 
for  (a)  2.75  xl0,6/cm2  @  600°C  and 
(b)  4.5xl016/cm2@RT. 


DISCUSSION  and  CONCLUSIONS 


The  dependence  of  surface  exfoliation  of  SiC  on  H+  dose  and  the  retrograde  behavior  of 
exfoliation  as  damage  increases  beyond  a  specific  dose  supports  the  the  following  model.  Both 
the  hydrogen  concentration  and  the  lattice  damage  affect  the  degree  of  exfoliation.  Both  increase 
with  implantation  dose,  but  damage  retards  exfoliation.  It  is  clear  that  more  hydrogen  available 
within  the  lattice  will  lead  to  more  bubbling  and  exfoliation,  but  the  role  of  damage  in  suppressing 
the  effect  is  not  obvious.  As  seen  from  previous  work  with  H+-implanted  Si,  the  formation  of 
extended  defects  (i.e.,  platelets)  is  critical  to  the  formation  of  microcracks  within  the  lattice.3 
These  microcracks  and  their  ability  to  expand  and  interconnect  yield  the  large  macroscopic 
regions  within  the  lattice  which  become  separated  from  the  underlying  substrate  either  during 
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exfoliation  or  thin-film  transfer.  One  anticipates  that  substantial  lattice  damage  may  inhibit  the 
formation  of  such  macroscopic  regions  by  hindering  or  stopping  the  propagation  of  the 
microcracks  and  thus  preventing  them  from  forming  an  interconnecting  network. 

The  present  work  demonstrates  the  ability  to  control  ion-induced  damage  independently  from 
the  implant  dose  by  elevating  the  temperature  of  a  sample  to  600°C  during  the  implant  in  order 
to  dynamically  anneal  the  SiC  and  potentially  reduce  the  damage  relative  to  an  implant  performed 
at  room  temperature.  The  RBS  data  show  a  significant  reduction  in  residual  damage  (from  the 
surface  tol/2Rp)  for  the  hot  implant.  The  optical  micrographs  indicate  that  implanting  hot  also 
allows  a  substantial  reduction  in  critical  H  dose  needed  for  cleaving  the  thin  SiC  film,  resulting 
with  further  decrease  in  damage. 

Channeling  the  H+  implant  dramatically  enhances  the  process  of  exfoliation.  Measurements 
of  exfoliated  area  from  optical  images  indicate  more  robust  exfoliation  with  lower  dose  relative  to 
random  implantation.  The  SIMS  results  suggest  less  out-diffusion  of  hydrogen  during  anneal,  but 
increased  diffusion  into  the  bulk  (below  Rp)  in  the  channel-implanted  sample.  This  in  turn 
suggests  unique  damage  morphology  at  Rp  which  is  not  entirely  understood. 

It  appears  possible  for  damage  in  SiC  to  reach  a  concentration  great  enough  to  disrupt  the 
formation  of  a  continuous  network  of  cracks.  This  conclusion  is  supported  when  damage  is 
controlled  independently  of  hydrogen  concentration,  either  by  elevating  the  temperature  of  the 
SiC  during  implant,  or  by  channeling  the  hydrogen,  or,  quite  possibly  both.  Each  of  these 
methods  allows  a  reduction  in  critical  H+  fluence  required  to  affect  separation  of  a  thin  film  and, 
therefore,  may  provide  high-quality  SiCOI  material. 
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ABSTRACT 

The  results  of  photoemission  studies  of  Si02/SiC  samples  for  the  purpose  of 
revealing  presence  of  any  carbon  containing  by-products  at  the  interface  are 
reported.  Two  components  could  be  identified  in  recorded  Si  2p  and  C  Is  core  level 
spectra.  For  Si  2p  these  were  identified  to  originate  from  Si02  and  SiC  while  for 
C  Is  they  were  interpreted  to  originate  from  graphite  like  carbon  and  SiC.  The 
variation  in  relative  intensity  of  these  components  with  emission  angle  was  first 
investigated.  Thereafter  the  intensity  of  the  different  components  were  studied 
after  successive  Ar+-sputtering  cycles.  Both  experiments  showed  contribution 
from  graphite  like  carbon  on  top  of  the  oxide  but  not  at  the  interface. 

INTRODUCTION 

The  defect  density  at  the  oxide/semiconductor  interface  is  an  important 
factor  for  the  performance  of  devices.  For  Si02/SiC  the  defect  densities  obtained  to 
date  are  relatively  high  and  one  limiting  factor  for  the  formation  of  a  high  quality 
oxide  is  considered  to  be  a  carbon  containing  by-product  at  the  interface.  Studies 
of  oxide  layers  thermally  grown  on  SiC  have  earlier  been  reported  using  Auger 
Electron  Spectroscopy  (AES)  [1]  ,  transmission  electron  microscopy  (XTEM)  [2] 
and  X-ray  Photoelectron  Spectroscopy  (XPS)  [3].  The  XTEM  results  showed  a 
homogeneous  Si02  layer  with  a  well  defined  interface  and  the  AES  results  showed 
an  oxide  layer  free  from  carbon  related  compounds  except  for  a  region  very  close  to 
the  interface.  In  the  angle  resolved  XPS  study  [3]  an  interface  Si4C4.x02  (x<2) 
oxide  was  revealed  and  also  presence  of  Si4C4C>4  at  the  surface  and  in  the  oxide. 
These  findings  motivated  our  investigation  of  SiCVSiC  samples  using 
synchrotron  radiation. 

By  using  a  high  photon  energy  (3.0  keV)  a  direct  and  simultaneous  probing 
of  the  SiC  substrate,  the  interface  and  the  oxide  layer  was  first  made.  The  probing 
depth  was  varied  by  changing  the  electron  emission  angle.  Recorded  Si  2p  and 
C  Is  core  level  spectra  showed  two  components.  The  relative  intensities  of  these 
were  extracted  and  compared  to  calculated  intensity  variations.  The  analysis 
showed  a  graphite  like  carbon  layer  on  top  of  the  oxide  but  not  at  the  interface. 
Secondly  the  composition  in  the  surface  region  was  studied  after  successive  Ar+- 
sputtering  cycles  using  lower  photon  energies,  giving  a  much  smaller  probing 
depth..  The  result  obtained  was  the  same,  i.e.  that  contribution  from  graphite  like 
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carbon  on  top  of  the  oxide  but  not  at  the  interface  could  be  identified.  These 
findings  are  presented  and  discussed  below. 

EXPERIMENT 

Two  samples  with  different  oxide  thicknesses  were  prepared  on  n-type  Si- 
terminated  4H-SiC  substrates,  obtained  from  CREE  Research,  with  doping 
concentrations  of  around  2  x  1018  cnr3.  The  SiC>2  layers  were  thermally  grown  via  a 
dry  oxidation  process  at  1100  °C  for  respectively  30  (Sample  A)  and  45  minutes 
(Sample  B),  followed  by  annealing  in  Ar  for  10  minutes  at  the  same  temperature. 
The  SiC>2  layer  thickness  was  measured  by  ellipsometry  and  determined  to  be  58 
and  75  A  for  samples  A  and  B  respectively. 

Two  different  beamlines  were  utilized  for  the  photoemission  experiments. 
The  X-ray  wiggler  beamline  BW2  at  HASYLAB  [4,  5]  and  BL  22  at  MAX-lab  [6] . 
The  end  station  consisted  in  both  cases  of  a  Scienta  hemispherical  electron 
analyzer.  At  BW2  a  photon  energy  of  3.0  keV  was  selected  with  an  overall  energy 
resolution  of  0.8  eV  for  the  chosen  beamline  and  analyzer  settings.  The  electron 
emission  angle  was  varied  by  rotating  the  sample  relative  to  the  fixed  analyzer. 
At  BL  22  photon  energies  of  <800  eV  were  utilized  and  spectra  were  collected  at 
normal  emission  after  successive  Ar+- sputtering  cycles.  The  binding  energies  were 
in  these  latter  experiments  determined  relative  to  the  Fermi  edge  of  a  Ta  foil 
mounted  on  the  sample  holder. 

RESULTS 

Si  2p  and  C  Is  core  level  spectra  recorded  at  3.0  keV  and  at  different 
electron  emission  angles  are  shown  in  Fig.  1.  Only  two  prominent  peaks  are 


Fig.  1  Si  2p  and  C  Is  spectra  recorded  at  different  electron  emission  angles 
using  a  photon  energy  of  3.0  keV. 
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clearly  visible  in  both  cases.  The  ones  at  lower  binding  energy  correspond  to  the 
bulk  peaks  of  SiC.  The  ones  at  larger  binding  energy  correspond  respectively  to 
the  Si  2p  peak  from  SiC>2  and  to  a  C  Is  peak  from  carbon  in  a  form  different  from 
SiC.  The  binding  energy  of  this  additional  C  Is  peak  correspond  fairly  well  with 
graphitic  carbon  [7,8]  but  the  width  of  the  peak  is  so  large  that  it  cannot  originate 
from  an  ordered  graphite  layer,  therefore  we  refer  to  it  as  a  graphite  like  peak. 
Only  relative  intensities  are  shown  in  Fig.  1  since  the  spectra  have  been 
normalized  to  the  high  binding  energy  peak.  The  variation  in  relative  intensity 
with  emission  angle  can  be  utilized  to  determine  from  where  in  the  sample  the 
graphite  like  carbon  signal  originates. 

The  intensities  of  the  components  in  the  Si  2p  and  C  Is  spectra  were 
extracted  using  a  curve  fit  procedure  [9].  The  intensity  ratio  between  the  Si02  and 
the  SiC  peak  for  Si  2p  level  (labeled  Si  below)  and  the  ratio  between  the  graphite 
like  and  the  SiC  peak  for  C  Is  level  (labeled  C  below)  were  then  determined  at 
each  emission  angle  [10].  The  ratios  obtained  for  sample  A  are  shown  in  Fig.  2, 
together  with  the  C/Si  ratio  multiplied  by  a  factor  of  15.  The  C/Si  ratio  is  seen  to 
increase  monotonically  and  quite  strongly  with  increasing  emission  angle.  This 
indicates  that  the  graphite  like  carbon  signal  originates  from  a  carbon  containing 
layer  at  the  surface  and  not  at  the  interface,  as  discussed  below. 

When  applying  a  simple  layer  attenuation  model  to  calculate  the  intensity 
ratios  assumptions  concerning  both  the  elemental  distribution  and  the  electron 
attenuation  length  have  to  be  made.  Based  on  earlier  reported  values  [11] 
attenuation  lengths  of  45  A  and  50  A  were  assumed  for  C  Is  and  Si  2p 
photoelectrons  at  a  photon  energy  of  3.0  keV.  Various  different  models  for  the 
elemental  distribution  were  tried  [10]  but  the  observed  variations  were  only 


Fig.  2 

Experimentally  extracted 
intensity  ratios  C  (graphite 
like  carbon/SiC),  Si  (Si02/SiC) 
and  C/Si  (multiplied  by  15)  for 
the  sample  with  a  nominal 
oxide  layer  thickness  of  58  A 
are  shown  by  filled  diamonds, 
crosses  and  open  circles 
respectively.  The  solid 
lines  show  calculated 
intensity  ratios  when 
assuming  the  model  of  the 
elemental  distribution 
shown  by  the  insert. 
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adequately  reproduced  when  assuming  a  carbon  layer  on  top  of  the  oxide.  The 

expected  intensity  ratios  are  then  given  by ; 

c  dox  dg 

Q  —  _J__eXc cose^XccmO  _  ^ 

CSiC 

Si  d„_ 

Si  =  -^(e*SiCOs9  - 1) 

CSiC 

where  cxm  represents  the  concentration  of  element  x  in  matrix  m,  dg  and  dox  the 
thickness  of  the  graphite  like  and  oxide  layers,  Xc  and  XSi  the  electron  attenuation 
lengths  and  0  the  electron  emission  angle.  When  assuming  elemental 
concentrations  of  ccSiC  =c%c  =1/2  ,  csJi0i  =^3  and  ccg  =1.0  best  agreement  between 

experimental  and  calculated  intensity  ratios  for  sample  A  was  obtained  for 
dox  =  39  A  and  dg  =  3.0  A,  which  is  illustrated  by  the  solid  lines  in  Fig.  2.  For 
sample  B  layer  thicknesses  of  dox  =  56  A  and  dg  =  4.3  A  produced  best  agreement. 
These  results  thus  indicate  presence  of  a  graphite  like  carbon  layer  at  the  surface 
but  not  at  the  interface  for  both  samples  investigated. 

We  cannot  exclude  the  possibility  that  the  contribution  from  this  layer 
actually  shadows  a  weaker  contribution  from  graphite  like  carbon  at  the  interface, 
however.  In  order  to  check  this  possibility  additional  experiments  were  made 
using  lower  photon  energies  in  which  the  Si  2p  and  C  Is  components  were 
monitored  after  successive  Ar+-sputtering  cycles.  Such  spectra  recorded  from 
sample  A  are  shown  in  Fig.  3.  The  emitted  photoelectrons  have  a  kinetic  energy  of 
around  250  eV  in  both  cases,  giving  an  electron  attenuation  length  of  ca.  10  A.  An 
ion  energy  of  1.0  keV  was  utilized  which  gave  a  sputter  rate  of  about  1 A  per  min 


Fig.  3  Normal  emission  Si  2p  and  C  Is  spectra  recorded  after  different 
Ar+-sp uttering  times. 
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as  determined  from  measurements  on  oxidized  Si  samples  with  known  oxide 
thickness  values.  In  Fig.  3  the  Si  2p  component  from  Si02  is  seen  to  decrease 
with  sputtering  time  while  the  contribution  from  SiC  starts  to  appear  after  30 
min  of  sputtering  and  thereafter  increases  in  relative  intensity.  For  the  C  Is 
components  the  graphite  like  carbon  component  completely  dominates  the 
spectrum  of  the  unsputtered  surface  but  is  not  visible  after  30  min  of  sputtering 
when  the  SiC  component  starts  to  appear.  A  weak  graphite  like  C  Is  component 
is  still  visible  after  15  min  of  sputtering  but  this  should  not  be  interpreted  to 
indicate  that  there  is  carbon  in  the  oxide  layer.  Instead  knock  on  effects  during 
sputtering  of  the  surface  carbon  layer  is  believed  to  give  rise  to  this  weak 
component  since  measurements  made  using  several  different  photon  energies 
indicated  that  this  weak  component  actually  originated  from  the  outermost 
surface  region.  The  important  point  is  that  no  increased  contribution  from  a 
graphite  like  carbon  component  was  possible  to  identify  when  the  interface 
between  the  oxide  and  SiC  was  probed.  Thus  also  these  experiments  showed 
contribution  from  graphite  like  carbon  on  top  of  the  oxide  but  not  at  the  interface. 

_ A  point  worth  noticing  is  that  we  could  not  identify  more  than  two 

components  in  either  the  C  Is  or  Si  2p  spectra  so  no  contribution  from  an 
interface  Si4C4.x02  compound  or  presence  of  Si4C404  at  the  surface  and  in  the 
oxide,  as  proposed  in  an  earlier  investigation  [3],  could  be  identified.  Another 
point  to  be  commented  is  the  discrepancy  in  the  oxide  layer  thickness  values 
extracted  from  photoemission  and  ellipsometry  measurements.  In  this  case  we 
believe  the  main  reason  to  be  the  carbon  layer  on  top  of  the  oxide  since  such  a 
layer  was  not  assumed  in  the  analysis  of  the  ellipsometry  data. 

CONCLUSIONS 

The  results  of  photoemission  studies  of  two  Si02/SiC  samples  have  been 
reported.  Recorded  Si  2p  and  the  C  Is  core  level  spectra  each  showed  two 
components  which  for  the  Si  2p  level  were  identified  as  originating  from  SiC  and 
Si02  respectively  while  for  the  C  Is  level  they  were  identified  as  originating  from 
SiC  and  graphite  like  carbon.  Both  angle  resolved  measurement  made  using  a 
photon  energy  of  3.0  keV  and  normal  emission  measurements  made  using  lower 
photon  energies  and  after  successive  Ar+-sputtering  cycles  gave  the  same  results. 
A  graphite  like  carbon  layer  on  top  of  the  oxide  was  identified.  No  contribution  of 
graphite  like  carbon  at  the  Si02/SiC  interface  or  presence  of  an  interface 
compound,  as  proposed  in  earlier  studies,  could  be  identified. 
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ABSTRACT 

For  p-type  ion  implanted  SiC,  temperatures  in  excess  of  1600  °C  are  required  to  activate  the 
dopant  atoms  and  to  reduce  the  crystal  damage  inherent  in  the  implantation  process.  At  these 
high  temperatures,  however,  macrosteps  (periodic  welts)  develop  on  the  SiC  surface.  In  this 
work,  we  investigate  the  use  of  a  graphite  mask  as  an  anneal  cap  to  eliminate  the  formation  of 
macrosteps.  N-type  4H-  and  6H-SiC  epilayers,  both  ion  implanted  with  low  energy  (keV)  Boron 
(B)  schedules  at  600  °C,  and  6H-SiC  substrates,  ion  implanted  with  Aluminum  (Al),  were 
annealed  using  a  Graphite  mask  as  a  cap.  The  anneals  were  done  at  1660  °C  for  20  and  40 
minutes.  Atomic  force  microscopy  (AFM),  capacitance-voltage  (C-V)  and  secondary  ion  mass 
spectrometry  (SIMS)  measurements  were  then  taken  to  investigate  the  effects  of  the  anneal  on 
the  surface  morphology  and  the  substitutional  activation  of  the  samples.  It  is  shown  that,  by  using 
the  Graphite  cap  for  the  1660  °C  anneals,  neither  polytype  developed  macrosteps  for  any  of  the 
dopant  elements  or  anneal  times.  The  substitutional  activation  of  Boron  in  6H-SiC  was  about 
15%. 

INTRODUCTION 

The  improvement  of  the  material  quality  of  SiC  and  the  development  of  its  device  technology 
have  been,  for  the  past  several  years,  the  focus  of  intense  investigation  by  research  groups  from 
around  the  world.  It  is  projected  that  its  large  bandgap,  high  electron  saturation  velocity, 
exceptional  thermal  conductivity  (greater  than  copper),  and  large  breakdown  field  strength  will 
improve  the  standard  commercial  benchmarks  of  high-power  and  high-frequency  devices  and 
allow  them  to  operate  in  caustic  environments  and  at  higher  temperatures  [1].  Of  the  three 
methods  of  doping-ion  implantation,  thermal  diffusion,  and  in  situ  doping— ion  implantation  will 
play  the  most  important  part  in  the  fabrication  of  these  devices.  This  is  because,  unlike  Silicon 
technology,  thermal  diffusion,  due  to  the  low  diffusion  coefficients  of  the  standard  dopants  below 
1800  °C,  is  not  a  viable  method  for  doping  SiC  [2].  In  addition,  the  in  situ  doping  method,  while 
it  is  the  principal  method  of  preparing  doped  device  quality  epitaxial  material  at  present,  cannot 
be  used  for  planar  device  fabrication  and  other  applications  where  precision  is  required  in  small 
areas.  Still,  despite  its  advantages,  ion  implantation  of  SiC  is  not  as  mature  a  technology  as  it  is 
for  Silicon,  where  ion  implantation  is  routinely  used  in  device  fabrication.  One  of  the  problems 
associated  with  the  ion  implantation  of  SiC  surrounds  its  post  implant  anneal.  An  anneal  is 
necessary  to  activate  the  dopant  atoms  and  to  reduce  the  inherent  crystal  damage  created  by  the 
ion  implantation  process.  For  p-type  SiC,  this  anneal  is  usually  done  at  temperatures  up  to  1700 
°C  [3].  One  side  effect  of  this  anneal  is  that,  at  these  high  temperatures,  the  post  anneal  surface 
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morphology  of  the  material  is  dominated  by  macrosteps.  In  this  paper,  we  present  a  technique 
that  eliminates  the  formation  of  these  macrosteps,  and  we  also  demonstrate  Boron  (p-type) 
activation.  AFM  measurements  were  used  to  determine  the  morphology  before  and  after 
annealing,  SIMS  data  was  used  to  track  the  Boron  ions  through  the  steps  of  the  experiment,  and 
C-V  measurements  were  used  to  determine  the  substitutional  activation. 

EXPERIMENT 

The  samples  used  in  this  experiment  were  4  pm  thick  n-type  (3.8  x  1015  cm-3)  6H-SiC  and 
(1.5  x  1015  cm'3)  4H-SiC  epitaxial  layers  that  were  ion  implanted  at  600  °C  with  low  energy 
Boron.  The  specific  energy/dose  schedules  for  the  Boron  implants  are  as  follows:  320  keV/3.6  x 
1014  cm'2,  240  keV/2.8  x  1013  cm'2,  160  keV/2.0  x  10  13  cm'2,  100  keV/7.5  x  1012  cm'2,  50 
keV/5.0  x  1012  cm'2,  30  keV/3.75  x  1012  cm'2.  In  addition,  n-type  (7  x  1018  cm'3)  6H-SiC 
substrates  that  were  ion  implanted  with  low  energy  Aluminum  were  also  used.  The  energy/dose 
schedules  for  the  Aluminum  implants  are  as  follows:  260  keV/1.0  x  1015,  150  keV/5.0  x  1014,  80 
keV/3.0x  10!4,  30  keV/2.0  x  1014. 

The  samples  were  first  cleaned  with  a  TCE/acetone/methanol  degrease,  followed  by  a  1 
minute  dip  in  10:1  HF:H20  and  a  rinse  in  DI  water.  Random  5x5  pm2  AFM  scans  were  taken  to 
determine  the  surface  morphology  of  the  samples  before  annealing..  The  samples  were  again 
cleaned  in  the  manner  described  above,  and  a  0.8  pm  thick  carbon  mask  was  fabricated  on  the 
surface.  For  the  anneals,  an  EMCORE  resistive  heated  growth  reactor  was  used.  The  reactor  was 
calibrated  at  one  point  by  melting  Silicon  to  verify  the  temperatures  used  for  the  anneals.  While 
Helium  was  the  anneal  ambient  for  most  runs,  the  6H-SiC  substrates  were  annealed  in  Argon. 
The  anneal  times  used  were  20  and  40  minutes  and  the  anneal  temperature  was  1660  °C.  There 
was  no  data  for  the  40  minute  anneal  of  the  6H-SiC  substrates. 

Upon  completion  of  the  anneals,  the  carbon  mask  was  removed  by  oxidation  at  800  °C  for  one 
hour  in  a  quartz  furnace,  and  AFM  measurements  were  done  again  to  determine  the  effect  of  the 
anneal  on  the  morphology  of  the  samples.  The  doping  profile  for  the  Boron  implanted  6H-SiC 
was  determined  from  reverse  capacitance-voltage  measurements  of  Schottky  diodes  (Aluminum 
ohmic  and  Schottky  contacts).  The  measurements  were  taken  at  a  frequency  of  1MHz. 

RESULTS  AND  DISCUSSIONS 

The  AFM  micrographs  shown  in  figure  1  detail  the  effect  of  a  40  minute  anneal  without  a 
Graphite  cap  at  1660  °C  on  the  surface  morphology  of  6H-SiC.  Figure  1(a)  is  the  surface  just 
before  the  anneal  is  performed.  The  macrosteps  shown  in  figure  1(b)  were  developed  during  the 
anneal  process.  The  effect  is  well  known  and  has  been  reported  by  groups  at  Purdue  University 
[3]  and  Cree  Research,  Inc.  [4].  These  macrosteps  extend  across  the  entire  surface  of  the  sample 
and  are  so  pronounced  that  they  can  be  viewed  with  an  optical  microscope.  Similar  results  have 
been  reported  for  ion  implanted  4H-SiC  [5].  It  is  known  that  at  about  1400  °C,  Silicon  containing 
species  (Si,  Si2C,  and  SiC2)  sublime  from  the  surface  layer  of  SiC  [6j.  It  is  this  loss  of  Si  atoms 
and  the  ensuing  redistribution  of  the  Carbon  rich  surface  layer  that  leads  to  the  formation  of  the 
macrosteps.  Figure  2  shows  the  atomic  force  micrographs  of  the  final  surfaces  of  the  samples  that 
were  annealed  for  20  and  40  minutes  using  our  Graphite  mask  as  a  cap.  From  the  micrographs,  it 
can  be  seen  that  no  macrosteps  were  formed  for  any  of  the  anneal  times,  even  though  each  anneal 
was  done  at  1660  °C.  There  is,  however,  a  trend  for  each  set  of  samples:  the  roughness  increases 
as  the  time  of  the  anneal  increases.  This  is  seen  in  going  from  micrographs  (b)  to  (c)  and  from  the 
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(a)  (b) 

Figure  1:  AFM  picture  of  Boron  implanted  (a)  6H-S1C  epilayer  before  anneal  (b)  6H-SiC  epilayer  after  40  minute 
anneal  at  1660  °C.  Both  micrographs  are  5  pm  by  5  pm  in  size. 


micrographs  (d)  to  (e),  where  each  pair  of  micrographs  corresponds  to  time  increases  from  20  to 
40  minutes  for  6H-SiC  and  4H-SiC  respectively.  This  result  is  consistent  with  those  reported  by 
Capano  et  al  [3]. 

Reports  of  SiC  plates  [6]  and  wafers  [3]  suspended  above  and  almost  touching  the  sample 
during  the  annealing  process  are  examples  of  techniques  being  used  at  the  moment  to  reduce  the 
formation  of  macrosteps.  These  techniques  attempt  to  create  a  Si  overpressure  that  allows  little  to 
no  net  movement  of  Si  atoms  from  the  surface  layer  of  the  sample,  however,  while  the  formation 
of  macrosteps  is  reduced,  the  surface  roughness  is  still  appreciable.  It  has  also  been  reported  that 
a  Si  rich  ambient  gas  such  as  Silane,  if  used  during  the  anneal,  will  maintain  the  requisite  Si 


Figure  2:  Atomic  force  micrographs  of  (a)  Aluminum  implanted  6H-SiC  substrate  annealed  for  20  min,  and  Boron 
implanted  (b)  6H-SiC  epi  annealed  for  20  min,  (c)  6H-SiC  epi  annealed  for  40  min,  (d)  4H-SiC  epi  annealed  for  20 
min,  (e)  4H-SiC  epi  annealed  for  40  min.  The  edge  of  all  micrographs  correspond  to  5  pm,  and  all  anneals  were  done 
at  1660  °C. 
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Figure  3:  Doping  profile  for  (a)  Aluminum  implanted  6H-SiC  substrate  annealed  for  20  min,  (b)  Boron  implanted 
6H-SiC  epi  annealed  for  20  min.,  and  (c)  Boron  implanted  6H-SiC  epi  annealed  for  40  min. 

overpressure  and  therefore  suppress  the  formation  of  macrosteps  [4].  Current  results  with  the 
silane  anneal  are  encouraging,  but,  from  our  experiments,  the  success  of  the  anneal  is  difficult  to 
reproduce.  Our  technique,  the  use  of  a  Graphite  mask  as  a  cap,  not  only  suppresses  the 
sublimation  of  Silicon  from  the  surface,  but  it  also  prevents  the  formation  of  macrosteps  by 
preventing  the  redistribution  of  the  surface  layer.  In  addition,  unlike  AIN,  which  is  another 
material  being  used  as  an  anneal  cap  for  SiC,  the  Graphite  mask  can  operate  at  temperatures  up 
to  1850  °C. 

Along  with  to  the  AFM  data,  C-V  measurements  were  taken  to  determine  the  substitutional 
activation  of  the  the  6H-SiC  epilayers  that  were  implanted  with  Boron.  The  results  are  shown  in 
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Figure  4:  Secondary  ion  mass  spectrometry  (SIMS)  plot  of  the  Boron  implanted  6H-SiC  epilayer  samples  annealed  at 
1660  °C  for  40  minutes. 

the  doping  profiles  of  figure  3.  There  is  an  increase  in  activation  with  anneal  time  as  seen  by 
going  from  profiles  (a)  to  (b)  in  figure  3,  a  trend  that  was  also  observed  by  Capano  et  al  [3].  The 
doping  profile  data  is  supported  by  the  SIMS  plot  shown  in  figure  4,  where  up  to  the  depth  of  0.5 
(im  the  movement  of  the  Boron  atoms  produces  a  concentration  of  about  2  x  1018.  This  means 
that  for  the  40  minute  anneal  corresponding  to  the  doping  profile  in  figure  3(b),  the  substitutional 
activation  was  about  15%. 

CONCLUSION 

The  use  of  a  Graphite  mask  as  an  anneal  cap  was  shown  to  prevent  macrostep  formation. 
Temperatures  of  1660  °C  were  used  to  anneal  Aluminum  implanted  6H-SiC  substrates  and  Boron 
implanted  6H-  and  4H-SiC  epitaxial  layers.  At  these  temperatures,  macrosteps  are  usually  formed 
across  the  surface  of  the  sample.  None  of  the  samples  annealed  with  the  Graphite  cap  developed 
macrosteps  during  the  anneal.  There  was  a  general  trend  of  increased  roughness  for  longer  anneal 
times,  but  the  resulting  roughness  even  after  a  40  minutes  anneal  was  not  appreciable.  There  was 
also  a  trend  of  increased  activation  with  increased  anneal  time.  Finally,  p-type  activation  was 
demonstrated  for  the  Boron  implanted  6H-SiC  epilayer  samples. 
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Abstract 

SiC  is  perhaps  the  most  appropriate  material  to  replace  Si  in  power-metal-oxide- 
semiconductor-field-effect-transistors  (MOSFETs),  because,  unlike  the  other  wide  band-gap 
semiconductors,  SiC  can  be  thermally  oxidized  similarly  to  Si  to  form  a  Si02  insulating  layer.  In 
our  studies  of  oxidized  SiC,  we  have  used  electron  paramagnetic  resonance  (EPR)  to  identify  C- 
dangling  bonds  generated  by  hydrogen  release  from  C-H  bonds.  While  hydrogen’s  effect  on  SiC- 
based  MOSFETs  is  uncertain,  studies  of  Si-based  MOSFETs  indicate  that  it  is  important  to 
minimize  hydrogen  in  MOS  structures.  To  examine  the  role  of  hydrogen,  we  have  studied  the 
effects  of  SiC/Si02  fabrication  on  the  density  of  C-related  centers,  which  are  made  EPR  active  by 
a  dry  heat-treatment.  Here  we  examine  the  starting  and  ending  procedures  of  our  oxidation 
routine.  The  parameter  that  appears  to  have  the  greatest  effect  on  center  density  is  the  ending 
step  of  our  oxidation  procedure.  For  example,  samples  that  were  removed  from  the  furnace  in 
flowing  02  produced  the  smallest  concentration  of  centers  after  dry  heat-treatment.  We  report  on 
the  details  of  these  experiments  and  use  our  results  to  suggest  an  oxidation  procedure  that  limits 
center  production. 

Introduction 

SiC  has  both  a  wide  band-gap  and  high  thermal  conductivity  that  make  it  an  attractive 
replacement  for  Si  in  high  power,  high  temperature  microelectronic  devices.  For  power  metal- 
oxide-field-effect  transistors  (MOSFETs)  in  particular,  SiC  is  of  interest  because  unlike  the  other 
wide  band-gap  semiconductors,  it  can  be  thermally  oxidized  similarly  to  Si  in  order  to  create  a 
Si02  insulating  layer. 

In  our  previous  studies  of  oxidized  3C-SiC,  4H-SiC,  and  6H-SiC  [1-2],  we  have  observed 
centers  that  can  be  activated  by  dry  heat-treatments  at  temperatures  greater  than  800  °C.  The  g- 
values  of  these  centers  range  from  2.0025  to  2.0029,  which  is  within  the  range  of  g-values 
typical  of  C-related  centers  [3-5].  The  temperatures  at  which  these  centers  are  generated  are 
significantly  greater  that  those  used  to  generate  Si  dangling  bonds.  Thus,  we  suggest  that  the 
centers  are  unpaired  electrons  located  on  C  atoms.  We  have  also  observed  that  these  centers  can 
be  activated  by  heat-treatment  in  an  ambient  that  does  not  contain  moisture  and  passivated  in  an 
ambient  that  contains  moisture.  Therefore,  we  suggest  that  these  centers  are  activated  by  release 
of  a  hydrogenous  species  from  C  dangling  bonds.  Supporting  the  relation  to  hydrogen  is  an 
experiment  in  which  we  heat-treated  oxidized  samples  in  dry  (<0.6  ppm  H20)  02.  The 
concentration  of  centers  activated  is  similar  to  that  activated  by  dry  heat-treatment  in  N2.  In 
addition,  we  have  observed  that  for  the  3C-SiC  epilayer  samples  the  density  of  centers  can  be 
reduced  by  annealing  in  forming  gas.  Hydrofluoric  acid  etching  studies  of  the  samples  indicated 
that  the  centers  are  not  located  in  the  oxide. 

In  this  study  of  the  C-related  center  in  oxidized,  heat-treated  3C-SiC,  4H-SiC,  and  6H- 
SiC,  we  investigate  the  effects  of  altering  the  loading  and  unloading  procedure  of  our  oxidation 
routine  on  the  concentration  of  C-related  centers  produced  by  dry  heat-treatment.  In  our 
examinations  of  the  removal  steps,  we  unload  the  samples  in  wet  02  or  standard  N2  and  compare 
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the  results  with  slowly  cooling  the  samples  in  air  [1-2,6].  We  also  compare  the  effects  of 
inserting  samples  into  the  furnace  in  air,  wet  O2,  and  N2  ambients.  The  3C-SiC  epilayer  samples 
are  included  to  gain  a  clear  scientific  understanding,  although  the  hexagonal  polytypes  are  more 
applicable  to  current  high  power  device  research. 

Experimental  Information 

The  4H-SiC  and  6H-SiC  materials  are  from  double-side  polished,  p-type,  1.5”  wafers 
supplied  by  Cree  Research.  The  polished  surfaces  of  both  wafers  are  cut  approximately  3.5°  off 
the  {0001}  crystal  planes.  The  4H-SiC  wafer  has  an  epilayer  deposited  on  its  Si  face.  HOYA 
Corporation  supplied  the  3C-SiC  epilayer  layer  samples.  The  approximately  1  pm  thick,  cubic 
SiC  film  was  deposited  via  chemical  vapor  deposition  (CVD)  on  both  the  polished  and 
unpolished  faces  of  a  (100)  oriented  Si  substrate.  Samples  are  cut  into  strips  1.5  cm  by  0.23  cm,  a 
size  suitable  for  the  EPR  microwave  cavity. 

Prior  to  oxidation,  we  clean  the  samples  by  rinsing  in  trichloroethane,  xylenes,  acetone, 
methanol  and  deionized  water  for  5  min  time  intervals.  The  samples  are  then  etched  for  1  min  in 
9:1  H20:HF  (50%).  The  samples  are  oxidized  for  6  hr  at  1150°  C  in  02  bubbled  through 
deionized  water.  The  loading  and  unloading  steps  of  the  oxidation  procedure  are  described 
below.  After  oxidation,  the  samples  are  heat-treated  in  a  double-walled  quartz  tube  furnace  at 
900  °C  for  320  min.  The  heat-treatment  is  conducted  in  a  dry  (<0.3  ppm  H20)  N2  ambient.  At  the 
end  of  the  dry  heat-treatment,  the  samples  are  quenched  to  approximately  100°  C  where  they  are 
cooled  sufficiently  before  they  are  removed  from  the  dry  ambient. 

For  the  oxidation,  five  different  insert  and  removal  conditions  are  examined: 

1)  Insert  in  air,  remove  quickly  in  N2  (“Pull-out  N2”) 

2)  Insert  in  air,  remove  quickly  in  02  (“Pull-out  02”) 

3)  Insert  in  air,  slowly  cool  in  air  (“Air  Cooled”) 

4)  Insert  in  02,  remove  quickly  in  02 

5)  Insert  in  N2,  remove  quickly  in  02 

The  slow  cool  in  air  is  accomplished  by  gradually  pulling  the  sample  to  the  edge  of  the  furnace 
tube  where  the  temperature  is  about  940  °C.  The  sample  remains  there  about  5  min  before  being 
placed  in  room  ambient.  For  the  other  removal  conditions,  the  samples  are  pulled  from  the 
furnace  with  either  02  or  N2  flowing  and  immediately  placed  in  room  ambient.  The  insert 
conditions  consisted  of  a  30  min  02  or  N2  purge  of  the  furnace  tube,  followed  by  insertion  of  the 
samples  while  the  02  or  N2  gas  is  flowing.  For  the  latter  case,  the  N2  gas  is  terminated  and  02  is 
used  for  the  oxidation.  The  oxygen  is  bubbled  through  deionized  water  for  all  02  treatments,  and 
the  N2  as  standard  grade. 

All  EPR  measurements  are  conducted  at  room  temperature  using  an  X-band  Bruker  200 
spectrometer.  EPR  is  a  spectroscopic  technique  able  to  detect  paramagnetic  defects  in  solids.  We 
use  the  dry  heat-treatment  to  activate  the  paramagnetic  state  of  a  defect  already  present  in  the 
material.  The  activation  process  is  similar  to  the  one  used  for  the  Si  Pb  center,  a  Si  dangling  bond 
at  the  interface  between  Si02  and  Si  [7-8].  The  concentration  of  centers  is  found  by  double 
integration  of  the  EPR  spectrum  and  comparison  with  the  double  integral  of  a  spectrum  obtained 
from  a  known  standard.  Typically,  we  integrate  the  EPR  spectrum  with  the  largest  amplitude  and 
determine  the  concentration  from  the  other  spectra  by  scaling  their  amplitudes.  All  spectra  are 
measured  with  1  G  peak-to-peak  modulation  amplitude  and  1  mW  microwave  power. 
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Results 

Electron  paramagnetic  resonance  spectra  were 
measured  for  each  of  the  polytypes  after  oxidation  and 
after  dry  heat-treatment.  From  these  measurements,  the 
concentration  of  C-related  centers  after  dry  heat- 
treatment  is  determined.  In  Figure  1,  we  plot  the 
concentration  of  the  centers  in  each  of  the  three 
polytypes  for  three  different  unloading  procedures.  The 
unfilled  squares,  filled  circles,  and  unfilled  triangles 
represent  the  concentration  of  centers  in  the  oxidized 
3C-SiC  epilayer,  4H-SiC  and  6H-SiC  samples, 
respectively.  Error  in  concentration  is  due  to  noise  in 
the  EPR  spectrum.  While  variation  in  concentration 
appears  between  the  different  SiC  polytypes,  a  common 
trend  is  observed.  Unloading  the  samples  in  N2 
produced  the  largest  concentration  of  centers.  In  Figure  1;  The  concentration  of  centers 
contrast,  removing  the  samples  from  the  furnace  in  wet  produced  as  a  function  of  the  ending 
O2  produced  the  smallest  concentration  of  centers.  oxidation  conditions.  “Air  Cooled” 

In  Figure  2,  we  plot  the  concentration  of  centers  describes  the  condition  in  which  samples 
measured  in  the  6H-SiC  samples  as  a  function  of  their  were  slowly  cooled  in  the  furnace  in  air 
insert  ambients.  “Air”  is  used  to  describe  the  condition  af ter  the  heat  was  turned  off.  “Pull-out 
in  which  the  samples  were  inserted  into  the  furnace  in 
an  air  ambient.  Similarly,  “Wet  O2”  and  “N2”  are  used 
to  indicate  the  conditions  in  which  the  samples  were 
inserted  into  the  furnace  in  flowing  wet  O2  and  flowing 
standard  N2  ambients,  respectively.  The  data  point  for 
the  sample  inserted  into  air  is  the  same  as  the  point  in  and  6H-sic*sampler 
the  previous  figure  of  the  6H-SiC  sample  was  removed 
in  an  flowing  wet  O2  ambient.  The  error  in  concentration  arises  from  noise  in  the  EPR  spectrum. 
The  concentration  of  centers  is  the  same  for  each  of  the  different  insert  ambients. 


Air  Cooled  Pull-Out  02  Pull-Out  N2 
End  of  Oxidation  Conditions 


02”  and  “Pull-Out  N2”  describe  the 
conditions  in  which  samples  were  directly 
unloaded  from  the  furnace  in  wet  02  and 
standard  N2  ambients,  respectively.  The 
□,  •,  and  A  indicate  the  concentration  of 
centers  in  the  oxidized  3C-SiC,  4H-SiC, 


Discussion 


While  there  is  no  direct  evidence  the  C-related  centers  we  observe  are  associated  with 
electrically  active  defects,  centers  detected  by  EPR  in  oxidized  Si  have  been  shown  to  be  related 
to  electrical  defects.  For  example,  electrically  active  interface  states  were  found  to  be  related  in 
part  to  an  interfacial  Si  dangling  bond,  called  the  Pb  center  [9],  and  some  charge  traps  in  the  Si02 
have  been  attributed  to  the  E’  center,  a  hole  trapped  at  an  O  vacancy  in  Si02  [10].  Thus,  a  center 
detected  by  EPR  in  oxidized  SiC  could  also  be  related  to  electrical  defects.  We  observe  some 
similarities  between  processing  procedures  that  reduce  the  concentrations  of  interface  states  and 
oxide  charge  traps  and  those  that  reduce  the  concentration  of  the  centers  in  our  samples.  The 
similar  and  contrasting  results  are  described  below. 

In  examining  the  beginning  and  ending  steps  of  our  oxidation  procedure,  we  observe  that 
the  final  steps  of  the  oxidation  have  the  largest  effect  on  the  concentration  of  centers.  Figure  1 
indicates  that  removing  the  samples  in  O2  minimizes  the  concentration.  Compared  to  removal  in 
N2,  the  center  density  is  decreased  by  70%,  50%,  and  40%  in  3C-,  4H-  and  6H-SiC  samples, 
respectively.  The  reduction  in  center  concentration  may  be  related  to  the  5  min  940  °C  wet  02 
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“anneal”  that  the  samples  receive  before  they  are 
removed  from  the  furnace.  Lipkin  and  Palmour  have 
demonstrated  that  both  interface  states  and  oxide  tp 
charge  in  oxidized  6H-SiC  can  be  reduced  by  “re-  I  yl  - 
oxidizing”  6H-SiC  samples  in  wet  O2  at  950  °C  for  1.5  o 
to  3  hr  [1 1].  Although  Lipkin  and  Palmour’s  “re-  ^  10 

oxidation”  anneal  was  for  a  significantly  longer  period  g  I  1  I 

of  time,  it  is  interesting  to  note  that  a  brief  wet  O2  heat-  u  8  '  I  I  * 

treatment  of  our  samples  also  considerably  reduced  the  °  ^ 

C-related  center  concentration.  Most  likely,  unloading  B 
the  samples  in  wet  O2  stabilizes  the  interface  between  §  4  . 

the  Si02  and  the  SiC  preventing  Si  evaporation  [12].  § 

Assuming  that  N2  is  primarily  responsible  for  u  2  - 
the  affects  seen  in  the  air  annealed  samples, 

comparison  of  the  slowly  air  cooled  and  more  rapidly  0  Ajr  weto2  n2 

N2  cooled  samples  suggests  that  thermal  shock  may  Insert  Ambient 

also  affect  the  production  of  the  C-related  centers.  In 

Fig.  1,  a  lower  concentration  of  centers  is  found  for  Figure  2:  The  concentration  of  centers  in 
samples  that  were  slowly  cooled  in  air  versus  samples  the  6H-SiC  samples  as  a  function  of  the 
that  were  more  rapidly  removed  in  N2.  In  particular,  insert  ambient.  “Air,”  “02,”  and  “N2” 
we  observe  that  the  density  of  centers  in  3C-SiC  indicate  that  the  samples  were  loaded  into 
samples  that  were  slowly  cooled  was  35%  lower  than  the  furnace  in  air,  wet  02,  or  standard  N2 
the  density  observed  in  samples  that  were  rapidly  ambients,  respectively, 
pulled  in  N2  to  room  ambient.  Although  the  density  of 

the  centers  in  the  hexagonal  polytypes  were  the  same  within  sample  to  sample  variation,  on 
average  the  concentration  decreased  by  approximately  10%.  The  large  reduction  in  center 
concentration  found  in  the  3C-SiC  samples  is  consistent  with  the  fact  that  film/substrate  samples 
such  as  the  3C-SiC  epilayers,  are  more  susceptible  to  thermal  shock  than  bulk  substrates. 
Studying  the  effect  of  oxidation  conditions  on  the  electrical  properties  of  hexagonal  polytypes, 
Shenoy  and  coworkers  observed  a  similar  behavior  [13].  They  compared  the  effects  of  removing 
samples  using  a  “slow  pull”  method,  in  which  the  temperature  was  gradually  reduced  to  900  °C 
before  the  samples  were  unloaded,  to  using  a  “fast  pull”  technique  in  which  samples  were 
withdrawn  from  the  furnace  over  approximately  100  sec.  Like  we  observed  with  the 
concentration  of  our  C-related  center,  they  found  that  the  density  of  interface  states  and  oxides 
charges  traps  could  be  reduced  by  10%  when  unloading  samples  with  the  “slow  pull”  procedure 
versus  the  “fast  pull”  method.  While  the  EPR/electrical  comparison  is  intriguing,  we  must 
acknowledge  that  in  our  experiments,  the  oxygen  in  the  air  may  contribute  to  the  reduction  of  the 
EPR  defect  concentration.  Future  experiments  will  be  conducted  in  order  to  determine  the  role 


that  thermal  shock  plays  in  the  production  of  the  C-related  centers. 

Figure  2  indicates  that  the  concentration  of  the  C-related  centers  does  not  depend  on 
whether  the  insert  ambient  is  oxidizing  (02)  or  inert  (N2).  This  is  in  contrast  with  electrical 
studies  which  show  that  samples  loaded  in  an  inert  gas  (Ar)  have  a  higher  concentration  of 
electrically  active  defects  [13]  than  samples  loaded  in  02.  The  increase  in  electrical  defects  were 
attributed  to  Si  evaporation  from  the  SiC  surface,  leaving  a  C-rich  layer  on  the  6H-SiC  substrate. 
We,  however,  do  not  observe  this  for  samples  that  were  inserted  in  the  furnace  in  flowing  N2 
versus  flowing  02.  In  fact,  the  concentration  of  centers  indicated  by  Fig.  2  is  approximately  the 
same  regardless  of  whether  the  samples  are  inserted  in  air,  N2  or  wet  02.  We  speculate  that  these 
results  indicate  that  as  far  as  our  C-related  centers  are  concerned  any  initial  surface  layer  is  likely 
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consumed  during  oxidation  and  converted  into  the  oxidation  products.  Perhaps,  because 
oxidation  occurs  at  the  interface  between  the  SiC  substrate  and  the  SiC>2  layer,  the  ending  steps 
of  the  oxidation  would  have  more  of  an  effect  on  the  quality  of  the  SiC/SiCh  interface.  This 
agrees  with  our  observations  of  sizeable  changes  in  concentration  produced  in  samples  oxidized 
with  different  ending  steps. 

Conclusion 

In  conclusion,  the  concentration  of  centers  can  be  affected  by  altering  the  ending  steps  of 
our  oxidation  procedure.  The  ending  conditions,  ordered  from  smallest  center  concentration 
produced  to  largest,  are  unloading  the  samples  in  wet  O2,  slowly  cooling  the  samples  in  air,  and 
unloading  the  samples  in  standard  N2.  The  insert  ambient  did  not  affect  the  center  concentration. 
This  may  indicate  that  because  oxidation  occurs  at  the  SiC/SiC>2  interface,  any  initial  effects  of 
the  oxidation  procedure  are  effectively  removed  during  the  oxidation.  Thus,  the  ending  process 
should  have  a  larger  effect  on  the  concentration  of  centers  produced. 
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ABSTRACT 

The  electrical  properties  of  thick  oxide  layers  on  n  and  /7-type  6H-SiC  obtained  by  a  depo- 
conversion  technique  are  presented.  High  frequency  capacitance-voltage  measurements  on 
MOS  capacitors  with  a  ~  3000  A  thick  oxide  indicates  an  effective  charge  density  comparable 
to  that  of  MOS  capacitors  with  thermal  oxide.  The  breakdown  field  of  the  depo-converted 
oxide  obtained  using  a  ramp  response  technique  indicates  a  good  quality  oxide  with  average 
values  in  excess  of  6  MV/cm  on  /7-type  SiC  and  9  MV/cm  on  «-type  SiC.  The  oxide 
breakdown  field  was  observed  to  decrease  with  increase  in  MOS  capacitor  diameter. 

INTRODUCTION 

Silicon  Carbide  (SiC)  devices  have  been  proposed  for  many  industrial  applications 
requiring  high  power,  high  frequency  and  hard  radiation.  Recently,  tremendous  improvements 
have  been  made  in  the  crystal  growth  and  processing  techniques  including  oxidation  which  will 
accelerate  the  commercialization  of  SiC  devices.  Oxide  layers  on  SiC  not  only  find  application 
in  the  fabrication  of  MOS  devices  but  also  as  field  oxides  and  passivation  layers  in  high  voltage 
devices.  While  the  oxide  layer  should  have  high  breakdown  strength,  low  leakage  current,  and 
low  effective  charge  density  for  satisfactory  MOS  device  performance,  when  oxide  layers  are 
used  as  field  oxides  in  high  voltage  devices  high  breakdown  strength  is  most  essential.  For 
example,  a  metal-overlap  onto  an  oxide  layer  can  be  used  as  an  edge  termination  technique  for 
improving  the  breakdown  voltage  of  high  voltage  devices  by  minimizing  the  electric  field 
enhancement  at  the  contact  periphery  of  devices.  In  order  for  this  field  oxide  to  be  effective  it 
should  have  good  dielectric  properties  and  sufficient  thickness  to  sustain  the  high  breakdown 
voltage.  However,  the  SiC  oxidation  rate  is  too  slow  to  obtain  thick  oxide  layers  via  the 
conventional  thermal  oxidation  techniques  currently  in  practice  [1,2,3].  Even  though  alternate 
techniques  such  as  oxide  deposition  by  LPCVD  and  poly-silicon  conversion  have  been  reported 
[4,5],  the  high  voltage  characteristics  of  deposited  oxide  vs  a  conventional  thermal  oxide  has 
not  been  studied  in  detail.  In  this  paper,  we  report  the  possibilities  of  using  simple  depo- 
converison  technique  for  obtaining  thick  oxide  layers  with  high  breakdown  strength  on  n  and  p- 
type  6H-SiC  wafers. 

EXPERIMENT 

The  6H-SiC  wafers  used  in  our  experiments  were  from  Cree  Research  (substrate  doping 
~  1.6xl018  cm'3)  with  a  10  pm  thick  epilayer  of  -  6xl015cm'3  doping  concentration  for  /?-type 
and  ~  3.9xl015  cm*3  for  n-type  SiC  respectively.  The  30  mm  diameter  wafer  was  cut  into  10 
mm  x  10  mm  square  pieces  to  obtain  several  samples  for  experiments.  The  as-received  SiC 
samples  were  first  cleaned  using  TCE  at  85°C  for  15  min.  followed  by  ultrasonic  cleaning  in 
acetone  and  methanol  respectively.  Then  the  native  surface  oxide  was  chemically  etched  using 
a  20%  HF  solution  prior  to  a  modified  RCA  cleaning  process.  After  the  RCA  cleaning  process 
the  SiC  wafers  were  etched  in  a  5%  HF  solution  for  10  seconds  to  remove  the  surface  oxide 
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caused  by  the  RCA  process.  De-ionized  water  rinses  were  used  after  every  step.  In  order  to 
obtain  the  depo-converted  oxide,  a  Si  film  is  deposited  on  the  SiC  wafer  and  converted  to 
silicon  dioxide  by  oxidation.  The  Si  films  were  RF  sputtered  from  a  single  crystal  Si  target  in  a 
vacuum  chamber  under  Ar  ambient  and  the  sputtered  Si  films  were  converted  to  oxide  by  wet 
oxidation  at  1050°C  for  3  hours  to  ensure  total  conversion  of  the  deposited  Si.  All  samples  with 
converted  oxide  had  a  very  uniform  surface  morphology,  indicating  that  depo-conversion 
method  can  be  used  to  obtain  thick  oxide  films.  MOS  capacitor  (MOS-C)  structures  were 
fabricated,  to  characterize  the  electrical  properties  of  the  depo-converted  oxide,  by  evaporating 
A1  on  both  sides  of  the  sample.  Moreover,  the  usefulness  of  the  depo-converted  oxide  as  a  field 
oxide  was  demonstrated  by  fabricating  a  lkV  6H-SiC  Schottky  diode  with  oxide  layer  edge 
termination. 


RESULTS  AND  DISCUSSION 


C-V  characteristics 

Capacitance-voltage  measurements  were  made  on  MOS  capacitors  with  different  oxide 
thicknesses  on  n  and  p  type  SiC  at  room  temperature  using  a  Kiethley  590  capacitance-voltage 
(C-V)  analyzer  at  100  kHz.  Voltage  sweeps  applied  to  the  MOS  capacitor  were  made  from 
accumulation  to  depletion/inversion.  Typical  C-V  characteristics  of  MOS  capacitors  with 
thermal  and  converted  oxides  fabricated  on  n  and  p- type  SiC  are  shown  in  Fig.  1 . 


Gate  voltage  (V) 
(a)  N-type  6H-SiC 


(b)  P-type  6H-SiC 


Fig.  1.  Comparison  of  C-V  characteristics  of  MOS  capacitors  with  depo-converted  oxide  vs 
thermal  oxide  on  n  and p- type  6H-SiC  wafers. 

The  oxide  and  SiC  parameters  obtained  from  C-V  measurements  are  given  in  Table  1 . 


Table  1.  Oxide  and  SiC  wafer  parameters  from  C-V  measurements 


1  SiC 

wafer  type 

Oxide 

thickness  (A) 

Doping 

concentration  (cm'3) 

Flat-band 
voltage  (V) 

Effective  charge 
density 
(cm'2) 

N-type 

210* 

6.5E15 

7.327E+10 

2500* 

4.4E15 

-2.4 

1.685E+11 

5.1E15 

-1.47 

6.114E+10 

P-type 

370* 

4.6E15 

-7.25 

2.885E+12 

3200# 

2.1E15 

-11.75 

4.156E+12 

*  Thermal  oxide  #  Depo-converted  oxide 
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From  Table  1,  it  is  observed  that  the  effective  charge  density  of  the  depo-converted  oxide  is 
in  the  same  order  of  magnitude  as  that  of  the  thermal  oxide.  As  expected,  the  flat-band  voltage 
and  effective  charge  density  are  lower  for  the  oxides  grown  on  N-type  SiC  compared  to  those 
on  P-type  SiC  [6], 

Oxide  breakdown  measurements 

In  order  to  determine  the  breakdown  strength  of  the  oxide  films,  a  non-destructive  ramp 
response  technique  [7]  was  used  to  measure  the  current-voltage  characteristics  in  the 
accumulation  regime  of  the  oxide  films  on  n  and  p  type  SiC  wafers.  From  the  maximum 
breakdown  voltage  and  thickness  of  the  oxide  films,  the  critical  breakdown  field  of  the  oxide 
films  was  computed. 

Experimental  results  show  that  for  a  given  thickness  of  the  oxide,  the  breakdown  field  of 
the  oxide  reduces  with  increase  in  the  diameter  of  the  MOS  capacitor  structure  fabricated  on 
the  SiC  wafer.  A  typical  variation  of  the  oxide  breakdown  field  on  an  type  SiC  with  increasing 
MOS  capacitor  diameter  is  illustrated  in  Fig.  2. 


Fig.  2.  Dependence  of  oxide  breakdown  field  on  MOS  capacitor  diameter  (n-type  SiC). 

As  observed  from  Fig.  2,  the  breakdown  field  of  the  thermal  oxide  increases  rapidly  with 
decrease  in  MOS  capacitor  diameter  below  ~  150  pm.  On  the  other  hand  both  the  2500  A  and 
4000  A  thick  depo-converted  oxides  exhibit  a  gradual  reduction  in  the  breakdown  field  with 
increase  in  MOS  capacitor  diameter  upto  about  150  pm,  after  which  there  is  no  significant 
reduction  in  the  breakdown  field  with  further  increase  in  MOS-C  diameter.  The  decrease  in  the 
oxide  breakdown  field  with  increase  in  MOS-C  diameter  could  be  due  to  the  following  reasons. 
We  have  observed  that  oxide  breakdown  in  SiC  wafers  generally  occurs  at  locations 
corresponding  to  the  edge  of  bulk  structural  defects  in  the  SiC  wafer  such  as  polytype 
inclusions,  regions  of  crystallographic  mis-orientation,  or  different  doping  concentration  [8]. 
Due  to  poor  SiC  material  quality  the  probability  of  enclosing  such  defects  underneath  the  gate 
contact  of  a  MOS-C  increases  with  increase  in  diameter.  This  in  turn  increases  the  probability 
of  oxide  breakdown  with  increase  in  MOS-C  diameter.  Another  plausible  explanation  could  be 
related  to  the  variations  in  the  electric  field  distribution  in  the  oxide  film  with  increase  in  MOS- 
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C  diameter.  The  accumulation  layer  underneath  the  gate  contact  is  probably  more  uniform  for 
small  diameter  MOS  structures  compared  to  large  diameter  structures  due  to  contact  edge 
effects.  Hence,  the  electric  field  distribution  in  the  oxide  could  be  more  uniform  for  small 
diameter  structures  thus  enabling  them  to  withstand  higher  electric  stress  compared  to  large 
diameter  structures  where  electric  field  enhancement  around  the  gate  contact  periphery  results 
in  lower  oxide  breakdown  strengths. 


_  10  i - 1 - 1 - r 


0  1000  2000  3000  4000 

Oxide  thickness  (A) 


Fig.  3.  Dependence  of  breakdown  field  on  oxide  thickness  (diameter  of  MOS-C  :  240  pm). 

Fig.  3  shows  the  dependence  of  the  breakdown  field  on  oxide  thickness  for  n  and  p  type  SiC 
wafers.  The  breakdown  field  of  oxide  films  in  the  case  of  p- type  SiC  wafers  decreases 
significantly  from  a  value  of  more  than  8  MV/cm  for  ~  300  A  thermal  oxide  to  ~  6  MV/cm  for 
a  ~  3000  A  depo-converted  oxide.  On  the  other  hand,  the  breakdown  field  of  oxide  films  on  72- 
type  SiC  wafers  reduces  slightly  from  ~  9.6  MV/cm  for  ~  300  A  thermal  oxide  to  ~  8.7  MV/cm 
for  a  ~  4000  A  thick  depo-converted  oxide.  The  reduction  in  oxide  breakdown  field  with 
increase  in  thickness  is  understandable  considering  the  well  known  fact  that  the  breakdown 
strength  of  solid  dielectrics  decreases  with  increase  in  thickness  due  to  a  reduction  in  the  heat 
removal  rate  which  promotes  an  electro-thermal  breakdown  at  smaller  fields  [9].  The  difference 
in  the  extent  of  reduction  of  the  oxide  breakdown  field  on  72-type  vs  p- type  SiC,  could  be  due  to 
poorer  oxide  quality  on p- type  SiC  with  increasing  thickness. 

The  fairly  high  breakdown  strengths  of  the  depo-converted  oxide  indicates  that  it  is  possible 
to  use  thick  oxide  layers  obtained  by  the  depo-conversion  technique  for  applications  requiring 
high  oxide  breakdown  strength.  For  example,  the  depo-converted  oxide  can  be  effectively  used 
for  field  plate  edge  termination  in  Schottky  diodes.  In  fact,  we  have  successfully  fabricated 
high  voltage  (lkV)  p-type  SiC  Schottky  diodes  with  a  ~  6300  A  depo-converted  oxide  as  edge 
termination  [10]. 

CONCLUSION 

In  conclusion,  thick  oxide  films  have  been  successfully  formed  on  n  and  p- type  SiC 
substrates  by  converting  Si  to  oxide.  C-V  measurement  indicates  that  this  converted  oxide 
film  exhibits  an  effective  charge  density  comparable  to  that  of  a  thermal  oxide.  The  depo- 
converted  oxides  also  indicated  fairly  high  breakdown  strengths,  in  the  range  of  6-9  MV/cm. 
The  oxide  breakdown  strength  was  observed  to  decrease  with  increasing  oxide  thickness 
especially  on  p-type  SiC.  Also,  for  a  given  oxide  thickness  the  oxide  breakdown  strength 
decreased  with  increase  in  MOS  capacitor  diameter.  Thick  oxide  layers  obtained  by  converting 
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Si  to  oxide  exhibits  promising  characteristics  for  applications  in  power  SiC  devices,  such  as 
field  plate  edge  termination  of  Schottky  diodes. 
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ABSTRACT 

In  this  work,  we  report  on  an  instability  which  affects  the  field  effect  mobility  in  4H- 
SiC  MOSFETs.  The  devices  (MOSFETs  and  capacitors)  were  subjected  to  a  bias- 
temperature  stress  (BTS)  for  30  minutes  at  150°C  at  stress  voltages  corresponding 
to  oxide  fields  upto  lMV/cm.  Following  a  positive  BTS(i.e.  gate  voltage  positive), 
the  field  effect  mobility  increased  by  upto  two  orders  of  magnitude  from  the  original 
value;  upon  application  of  a  negative  BTS  to  the  MOSFET,  the  device  characteristics 
degraded  to  the  unstressed  state.  The  high  mobility  state  could  be  recovered  by  a 
positive  BTS  and  was  reversible  with  repeated  bias  stressing.  An  explanation  of  this 
phenomenon  is  proposed  based  on  the  effect  of  interfacial  ions  on  the  dependence  of 
both  trapped  charge  and  inversion  charge  densities  on  gate  bias. 

INTRODUCTION 

The  electrical  properties  of  the  current  state-of-the-art  SiC-Si02  interfaces  are  inferior 
to  those  of  silicon.  The  densities  of  oxide  charges  and  interface  states  are  much  higher 
than  those  at  the  Si-Si02  interface[l].  The  effect  of  the  localized  states  is  seen  in  the 
degradation  of  the  transconductance  and  the  increase  in  the  threshold  voltage  of 
the  MOSFETs[2].  The  understanding  and  control  of  the  characteristics  of  SiC-Si02 
interface  is  crucial  to  the  realization  of  practical  SiC  MOS  devices.  In  this  work,  we 
report  the  investigation  of  an  instability  which  affects  the  field  effect  mobility  in  SiC 
MOSFETs. 


MOSFET  FABRICATION 

The  4H-SiC  wafers  used  for  the  fabrication  of  the  MOSFETs  had  an  epitaxial  thick¬ 
ness  and  doping  of  10  /jm  and  4xl015  cm-3  respectively.  The  wafers  were  cleaned 
before  a  800nm  thick  plasma  TEOS  oxide  (field  oxide)  was  deposited  on  the  wafers. 
A  lOOnm  thick  plasma  TEOS  oxide  was  deposited  to  act  as  a  pad  oxide  during  im¬ 
plantation  of  the  source  and  drain.  The  source  and  drain  were  then  implanted  with 
nitrogen  (80keV,  2xl015  cm-2;  40keV,  lxlO15  cm-2)  at  650  °C.  The  samples  were 
then  annealed  at  1200  °C  for  1  hour  in  an  argon  to  electrically  activate  the  implants. 
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Source  and  Drain 


Fig.  1:  Schematic  of  the  4H-SiC  lateral  MOSFET. 

After  the  implant  activation  anneal,  the  field  oxide  on  one  of  the  samples  (thin  oxide 
MOSFET)  was  etched  back  to  200nm.  The  samples  underwent  oxidation  in  a  wet 
ambient  at  1100°C  for  6  hours  and  40  min,  followed  by  an  anneal  for  1  hour  at  the  ox¬ 
idation  temperature  in  argon.  The  oxide  was  then  subjected  to  a  re-oxidation  anneal 
in  a  wet  ambient  at  950°C  for  3  hours.  The  annealing  cycles  were  similar  to  the  work 
by  Sridevan  et  al  [3].  Subsequent  to  the  oxidation,  polysilicon  was  deposited  and  de¬ 
generately  doped  by  phosphorus  implantation.  After  definition  of  the  gate,  a  600nm 
thick  plasma  TEOS  oxide  was  deposited  to  serve  as  an  interlevel  dielectric.  The  source 
and  drain  contacts  (Al/Ni/Al)  were  defined  using  liftoff  technique,  and  the  contacts 
(source,  drain  and  the  substrate)  were  annealed  at  1000°C  in  argon.  The  gate  contact 
was  patterned  and  etched,  followed  by  (Ti/Mo)  contact  metallization(Figure  1). 


RESULTS  AND  DISCUSSION 

Experimental  results  were  obtained  on  two  MOSFETs  with  gate  width-to-length 
(W/L)  ratios  of  8,  and  gate  oxide  thicknesses  of  200  nm  (thin  oxide)  and  900  nm 
(thick  oxide).  The  field  effect  mobility  was  calculated  from  the  transconductance 
dlo/dYc  at  a  drain  voltage  of  25- 100m V: 


dljy/dVQ 

tiFE=c^wW) 


(i) 


where  Ids  is  the  drain  current,  Vq  is  the  gate  voltage  and  C is  the  oxide  capacitance 
per  unit  area.  The  mobility  values  quoted  below  were  taken  at  the  steepest  part  of 
the  Ijd-Vg  curve. 

The  initial  field  effect  mobility  of  the  thin-oxide  MOSFET  was  0.5  cm2/V.s. 
Above  room  temperature,  on  repeated  gate  voltage  sweeps,  the  Id-Vg  transfer  char¬ 
acteristic  varied.  Assuming  that  these  variations  were  due  to  mobile  ions  in  the  oxide, 
a  bias-temperature-stress(BTS)  was  applied  to  stabilize  the  transfer  characteristics 
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Fig.  2:  Transfer  characteristics  of  the  thin  oxide  MOSFET  before  and  after 

BTS(VD=25mV). 


by  drifting  the  mobile  charge  towards  the  semiconductor-insulator  interface^]. 

The  BTS  of  the  thin-oxide  MOSFET  was  done  by  applying  a  gate  voltage  cor¬ 
responding  to  an  oxide  field  of  lMV/cm  at  150°C  for  30  minutes,  with  the  source  and 
drain  contacts  floating.  The  device  was  cooled  to  room  temperature  while  maintain¬ 
ing  the  bias  voltage  on  the  device.  Figure  2  compares  the  transfer  characteristics  of 
the  thin-oxide  MOSFET  before  and  after  BTS.  The  field  effect  mobility  of  the  sam¬ 
ple  increased  by  a  factor  of  16,  from  0.5  to  8  cm2/V.s  after  BTS.  Similar  instabilities 
were  observed  in  the  transfer  characteristics  of  the  thick  oxide  MOSFET.  The  BTS 
consisted  of  applying  a  gate  voltage  corresponding  to  an  oxide  field  of  0.5MV/cm 
at  150°C  for  30  minutes,  with  figures  3  and  4  showing  the  transfer  characteristics 
before  and  after  BTS.  In  this  case,  the  field  effect  mobility  of  the  sample  increased 
from  0.1  to  13cm2/V.s,  a  two  orders-of-magnitude  improvement. 

Transfer  characteristic  of  another  thick-oxide  MOSFET  before  and  after  BTS 
is  shown  in  Figure  5,  along  with  the  transfer  characteristics  one  month  after  the 
bias  stressing.  While  the  BTS  improves  the  transconductance,  but  the  characteristics 
degrade  back  to  the  pre-bias-stressed  values  with  time,  as  the  ions  diffuse  from  the 
SiC-Si02  interface. 

To  further  investigate  this  phenomenon,  mobile-ion  analysis  experiments  were 
done  on  MOS  capacitors  located  on  the  same  wafer.  After  the  initial  room  tempera¬ 
ture  capacitance-voltage  characteristic  was  measured  using  a  1MHz  Boonton  capaci¬ 
tance  meter,  a  BTS  of  +20V  at  150°C  for  30  minutes  was  applied.  The  capacitance- 
voltage  characteristic  was  also  measured  after  a  negative  BTS. (Following  the  negative 
BTS,  the  MOSFET  did  not  turn  on  -until  a  subsequent  positive  BTS).  Figure  6  shows 
the  results  of  the  C-V  measurements,  from  which  a  mobile-ion  charge  density  of 
3xl012  cm-2  was  extracted. 

Figure  7  compares  the  gate- voltage  dependence  of  transconductance  for  a  thick 
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Fig.  3:  Transfer  characteristics  (linear  Fig.  4:  Transfer  characteristics  (log  scale) 

scale)  of  the  thick  oxide  MOSFET  before  of  the  thick  oxide  MOSFET  before  and  a£- 
and  after  bias  stressing  (V.o=25mV)  ter  bias  stressing  (Vu=25mV) 


oxide  MOSFET  before  and  after  the  BTS.  Before  BTS,  the  transconductance  increases 
monotonically  with  gate  bias:  after  the  BTS,  the  transconductance  increases  more 
rapidly,  reaches  a  peak,  and  decreases  with  a  further  increase  in  gate  voltage,  as  would 
normally  be  observed  in  a  conventional  MOSFET. 


0  20  40  60  80 

Gate  Voltage(V) 

Fig.  5:  Transfer  characteristics  for  the  thick  oxide  MOSFET  before  and  after  BTS 

The  unusual  SiC  MOSFET  characteristics  are  attributed  to  mobile  charges 
within  the  gate  oxide  and  their  effect  on  the  dependence  of  interface  state  occu¬ 
pancy  and  inversion  charge  on  the  gate  bias  voltage.  A  possible  explanation  for  this 
phenomenon  is  as  follows:  A  change  5Vg  in  gate  voltage  results  in  a  change  6Qt  in 
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the  charge  trapped  in  the  interface  states  and  a  change  <5Qinv  in  the  inversion  charge: 


nr  fiQt  +  fiQinv 
dVG=z - - - 

^ox 


(2) 


while  the  drain  current  depends  only  on  the  inversion  charge: 

SID  =  {W/L)VDfMnv8Qinv 


(3) 


where  is  the  mobility  of  electrons  in  the  inversion  layer.  Therefore,  (Ife  <  fanv 
(Eq.  1),  as  long  as  the  magnitude  of  trapped  charge  increases  with  gate  voltage. 
The  relative  change  in  the  inversion  charge  becomes  larger  in  strong  inversion,  and 
the  field  effect  mobility  increases  with  gate  voltage.  If  the  interface  state  density 
is  large,  very  large  gate  voltages  would  be  needed  for  the  field  effect  mobility  to 
approach  the  inversion  layer  mobility.  With  a  large  positive  codde  charge  pushed 
toward  the  semiconductor  interface  during  BTS,  strong  inversion  can  exist  at  a  lower 
gate  bias.  Consequently,  the  field  effect  mobility  increases.  The  total  mobile  ion 
charge  is  expected  to  be  larger  in  the  thick-oxide  MOSFET,  which  results  in  a  more 
pronounced  mobility  improvement. 

CONCLUSION 

Lateral  n-channel  MOSFETs  with  two  different  gate  oxide  thicknesses  (900nm  and 
200nm)  were  fabricated  on  4H-SiC.  Upon  bias  stressing  the  field-effect  mobility  of 
the  MOSFETs  increased  by  over  2  orders(one  order)  of  magnitude  in  the  case  of 
the  thick  (thin)  oxide  MOSFET.  The  field-effect  mobility  was  degraded  upon  the 
application  of  a  negative  bias  stress  but  the  high  mobility  state  could  be  recovered  by 
a  subsequent  positive  BTS.  The  improvement  of  the  transconductance  and  the  field 
effect  mobility  of  the  MOSFETs  is  attributed  to  the  effect  of  positive  oxide  charges 
on  the  dependence  of  interface  state  occupancy  and  inversion  charge  on  gate  bias. 


Fig.  6:  Capacitance-voltage  characteristics  before  and  after  BTS. 
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Fig.  7:  Gate  voltage  dependence  of  transconductance  of  the  thick  oxide  MOSFET  before 
and  after  bias  stressing  (V.D=100mV) 
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ABSTRACT 

This  is  a  presentation  of  a  full  band  Monte  Carlo  (MC)  study,  which  compares  electron  trans¬ 
port  and  device  performance  for  4H  and  6H-SiC  100  nm  n-channel  MOSFETs.  The  model  used 
for  the  electrons  is  based  on  data  from  a  full  potential  band  structure  calculation  using  the  Local 
Density  Approximation  (LDA)  to  the  Density  Functional  Theory  (DFT).  For  the  holes  the  trans¬ 
port  is  based  on  a  three  band  k-p  model  including  spin  orbit  interaction.  The  two  polytypes  are 
compared  regarding  surface  mobilities  obtained  with  the  program,  as  well  as  transconductance, 
unit  current  gain  frequency,  carrier  velocity,  I-V  characteristics  and  energy  distribution  in  the 
channel  for  the  MOSFETs. 

INTRODUCTION 

Silicon  carbide  (SiC)  is  considered  to  be  a  very  promising  material  for  high  temperature  and 
high  power  applications  due  to  its  high  breakdown  voltage  and  high  thermal  conductivity.  One 
possibility  is  the  fabrication  of  high  speed  integrated  MOSFETs  in  4H-SiC  on  a  semi-insulating 
substrate,  with  the  expectation  of  a  reliable  and  stable  operation.  An  advantage  for  both  4H-SiC 
and  6H-SiC  is  their  discontinuous  energy  spectrum  in  the  conduction  band  along  the  c-axis  direc¬ 
tion,  which  results  in  limited  carrier  heating  by  the  electric  field.  Another  factor  tending  to  lower 
the  carrier  energy  is  the  strong  polar  optical  scattering.  CMOS  integrated  circuits  have  been  fabri¬ 
cated  on  6H-SiC  [1,2],  showing  that  commercial  SiC  MOSFETs  will  be  available  in  the  near  fu¬ 
ture. 

This  paper  presents  a  comparison,  using  a  full  band  Monte  Carlo  model,  of  4H-SiC  and  6H- 
SiC  regarding  the  surface  mobility  and  device  properties  in  short  channel  MOSFETs. 

MONTE  CARLO  MODEL 

The  full  band  MC  program  is  based  on  a  large  lookup  table,  stored  for  the  irreducible  part  of 
the  Brillouin  zone  and  containing  the  energy  and  energy  gradient  versus  k- vector  from  the  band 
structure.  Between  the  points  represented  in  the  lookup  table,  the  energy  values  are  calculated  us¬ 
ing  a  second  order  cubic  spline,  and  the  energy  gradient  by  linear  interpolation.  The  band  data  in 
the  simulations  presented  here  are  based  on  the  calculations  in  reference  [3]  and  reference  [4]. 

The  following  scattering  processes  are  considered:  acoustic  phonon  scattering,  polar  optical 
phonon  scattering,  zero  and  first  order  optical  intervalley  phonon  scattering  and  ionised  impurity 
scattering  [5,6].  For  the  acoustic  and  optical  phonons,  the  coupling  constants  are  obtained  by  fit¬ 
ting  data  from  bulk  simulations  to  experimental  data  from  references  [7]  and  [8].  As  a  result  the 
transport  properties  in  the  simulations  correspond  to  those  in  the  material  used  in  the  referred  ex¬ 
periments. 

In  the  case  of  surface  scattering,  we  are  using  the  semi-empirical  model  proposed  by  E.  San- 
giorgi  and  M.  R.  Pinto  [9],  which  is  based  on  a  combination  of  specular  and  diffusive  reflection  in 
the  interface.  The  diffusive  scattering  is  obtained  by  the  random  selection  of  a  k  vector  in  such  a 
way  that  the  energy  is  conserved  and  the  movement  is  directed  away  from  the  surface.  To  perform 
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specular  scattering,  which  is  merely  an  elastic  bounce,  the  normal  component  of  the  movement  is 
reversed  and  the  component  parallel  to  the  interface  is  maintained.  As  both  4H  and  6H-SiC  are  an¬ 
isotropic  the  diffusive  scattering  is  also  anisotropic  with  the  angular  distribution  corresponding  to 
the  density  of  states  in  the  k-space.  Each  time  a  carrier  hits  the  oxide  surface  a  random  number  is 
used  to  select  between  the  two  types  of  scattering,  with  a  constant  (C)  defining  the  probability  of 
diffusive  scattering.  According  to  reference  [9]  a  C  value  of  0.06  results  in  a  good  correspondence 
between  MC  simulations  and  experiments  for  good  interfaces  between  Si  and  Si02.  In  our  simu¬ 
lations  we  have  used  this  value  to  simulate  a  high  quality  interface.  For  the  simulation  of  a  poor 
interface  we  have  used  a  C  value  of  0.50. 

For  the  overlap  integral  of  electron  wave  functions  in  4H-SiC,  we  are  using  equation  (1) 
which  is  an  expression  often  used  for  cubic  semiconductors  [10],  where  k  and  k ’  are  the  initial  and 
final  states,  a  (=  0.323  for  band  1  and  0.8  for  band  2,  3  and  4)  is  the  nonparbolicty  parameter,  e 
and  e’  are  the  initial  and  final  energies  and  0  is  the  angle  between  the  initial  and  final  states. 

?(v  k'\  -  r(l  +  ae)1/2(  1  +  aer)1/2  +  a(z£')l/2cosQ]2  m 

}  (1  +  2ae)(l  +  2ae/) 

Due  to  the  high  degree  of  anisotropy,  we  use  another  approximate  analytic  expression,  equa¬ 
tion  (2),  for  the  overlap  integral  in  6H-SiC. 

f(k,  k')  =  1- (0.8732  +  0.0268  siny){l-  exp[-1.01688  •  102(1  -  0.855 siny)\k  -  k'\2)]}  (2) 

Here,  y  is  the  angle  between  the  vector  q  =  k-k'  and  the  c-axis.  The  simulation  is  self  con¬ 
sistent  and  uses  a  two  dimensional  solver  for  Poisson’s  equation.  All  other  calculations  are  per¬ 
formed  in  three  dimensions.  There  is  no  need  to  consider  impact  ionisation  since  its  threshold 
energy  is  very  high.  The  model  neither  takes  into  account  earner  generation  and  recombination 
processes,  nor  does  it  consider  the  carriers  at  the  oxide  interface  as  a  two-dimensional  gas.  All  the 
simulations  in  the  study  are  made  using  the  same  version  of  the  program. 

SIMULATION  RESULTS 

Surface  mobilities 

The  surface  mobilities,  which  are  shown  in  table  I  are  calculated  from  the  diffusion  coeffi¬ 
cients  with  the  Einstein  relation,  where  the  carrier  mean  energies  are  sampled  values  from  the  sim¬ 
ulation.  The  diffusion  coefficients  are  also  obtained  from  sampled  data  according  to  equation  (3), 
where  u  is  the  position  along  the  x,  y  or  z  axis  respectively  and  Du  is  the  corresponding  diffusion 
coefficient. 

£>„  =  (^)  <(»-<«>  )2>  <3> 

The  simulations  are  made  using  a  simplified  device  consisting  of  two  regions  with  SiC  and 
Si02,  and  with  the  plane  interface  between  the  two  materials. We  have  assumed  an  electron  con¬ 
centration  of  4  x  1018  since  the  simplified  device  does  not  permit  calculation  of  the  electron  con¬ 
centration  in  the  channel.  The  doping  level  was  1  x  1015  donors/cm3  and  1  x  1017  acceptors/cm3. 
The  field  perpendicular  to  the  interface  was  500  kV/cm. 

As  can  be  seen  from  the  table,  6H-SiC  has  a  strong  anisotropy  with  a  ratio  >  4.8. 4H-SiC  is 
also  anisotropic  with  a  ratio  of  about  0.8  -  0.9.  Since  the  mobility  is  so  low  for  transport  in  the  c- 
axis  direction  for  6H-SiC,  we  only  consider  electron  transport  perpendicular  to  the  c-axis  in  the 
remainder  of  this  study.  The  surface  mobilities  with  C= 0  are  superior  for  4H-SiC.  The  values  for 
4H  are  better  than  the  corresponding  bulk  mobilities  which  can  be  explained  by  a  higher  degree  of 
screening  of  impurities.  For  good  interface  qualities,  4H-SiC  still  has  better  mobility  but  with  a 
smaller  advantage.  In  the  case  of  inferior  oxide  quality,  6H-SiC  has  an  advantage.  We  interpret 
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Table  I:  Surface  mobilities  in  cm2/Vs.  The  texts  “±  c-axis”  and  “c-axis”  refer  to  the  transport 
direction  in  relation  to  the  c-axis. 


c 

4H-SiC 

6H-SiC 

1  c-axis 

c-axis 

i  c-axis 

c-axis 

300 

0.00 

862 

968 

358 

74 

300 

0.06 

371 

454 

308 

50 

300 

0.50 

74 

88 

148 

14 

500 

0.00 

218 

260 

115 

25 

500 

0.06 

169 

193 

108 

21 

500 

0.50 

61 

66 

80 

11 

these  characteristics  as  the  result  of  a  higher  probability  for  electrons  in  6H-SiC  to  find  final  states 
after  scattering,  with  a  large  velocity  component  perpendicular  to  the  c-axis.  In  figure  1  we  show 
the  velocities  for  1000  random  points  in  k-space  with  the  energy  0.05  eV  for  4H  and  6H-SiC.  In 
4H-SiC  the  velocities  are  distributed  near  the  surface  of  a  sphere,  while  the  velocity  distribution  in 
6H-SiC  has  a  flattened  form.  It  can  be  seen  in  the  figure,  that  for  6H-SiC  the  majority  of  the  elec¬ 
trons  have  a  relatively  small  component  parallel  to  the  c-axis.  In  this  context  is  it  also  important  to 
consider  that  the  same  C  constant  does  not  a  priori  correspond  to  the  same  interface  quality  in  the 
two  polytypes. 


4H-SiC 


6H-S1C 


Fig.  1.  Velocity  distribution  for  1000  random  points  i  k-space  with  energy  =  0.05  eV.  The  velocities  are 
given  in  cm/s  x  106.  The  coordinates  are  oriented  with  z  parallel  to  the  c-axis. 

JMQgFETjsimulations 

The  simulated  MOSFET  is  shown  in  figure  2,  and  in  table  II  the  simulation  results  are  shown 
for  transconductance  (gm),  total  gate  capacitance  (Cgtot)  and  unit  current  gain  frequency  (ff).  These 
values  are  for  a  source  potential  of  0  V,  a  drain  potential  (Vds)  of  2.0  V  and  represent  the  mean 
value  for  gate  potentials  (FgJ)  between  1.3  and  2.3  V,  with  an  approximate  threshold  voltage  (Vth) 
of  0.8  V,  assuming  that  the  gate  is  made  of  aluminium  and  with  no  charges  in  the  oxide  or  on  the 
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Table  II:  Simulation  results  for  the  MOSFETs. 


Temp.  K 

C 

4H-SiC 

6H-SiC 

§m 

S  x  10-4 

Cgtot 

F  x  1016 

fT  GHz 

gmSx 

10-4 

Cgtot 

F  x  lO'16 

fT  GHz 

300 

0.06 

6.12 

5.10 

191 

4.25 

4.86 

139 

300 

0.50 

3.80 

4.89 

123 

3.63 

4.83 

120 

500 

0.06 

5.00 

4.98 

160 

3.10 

4.63 

105 

500 

0.50 

3.42 

4.90 

111 

2.81 

4.62 

95 

oxide-semiconductor  interface.  For  the  calculation  of  gm  and  Cglot,  the  drain  current  (7^)  as  well  as 
the  total  charge  on  the  gate  (Qgtot)  were  sampled  at  equidistant  Vgs  values  with  a  difference  of  0.1 
V.  The  gm  was  calculated  as  the  quotient  of  difference  in  ID  and  Vgs.  Similarly,  Cgtot  was  obtained 
as  the  quotient  of  difference  in  Qglot  and  Vgs. 

In  contrast  to  the  bulk  mobilities,  the  MOSFET  characteristics  are  better  in  all  cases  for  the 
4H  polytype  although  the  difference  is  so  small  for  C  =  0.50  that  it  may  be  considered  insignifi¬ 
cant  This  is  not  surprising  as  the  MOSFETs  work  with  high  electric  fields  parallel  to  the  channel 
and  the  carrier  mean  velocity  reaches  saturation  or  near  saturation,  i.e.  the  low  field  mobilities  are 
not  applicable,  see  figure  3.  Furthermore,  at  the  beginning  and  end  of  the  channel,  the  electron  ve¬ 
locity  component  perpendicular  to  the  oxide  interface  is  important.  Consequently,  the  very  low  c- 
axis  mobility  for  6H-SiC  results  in  smaller  current.  An  interesting  fact,  that  can  also  be  seen  in  fig¬ 
ure  3,  is  that  6H-SiC  besides  lower  velocity,  has  a  much  lower  peak  value  for  the  mean  energy  m 
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Fig.  3.  Mean  energy  in  the  channel  (a)  and  mean  velocity  parallel  to  the  interface  (b).  Vgs=l.8  V,  Vds=2.0 
V,  C  =  0.06.  The  distance  is  measured  from  the  left  border  of  the  component.The  mean  energy  is  for  a 
distance  up  to  2.5  nm  from  the  interface,  and  the  mean  velocity  for  all  electrons  in  the  channel. 

the  channel.  The  I-V  characteristics  for  C=0.06,  are  shown  in  figure  4,  together  with  the  corre¬ 
sponding  maximum  mean  energy  in  the  channel.  As  can  be  seen,  6H-SiC  has  an  advantage  as  it 
has  lower  energy  when  Vds  >  0.8  V,  which  increases  with  higher  drain  potential. 

To  get  a  comparison  with  a  corresponding  device  in  silicon,  we  have  made  a  simulation  with 
the  Medici  program  [11]  using  the  energy  balance  model.  The  Si  device  was  identical  with  the  one 
in  SiC,  with  the  exception  that  the  doping  in  the  channel  region  was  increased  to  1.3  x  1018  which 
resulted  in  a  threshold  gate  potential  of  0.8  V.  In  this  case  the  maximum  carrier  energy  with 
Fgy=1.8  V  and  F^=2.0  V,  was  0.54  eV,  which  may  be  compared  with  the  carrier  energies  0.39  eV 
and  0.25  eV  for  4H-SiC  and  6H-SiC  respectively,  obtained  with  the  MC  program.  The  approxi¬ 
mate  maximum  fields  were:  5.4  x  105  V/cm  parallel  to  the  interface  in  the  Si  device  and  6.5  x  105 
in  the  SiC  device,  6.8  x  105  V/cm  and  4.2  x  105  perpendicular  to  the  interface  in  Si  and  SiC  respec¬ 
tively. 
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CONCLUSIONS 

We  have  presented  a  full  band  Monte  Carlo  simulation,  comparing  both  surface  mobilities 
and  device  performance  for  lOOnm  n-MOSFETs  in  4H  and  6H-SiC.  We  have  used  the  model  of 
Sangiorgi  and  Pinto  [9]  for  the  oxide  semiconductor  interface  with  a  diffuse  scattering  factor  (Q 
modelling  the  oxide  quality. 

The  surface  mobility  simulations  show  a  difference  in  surface  mobility  in  favour  of  4H-SiC 
for  good  interface  quality  (C=0.06),  but  for  bad  interfaces  (C=0.50)  6H-SiC  has  higher  mobility. 
We  consider  this  to  be  an  effect  of  the  strong  anisotropy  in  6H-SiC,  with  higher  probabilities  for 
carriers  to  find  final  states  after  scattering  in  the  channel  direction. 

The  simulated  MOSFETs  show  better  transconductance  and  unit  current  gain  frequency  for 
4H-SiC  in  all  cases.  For  instance,  gm  was  6. 12  x  10'4  S  and  fT  191  GHz  for  the  4H-SiC  device  with 
a  gate  width  of  1  jxm  at  300  K  and  0=0.06.  The  corresponding  values  for  6H  were  4.25  x  10'4  S 
and  139  GHz.  However,  for  the  poor  interface  quality,  the  difference  is  small  and  the  /^values  are 
123  and  120  GHz  for  the  same  conditions  as  above.  This  means  that  in  order  to  benefit  from  the 
higher  mobility  in  4H-SiC  a  good  oxide  quality  is  necessary.  The  electrons  in  the  channel  have 
lower  energies  in  the  SiC  MOSFETs  than  in  a  corresponding  Si  device.  At  high  V&  values,  6H-SiC 
has  an  advantage  having  lower  carrier  energies  than  4H-SiC.  For  instance  with  F^=1.8  V,  ^=2.0 
V,  T-  300  K,  and  C=0.06,  the  maximum  mean  energy  in  the  channel  is  0.39  e  v  for  4H-SiC  and 
0.25  eV  for  6H-SiC. 

The  difference  in  carrier  energy  in  favour  of  6H-SiC  is  a  potential  that  could  be  utilized  in 
device  designs,  leading  us  to  the  conclusion  that  6H~SiC  may  be  as  good  as,  if  not  better  than,  4H- 
SiC  in  MOSFET  devices. 
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ABSTRACT 

P-type  6H  SiC  Schottky  barrier  diodes  with  good  rectifying  characteristics  upto  breakdown 
voltage  as  high  as  1000V  have  been  successfully  fabricated  using  metal-overlap  over  a  thick 
oxide  layer  (~  6000  A)  as  edge  termination  and  A1  as  the  barrier  metal.  The  influence  of  the 
oxide  layer  edge  termination  in  improving  the  reverse  breakdown  voltage  as  well  as  the 
forward  current  -  voltage  characteristics  is  presented.  The  terminated  Schottky  diodes  indicate 
a  factor  of  two  higher  breakdown  voltage  and  2-3  times  larger  forward  current  densities  than 
those  without  edge  termination.  The  specific  series  resistance  of  the  unterminated  diodes  was 
-228  md-cm2,  while  that  of  the  terminated  diodes  was  -84  mH-cm2. 

INTRODUCTION 

Silicon  carbide  (SiC)  has  recently  been  given  renewed  attention  because  of  its  fine 
characteristics  such  as  stability  at  high  temperatures,  wide  bandgap,  high  breakdown  field  and 
high  thermal  conductivity.  In  the  case  of  high-voltage  devices,  edge  termination  plays  a  very 
critical  role  in  determining  the  breakdown  voltage.  High  breakdown  voltage  (~  730  V)  SiC 
Schottky  barrier  diodes  have  been  reported  using  edge  termination  techniques  [1,2].  However, 
in  these  processes  ion  implantation  is  required  to  obtain  a  high  resistivity  layer  on  the  surface  at 
the  edges  of  the  device  [1],  A  metal-overlap  onto  an  oxide  layer  at  the  edge  of  the  device  can 
be  used  to  minimize  the  electric  field  enhancement  so  that  the  breakdown  voltage  can  approach 
the  ideal  plane  parallel  value  of  the  SiC  wafer  [3].  But  due  to  the  slow  oxidation  rates  on  SiC  it 
is  difficult  to  get  a  thick  oxide  layer  on  SiC  by  conventional  thermal  oxidation  of  SiC  [4], 
Moreover,  although  there  have  been  a  lot  of  publications  on  high  voltage  Schottky  diodes  on  n- 
type  SiC,  there  is  very  little  work  reported  on  high  voltage  Schottky  contact  on  p-type  SiC.  To 
the  best  of  our  knowledge  the  only  significant  study  upto  now  on  p-type  SiC  Schottky  diodes 
has  been  by  R.Raghunathan  and  B.J.Baliga,  who  reported  p-type  4H-  and  6H-SiC  Schottky 
diodes  with  breakdown  voltage  upto  600V  in  1998  [5].  In  this  paper,  we  compare  the  forward 
and  reverse  I-V  characteristics  of  a  conventional  p-type  6H-SiC  Schottky  diode  with  no  edge 
termination  to  that  of  a  1  kV  Schottky  diode  with  a  thick  oxide  layer  edge  termination. 

EXPERIMENT 

Schottky  diodes  were  fabricated  on  a  p-type  6H-SiC  wafer  from  Cree  Research  (substrate 
doping  -  1.6xl018  cm*3)  with  a  10  micron  thick  epilayer  of  -  6xl015  cm*3  doping  concentration, 
and  ideal  parallel  plane  breakdown  voltage  of  -  1200  V.  The  30  mm  diameter  wafer  was  cut 
into  10  mm  x  10  mm  square  pieces  to  obtain  several  samples  for  experiments.  All  the  samples 
were  cleaned  by  RCA  procedure  to  obtain  a  SiC  surface  with  minimal  surface  contamination 
prior  to  diode  fabrication.  Unterminated  Schottky  diodes  of  approximately  140  pm  diameter 
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were  fabricated  on  few  samples  following  a  conventional  photolithographic  process  (Fig.  1(a)), 
while  Schottky  diodes  with  oxide  layer  edge  termination  were  fabricated  as  follows. 

In  order  to  obtain  a  thick  oxide  layer  for  edge  termination,  instead  of  sputter  depositing 
Si02  on  top  of  the  thermal  oxide  as  reported  by  other  groups  [3],  we  have  adopted  a  depo- 
conversion  technique  which  is  discussed  in  a  companion  paper  [6],  This  technique  essentially 
involves  sputter  deposition  of  a  thick  Si  layer  on  the  SiC  wafer  and  conversion  of  Si  to  Si02  by 
oxidation.  After  conversion,  the  sample  was  annealed  in  Ar  for  half  an  hour  in  order  to  improve 
the  oxide  quality. 


The  thick  oxide  layer  was  then  selectively  etched  using  a  first  mask  to  form  the  Schottky 
contact  window  with  a  diameter  of  140  microns.  After  a  cleaning  process,  A1  was  evaporated 
onto  both  sides  of  the  sample  in  high  vacuum  (<10'5  Torr).  A  Schottky  contact  was  formed  on 
the  polished  epilayer  while  an  ohmic  contact  is  obtained  on  the  roughened  backside  of  the 
sample.  The  A1  on  the  epilayer  side  was  selectively  etched  using  a  second  mask  with  a  diameter 
of  250  microns  to  fabricate  individual  Schottky  diode  structures  with  a  metal  overlap  length  of 
55  micron  over  the  thick  oxide  layer  as  shown  in  Fig.  1  (b).  It  has  to  be  noted  that,  even  though 
generally  it  is  sufficient  to  have  an  overlap  approximately  equal  to  the  epilayer  thickness  [3], 
we  have  used  a  larger  overlap  because  of  the  availability  of  a  photomask  with  250  pm  diameter 
circular  features. 


6H-SiC  P-epi  (6E15  cm’3;  10  pm) 


FH  Oxide  layer  ~  6000  A 


(a) 


(b) 


Fig.  1.  Cross  section  of  Al/6H-SiC  Schottky  diode  (a)  without  edge  termination,  and  (b)  with 
thick  oxide  edge  termination. 


After  the  fabrication  of  the  diodes,  their  forward  and  reverse  I-V  characteristics  were 
measured  using  a  DC  voltage  source  {Kiethley  237  High  Voltage  SMU)  as  well  a  pulse 
measurement  system.  The  pulse  measurement  system  [7]  comprised  of  a  Tektronix  FG540 
function  generator  inputting  a  ramp  pulse  of  ~  500  ps  duration  into  a  Trek  50/750  High  Voltage 
Pulse  Amplifier,  and  a  Tektronix  TDS  540  Digitizing  oscilloscope  used  for  recording  the 
applied  voltage  and  measuring  the  current  through  the  diode  structure. 
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RESULTS  AND  DISCUSSION 


(a)  Forward  characteristics 

Typical  forward  current  density  vs  voltage  (J-V)  characteristics  of  Al/6H-SiC  Schottky 
diodes  with  and  without  edge  termination  under  DC  bias  conditions  are  shown  in  Fig.  2.  The 
current  density  through  the  diodes  with  edge  termination  was  observed  to  be  approximately  2-3 
times  higher  than  that  through  the  diodes  without  edge  termination.  The  ideality  factor  (n)  for 
both  the  diodes  were  calculated  to  be  between  1.1  and  1.8.  The  forward  voltage  drop  at  a 
current  density  of  50  A/cm2  was  ~  11. 7  V  for  the  diodes  without  edge  termination,  while  it  was 
~  6.5  V  for  the  diodes  with  edge  termination.  The  series  resistance  (Ron,,sp)  calculated  from  a 
plot  of  IdV/dl  vs  I  was  found  to  be  ~228  mQ-cm2  for  diodes  without  edge  termination,  while  it 
was  ~  84  mQ-cm2  for  diodes  with  edge  termination.  These  values  are  significantly  higher  than 
the  ideal  series  resistance  value  of  ~  13  mQ-cm2  calculated  using  the  doping  concentration  and 
thickness  of  the  epitaxial  layer  and  substrate  provided  to  us  by  the  manufacturer  and  the 
mobility  of  holes  in  the  epi-layer  and  substrate  [5],  The  discrepancy  between  the  ideal  and 
experimental  Ron„Sp  values  could  be  due  to  a  significantly  lower  substrate  doping  concentration 
and  /  or  a  large  series  resistance  of  the  backside  ohmic  contact.  Also,  inherently  the  epitaxial 
and  substrate  region  series  resistance  is  high  for  p-type  SiC  due  to  the  large  ionization  energy 
of  the  dopant  atom  (Al)  in  SiC  [5,8].  The  rather  high  forward  voltage  drop  of  the  p-type  SiC 
Schottky  diodes  could  be  attributed  to  the  large  series  resistance  values.  The  barrier  height 
calculated  from  the  forward  I-Y  measurement  was  between  1.2- 1.7  eV,  which  is  comparable  to 
that  reported  by  Raghunathan  et  al  [5]  for  P-type  6H-SiC  Schottky  diodes. 


Forward  Bias:  D.C 


Fig.  2.  Typical  forward  current  density  vs  voltage  (J-V)  characteristics  of  Al/6H-SiC  Schottky 
diodes  with  and  without  edge  termination  under  DC  excitation. 

The  higher  forward  current  density  through  the  diode  with  termination  could  be  attributed 
to  the  formation  of  a  low  resistivity  accumulation  layer  in  the  semiconductor  below  the  MOS 
structure  surrounding  the  Schottky  contact.  This  can  result  in  an  effective  increase  in  the 
current  conduction  area  (Fig.  3),  which  will  lead  to  a  lower  series  resistance,  and  hence  higher 
currents  and  a  lower  forward  voltage  drop. 
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It  has  to  be  noted  that  the  current  density  in  Fig.  2  was  calculated  assuming  uniform  current 
conduction  across  the  140  pm  dia.  (Dl)  Schottky  contact  area,  while  the  effective  current 
conduction  area  in  case  of  the  terminated  diodes  could  be  larger  (D2  >140  pm)  due  to  the 
presence  of  a  low  resistivity  accumulation  layer  surrounding  the  Schottky  contact  area.  We  are 
in  the  process  verifying  this  hypothesis  by  2D  numerical  simulation  using  ATLAS,  and  a 
detailed  analysis  of  this  phenomena  will  be  presented  in  a  future  paper. 

Low  resistivity 


Fig.  3.  Schematic  of  expected  current  flow  pattern  through  the  Al/6H-SiC  Schottky  diode  (a) 
without  edge  termination,  and  (b)  with  thick  oxide  edge  termination. 

(b)  Reverse  characteristics 


A  comparison  of  reverse  bias  current  density  vs  voltage  characteristics  of  the  Schottky 
diodes  with  and  without  edge  termination  under  DC  bias  conditions  is  shown  in  Fig.  4. 
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Reverse  Bias:  D.C 


50 


With  edge  termination  I 
(Vbr~9 00V) 


Without  edge  termination 
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Fig.  4.  Typical  reverse  current  density  vs  voltage  (J-V)  characteristics  of  Al/6H-SiC  Schottky 
diodes  with  and  without  edge  termination  under  DC  excitation. 


The  reverse  breakdown  voltage  of  the  Schottky  diodes  with  edge  termination  is  observed  to 
be  approximately  two  times  larger  than  that  of  the  diodes  without  edge  termination,  while  the 
reverse  leakage  current  densities  of  both  diodes  were  <100  pA/cm2  upto  400  V.  Both  the 
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diodes  also  indicated  a  reasonably  high  ON/OFF  ratio  (Jf,-sv  /  Jr,2oov)  of  about  4  x  105. 
Extensive  2D  numerical  simulation  using  ATLAS  (to  be  presented  in  a  future  paper)  confirms 
that  the  increase  in  the  breakdown  voltage  of  the  diodes  with  edge  termination  is  due  to  an  ~ 
30%  reduction  in  the  peak  electric  field  at  the  Schottky  contact  periphery  as  a  result  of  the  field 
plate  surrounding  the  Schottky  contact.  In  fact,  the  numerical  simulation  clearly  indicates  the 
expansion  of  the  depletion  region  below  the  MOS  region  surrounding  the  Schottky  contact,  and 
hence  the  high  field  region  is  shifted  away  from  the  Schottky  contact  edge  to  inside  the  oxide 
layer  corresponding  to  the  edge  of  the  metal  overlap  on  top  of  the  oxide  layer,  resulting  in  a 
higher  breakdown  voltage. 

(c)  Effect  of  oxide  thickness  on  reverse  breakdown  voltage 

Under  reverse  bias  conditions  of  the  terminated  Schottky  diodes,  the  oxide  layer  will 
sustain  a  portion  of  total  applied  voltage.  As  mentioned  earlier,  the  high  field  region  now  shifts 
away  from  the  Schottky  contact  edge  into  the  oxide  layer,  near  the  edge  of  the  metal  overlap.  If 
the  electric  field  in  the  oxide  layer  exceeds  the  breakdown  field  of  SiCh,  the  Schottky  diode 
will  fail  due  to  breakdown  of  the  oxide  layer.  In  order  to  investigate  the  influence  of  the 
thickness  of  the  oxide  layer  on  the  Schottky  diode  breakdown  voltage,  Schottky  diodes  with 
different  oxide  thicknesses  were  fabricated.  Fig.  5  shows  the  normalized  pulse  J-V 
characteristics  of  Schottky  diodes,  with  different  oxide  thicknesses,  under  reverse  bias. 


Fig.  5.  Normalized  pulse  J-V  characteristics  of  Schottky  diodes  with  different  oxide 
thicknesses,  under  reverse  bias. 

It  is  interesting  to  note  that  Schottky  diodes  with  a  thin  thermal  oxide  (300  A)  failed  at  a 
lower  voltage  than  the  unterminated  Schottky  diode,  indicating  possible  oxide  breakdown  when 
the  oxide  layer  is  too  thin.  But  it  has  to  be  noted,  however,  that  due  to  poor  SiC  material 
quality,  a  large  scatter  was  observed  in  the  breakdown  voltage  of  both  the  unterminated  and 
terminated  diodes  (>  20%  difference  between  Vbr,mm  and  Vbr,max).  Hence  the  anomalous 
reduction  in  the  diode  breakdown  voltage  with  a  thin  oxide  could  also  be  due  to  poor  material 
quality.  A  detailed  measurement  of  the  breakdown  voltage  of  several  unterminated  and  thin 
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oxide  terminated  Schottky  diodes  is  necessary  to  pin  point  the  exact  reason  for  the  anomalous 
breakdown  of  a  thin  oxide  terminated  diode.  Still,  from  Fig.  5  it  is  clearly  evident  that  the 
breakdown  voltage  increases  with  increase  in  the  oxide  thickness.  ATLAS  simulation  results 
(to  be  presented  in  a  future  paper)  indicates  that  if  the  oxide  thickness  less  than  a  minimum 
value,  the  field  plate  edge  termination  is  not  effective,  and  a  thin  oxide  terminated  diode 
structure  can  possibly  fail  at  a  lower  voltage  than  an  unterminated  diode.  Also,  while  the 
breakdown  voltage  is  observed  to  increase  with  increase  in  the  oxide  thickness,  theoretically 
beyond  a  certain  value  of  oxide  thickness  there  is  no  significant  increase  the  breakdown 
voltage.  For  the  Schottky  diodes  investigated  in  our  laboratory,  increasing  the  oxide  thickness 
beyond  6000  A  did  not  result  in  further  improvement  in  the  breakdown  voltage  (up  to  10000  A 
thick  oxide  layers  were  investigated  in  the  present  experiment). 


CONCLUSION 

High  voltage  p-type  6H  SiC  Schottky  diodes  up  to  1000  V  have  been  successfully 
fabricated  using  a  thick  oxide  layer  for  edge  termination.  The  forward  current  density  of  the 
Schottky  diodes  with  edge  termination  was  2-3  times  larger  than  those  for  diodes  without  edge 
termination,  while  the  reverse  leakage  current  density  of  both  diodes  were  <100  pA/cm2  upto 
400V.  The  difference  in  forward  current  densities  could  be  due  to  a  larger  effective  conduction 
area  for  diodes  with  edge  termination,  as  a  result  of  an  accumulation  layer  underneath  the  MOS 
region  surrounding  the  Schottky  contact.  Also,  the  Schottky  diodes  with  edge  termination 
indicated  a  factor  of  two  higher  breakdown  voltages  than  those  without  edge  termination  as  a 
result  of  electric  field  relief  at  the  Schottky  contact  edge.  A  minimum  oxide  thickness  of  -  6000 
A  was  necessary  to  attain  1  kV  reverse  breakdown  voltage  for  the  Schottky  diodes  fabricated 
on  p-type  6H-SiC  in  this  experiment.  Further  increase  in  oxide  thickness  did  not  result  in  any 
improvement  in  the  breakdown  voltage. 
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ABSTRACT 

In  this  paper,  we  report  the  successful  use  of  field  plates  as  planar  edge  terminations  for 
P+-N  as  well  as  IST -P  planar  ion  implanted  junction  diodes  on  6H-  and  4H-SiC.  Process  splits 
were  done  to  vary  the  dielectric  material  (Si02  vs.  Si3N4),  the  N-type  implant  (nitrogen  vs. 
phosphorous),  the  P-type  implant  (aluminum  vs.  boron),  and  the  post-implantation  anneal 
temperature.  The  nitrogen  implanted  diodes  on  4H-SiC  with  field  plates  using  Si02  as  the 
dielectric,  exhibited  a  breakdown  voltage  of  1 100  V,  which  is  the  highest  ever  reported  measured 
breakdown  voltage  for  any  planar  ion  implanted  junction  diode  and  is  nearly  70%  of  the  ideal 
breakdown  voltage.  The  reverse  leakage  current  of  this  diode  was  less  than  lxl  O'5  A/cm2  even  at 
breakdown.  The  unterminated  nitrogen  implanted  diodes  blocked  lower  voltages  (-840V).  In 
contrast,  the  unterminated  aluminum  implanted  diodes  exhibited  higher  breakdown  voltages 
(-800 V)  than  the  terminated  diodes  (-275 V).  This  is  attributed  to  formation  of  a  high  resistivity 
layer  at  the  surface  near  the  edges  of  the  diode  by  the  P-type  ion  implant,  acting  as  a  junction 
termination  extension.  Diodes  on  4H-SiC  showed  higher  breakdown  than  those  on  6H-SiC. 
Breakdown  voltages  were  independent  of  temperature  in  the  range  of  25  °C  to  150  °C,  while  the 
leakage  currents  increased  slowly  with  temperature,  indicating  surface  dominated  components. 

INTRODUCTION 

SiC  has  become  an  attractive  semiconductor  in  recent  years  for  high  speed,  high  power 
and  high  temperature  applications  because  of  its  wide  band-gap,  high  critical  electric  field  and 
high  thermal  conductivity.  However,  its  widespread  application  has  been  limited  due  to  the  fact 
that  the  device  fabrication  technology  for  SiC  is  still  in  its  stage  of  infancy.  Due  to  low  impurity 
diffusion  coefficients,  doping  in  SiC  is  usually  obtained  either  by  epitaxial  growth  or  by  ion 
implantation.  The  former  is  not  attractive  because  it  requires  mesa  etching  for  edge  termination, 
and  hence  the  device  topology  becomes  non-planar  making  passivation  difficult.  Hence,  in  order 
to  improve  the  commercial  viability  of  SiC  devices,  the  successful  development  of  planar  ion 
implantation  technology  for  SiC  for  microelectronic  technology  is  of  major  importance.  Dopant 
activation,  surface  morphology  control  and  ohmic  contacts  have  been  the  major  obstacles  in  the 
development  of  a  reproducible  ion  implantation  technology.  Until  recently,  P-N  junctions  in  SiC 
have  been  formed  using  multiple  epitaxial  layers  or  unmasked  ion  implantation.  However,  these 
approaches  compromise  on  surface  planarity  and  are  not  preferred  [1-3]. 

Although  there  have  been  quite  a  few  reports  on  ion  implantation,  6H-SiC  has  received 
most  of  the  attention  [2-6].  In  most  cases,  the  dopants  used  have  been  nitrogen,  aluminum  and 
boron.  There  have  been  only  a  couple  of  reports  on  other  dopants  like  phosphorous  and 
beryllium  [7,8]  where  breakdown  voltages  of  675  V  were  reported  for  phosphorous  implanted 
non-planar  junctions.  The  diodes  fabricated  in  the  above  work  have  been  mesa-etch  terminated 
which  are  not  compatible  with  IC  technology.  Various  planar  edge  terminations  such  as  floating 
metal  rings  and  resistive  Schottky  barrier  field  plates  have  been  explored  for  6H-SiC  devices  [9] 
but  only  50%  of  ideal  breakdown  voltage  was  achieved.  A  planar,  near  ideal,  edge  termination 
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using  Argon  implantation  [10,11]  has  been  reported  for  6H-SiC  Schottky  barrier  diodes  but  the 
leakage  current  is  greatly  increased  by  the  implanted  region.  This  method  was  also  demonstrated 
for  4H-SiC  with  breakdown  voltages  exceeding  those  reported  for  4H-SiC  mesa-etch  terminated 
diodes  [12].  Most  recently,  a  3.4  kV  ion  implanted  PIN-rectifier  has  been  implemented  on  4H- 
SiC  with  low  leakage  currents  obtained  by  using  junction  termination  extension  created  by  boron 
ion  implantation  [13].  In  this  paper,  reverse  blocking  characteristics  of  diodes  made  using 
phosphorous,  nitrogen,  aluminum  and  boron  implanted  layers  and  having  different  edge 
terminations  are  discussed. 

EXPERIMENT 

The  starting  wafers  were  research  grade  6H-  and  4H-SiC  wafers  (both  n-type  and  p-type) 
consisting  of  a  10  pm  thick  epitaxial  layer  (0.85-1.0xl016  cm'3)  on  a  300  pm  thick  substrate 
(lx  10 18  cm'3),  obtained  from  CREE.  Devices  were  fabricated  using  two  process  sequences 
differing  mainly  in  the  dielectric  used  to  mask  the  implants,  the  temperature  of  post  implantation 
anneal  and  the  final  dielectric  used  in  device  termination. 

The  first  fabrication  process  was  a  2-mask  process  in  which  the  post-implantation  anneal 
was  at  <1400  °C  and  the  dielectric  used  for  passivation  was  silicon  dioxide.  In  this  process,  after 
cleaning  the  wafers  by  standard  techniques,  a  7000  A  thick  oxide  was  deposited  using  Low 
Pressure  Chemical  Vapor  Deposition  (LPCVD).  Next,  windows  for  ion  implantation  were 
opened  in  the  oxide,  and  a  500  A  pad  oxide  was  deposited  by  LPCVD.  This  was  to  ensure  that 
the  peak  implant  doping  occurs  at  the  surface,  which  would  result  in  good  ohmic  contacts.  High 
temperature  (1000  °C)  nitrogen  and  aluminum  implantations  were  performed  using  multiple 
implant  sequences  with  energies  25,  50,  75  and  120  keV  to  give  box-profiles  with  varying  total 
doses.  Monte  Carlo  simulations  performed  using  SUPREM  showed  that  these  implant  conditions 
would  yield  depths  of  uniform  concentration  or  junction  depths  in  the  range  of  0.25-0.3  pm  in  the 
case  of  the  nitrogen  implants  and  0.17-0.2  pm  in  the  case  of  the  aluminum  implants.  Post¬ 
implantation  proximity  anneals  for  dopant  activation  were  done  at  1300  C  and  1400  C  for  the 
nitrogen  and  aluminum  implanted  samples,  respectively,  in  Argon  for  30  minutes.  Aluminum 
contacts  were  formed  by  lift-off  on  the  device  side,  after  etching  the  pad  oxide.  Blanket 
evaporation  of  aluminum  was  done  on  the  back  side  to  form  ohmic  contacts  to  the  substrate. 

For  post-implantation  anneals  at  temperatures  >1600  °C,  which  is  desirable  for  high 
dopant  activation,  the  above  process  was  not  feasible  due  to  reflow  of  the  oxide  at  such 
temperatures.  Hence,  a  4-mask  process  was  designed  for  device  fabrication.  In  this  process,  the 
silicon  nitride  was  used  as  the  dielectric  for  passivation.  Diodes  were  also  made  from 
phosphorous  and  deep  high  energy  boron  implants,  and  planar  edge  terminations  such  as  field 
rings  were  also  incorporated.  After  cleaning  the  wafers,  the  first  mask  level  was  used  to  etch 
alignment  marks  on  bare  SiC  surface  using  RJE.  Following  an  RCA  clean,  1  pm  each  of  oxide 
and  polysilicon  were  deposited  by  LPCVD.  Such  a  thick  stack  of  polysilicon  and  oxide  was 
found,  based  on  simulations,  to  be  required  to  mask  the  high  energy  boron  implants.  Windows 
were  opened  in  the  stack  of  polysilicon  and  oxide  for  implantation  and  a  500  A  of  pad  oxide  was 
deposited  by  LPCVD  on  both  wafers  for  obtaining  peak  doping  of  the  implantation  profile  at  the 
surface.  Based  on  simulations,  the  implantation  profiles  yielded  uniform  concentration  upto  a 
depth  of  0.3,  0.2,  0.2  and  0.6  pm  in  case  of  nitrogen,  phosphorous,  aluminum  and  deep 
boron/aluminum  implants,  respectively,  with  net  doses  of  4.6xl015,  4.6X101 ,  3.4x10  and 
6.8x1 014  cm'2.  After  ion  implantation,  blanket  etch  was  done  to  remove  both  the  oxide  and  the 
polysilicon.  Next,  post-implantation  proximity  anneals  were  performed  for  all  wafers  at  1600  °C 
in  Argon  for  30  min  in  a  SiC  crucible.  The  SiC  crucible  helped  maintain  a  vapor  pressure  of  SiC 
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Fig.  1.  Reverse  J-V  characteristics  of  nitrogen  implanted  diodes  with  Si02  as  dielectric  :  (a)  comparison  of 
6H-  and  4H-SiC  diodes  with  field  plates;  (b)  effect  of  field  plate  length. 

and  hence  completely  prevented  surface  degradation  and  pitting  [4].  Following  the  post 
implantation  anneal,  a  0.55  pm  thick  nitride  layer  was  deposited  by  LPCVD.  A  0.4  pm  LPCVD 
oxide  was  used  as  the  mask  to  open  contact  windows  in  the  nitride  film.  Aluminum  contacts  were 
formed  by  lift-off  for  the  device  side,  and  by  blanket  evaporation  on  the  back  side. 

RESULTS  &  DISCUSSION 

A.  Diodes  with  Si02  as  dielectric  (post-implantation  anneal  at  <  1400  °C) 

The  diode  reverse  I-V  measurements  were  performed  using  Keithley  251  I-V  setup  and 
the  system  leakage  was  found  to  be  a  few  pico-amperes.  It  is  known  that  edge  termination  plays 
an  important  role  in  determining  the  breakdown  voltage  of  a  p-n  junction  diode.  In  the  case  of 
nitrogen  implanted  diodes  on  6H-SiC,  field  plates  served  to  increase  the  breakdown  voltage  from 
350  ±  50  V  to  500  ±  20  V.  The  breakdown  voltage  of  nitrogen  implanted  diodes  on  4H-SiC 
increased  from  800  ±  40  V  to  1100  ±  60  V  with  field  plates.  This  indicates  that  a  simple  planar 
field  plate  edge  termination  can  be  used  to  obtain  higher  breakdown  voltages.  Extremely  low 
leakage  current  densities  in  the  range  of  1  x  10‘5  A/cm2  were  obtained  in  both  6H-  and  4H-SiC 
nitrogen  implanted  diodes  terminated  with  field  plates  even  just  before  breakdown.  A  comparison 
of  the  reverse  I-V  characteristics  of  these  nitrogen  implanted  diodes  on  6H-  and  4H-SiC  with  field 
plates  are  shown  in  Fig.  1(a).  It  can  be  observed  that  much  higher  breakdown  voltages  were 
obtained  in  4H-SiC  than  in  6H-SiC.  The  variation  of  the  breakdown  characteristics  with  the  dose 
of  nitrogen  implant  was  studied  in  6H-SiC  and  no  significant  trend  or  variation  was  found.  The 
nitrogen  implanted  junction  diodes  without  field  plates  on  4H-SiC  also  showed  good  reverse 
blocking  characteristics  with  a  maximum  breakdown  voltage  of  840  V  and  average  leakage 
currents  in  the  range  of  lxlO-4  A/cm2  prior  to  breakdown  as  shown  in  Fig.  1(b).  A  breakdown 
voltage  of  1100  V  obtained  in  this  study  on  4H-SiC  is  the  highest  ever  reported  measured 
breakdown  voltage  for  any  planar  ion  implanted  junction  diode  on  SiC.  The  breakdown  voltage  is 
nearly  70  %  of  the  theoretical  parallel  plane  ideal  breakdown  voltage  of  about  1600  V  for  a  diode 
with  the  given  epitaxial  layer  specifications.  A  total  of  30  devices  were  measured,  15  with  field 
plates  and  15  without  field  plates,  and  it  was  found  that  the  presence  of  field  plate  improved  the 
reverse  I-V  characteristics  of  the  diodes  consistently  and  as  expected  from  theory  [14].  The 
breakdown  voltage  was  found  to  be  almost  independent  of  the  of  field  plate  length  as  shown  in 
Fig.  1(b).  The  distribution  of  the  leakage  currents  just  before  breakdown  for  the  nitrogen 
implanted  diodes  on  4H  SiC  across  the  sample  is  shown  in  Fig.  2.  The  average  leakage  current 
for  diodes  with  field  plates,  reduced  by  an  order  of  magnitude  when  compared  to  that  of  diodes 
without  field  plates,  to  a  value  as  low  as  lxl 0-5  A/cm2  just  before  breakdown. 
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Fig.  2.  Reverse  leakage  current  density  histogram  Fig.  3.  Comparison  of  reverse  J-V  characteristics 
of  nitrogen  implanted  diodes  near  breakdown.  of  nitrogen  and  aluminum  implanted  diodes. 


The  aluminum  implanted  junction  diodes  on  4H-SiC  exhibited  higher  breakdown  voltages 
without  field  plates  than  with  field  plates  (Fig.  3).  For  a  dose  of  6.8xl015  cm*2,  while  the 
aluminum  implanted  diodes  without  field  plates  showed  breakdown  voltages  of  800±10  V,  the 
ones  with  field  plates  supported  only  275±40  V.  This  is  attributed  to  the  poor  activation  of  the 
aluminum  implanted  region  due  to  which,  the  actual  doping  in  the  ion  implanted  region  is  much 
lower  than  the  implanted  aluminum  concentration.  The  sheet  resistance  of  the  aluminum  implanted 
region,  measured  using  Kelvin  test  elements  on  the  same  wafers,  and  was  found  to  be  25 
kft/square  which  supports  the  above  argument.  This  results  in  the  presence  of  a  high  resistivity 
layer  at  the  surface  near  the  edges  of  the  diode  (between  points  A  and  B  in  Fig.  4(a))  in  case  of 
the  diodes  without  field  plates.  It  is  believed  that  this  region  then  acts  like  a  junction  termination 
extension  and  promotes  the  spreading  of  the  potential  along  the  surface  laterally  which  results  in 
reduced  electric  field  [13]  at  a  given  voltage  for  the  diodes  without  field  plates.  Hence,  a  higher 
breakdown  voltage  is  observed  for  diodes  without  field  plates  when  compared  to  diodes  with  field 
plates.  The  breakdown  voltage  of  aluminum  implanted  diodes  was  found  to  be  higher  for  a  higher 
dose.  However,  like  in  the  nitrogen  implanted  diodes,  no  significant  variation  of  breakdown 
voltage  with  the  length  of  field  plate  was  observed. 

B.  Diodes  with  SisN4  as  dielectric  (post-implantation  anneal  at  1600  °C) 

The  reverse  I-V  characteristics  were  measured  for  all  diodes  with  different  edge 
terminations  and  the  results  are  summarized  in  Fig.  5.  The  unterminated  diodes  gave  the  lowest 


Fig.  4.  Cross-section  of  fabricated  planar  diodes  with  Si02  as  dielectric  :  (a)  without  field  plate  (b)  with 
field  plate. 
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Implanted 

Species 

No  edge 
termination 

Single  field 
plate 

Single  field 
ring 

1  field  ring  + 

1  field  plate 

2  field  rings  + 

1  field  plate 

N 

300  +/-2S  V 

550  +/-20  V 

350  +/-100  V 

350  +/-  30  V 

500  +/-60  V 

P 

400  +/-50  V 

700  +/-40  V 

400  +/-100  V 

400  +/-  50  V 

475+/-  100  V 

Ai 

ISO  +/-20  V 

600  +/-50  V 

260  +/-40  V 

300+/-  30  V 

300+/-  100  V 

B  and  Al 

75+/-50  V 

350+/-50  V 

200+/-20  V 

200  +/-  50 

175+/-25  V 

Fig.  5.  Variation  of  breakdown  voltages  with  edge  terminations  of  4H-SiC  diodes  using  Si3N4as  dielectric. 

breakdown  voltages  in  all  cases.  The  highest  breakdown  voltages  were  obtained  for  the  diodes 
with  a  single  field  plate  for  all  the  different  dopants.  The  least  variation  of  breakdown  voltages 
across  the  wafer  was  observed  for  these  diodes.  This  confirmed  that  a  simple  planar  field  plate 
edge  termination  can  be  used  to  obtain  higher  breakdown  voltages.  However,  no  other  trend 
could  be  established  for  the  variation  of  breakdown  voltage  with  the  edge  terminations.  The 
higher  effectiveness  of  the  field  plate  termination  than  the  guard  ring  termination  has  also  been 
reported  with  4H-SiC  Schottky  diodes  [15].  Further,  in  our  study,  it  was  observed  that 
phosphorous  is  a  better  choice  than  nitrogen  for  making  donor  implanted  diodes  in  SiC.  Not  only 
did  phosphorous  implanted  diodes  show  higher  breakdown  voltages,  but  they  also  exhibited  lower 
leakage  currents  for  the  same  voltage  when  compared  to  nitrogen  implanted  diodes.  Leakage 
currents  were  found  to  be  lxl O'4,  lxlO'3,  lxlCT*  and  lxlO'7  Amperes  for  phosphorous,  nitrogen, 
aluminum  and  boron/aluminum  implanted  diodes,  respectively,  just  before  breakdown.  The 
aluminum  implanted  diodes  consistently  supported  higher  voltages  than  boron/aluminum 
implanted  diodes.  The  acceptor  implanted  diodes  showed  much  lower  leakage  currents  than  the 
donor  implanted  diodes.  The  leakage  currents  obtained  for  nitrogen  implanted  diodes  on  4H-SiC 
were  found  to  be  higher  in  this  process  when  compared  to  the  previous  process.  The  high  leakage 
currents  in  the  diodes  was  attributed  to  excessive  leakage  at  the  periphery  of  the  junction  due  to 
residual  ion  implantation  damage  [4,7]  caused  by  the  higher  dose.  Hot  implantation  is  also  known 
to  bring  about  inferior  junction  characteristics  due  to  formation  of  dislocation  loops  [5], 

High  temperature  (25  °C  to  150  °C)  characterization  was  also  performed  for  all  the  diodes. 
The  variation  of  breakdown  voltage  with  temperature  is  shown  in  Fig.  6.  The  breakdown  voltage 
was  found  to  be  almost  invariant  with  temperature  which  is  an  encouraging  result  when  compared 
to  previously  reported  negative  temperature  coefficient  for  the  breakdown  voltage  [1].  The 
leakage  currents  also  remained  in  the  same  order  of  magnitude  when  the  temperature  was 
increased  from  room  temperature  to  150  °C  (-423  K),  which  is  again  highly  desirable.  We  believe 
that  the  leakage  currents  increased  veiy  slowly  with  temperature  because  the  leakage  current  was 
predominantly  due  to  surface  leakage  components  and  not  due  to  diffusion  or  space  charge 
generation  components  which  are  extremely  low  in  SiC. 

CONCLUSIONS 

Electrical  properties  of  P+-N  as  well  as  1ST -P  planar  ion  implanted  junction  diodes  on  6H- 
and  4H-SiC  with  different  edge  terminations  were  studied.  The  single  field  plate  edge  termination 
resulted  in  higher  breakdown  voltages  than  those  with  other  planar  edge  terminations  such  as  the 
floating  field  rings.  The  nitrogen  implanted  diodes  on  4H-SiC  with  field  plates  using  Si02  as  the 
dielectric,  exhibited  a  breakdown  voltage  of  1 100  V,  which  is  the  highest  ever  reported  measured 
breakdown  voltage  for  any  planar  ion  implanted  junction  diode  and  is  nearly  70%  of  the  ideal 
breakdown  voltage.  The  reverse  leakage  current  of  this  diode  was  less  than  lxlO'5  A/cm2  even  at 
breakdown.  Diodes  on  4H-SJC  showed  higher  breakdown  than  those  on  6H-SiC.  Breakdown 
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Temperature  (degree  C) 

Fig.  6.  Variation  of  breakdown  voltages  with  temperature  of  field  plate  terminated  4H-SiC  diodes  using 
SbN4as  dielectric. 

voltages  were  independent  of  temperature  in  the  range  of  25  °C  to  150  °C;  while,  the  leakage 
currents  increased  slowly  with  temperature,  but  stayed  within  the  same  order  of  magnitude. 
These  results  are  of  relevance  to  design  and  fabrication  of  high  voltage  devices  such  as 
MOSFETS  containing  reverse  blocking  junctions. 
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CARBON  AND  SILICON  RELATED  SURFACE  COMPOUNDS  OF  PALLADIUM 
ULTRATHIN  FILMS  ON  SIC  AFTER  DIFFERENT  ANNEALING  TEMPERATURES 
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ABSTRACT 

Pd/SiC  Schottky  diode  has  triggered  interest  as  a  chemical  sensor  to  be  operated  at  high 
temperatures.  Various  surface  compounds  formed  at  high  temperatures  are  known  to  alter  the  device 
performance.  In  this  work,  the  carbon  and  silicon  related  compounds  and  morphology  of  Pd  ultra-thin 
film  on  6H-SiC  and  4H-SiC  are  investigated  after  thermal  annealing  using  X-ray  photoelectron 
spectroscopy  (XPS)  and  atomic  force  microscopy  (AFM).  The  Pd  ultra-thin  films  of  about  3  nm  in 
thickness  are  deposited  by  RF  sputtering.  The  XPS  analysis  reveals  the  presence  of  silicon 
oxycarbides  (SiCxOy)  as  deposited.  After  being  annealed  above  300°C,  the  atomic  ratio  of  C  to  0  in 
SiCxOy  decreases  with  increasing  the  annealing  temperatures,  and  the  Pd  film  becomes  a  Pd  silicide 
nanofeatured  layer  on  SiC.  When  the  annealing  temperature  is  at  500°C,  the  majority  of  the  SiCxOy 
is  converted  into  Si02.  An  amorphous  Si  phase  exists  after  annealing  at  200  to  400°C,  which  indicates 
that  the  Si-C  bonds  in  SiC  are  broken  at  lower  temperatures  due  to  the  presence  of  Pd.  Graphite  and 
C=0  are  found  on  the  as  deposited  samples  and  also  after  annealing  at  temperatures  up  to  600°C.  The 
formations  of  the  carbon  and  silicon  related  compounds  on  Pd/4H-SiC  are  very  similar  to  those  on 
Pd/6H-SiC. 


INTRODUCTION 

SiC-based  device  developments  require  that  the  metal  contacts  and  interconnects  are 
physically,  chemically,  and  electrically  stable  under  severe  conditions,  such  as  at  high  temperatures. 
Metal  contact  studies  on  SiC  have  resulted  in  commercially  available  SiC  devices  which  can  be 
operated  at  high  temperatures  [1,2].  The  diffusions  and  reactions  between  metal  thin  films  and  the 
SiC  substrate  result  in  the  formation  of  various  interfacial  compounds,  and  alter  the  electrical 
properties.  Therefore,  it  is  one  of  the  most  critical  issues  to  investigate  the  interfacial  compositions 
of  metal/SiC  at  elevated  temperatures  in  SiC  based  device  research. 

Pd/SiC  Schottky  diodes  have  been  successfully  demonstrated  as  a  chemical  sensor  for 
hydrogen  and  hydrocarbon  [3,4],  which  can  be  operated  at  high  temperatures.  The  heat  treatment 
significantly  promotes  interfacial  diffusion  and  chemical  reactions,  and  broadens  the  interface  region. 
The  two-dimensional  surface  diffusion  and  surface  segregation  of  Si  from  dissociated  SiC  result  in 
a  thin  silicon  oxide  layer  on  the  top  of  the  Pd  film  [3],  The  Pd  chemical  states  are  various  co-existing 
palladium  silicides  (Pc^Si,  x  =  1, 2,3,4)  for  the  Pd  thickness  of  about  400 A  [4]  after  annealing  at 
425 °C.  Lu  et  al.  [5]  found  the  Pd  exists  as  PdSi  and  Pd2Si  for  the  ultra-thin  Pd  film  (~30A  thickness) 
at  the  elevated  temperatures.  To  the  best  of  our  knowledge,  the  formations  of  the  silicon  and  carbon 
related  compounds  in  Pd/SiC  after  annealing  at  high  temperatures  have  not  been  systematically 
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investigated  . 

In  this  study,  the  interfacial  composition  and  the  morphological  features  of  Pd  ultra-thin  films 
on  6H-SiC  and  4H-SiC  at  different  annealing  temperatures  were  investigated  using  XPS  and  AFM. 
The  Pd  ultra-thin  films  were  prepared  by  the  RF  sputtering  method,  and  the  thickness  was  about  30A. 
The  silicon  and  carbon  related  compounds  in  Pd/SiC  were  determined  by  XPS  after  annealing. 


EXPERIMENTAL 

1.  Samples  and  Pd  Ultra-thin  Film  Fabrication 

n-type,  Si-face  6H-SiC  and  4H-SiC  wafers  with  3.5°  off-axis  on  Si  (0001)  substrates  were 
purchased  from  Cree  Research  Inc.  The  doping  concentration  was  2.6  x  1018  cm3.  An  RF  sputtering 
system  (Kurt  J.  Lesker  Company)  was  used  for  the  Pd  ultra-thin  film  preparation.  The  SiC  wafer 
cleaning  procedure  and  the  Pd  ultra-thin  preparation  procedure  are  in  Ref.  [5],  The  thickness  of  Pd 
thin  film  on  SiC  was  about  30  A,  so  that  XPS  can  effectively  detect  the  Pd/SiC  interfacial 
compositions. 

The  Pd/SiC  samples  were  analyzed  and  annealed  consecutively  from  100°C  to  600°C  in  100°C 
increments  in  air  for  30  minutes  each  time.  The  Pd/6H-SiC  and  Pd/4H-SiC  samples  were  prepared 
and  annealed  at  the  same  time. 

2.  Characterization 

The  XPS  experiments  were  performed  on  a  Kratos  X-SAM  800  spectrometer  with  an  energy 
resolution  of  0. 1  eV.  The  base  pressure  was  at  10'9  Torr.  The  Mg  Ka  (M>=1253.6  eV)  radiation  was 
used.  The  energy  scale  of  the  analyzer  was  calibrated  by  the  Cu  (2p3/2)  XPS  peak  at  932.67  eV,  and 
the  Au  (4f7/2)  XPS  peak  at  84.00  eV. 

The  exit  angle  of  the  photoelectron  was  90°  to  the  sample  surface.  The  data  were  smoothed 
and  satellite  peaks  were  subtracted  before  background  subtraction  and  deconvolution  were 
performed.  The  background  of  the  XPS  was  subtracted  using  the  Sherley  algorithm.  The  Gaussian- 
Lorentzian  method  was  applied  to  deconvolute  the  XPS. 

A  NanoScope  E  (Digital  Instruments,  Inc.)  was  used  for  AFM  measurements.  The  standard 
silicon  nitride  cantilever  supplied  by  Digital  Instruments,  Inc.  was  employed.  The  force  constant  of 
the  silicon  nitride  cantilever  is  0. 1 2  N/m.  At  least  three  different  regions  on  the  surface  were  measured 
by  AFM  for  each  sample. 


RESULTS 

1 .  Carbon  related  compounds  in  Pd/6H-SiC 

XPS  is  used  to  examine  the  surface  composition  changes  on  Pd/6H-SiC  and  Pd/4H-SiC 
samples  from  the  as  deposited  and  after  each  annealing  step.  The  surface  species  formed  on  the 
Pd/SiC  surface  are  quite  complex,  and  two  kinds  of  surface  compounds  are  co-existing  on  Pd/SiC 
samples  after  annealing;  (a)  the  Pd  silicides  and  Pd  element,  (b)  the  silicon  and  carbon  related 
compounds.  In  this  paper,  we  present  the  results  for  the  silicon  and  carbon  related  compounds  on  6H- 
SiC  and  4H-SiC  substrates. 

The  studies  on  the  Pd-related  compounds  on  Pd/SiC  samples  after  different  annealing 
temperatures  has  been  presented  at  another  report  [5].  There  are  two  reactions  between  Pd  and  SiC 
in  the  range  from  room  temperature  to  600°C;  (a)  at  300°C,  the  Pd  reacts  to  SiC  to  form  Pd2Si  on 
both  6H-SiC  and  4H-SiC  substrates,  and  (b)  Pd2Si  reacts  with  SiC  to  form  PdSi  at  500°C  for  Pd/4H- 
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SiC,  and  at  600°C  for  Pd/6H-SiC. 

Table  I  lists  the  XPS  peaks  of  the  C(1  s)  and  Si(2p3/2)  after  deconvolution  for  Pd/6H-SiC  and 
Pd/4H-SiC  as  deposited  and  after  each  annealing  step.  Figure  1  shows  the  deconvolution  of  the  C(1  s) 
XPS  for  Pd/6H-SiC  as  deposited  and  after  consecutive  annealing  at  300°C  and  600°C.  As  shown, 
the  strong  peak  at  the  binding  energy  of 282.9  eV  represents  the  C(ls)  XPS  from  the  Si-C  bonds  in 
SiC  substrate  [5-8],  The  peak  at  284. 1  eV  exists  in  the  Pd/SiC  samples  as  deposited,  and  it  is  assigned 
to  the  carbon  oxycarbide  (SiCxOy)compounds  [6,7],  The  SiCxOy  is  formed  during  the  Pd  film 
deposition.  The  285. 1  eV  peak  is  from  the  C-C  bond  (graphite),  which  is  commonly  found  in  almost 
any  sample  due  to  the  contaminants.  The  broad  peaks  at  287.2-287.8  eV  and  ~286.5  eV  are  assigned 
to  the  C=0  and  C-0  bonds,  respectively  [9],  Table  II  shows  the  chemical  shifts  in  XPS  of  various 
silicon  and  carbon  compounds  compared  with  the  XPS  for  the  Si-C  bond  in  SiC. 


Figure  1.  Deconvolution  of  the  C  (Is)  XPS  for  Pd/6H-SiC  as  deposited  (A)  and 
after  consecutive  annealing  at  300°C  (B)  and  at  600°C  (C). 


TABLE  I.  Deconvolution  of  the  XPS  peaks  of  the  C  (Is)  and  Si  (2p3/2)  on  Pd/SiC 
as  deposited  and  after  consecutive  annealing  in  air  for  30  minutes. 


Samples 

C  (Is)  peaks 

Si  (2p3/2)  peaks 

as  deposited 
annealed  at  100°C 
annealed  at  200°C 
annealed  at  300°C 
annealed  at  400°C 
annealed  at  500°C 
annealed  at  600°C 

282.9,  284.1,285.1,287.2 

282.9,  284.1,285.1,  287.3 

282.9,  284.1,285.2,  287.4 

282.9,  284.1,  285.2,  286.5,  287.8 
282.9,  284.1,285.2,  287.8 

282.9,  284.2,  285.1 

282.9,  285.1,287.6 

100.8,  102.3,  103.6 

100.8,  102.3, 

99.0,  100.8,  102.3 

99.0,  100.8,  102.3 

99.0,  100.8,  102.6 

100.8,  103.2,103.6 

100.8,  103.6 

The  concentrations  of  the  carbon  related  compounds 

on  Pd/SiC  change  with  increasing 

annealing  temperatures.  The  C(ls)  XPS  peak  of  the  C-C  bond  also  increases  with  increasing 
annealing  temperatures.  The  surface  graphite  comes  not  only  from  the  contaminants,  but  results  from 
the  products  of  the  reactions  of  the  Pd  and  the  SiC  substrate  [5].  The  SiCxOy  and  C=0  groups  on  the 
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surface  decrease  with  increasing  the  annealing  temperatures.  A  small  amount  of  the  C-0  group  is  also 
found  after  annealing  at  300°C.  At  the  annealing  temperature  of  600°C,  the  main  carbon  compound 
is  graphite  although  small  amounts  of  SiCxOy  and  C=0  still  exist  on  the  surface.  The  C=0  group  is 
also  found  on  the  substrate  at  room  temperature,  and  the  concentration  of  the  C=0  is  low  through 
the  annealing  temperature  up  to  600°C.  The  C=0  group  is  difficult  to  remove,  and  the  thermal 
cleaning  of  the  SiC  substrates  usually  requires  at  least  800°C  to  obtain  the  oxygen-free  SiC  surface 
under  ultrahigh  vacuum  (UHV)  environment  [10].  It  seems  that  the  oxygen  in  air  directly  attacks  the 
surface  C  of  the  SiC  substrate  to  form  C=0. 

TABLE  II.  Chemical  shifts  in  XPS  of  various  silicon  and  carbon  compounds  compared 
with  the  Si-C  bond  in  SiC. 


Species  C  (Is)  in  SiC  (282.9  eV)  Si  (2p3/2)  in  SiC  (100.8  eV) 


c-c 

2.0  [6,7],  1.6  [9] 

Si-Si 

-1.8  [11] 

Si-Pd 

0  [4] 

SiCxOy 

1.2  [6,7] 

0.5  -  2.4  [6,7] 

Si02 

>2.4  [6,7],  >1.8  [9],  2.5  [8] 

C-0 

3.6  [9] 

C=0 

4.9  \9] 

2.  Silicon  related  compounds  in  Pd/6H-SiC 

Figure  2  shows  the  deconvolution  of  the  Si  (2p3/2)  XPS  for  Pd/6H-SiC  after  consecutive 
annealing  at  300°C,  and  600°C.  As  shown,  the  strong  peak  at  100.8  eV  is  assigned  to  the  Si  (2p 3/2) 
XPS  from  the  SiC  substrate  and  the  Pd  silicides  [4],  The  chemical  shifts  of  the  Si  (2p3/2)  peak  from 
the  silicon  oxycarbides  (SiCxOy)  vary  with  the  stoichiometry  of  C  and  O  [6,7],  The  binding  energy 
of  SiCxOy  is  102.3  eV  for  the  sample  as  deposited.  It  increases  to  102.7  eV  after  consecutive 
annealing  at  400°C,  and  103.2  eV  after  annealing  at  500°C.  After  being  annealed  at  600°C,  the 
majority  of  the  silicon  compounds  on  Pd/6H-SiC  is  Si02  instead  of  silicon  oxycarbides. 


Figure  2.  Deconvolution  of  the  Si  (2pM)  XPS  for  Pd/6H-SiC  as  deposited  (A) 
and  after  consecutive  annealing  at  300°C  (B)  and  at  600°C  (C). 
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After  annealing  at  200°C,  a  small  XPS  peak  at  99.0  eV  appears.  This  peak  is  assigned  to  Si-Si 
bond  [11],  and  diminishes  after  annealing  at  400°C.  As  in  our  previous  work  [5],  Pd  starts  to  react 
with  SiC  to  form  Pc^Si  and  C  at  300°C.  The  presence  of  Si  indicates  that  the  Si-C  bonds  in  SiC  break 
in  to  C  and  Si  phases  on  Pd/SiC  at  200°C.  Obviously,  the  existing  of  Pd  seems  to  act  as  a  catalyst  to 
break  the  Si-C  bonds.  At  higher  temperatures.  Si  is  consumed  by  the  reactions  with  Pd  silicides  [5]. 
Table  HI  summarizes  the  various  carbon  and  silicon  compounds  on  Pd/SiC  after  consecutive 
annealing  from  100  to  600°C. 

TABLE  IE.  Carbon  and  silicon  related  compounds  on  Pd/SiC  as  deposited  and 
after  consecutive  annealing  in  air  for  30  minutes. 


Annealing  Temperatures  (°C)  Carbon  and  silicon  related  compounds 


as  deposited 

C,  SiCxOy,  c=o 

100°C 

C,  SiCxOy,  C=0 

200°C 

Si,  C,  SiCxOy,  CO 

300°C 

Si,  C,  SiCxOy*,  Pd2Si,  CO,  C-0 

400°C 

Si,  C,  SiCxOy*,  Pd2Si,  CO 

500°C 

C,  SiCxOy*,  Pd2Si,  C=0,  Si02 

600°C 

C,  SiO„  PdSi,  C=0 

*  the  atomic  ratio  of  C  to  O  decreases  with  increasing  annealing  temperatures. 

Figure  3  shows  the  morphological  changes  forPd/6H-SiC  as  deposited  and  after  consecutive 
annealing  at  400°C  and  600°C  using  AFM.  As  shown,  the  surface  of  the  Pd/SiC  sample  as  deposited 
has  a  good  uniformity  (Figure  3  A).  After  annealing  at  300°C,  the  Pd  film  becomes  a  nanofeatured 
layer.  The  average  size  of  the  nanofeatures  is  about  20-30  nm  (Figure  3B).  With  increasing  the 
annealing  temperature  to  600°C,  the  nanofeatured  layer  has  been  broken  into  nanosize  rounded 
clusters  on  6H-SiC  surface  (Figure  3C).  The  changes  in  the  morphological  features  on  the  Pd/SiC 
surface  are  related  to  the  surface  compositions.  At  the  annealing  temperature  of  300°C,  Pd2Si  is 
formed  and  the  nanofeatured  layer  appears  [5].  Meanwhile,  the  atomic  ratio  of  C  to  O  in  the  SiCxOy 
decreases.  When  the  annealing  temperature  is  500  to  600°C,  the  majority  of  the  SiCxOy  is  converted 
into  Si02,  and  Pd2Si  reacts  with  SiC  to  form  PdSi  [5], 


(A)  (B)  (C) 


Figure  3.  AFM  images  for  Pd/6H-SiC  as  deposited  (A,  (1  x  1  pm2  x  5  nm»,  after  consecutive 
annealing  at  300°C  (B,  (1  x  1  pm2  x  10  nm)),  and  600°C  (C,  (1  x  1  pm2  x  40  nm)). 
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3.  Comparison  of  Pd/6H-SiC  and  Pd/4H-SiC 

6H-SiC  and  4H-SiC  have  very  similar  structures  and  reactivity  with  Pd  at  high  temperatures. 
The  formations  of  Pd  silicides  on  Pd/4H-SiC  is  slightly  enhanced  compared  to  those  on  Pd/6H-SiC 

[5],  However,  the  formations  of  the  carbon  and  silicon  related  compounds  on  6H-SiC  and  4H-SiC 
substrates  are  almost  identical. 


CONCLUSIONS 

This  study  reports  that  various  carbon  and  silicon  compounds  are  formed  with  the  presence 
of  Pd  ultra-thin  film  on  SiC  surface  after  different  annealing  temperatures.  Silicon  oxycarbides 
(SiCxOy)  are  found  and  the  atomic  ratio  of  C  to  O  decreases  with  increasing  annealing  temperatures. 
Si02  is  formed  after  annealing  at  500°C  and  above.  The  amorphous  Si  is  formed  after  annealing  in 
the  temperature  region  of  200-400°C,  and  Pd  seems  to  act  as  a  catalyst  to  break  the  Si-C  bonds  in 
SiC  into  Si  and  C  phases.  A  low  concentration  of  the  C=0  group  exists  on  Pd/SiC  through  the 
annealing  temperature  up  to  600°C.  We  found  no  significant  differences  in  the  formation  of  carbon 
and  silicon  compounds  between  the  Pd/6H-SiC  and  Pd/4H-SiC  samples. 
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ABSTRACT 

This  study  developed  and  performed  Laboratory  experiments  which  mimic  the  acute  cyclic 
thermal  loading  characteristic  of  pulsed  power  device  switching  operation.  Ni  contacts  to  n-SiC 
were  the  device  components  selected  for  cyclic  thermal  testing.  Modifications  of  the  contact- 
SiC  materials  properties  in  response  to  cyclic  thermal  fatigue  were  quantitatively  assessed  via 
Rutherford  backscattering  spectrometry  (RBS),  scanning  electron  microscopy  (SEM),  atomic 
force  microscopy  (AFM),  surface  profilometry,  transmission  electron  microscopy  (TEM), 
nanoindentation  testing  and  current-voltage  measurements.  Decreases  in  nanohardness  and 
elastic  modulus  were  observed  in  response  to  thermal  fatigue.  No  compositional  modifications 
were  observed  at  the  metal-semiconductor  interface.  Our  results  demonstrated  that  the  majority 
of  the  material  changes  were  initiated  after  the  first  thermal  pulse  and  that  the  effects  of 
subsequent  thermal  cycling  (up  to  10  pulses)  were  negligible.  The  stability  of  the  metal- 
semiconductor  interface  after  exposure  to  repeated  pulsed  thermal  cycling  lends  support  for  the 
utilization  of  Ni  as  a  contact  metallization  for  pulsed  power  switching  applications. 

INTRODUCTION 

Much  attention  has  focused  on  SiC  as  a  material  for  high  power,  high  temperature  and  high 
radiation  tolerance  device  applications[l-3]  It  is  the  exceptional  properties  of  SiC,  such  as 
high  breakdown  field,  large  bandgap,  high  thermal  conductivity  and  high  electron  saturation 
velocity,  which  are  responsible  for  these  device  application  interests  [1].  To  date,  SiC 
electronic  materials  research  efforts  have  focused  predominantly  on  growth,  processing  science 
and  packaging  issues.  However,  in  order  to  promote,  design  and  realize  reliable  SiC  power 
devices  it  is  important  to  assess  the  performance  of  device  components  under  the  influence  of 
their  potential  operational  stress  regimes.  This  is  particularly  critical  for  pulsed  power  device 
applications,  namely  palpitated  high  power  switching,  where  the  operational  environment  is 
dominated  by  acute  cyclic  pulsed  power  actions  which  ultimately  translate  into  severe  thermal, 
electrical  and  mechanical  cyclic  stresses  in  the  device  materials.  In  order  to  fully  explore  SiC’s 
utilization  for  pulsed  power  switching  applications  it  is  necessary  to  determine  the  effects  of 
such  cyclic  stress  regimes,  both  individually  and  as  combined  effects,  on  the  fundamental 
pulsed  power  device  components.  In  this  paper  we  report  results  of  a  unidimensional,  that  is, 
non-combined  effects,  investigation  which  evaluated  the  reliability  of  Ni-SiC  ohmic  contact 
device  components  in  response  to  acute  cyclic  thermal  loading.  Our  results  demonstrate  that  the 
electrical,  compositional  and  structural  integrity  of  the  metal-SiC  interface  strongly  influences 
the  reliability  of  the  Ni-SiC  ohmic  contacts  under  acute  cyclic  thermal  stress. 

It  is  well  documented  that  device  performance  is  often  limited  by  the  electrical  and  materials 
integrity  of  the  ohmic  contacts  [4,5].  Since  ohmic  contacts  are  a  fundamental  component  of  all 
pulsed  power  devices  the  ohmic  contact-SiC  device  structure  was  selected  for  cyclic  thermal 
testing.  A  number  of  different  metals  have  been  proposed  as  suitable  ohmic  contacts  to  n-SiC. 
Specifically,  metals  such  as  Ni,  Al/Ni/Al,  Cr,  Al,  Au-Ta,  TaSi2,  W,  Ta,  Ti,  Ti/Au,  TiS^,  Co 
and  WSi  have  been  studied  with  the  Ni  based  metallization  systems  suggested  as  superior 
candidates  due  to  their  low  specific  contact  resistance,  (pc),  less  than  5.0x10  ohms-cm  [6-9]. 
Additionally,  published  data  suggests  that  annealed  Ni  contacts,  which  reactwith  SiC  to  form 
NLSi,  exhibit  excellent  static  thermal  stability  at  temperatures  as  high  as  500°C  [7].  Based  on 
this  information  Ni  was  selected  as  the  contact  metallization  for  cyclic  thermal  fatigue  testing. 
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200  nm  of  Ni  was  deposited  on  4H  n-type  SiC  substrates  purchased  from  CREE  Research. 
The  SiC  substrates  were  non-research  grade  with  a  micropipe  density  of  greater  than  100  cnr2. 
The  substrates  were  Si  faced  and  the  donor  density  was  2.0  x  1019  cm-3.  Prior  to  the  metal 
deposition  the  wafers  were  cleaned  in  warm  electronic  grade  trichoroethane  (TCA),  boiling 
acetone  and  methanol  followed  by  a  rinse  in  deionized  water.  The  Ni  deposition  was 
accomplished  via  electron  beam  evaporation  with  a  base  pressure  of  5xl0-7  Torr.  The  Ni  on 
SiC  samples,  were  annealed  at  950°C  for  5  min.  in  a  N2  ambient  in  order  to  produce  ohmic 
behavior.  Cyclic  thermal  fatigue  experiments  were  conducted  using  a  10.6  pm  IR  pulsed  C02 
laser.  The  pulsed  thermal  fatigue  design  was  configured  for  a  3  second  heating  interval 
followed  by  a  60  second  cooling  interval.  The  heating  and  cooling  intervals  were  chosen  to 
mimic  militaiy  switching  requirements.  Laser  power  levels  were  tailored  to  maintain  a 
temperature  of  650°  C  for  1  cycle  and  10  consecutive  cycles.  Temperature  verification  was 
obtained  with  the  aid  of  both  a  thermocouple  and  pyrometer. 

Current- voltage  measurements,  were  performed  on  the  as-deposited,  annealed  and  thermally 
fatigued  Ni-SiC  samples.  The  electrical  measurements  were  internally  consistent  and  were  used 
solely  to  assess  the  electrical  changes  resulting  from  thermal  fatigue  relative  to  the  non-fatigued 
sample.  Ail  samples  were  analyzed  for  surface  morphology  modification  via  atomic  force 
microscopy  (AFM)  and  surface  profilometry.  A  Topometrix  Discoverer  Scanning  Probe  system 
was  used  to  obtain  the  AFM  data  and  the  profilometry  measurements  were  obtained  via  a 
Tencore  P-2  low  scan  profiler.  Elemental  diffusion  and  phase  formation  were  tracked  using 
Rutherford  backscattering  spectroscopy  (RBS).  RBS  measurements  were  obtained  on  a 
National  Electronics  Corp.  55DH-2  Accelerator  using  2  MeV  He+  ions  with  a  scattering  angle 
of  170°  and  a  solid  angle  of  5.5  msr.  Experiments  were  performed  at  a  tilt  angle  of  10°  away 
from  the  detector  in  IBM  geometry  (beam,  surface  normal  and  detected  beam  are  coplanar). 
Simulations  were  produced  using  the  computer  code  RUMP  [10].  The  structural  durability  of 
the  thin  film  metallization  on  SiC  was  evaluated  via  nanoindentation  testing.  The 
nanoindentation  measurements  were  made  using  a  Nano  Instruments  XP  nanoindenter,  with  a 
Berkovich  3-sided  pyramid  diamond  indenter  with  controlled  penetration  depths  of  300  nm. 
The  instrument  allowed  a  indenter  penetration  vs.  force  curve  to  be  determined  allowing  the 
determination  of  both  nanohardness  and  the  effective  elastic  modulus  from  the  slope  of  the 
hysteresis  curve.  Microstructural  analyses  were  obtained  via  cross-sectional  TEM  using  a  JEOL 
3010  STEM  operated  at  300  keV. 

RESULTS  AND  DISCUSSION 

The  I-V  characteristics  of  the  as-deposited  Ni  films  displayed  rectifying  behavior  suggestive 
of  a  large  barrier  height,  typically  1  eV  or  greater.  The  RBS  analysis  (figure  1)  revealed  no 
reaction  between  the  Ni  and  SiC  substrate  and  showed  no  evidence  of  an  interfacial  oxide  upon 
Ni  deposition.  The  I-V  curve  for  the  annealed  e-beam  deposited  Ni  on  SiC  possessed  near- 
linear  characteristics  and  was  symmetric  with  reversal  of  the  voltage  polarity.  Due  to  lack  of  dry 
etching  facilities,  no  values  for  specific  contact  resistance  were  measured,  thus  a  quantitative 
value  for  specific  contact  resistance  is  not  available.  However,  the  Ni-SiC  annealing  protocol 
used  in  this  study  is  well  documented  in  the  literature  to  produce  good  ohmic  behavior  with 
reproducible  results, [7-9]  thus,  it  is  not  unreasonable  to  assume  that  our  samples  also  possess 
good  ohmic  behavior,  that  is,  low  specific  contact  resistance  .  The  fact  that  the  I-V  curve  for  the 
annealed  Ni-SiC  structure  possessed  linear  characteristics  and  was  symmetric  with  reversal  of 
the  voltage  polarity,  is  indicative  of  ohmic  contact  formation  [11].  The  RBS  analysis  of  the  e- 
beam  deposited  Ni  on  SiC  (figure  2)  showed  a  thin  layer  of  NiO  present  at  the  contacts  surface 
and  Ni  silicide  formation  adjacent  to  the  SiC.  The  NiO  is  most  likely  due  to  the  presence  of 
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oxygen  during  the  annealing  cycle.  However,  the  near  surface  nature  of  the  NiO  layer  combined 
with  the  linear  I-V  characteristics  suggests' that  the  oxygen  contamination  was  not  severe  enough 
to  impede  ohmic  contact  formation.  The  RBS  depth  profile  (figure  2)  and  TEM  analyses  (not 
shown)  revealed  a  non-abrupt  contact-SiC  interface  in  which  the  thickness  of  the  contact 
increased  from  200  nm  to  400  nm  as  a  result  of  interfacial  reactions  during  the  anneal.  This 
large  increase  in  contact  thickness  has  been  documented  in  the  literature  for  Ni  contacts  on  SiC 
[6,  8,  12].  For  Ni  contacts  to  SiC,  formation  of  Ni  silicides  upon  annealing  appears  to  be  a 
requirement  for  ohmic  behavior.  The  critical  step  in  silicide  formation  requires  the  continual 
supply  of  Si  atoms  through  breaking  bonds  in  the  substrate.  The  Si-C  bonds  can  be  broken  in 
several  ways;  sufficient  thermal  energy  to  break  the  SiC  bonds  (high  temperatures)  and/or 
rapid  interstitial  migration  of  the  metal  through  the  SiC  lattice  which  assists  bond  breaking  and 
aids  silicide  formation.  Since  our  samples  were  annealed  at  a  fairly  high  temperature  (950°C) 
and  the  fact  that  Ni  is  very  small  (.69  A  ionic  radius)  compared  to  that  of  Si  (2.71  A)  and  C 
(2.60)  suggests  that  both  these  mechanisms  may  have  contributed  to  the  formation  of  the  silicide 
phase  detected  by  RBS. 


Depth  (nm) 


Fig.  1.  RBS  depth  profile  for  the  e-beam  Fig.  2.  RBS  depth  profile  for  annealed  Ni 

as-deposited  Ni  on  SiC.  contact  to  SiC. 

The  I-V  curve  for  the  10  cycle  thermal  fatigued  contact  on  SiC  was  notably  similar  to  that  of 
the  unfatigued  sample,  that  is,  linear,  symmetric  with  reversal  of  voltage  polarity  and  possessed 
no  deviation  in  the  slope  of  the  I-V  curve  relative  to  that  of  the  unfatigued  sample.  The  fact  that 
ten  cycles  of  thermal  fatigue  did  not  significantly  degrade  the  TV  curve  speaks  well  for  the 
electrical  integrity  of  this  contact  metallization  in  response  to  pulsed  thermal  stress.  Figure  3 
displays  the  RBS  depth  profile  for  this  sample.  The  results  revealed  no  compositional  changes 
at  the  metal  semiconductor  interface.  However,  oxygen  appears  to  have  penetrated  a  bit  deeper 
into  the  sample.  It  is  speculated  that  attenuated  nanofractures,  resultant  from  thermal  shock, 
confined  to  the  upper  portion  of  the  contact  may  be  responsible  for  this  indiffusion  of  oxygen 
[13].  It  must  be  kept  in  mind  that  the  interfacial  properties  of  the  metal-semiconductor  contact 
strongly  influences  electrical  performance  [4,5].  Thus,  the  fact  that  the  metal-semiconductor 
interfacial  region  remained  compositionally  and  electrically  unchanged  lends  support  to  the 
excellent  reliability  of  this  contact  in  response  to  acute  pulsed  thermal  stress. 
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as-deposited  annealed  1  cycle  TF  10  cycles  TF 

Sample  Treatment 


Fig.3.  RBS  depth  profile  for  the  annealed 
Ni  contact  to  SiC  after  10  cycles  of 
thermal  fatigue. 


Fig.  4.  Surface  roughness  as  a  function 
of  sample  treatment.  Atomic  force 
microscopy  (AFM)  &  profilometry 
(P)  data  parallel  one  another. 


Optical  and  SEM  analysis  showed  the  surfaces  of  the  as-deposited  e-beam  evaporated  Ni 
thin  film  on  SiC  to  be  smooth  and  mirror  like  in  appearance.  However,  after  annealing  at 
950°C  the  surface  changed  drastically.  The  mirror-like  metallic  luster  changed  to  a  lusterless 
dull  gray  color  and  the  film  was  no  longer  smooth.  The  surface  morphological  changes  were 
quantified  via  profilometry  and  AFM  analyses,  and  are  displayed  in  figure  4.  The  magnitude  of 
the  profilometry  data  is  larger  than  that  of  the  AFM  data  but  the  general  trends  parallel  one 
another.  It  is  evident  from  figure  4  that  annealing  augmented  the  surface  roughness  of  the  metal 
film.  Specifically,  the  surface  roughness  increased  by  an  order  of  magnitude.  The  films 
surface  remained  lusterless  after  the  thermal  fatigue  however  the  surface  became  smoother. 
This  surface  smoothening  occurred  during  the  first  cycle  of  the  pulsed  thermal  fatigue  and 
maintained  at  steady  state  through  the  10^*  cycle,  that  is,  the  rms  roughness  value  remained 
constant  throughout  the  duration  of  the  thermal  cycling.  We  suggest  that  the  initial  thermal 
shock  of  the  first  laser  pulse  caused  the  removal  of  a  thin  layer  of  loosely  bound  particles  from 
the  films  surface  which  resulted  in  a  lower  rms  roughness  value.  The  fact  that  the  film  did  not 
delaminate  and  the  rms  roughness  value  remained  constant  throughout  the  thermal  cycling 
bodes  well  for  the  films  strong  adhesion  and  cohesion  properties. 

Mechanical  properties  such  as  nanohardness  and  Young’s  modulus  were  used  to  assess  the 
changes  in  the  physical  durability  of  the  metal-SiC  component  in  response  to  thermal  fatigue. 
Simply  defined  the  hardness  of  a  thin  film  is  the  resistance  of  the  film  to  penetration  of  its 
surface,  that  is,  resistance  to  local  plastic  deformation  [14].  Hardness  is  a  complex  macroscopic 
property  related  to  the  strength  of  interatomic  forces  and  depends  on  several  variables  at  the 
nanoscopic  level.  Grain  size,  area  and  grain  boundary  structure,  film  composition  (new  phase 
formation),  impurities,  defects  and  film  texture  all  influence  and/or  control  the  nanohardness  or 
durability  of  thin  films  [15].  Thus,  there  is  a  strong  relationship  between  a  films  microstructure 
and  its  mechanical  properties. 

The  magnitude  of  Young’s  (elastic)  modulus  is  determined  by  the  strength  of  the  atomic 
bonds  in  the  film.  The  stronger  the  atomic  bonding,  th$  greater  the  stress  required  to  increase 
the  interatomic  spacing  and  thus  the  larger  the  value  of  the  modulus  of  elasticity  and  the  more 
durable  the  film  [14].  Like  hardness,  the  modulus  is  a  macroscopic  property  which  depends  on 
many  different  variables  at  the  nanoscopic-atomistic  level.  Specifically,  modification  of  the 
films  chemical  composition  strongly  influences  the  elastic  modulus  value  since  the  various 
phases  are  composed  of  different  atomic  species  with  different  bond  strengths.  Thus,  changes 
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in  the  contacts  mircrostructure  and  composition  will  be  reflected  in  the  values  of  the  contacts 
nanohardness  and  elastic  modulus. 

Figure  5  displays  the  nanohardness  and  Young’s  modulus  values  for  the  as-deposited, 
annealed  and  thermal  fatigued  contact  metallization  on  SiC.  The  nanohardness  and  modulus 
values  changed  significantly  with  sample  treatment,  showing  a  decrease  in  magnitude  in 
response  to  annealing  and  cyclic  thermal  fatigue.  The  largest  change  in  both  the  hardness  and 
modulus  occurs  after  the  first  thermal  pulse.  Additional  thermal  cycling  caused  negligible 
changes  in  these  properties.  The  compositional  change  from  Ni  to  Ni-sihcide  (and  the  thin 
surfacial  NiO  layer)  accounts  for  the  change  in  the  durability  values  in  response  to  annealing. 
TEM  results  on  Ni-SiC  ohmic  contacts  has  shown  the  grain  size  of  the  Ni-Silicide  to  be  smaller 
that  that  of  the  as-deposited  Ni  on  SiC  [13].  Thus,  the  diminishment  of  the  nanohardness  after 
annealing  is  easily  explained  by  the  increase  of  grain  boundary  area  of  the  Ni-silicide  with 
respect  to  that  of  Ni.  The  decrease  in  durability  values  in  response  to  the  first  thermal  pulse  is 
most  likely  due  to  the  promotion  of  thermally  induced  nanofractures  (figure  6)  within  the  upper 
portion  of  the  Ni-Silicide  contact  layer  [13].  The  fact  that  the  hardness  and  modulus  do  not 
change  significantly  after  10  cycles  suggests  that  multiple  or  repeated  thermal  cycling  has  a 
negligible  affect  on  the  films  durability.  This  speaks  well  for  the  reliability  of  the  Ni  contacts 
endurance  to  repeated  pulsed  thermal  fatigue.  In  addition,  the  fact  that  the  metal  film  did  not 
delaminate  in  response  to  the  cyclic  thermal  stress  bodes  well  for  the  films  strong  adhesion  and 
cohesion  properties. 


Fig.  5.  Nanohardness  and  Young’s  modulus  values  as  a  function  of  sample  treatment. 


> 


(a)  as  deposited  (b)  annealed  950°  C  (c)  1 0  cycles  thermal  fatigue 

Fig.  6.  Schematic  representation  of  the  microstructural  changes  as  function  of  sample  treatment. 
The  dark  black  areas  in  the  annealed  sample  represent  voids  (voids  were  determined  via 
X-TEM)  and  the  dark  lines  at  the  surface  of  the  thermally  fatigued  sample  represent 
nanofractures. 
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CONCLUSIONS 


We  have  developed  and  performed  laboratory  experiments  which  simulate  the  acute  thermal 
cyclic  fatigue  incured  as  a  result  of  pulsed  power  switching  operation.  Evaluation  of  the 
reliability  of  Ni  contacts  to  SiC  in  response  to  cyclic  thermal  fatigue  was  investigated.  Our 
results  demonstrated  that  most  of  the  material  changes  occurred  in  response  to  the  first  thermal 
pulse  and  that  further  pulsing  (up  to  10  pulses)  inflected  negligible  changes  in  the  contact-SiC 
durability,  compositional  and  electrical  properties.  The  stability  of  the  metal-semiconductor 
interface  after  acute  thermal  cyclic  fatigue  lends  support  for  for  the  utilization  of  Ni  as  a  contact 
metallization  for  pulsed  power  applications. 
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ABSTRACT 

Thin  tungsten  carbide  films  of  different  compositions  were  prepared  by  DC  magnetron 
sputtering  of  tungsten  and  carbon  and  subsequent  annealing  in  different  environments.  The 
onset  of  carbide  formation  was  around  800°C.  Annealing  in  a  pure  hydrogen  ambient  generally 
results  in  carbon  depletion  in  the  layers  with  the  formation  of  a  dominant  W2C  phase.  Adding 
propane  enhances  the  carbon  content  in  the  layers  and  stimulates  the  formation  of  the  WC 
phase.  On  silicon  nitride  substrates,  variation  of  the  propane  concentration  in  an  annealing 
environment  allows  a  continuous  alteration  of  the  layer  structure  between  polycrystalline  single 
phase  WC  and  a  mixed  layer  with  dominant  W2C  and  with  it,  the  adjustment  of  different  values 
of  the  electrical  resistance.  In  contrast,  on  thin  (100)SiC  layers  a  textured  W2C  phase  was 
grown  after  annealing  in  propane/hydrogen  at  900°C  whereas  at  higher  temperatures  the 
formation  of  silicides  was  observed.  In  addition,  the  chemical  composition  and  the  temperature 
dependence  of  the  electrical  specific  resistance  were  investigated  and  are  also  discussed. 


INTRODUCTION 

In  recent  years,  increasing  interest  has  been  directed  to  wide  band-gap  semiconductors  like 
silicon  carbide  (SiC)  due  to  its  potential  for  applications  in  power  and  high  temperature 
electronics  [1].  SiC  devices  show  very  good  high  temperature,  chemical  and  mechanical 
stability  and  high  breakdown  voltages.  Recent  improvements  in  crystal  growth  techniques  now 
provide  industry  and  research  with  high  quality  bulk  and  epilayer  material.  However,  there  are 
still  a  variety  of  factors  limiting  the  commercialization  of  devices  in  this  area  [2].  One  of  the 
most  important  factors  with  respect  to  high  temperature  devices  is  the  requirement  of  a 
metallization,  which  should  maintain  a  low  contact  resistivity,  have  good  adhesion  to  the 
substrate  material  and  have  high  stability  at  elevated  temperatures,  particularly  at  the  interface. 
Several  attempts  have  been  made  to  achieve  good  Ohmic  contacts  to  SiC.  However,  at  elevated 
temperatures  most  metals  are  not  stable  on  SiC  and  form  rather  good  rectifying  contacts  with  a 
barrier  height  >  1  eV  [3]. 

The  formation  of  good  stable  Ohmic  contacts  to  p-type  SiC  remains  an  important  technological 
problem  that  is  hindering  the  industrial  production  of  high  temperature  and  power  devices.  A 
theoretical  study  based  on  an  ideal  band  bending  model  of  a  semiconductor-metal  interface  has 
shown  the  impossibility  of  forming  enhancement  contacts  to  p-type  SiC  [4],  because  no  contact 
material  exists  with  the  required  work  function.  In  all  cases,  to  form  Ohmic  contacts  the  width 
of  the  depletion  zone  has  to  be  minimized  to  increase  thermionic  emission.  This  can  be  attained 
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by  a  high  doping  of  the  surface  region.  Nevertheless,  a  high  value  of  the  contact  material  work 
function  is  a  precondition  for  the  formation  of  Ohmic  contacts. 

Metal  carbides  are  promising  contact  materials  that  could  fulfill  the  above  mentioned 
requirements.  Transition-metal  carbides  like  tungsten  carbide  possess  an  unusual  combination 
of  physical  properties:  They  are  hard  and  very  refractory  as  many  ceramics  and  have  good 
electrical  conductivity  that  is  comparable  to  the  parent  transition  metals  [5].  The  extreme 
stability  and  hardness  are  already  being  exploited  in  many  industrial  applications  like  wear- 
resistant  coatings,  cutting  and  drilling  tools.  However,  the  electrical  properties  make  tungsten 
carbide  also  an  attractive  material  for  contacts  in  high  temperature  electronics  or  as  conductive 
protective  layers  in  sensor  applications.  Tungsten  carbide  exists  in  different  phases,  most 
important  are  the  WC  and  W2C  phases.  The  close  match  of  the  lattice  constants  of  the 
hexagonal  phase  to  the  (OOOl)SiC  plane  and  the  high  work  function  of  3.6  eV  and  4.58  eV, 
respectively,  [5]  favors  them  in  applications  as  highly  stable  epitaxial  contacts  to  SiC. 

Several  attempts  have  been  made  to  prepare  thin  tungsten  carbide  layers  on  different  substrates 
including  sputtering,  chemical  vapor  deposition  (CVD),  solid-phase  reaction,  laser  ablation  and 
ion  beam  synthesis.  In  most  cases  a  mixed  phase  or  amorphous  tungsten  carbide  was  grown, 
mainly  for  hard  and  wear  resistant  coatings.  The  only  techniques  that  have  successfully 
prepared  single  phase  WC  layers  are  the  solid  state  reaction  of  tungsten  on  diamond  [6]  and 
CVD  on  tantalum  substrates  [7]  at  high  temperatures.  However,  both  methods  are  strongly 
influenced  by  the  substrate  material  and  CVD  was  shown  to  be  inappropriate  for  SiC  substrates. 
Up  to  now  neither  have  the  contact  properties  of  thin  tungsten  carbide  layers  to  SiC  been 
investigated  nor  has  epitaxial  growth  been  possible. 

EXPERIMENTAL 

The  tungsten-carbon  layers  were  deposited  by  DC  magnetron  sputtering  of  a  sintered 
stoichiometric  WC  target  in  argon  at  a  pressure  of  3x1  O'2  Torr  at  room  temperature  or  in  situ 
annealing  at  500°C,  respectively.  The  substrates  were  silicon  wafers  covered  by  250  nm  silicon 
nitride  or  by  thin  cubic  (100)SiC  formed  by  carbonization  [8].  Prior  to  sputter  deposition  they 
were  ultrasonically  cleaned  in  methanol.  The  tungsten-carbon  layer  thickness  was  varied 
between  50  and  300  nm.  Annealing  experiments  were  performed  in  situ  or  ex  situ  in  a 
conventional  horizontal  quartz  tube  in  argon  for  20  min  or  in  a  rapid  thermal  processing  (RTP) 
equipment  [9]  between  10  and  60  s  in  argon/  hydrogen/  propane  mixtures  with  a  propane 
content  that  was  varied  between  0  and  5%.  The  layer  structure  was  analyzed  by  X-ray 
diffraction  (XRD)  with  CuKa  radiation,  the  surface  morphology  by  atomic  force  microscopy 
(AFM),  the  electrical  conductivity  by  a  linear  four-point  method  at  room  temperature  and  at 
elevated  temperatures  up  to  470°C  and  the  chemical  composition  by  Auger  electron 
spectroscopy  (AES)  and  X-ray  photoelectron  spectroscopy  (XPS). 

RESULTS 

The  as-deposited  layers  were  amorphous  or  micro  crystalline  with  a  homogeneous,  smooth 
surface  without  any  distinct  features.  A  compositional  analysis  revealed  a  carbon  depletion 
around  10  %.  Annealing  in  situ  resulted  in  micro  crystalline  thin  films.  Ex  situ  annealing  in 
pure  hydrogen  by  RTP  lead  to  strong  carbon  depletion  via  reaction  to  hydrocarbons,  and  the 
formation  of  the  W2C  and  other  high  temperature  phases  (Fig.  1).  This  reaction  can  be 
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suppressed  by  adding  propane  to  the  ambient.  With  an  enhancement  of  the  propane 
concentration  up  to  0.025%  on  the  silicon  nitride  covered  substrates,  the  content  of  the  W2C 
phase  decreased  while  content  of  the  WC  phase  increased  (Fig.  2).  Only  WC  was  detected  by 
XRD  above  0.025%  at  1200°C  and  in  the  AFM  images  small  grains  appeared  at  the  surface.  In 
contrary,  annealing  of  the  tungsten  carbon  layers  on  the  (100)SiC  covered  substrates  at  900°C 
under  the  same  conditions  enhances  the  formation  of  the  W2C  phase.  Only  one  tungsten  carbide 
diffraction  peak  was  detected  indicating  the  formation  of  a  texture.  At  higher  temperatures  (i.e. 
1200°C  in  Fig.  3)  tungsten  silicide  was  additionally  observed.  This  phase  is  probably  formed  by 
the  reaction  of  tungsten  with  silicon  from  the  underlying  substrate  which  diffuses  through  the 
thin  SiC  layer. 


Fig.  1  XRD  patterns,  RTP  annealing  in  pure  hydrogen  between  1000°C  and  1350°C 


Fig.  2  XRD  patterns,  RTP  annealing  at  1200°C,  of  0.01%  to  0.05%  propane  in  hydrogen 
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Fig.  3  XRD  patterns,  RTP  annealing  -  Si3N4  and  SiC  substrates 

The  chemical  analysis  of  the  thin  films  was  accomplished  by  AES  depth  profiling  using  a 
sputter  rate  of  around  1  to  2  nm/min.  For  the  as-deposited  films  as  well  as  for  the  RTP  (Fig.  4) 
and  in  situ  annealed  samples  the  tungsten  and  carbon  amount  is  constant  over  the  entire 
thickness,  independent  of  the  annealing  time  (Table  I).  A  low  oxygen  content  of  approximately 
1%  to  3  %  was  detected.  A  higher  concentration  was  found  only  after  annealing  in  the  quartz 
tube  where  already  low  traces  of  oxygen  or  water  are  sufficient  to  oxydize  the  layers.  Similar 
results  were  found  by  XPS  depth  profiling.  XPS  spectra  indicate  the  formation  of  carbides.  The 
binding  energy  was  estimated  to  be  32.1  eV  and  31.36  eV  for  the  WC  and  W2C,  respectively, 
where  the  latter  is  located  very  close  to  the  value  for  elemental  tungsten  (31.32  eV  [10]).  The 
calculated  content  of  the  two  carbidic  phases  is  in  good  agreement  with  XRD  observations. 


Fig.  4  AES  depth  profiling,  RTP  at  1200°C  and  0.02%  propane  (The  changing  concentrations 
near  the  interface  are  due  to  charging  effects  at  the  isolating  substrate.) 
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Table  I  Comparison  between  XRD,  AES  and  XPS 


Sample 

XRD 

AES 

XPS 

W 

C 

O 

in  situ  annealed 

micro  crystalline 

53.3% 

43.3% 

<3.2% 

Annealed  in 
quartz  tube 

mixture  of 
W/W2C  and  a 
low  content  WC 

40.. 77% 

2.. 24% 

59..5% 

approximately  10%  WC, 
10%  W2C,  80%  W,  oxide 
only  near  surface 

RTA,  1 200°C, 
0.02%,  60s 

mixture  of  WC 
and  W2C 

54.4% 

44.3% 

1.35% 

approximately  40%WC, 
60%  W2C 

RTA,  1200°C, 
0.02%,  10s 

mixture  of  WC 
and  W2C 

55.2% 

43.2% 

1.58% 

RTA,  1200°C, 
0.05%,  60s 

W2C  and  a  low 
content  WC 

65.5% 

32.8% 

1.66% 

approximately  10%  WC 
and  90%  W2C 

At  room  temperature  the  as-deposited  tungsten-carbon  layers  had  a  specific  resistance  of  around 
200  pX^cm.  With  increasing  content  of  the  W2C  phase  at  lower  propane  concentrations  the 
specific  resistance  decreased  continuously  to  100  |nQcm  (Fig.  5).  As  a  result  of  the  temperature 
dependent  measurements  the  as-deposited  and  in  situ  annealed  layers  revealed  a  negative 
temperature  coefficient  which  is  well  known  for  amorphous  or  microcrystalline  metal  films. 

The  specific  resistivity  of  the  crystalline  tungsten  carbide  layers  showed  a  temperature  behavior 
depending  on  their  composition  (Fig.  6):  a  linear  increase  with  the  temperature  for  pure  WC 
layers  similar  to  pure  metals  and  a  non  linear  behavior  in  the  case  of  temperature  dependence  of 
the  WC  /  W2C  mixtures.  Above  450°C  surface  oxidation  affected  the  measurements. 


Fig.  5  Electrical  resistivity  on  propane  concentration  measured  at  room  temperature,  untreated 
and  rapid  thermal  processing  at  1200°C 
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Fig.  6  Electrical  specific  resistance  on  the  measurement  temperature 
CONCLUSIONS 

Single  phase  polycrystalline  WC  layers  were  prepared  by  sputtering  of  WC  targets  and 
subsequent  short  time  annealing  in  a  propane-hydrogen  ambient.  Thermal  treatment  in  pure 
hydrogen  resulted  in  carbon  depletion  in  the  layers  and  in  the  formation  of  W2C.  Propane 
diluted  in  the  annealing  ambient  stimulated  a  transformation  of  the  tungsten-carbon  layers  to  a 
stoichiometric  WC  phase.  On  amorphous  silicon  nitride  polycrystalline  tungsten  carbide  layers 
with  adjustable  ratio  between  the  WC  and  the  W2C  phase  were  formed  and  therefore  different 
values  of  the  electrical  resistance  in  dependence  on  the  propane  concentration  emerged.  In 
contrary  on  thin  cubic  (100)SiC  layers  a  preferred  formation  of  a  textured  W2C  phase  was 
observed  after  annealing  in  propane/hydrogen  at  900°C.  At  higher  temperatures  the  presence  of 
additional  silicon  resulted  in  the  formation  of  a  tungsten  silicide  by  diffusion  of  silicon  through 
the  thin  SiC  layer  or  by  an  interface  reaction.  The  origin  of  this  silicon  as  well  as  the  influence 
of  orientation  of  the  SiC  layer  ((100)  vs.  (1 1 1))  will  be  the  subject  of  further  investigations. 
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ABSTRACT 

A  formation  of  Si02/4H-SiC  interfaces  by  oxidizing  deposited  poly-Si  on  a  4H-SiC 
substrate  and  high  temperature  hydrogen  annealing  at  low  pressure  (  8.5xl02  Pa  )  has  been 
investigated.  The  oxidation  rate  of  deposited  poly-Si  was  approximately  100  times  faster  than 
that  of  a  SiC.  Hydrogen  annealing  more  effectively  reduced  the  flat  band  voltage  shift  (  AV^  ) 
of  the  4H-SiC  MOS  structure  than  argon  and  vacuum  annealing.  Moreover,  the  good  Si02/4H- 
SiC  interface  was  formed  because  AVft  decreased  as  the  oxidation  temperature  increased. 

INTRODUCTION 

Recently,  many  studies  on  high-temperature,  high-power  and  high-frequency  electronic 
devices  fabricated  from  6H-  and  4H-SiC  have  been  reported  because  SiC  has  excellent  physical 
properties  such  as  high  electric  field  breakdown  strength,  high  saturated  electron  velocity  and 
high  thermal  conductivity  [1-3].  Metal-oxide-semiconductor  field-effect-transistors  (  MOSFETs  ) 
are  as  important  in  power  SiC  devices  as  in  power  Si  devices.  However,  SiC  MOSFETs  have  not 
been  realized  yet  for  practical  use  because  of  two  main  problems.  One  is  the  difficulty  of 
thermally  oxidizing  SiC  due  to  the  anisotropy  and  very  small  value  of  the  oxidation  rate.  Another 
is  a  large  amount  of  Si02/SiC  interface  state.  Especially,  the  latter  is  thought  to  be  one  of  the 
origins  of  low  channel  mobility  of  SiC  MOSFETs. 

In  Si  MOS  technology,  the  Si02  film  formed  by  oxidizing  poly-Si  is  used,  for  example,  as 
an  insulator  film  between  a  floating  gate  and  a  control  gate  in  erasable  programmable  read  only 
memory  (  EPROM  ).  The  oxidation  rate  of  poly-Si  is  faster  than  that  of  single  crystal  Si  and 
exhibits  no  anisotropy.  It  is  also  well  known  that  hydrogen  annealing  terminates  dangling 
bonds  of  Si  at  the  Si02/Si  interface  and  decreases  the  interface  state  density  ( Dit ). 

However,  Afanasev  et  al.  reported  that  hydrogen  annealing  at  the  pressure  of  1.1  X  10s  Pa 
occurred  positive  charge  at  the  Si02/SiC  interface,  resulting  in  the  shift  of  C-V  characteristics  of 
6H-SiC  MOS  structures  toward  negative  voltage  from  the  ideal  C-V  characteristics,  and  that 
hydrogen  annealing  seemed  to  be  insignificant  for  the  decrease  of  dangling  bonds  [4,5].  In 
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contrast,  we  found  that  hydrogen  annealing  at  low  pressure  (  8.5xl02  Pa  )  did  not  shift  C-V 
characteristics  of  4H-SiC  MOS  structures  toward  negative  voltage  from  the  ideal  C-V 
characteristics  and  decreased  Dit  [6,7].  The  positive  charge  which  occurs  at  the  Si02/4H-SiC 
interface  in  hydrogen  annealing  at  the  pressure  of  1.1  X105  Pa  is  considered  to  be  due  to  the 
excess  hydrogen.  Therefore,  if  the  combination  of  oxidizing  deposited  poly-Si  and  high 
temperature  hydrogen  annealing  at  low  pressure  (  8.5xl02  Pa  )  is  applied  to  the  fabrication  of 
SiC  MOSFETs,  two  problems  as  mentioned  above  will  be  solved. 

In  this  study,  we  have  investigated  a  formation  of  the  Si02/4H-SiC  interface  by  oxidizing 
deposited  poly-Si  and  high  temperature  hydrogen  annealing  at  low  pressure  (  8.5xl02  Pa  )  and 
effect  of  the  oxidation  temperature  on  high-frequency  C-V  characteristics. 

EXPERIMENTAL 

The  8°  off-angled  n-type  4H-SiC  (0001)  substrates  from  Cree  Research  with  a  4.9- 
{i  m  -thick  n-type  epitaxial  layer  were  used  for  this  study.  The  n-type  dopant  was  nitrogen. 
The  effective  carrier  density  (  Nd-Na  )  was  1.7  X1016  cm'3.  After  the  standard  RCA  cleaning, 
10  nm  thick  sacrifice  oxide  films  were  grown  at  1100°C  in  dry  02,  and  then  they  were  removed 
by  5%  HF  solution  before  loading  in  ultra-high-vacuum  (  UHV  ).  The  22  nm  thick  poly-Si 
layers  were  deposited  on  4H-SiC  substrates  in  a  Si  molecular-beam-epitaxy  (  MBE  )  apparatus. 
The  poly-Si  layers  were  thermally  oxidized  at  1050°C,  1150°C  and  1250°C  for  30  min  in  dry  02. 
The  samples  were  moved  from  the  hot  zone  to  the  cool  zone  and  cooled  down  to  20°C  rapidly. 
The  post-oxidation  annealing  (  POA  )  of  samples  oxidized  at  1050°C  and  1150°C  were 
performed  in  hydrogen  (  8.5  X102  Pa  )  at  1000°C  for  30  min  and  POA  of  samples  oxidized  at 
1250°C  were  performed  in  hydrogen  (  8.5  X 102  Pa  )  ,  argon  (  8.5  X 102  Pa  )  and  vacuum  (1 X 10A 
Pa  )  at  1000°C  for  30  min.  Aluminum  on  top  of  oxide  films  and  on  the  backs  of  the  samples  was 
evaporated  to  make  gate  electrodes  and  ohmic  contacts  of  MOS  structures,  respectively.  High- 
frequency  C-V  measurements  were  performed  using  an  HP  4274  LCR  meter  in  a  shielded  dark 
box  at  room  temperature.  The  thickness  of  Si02  films  grown  on  4H-SiC  substrates  by  oxidizing 
deposited  poly-Si  as  shown  in  Fig.  1  were  measured  using  the  surface  profilometer  (  Dektak 
IIA  ).  The  thickness  of  Si02  films  of  MOS  structures,  estimated  from  capacitance-voltage 
(  C-V  )  characteristics,  was  60  ±  5nm. 

RESULTS  AND  DISCUSSION 

Oxidation  rate 

Figure  1  shows  the  oxidation  time  dependence  of  the  Si02  thickness  formed  by  oxidizing 
deposited  poly-Si  on  SiC  substrates,  single  crystal  Si  [8]  and  single  crystal  SiC  [9]  at  1050°C. 
The  oxidation  rate  of  a  poly-Si  is  approximately  100  times  faster  than  that  of  single  crystal  SiC 
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[9]  and  approximately  1.2  times  faster  than  that  of  single  crystal  Si  as  expected.  This  value  is 
available  for  practical  use. 


Figure  1  Oxidation  time  dependence  of  the  thickness  of  Si02  films  formed  by  oxidizing  deposited  poly-Si 
(  closed  circles  )  on  4H-SiC  substrates,  single  crystal  Si  [S](  open  circles  )  ,and  single  crystal  SiC  [91 
( closed  square )  at  1050°C. 

POA  effect  on  high-frequency  CV  characteristics  of  4H-SiC  MQS_structur.es 

Figure  2  shows  effect  of  POA  on  high-frequency  C-V  characteristics  of  4H-SiC  MOS 
structures.  The  dotted  line  was  calculated  using  the  oxide  capacitance  (  Cox )  and  Nd-Na  of  sample 
with  hydrogen  annealing.  The  measured  capacitance  at  Vg<-3V  are  lower  than  the  calculated 
values  due  to  a  small  amount  of  minority  carriers  generated  at  room  temperature  because  of  the 
wide-gap  of  4H-SiC.  POA  condition  dependence  of  AV^  and  the  surface  state  density  (  Nss )  + 
the  fixed  charge  density  (  Nf  )  is  summarized  in  Table  1.  The  values  of  AVn,  and  Nss+Nf  of 
sample  without  any  annealing  are  14V  and  -5.0xl012cm'2.  Even  the  vacuum  and  argon  annealing 
decrease  AV^  and  Nss+Nf.  Especially,  AVft  and  Nss+Nf  were  reduced  to  2.2V  and  -7.4X1011  cm'2 
by  argon  annealing,  respectively.  Hydrogen  annealing  decreases  more  effectively  AVft  and 
Nss+Nf.  C-V  characteristics  of  the  sample  with  hydrogen  annealing  is  very  close  to  the  ideal  C-V 
characteristics.  We  have  already  revealed  that  the  density  of  hydrogen  which  accumulates  at  the 
Si02/SiC  interface  formed  by  thermal  oxidation  of  an  SiC  substrate  increases  as  hydrogen 
annealing  temperature  increases  using  secondary  ion  mass  spectroscopy  (  SIMS  )  [6,7].  As  it  is 
thought  that  the  same  phenomena  occurs  in  this  experiment,  hydrogen  terminates  dangling  bonds 
of  Si  or  C  atoms  at  the  Si02/SiC  interface  more  strongly  than  oxygen  because  the  binding  energy 
of  Si-H  is  lower  than  that  of  Si-O.  As  a  result,  the  values  of  AVfc  and  Nss+Nf  of  the  sample 
with  hydrogen  annealing  are  smaller  than  those  of  samples  with  argon  or  vacuum  annealing, 
which  are  1.1  V  and  -4.0xl0n  cm'2,  respectively.  Hydrogen  annealing  is  the  most  available  for 
the  good  Si02/4H-SiC  interface. 
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Figure  2  POA  effect  on  high-frequency  C-V  characteristics  of  4H-SiC  MOS  structures.  The  gate  oxide 
films  were  grown  at  1250°C.  POA  in  hydrogen  (  8.5xl02  Pa  ),  argon(  8.5xl02  Pa  )  and  vacuum(  lxlO'4 
Pa  )  was  performed  at  1000°C  for  30min  after  oxidation. 


Table  1  POA  condition  dependence  of  AVft  and  Nss+Nf 


Figure  3  shows  oxidation  temperature  effect  on  high-frequency  C-V  characteristics  of  4H- 
SiC  MOS  structures.  All  samples  were  annealed  in  hydrogen  (  8.5xl02  Pa  )  at  1000°C  for  30  min 
after  oxidation.  The  dotted  line  and  C-V  characteristics  at  1250°C  are  the  same  as  those  in  Fig.2. 
AVf,,  and  Nf  decrease  with  increasing  temperature  as  shown  in  Fig.4.  This  suggests  that  dangling 
bonds  of  Si  or  C  atoms  are  terminated  by  oxygen  atoms  strongly  as  temperature  increases.  The 
Si02/4H-SiC  interface  becomes  better  as  oxidation  temperature  increases. 
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Fig.  3  Effect  of  oxidation  temperature  on  high-frequency  C-V  characteristics  of  4H-SiC  MOS  structures. 
They  were  annealed  in  hydrogen  (  8.5xl02  Pa )  at  1000°C  for  30  min  after  oxidation. 


Oxidation  temperature  (°C) 


Fig.4  Oxidation  temperature  dependence  of  AV^  and  NK+Nr  estimated  from  C-V  characteristics  of  4H-SiC 
MOS  structures  as  shown  in  Fig.  3. 

CONCLUSION 

The  oxidation  rate  of  deposited  poly-Si  is  approximately  100  times  faster  than  that  of  single 
crystal  SiC,  which  is  available  for  practical  use.  Hydrogen  annealing  at  low  pressure  (  8.5xl02 
Pa  )  more  effectively  reduced  AV^  and  Nss+Nf  than  argon  and  vacuum  annealing,  resulting  in 
AVfh  and  Nss+Nf  of  1.1V  and  -4.0xl0n  cm'2,  respectively.  The  value  of  AV^  is  also  reduced  as 
oxidation  temperature  increases.  Finally,  the  problems  of  slow  oxidation  rate  of  single  crystal 
SiC  and  the  bad  Si02/4H-SiC  interface  can  be  solved  using  these  technologies. 
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ABSTRACT 

Amorphous  tungsten-silicon  layers  were  deposited  by  DC  co-sputtering  and 
subsequently  annealed  in  an  argon  atmosphere  up  to  1325  K  to  form  tetragonal  crystalline  WSi2. 
Al-implanted  p-6H-SiC  exhibits  a  small  depletion  area  forming  an  ohmic  contact  with  low 
specific  contact  resistance.  A  modified  Circular  Transmission  Line  Model  (CTLM),  introduced 
by  Marlow  &  Das  [1]  and  Reeves  [2],  was  used  to  characterize  the  electrical  properties  of  the 
prepared  contacts  in  the  range  between  300  K  and  650  K.  Deviations  between  calculated  field- 
emission  contact  resistances  and  measured  contact  resistances  (pc=2-10'2  Qcm2,  T=650  K) 
could  be  explained  by  TEM-cross  section  investigations.  These  deviations  are  caused  by 
inhomogeneous  contact  interfaces  originating  from  technological  difficulties  during  contact 
preparation. 


INTRODUCTION 


Silicon  Carbide  as  a  wide  band  gap  semiconductor  is  suitable  for  high  temperature 
devices  with  different  applications.  For  this  purpose  it  is  necessary  to  obtain  low-resistivity 
ohmic  contacts  on  active  semiconductor  areas  which  do  not  degrade  at  high  temperatures. 
Therefore,  the  contact  material  must  have  a  high  melting  point  and  should  not  allow  chemical 
reactions  with  SiC  which  may  influence  the  electrical  properties  of  the  contact  area. 

Due  to  theoretical  calculations  of  a  p-depletion  contact  on  6H  SiC  [3],  WSi2  is 
favourable  as  metallization  material  because  of  the  high  work  function  of  4.62  to  4.70  eV  [4,  5]. 
The  high  acceptor  activation  energy  (>  0.24  eV)  causes  an  ionization  of  only  approximately  1% 
of  available  acceptors  at  room  temperature  [6].  Dopant  incorporation  via  diffusion  is  not  feasible 
in  SiC.  However,  ion  implantation  is  a  possibility  to  increase  the  acceptor  concentration  at  the 
surface.  This  causes  a  narrower  depletion  zone  which  allows  for  thermionic-field  or  field 
emission.  Fig.  1  demonstrates  the  influence  of  the  hole  concentration  on  the  specific  contact 
resistance  [7,  8],  using  Eq.  (1). 
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Thus  an  ohmic  contact  with  a  low  specific  contact  resistance  should  be  feasible. 

Further  research  work  [9]  focused  on  the  preparation  and  patterning  of  tungsten  silicide 
metallization  and  on  measurement  of  contact  resistivity,  applying  the  Circular  Transmission 
Line  Model  [1,  2]. 
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EXPERIMENT 


In  order  to  increase  the 
acceptor  concentration  near  the 
surface,  an  Al-implantation  was 
performed  using  different  doses 
between  5  1014  and  61 01 5  cm'2  at 
room  temperature  and  an 
implantation  energy  of  50  keY,  A 
theoretical  calculation  of  the 
implantation  profiles  (TRIM)  is 
shown  in  Fig.  2.  The 
recrystallization  of  SiC  was 
achieved  by  annealing  at  1925  K  in 
argon  atmosphere  for  20  min. 

To  obtain  high  temperature 
stable  ohmic  contacts  consisting  of 
WSi2,  tungsten  and  silicon  were  DC 
co-sputtered  in  a  stoichiometric  ratio 
Si:W  of  2. 1 : 1,  resulting  in  an 
amorphous  layer  of  400  nm 
thickness.  During  the  formation  of 
crystalline  WSi2  at  1325  K  in  an 
argon  atmosphere  for  20  min  a 
theoretical  shrinkage  to  300  nm  is 
expected  to  appear  [10]. 
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Fig.  1  Calculated  specific  contact  resistance 
versus  hole  concentration 


0  200  400  600  800  1000  1200  1400 


depth  [A] 

Fig.  2  Implantation  profiles  calculated  using  TRIM 
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The  formation  of  a  crystalline  WSi2“layer  is  demonstrated  by  x-ray  diffraction  using 
different  angles  of  incidence  and  Bragg-Brentano-geometry  (Fig.  3). 


Fig.  3  X-ray  diffraction  patterns  of  annealed  WSh 

Measurement  structures  were  patterned  by  a  plasma  enhanced  chemical  etching  process 
using  a  photo  resist  mask.  The  used  gas  fluxes  were  20  seem  CI2  and  20  seem  SF6,  the  chamber 
pressure  amounted  to  3  10 2  mbar  and  the  RF-power  was  50  W.  Etching  efficiency  was 
controlled  by  optical  microscopy. 

An  example  of  contact  resistance 
measurement  structures  is  shown  in  Fig.  4. 

A  modified  Circular  Transmission  Line  Model 
according  to  Marlow  &  Das  [1]  and  Reeves  [2] 
was  applied  for  obtaining  specific  contact 
resistances  at  different  temperatures  up  to  650  K. 

Fig.  4  Contact  resistance  measurement 
RESULTS  structures  according  to  Marlow  &  Das  (a) 

and  Reeves  (b) 

The  summarized  results  for  the  measured 

specific  electrical  resistivity  and  the  temperature  coefficient  of  the  WSi2-layer  are  shown  in 
Fig.  5.  The  obtained  resistivity  of  approximately  47  pQcm  is  slightly  larger  than  the  value  of 
40  |i£2cm  for  WS ^-layers  given  in  literature  [4,  5].  This  deviation  indicates  complete 
transformation  into  crystalline  \VSi2  with  a  small  amount  of  pores. 

Atomic  Force  Microscopy  was  used  to  determine  the  thickness  of  the  annealed  WSh- 
metallization  layer.  It  amounts  to  approximately  350  nm  (Fig.  6),  thus  it  is  thicker  than  the 
expected  value  of  300  nm.  One  possible  explanation  for  this  is  the  formation  of  pores  in  the 
metallization  layer  during  the  annealing  process. 

Specific  contact  resistances  of  different  samples  were  calculated  from  measured  current- 
voltage-plots.  One  example  of  such  current-voltage-plots  for  different  temperatures  is  shown  in 
Fig.  7.  The  equation  systems,  developed  using  CTLM  and  regression  analysis,  were  solved  by  a 
mathmatical  software  package.  Table  I  shows  some  obtained  values  of  specific  contact 
resistances  for  different  temperatures,  upper  epi-layer  concentrations  and  implantation  doses. 
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Fig.  5  Specific  electric  resistance  and  temperature  coefficient  of  WSi2-metallization 


Table  I  Measured  specific  contact  resistivity  of  implanted  and  \VSi2-c0ated  p-6H  SiC 
(Nai  upper  epi-layer  concentration,  No  imp  implanted  dose) 
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Fig.  6  Atomic  Force  Microscope  image 
of  an  annealed  and  patterned  ring  structure; 
depth-measurement 


At  higher  temperature  more  of  the 
implanted  acceptors  are  ionized.  Therefore,  a 
lower  ohmic  contact  resistivity  was  obtained. 

A  high-resolution  cross-sectional  TEM 
(XTEM)  micrograph  of  metallized  6H-SiC 
(implantation:  NDimP  =  6  1015  cm'2,  50  keV)  is 
shown  in  Fig.  8.  The  grainy  structure  of  the 
metallization  layer  (denoted  as  M)  is  clearly 
visible,  the  grain  size  being  in  the  range  of  a 
few  hundred  nanometers.  The  metallic  layer 
contains  various  pores,  which  are 
characterized  by  bright  areas  in  Fig.  8  and 
which  are  most  likely  the  result  of  the  thermal 
treatment  within  the  metallization  process 
rather  than  of  the  sputtering  technique  used  in 
specimen  preparation.  The  interface  (small 
arrow)  between  the  metal  layer  and  the  SiC 
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substrate  shows  a  wavy  morphology  with  trenches  reaching  up  to  100  nm  down  into  the 
substrate.  These  trenches  are  partially  filled  with  metal  grains. 


voltage  [V] 

Fig.  7  Measured  current-voltage-plot  of  a  3-ring  contact  structure, 
Reeves  pattern,  temperature  as  parameter 


The  SiC  substrate  is 
subdivided  into  four  regions,  the 
undamaged  6H  substrate 
followed  by  a  6H-layer  with 
small  defects  causing  grainy 
contrasts  in  Fig.  8.  The  6H  layers 
are  covered  with  epitaxially 
grown  3C-SiC  ((11  l>3c  II 
(0001)6H),  the  interface  being 
located  approximately  130  nm 
beneath  the  metal/ 
semiconductor  interface.  The 
3C-SiC  part  is  subdivided  into 
a  defect  rich,  approximately  80 
nm  thick  lower  zone  showing 
stripy  contrasts  (planar  defects) 
in  Fig.  8  and  a  50  nm  thick 
nearly  defect  free  upper  zone. 

The  results  indicate  that 
the  metal  semiconductor  contact 


Fig.  8  TEM  image  of  the  interface  region 
WSi2-metallization  layer  /  p-6H  Silicon  Carbide 
(shows  different  defects,  e.g.  pores,  3C  SiC) 


mainly  consists  of  a  metal/3 C-SiC/6H-SiC  contact,  even  though  due  to  the  trenches  formed 


there  may  be  locally  also  some  small  metal/6H-SiC  contact  regions. 


CONCLUSIONS 


Doping  of  6H-SiC  by  implantation  of  50  keV  aluminium  ions  using  a  dose  of 
6'1015  citl  probably  leads  to  the  formation  of  an  amorphous  surface  layer.  This  amorphous 
layer  may  recrystallize  as  a  twinned  3C-SiC  layer  during  the  subsequent  20  min  anneal  at 
1925  K.  In  addition  it  has  to  be  clarified  whether  the  trenches  observed  are  the  result  of  the 
annealing  procedure,  the  subsequent  HF  and  plasma  cleaning  or  the  reaction  of  deposited  W  or 
Si  with  the  SiC  surface  during  metallization.  Since  the  defect  layers  in  SiC  are  flat,  any 
implantation  related  reasons  can  be  ruled  out. 

Due  to  different  difficulties  during  the  implementation  of  implantation  and  metallization 
process  it  was  not  possible  to  obtain  contact  resistances  less  then  10'3  Qcm2.  However,  the  high 
implanted  samples  lead  to  an  ohmic  contact  particularly  at  higher  temperatures.  This  indicates  a 
field  emission  conducting  process  which  is  demonstrated  in  the  left  part  of  Fig.  1.  Therefore, 
WSi2  should  be  an  available  contact  material  for  high  temperature  applications. 

The  aim  for  further  research  work  has  to  be,  firstly,  the  prevention  of  solid-state 
transformation  to  3C-SiC  during  the  implantation  annealing  process.  Secondly,  to  avoid  the 
growth  of  pores  during  the  annealing  for  the  formation  of  the  tungsten  disilicide  layer. 
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ABSTRACT 

Structural  and  electrical  properties  of  beryllium  implanted  silicon  carbide  have  been  investigated 
by  secondary  ion  mass  spectrometry,  Rutherford  backscattering  as  well  as  deep  level  transient 
spectroscopy,  resistivity  and  Hall  measurements.  Strong  redistributions  of  the  beryllium  profiles 
have  been  found  after  a  short  post-implantation  anneal  cycle  at  temperatures  between  1500  °C 
and  1700  °C.  In  particular,  diffusion  towards  the  surface  has  been  observed  which  caused  severe 
depletion  of  beryllium  in  the  surface  region.  The  crystalline  state  of  the  implanted  material  is 
well  recovered  already  after  annealing  at  1450  °C.  However,  four  deep  levels  induced  by  the 
implantation  process  have  been  detected  by  deep  level  transient  spectroscopy. 


INTRODUCTION 

Silicon  carbide  (SiC)  is  a  promising  material  for  high  temperature,  high  frequency,  and  high 
power  device  applications.  Group  HI  elements  are  commonly  used  as  acceptor  dopants  for  this 
semiconductor.  Investigations  on  p-type  SiC  doped  with  these  elements,  however,  revealed  poor 
electrical  characteristics  due  to  high  acceptor  ionization  energies  and  low  hole  mobilities  [1-5]. 
Therefore,  alternative  dopants  with  a  higher  electrical  activation  are  highly  desirable. 

Due  to  the  low  mass  and  high  solubility  in  the  SiC  lattice  [6],  beryllium  (Be)  can  be  used  for  the 
production  of  thick  p-type  layers  applying  ion  implantation.  However,  there  have  been  very  few 
reports  on  Be  doped  SiC  [7-12].  Be  is  known  to  be  an  electrically  active  impurity,  i.e.,  a  doubly 
charged  acceptor  in  SiC  [10].  Two  acceptor  levels  at  0.42  and  0.6  eV,  respectively,  were 
determined  by  Hall  measurements  [8].  Further,  one  deep  level  at  0.38  eV  was  obtained  by  I-V 
measurements  on  p-n  junctions  produced  by  Be  implantation  [12].  However,  the  precision  of 
these  results  is  questionable  because  that  data  analysis  is  based  on  simplified  model  assumtions. 
Despite  the  fact  that  Be  has  been  successfully  applied  in  the  fabrication  of  diodes  [1 1,12],  much 
is  still  unknown  about  the  structure  of  this  dopant  in  the  SiC  lattice. 

In  this  paper,  we  report  on  structural  and  electrical  properties  of  Be  implanted  SiC.  Samples 
were  characterized  by  secondary  ion  mass  spectrometry  (SIMS),  Rutherford  backscattering 
spectrometry  /  channeling  (RBS/C),  deep  level  transient  spectroscopy  (DLTS),  resistivity  and 
Hall  measurements. 

EXPERIMENT 

Epitaxial  layers  ([0001]  orientation,  n-type,  off-axis,  thickness:  10  pm,  carrier  concentration: 
lxlO16  cm'3)  grown  on  6H-SiC  substrates  as  purchased  from  Cree  Research  [13]  were  used  as 
starting  material.  9Be+  was  implanted  applying  energies  between  50  and  590  keV  (see  Table  I)  in 
order  to  obtain  a  box-shaped  profile.  Samples  were  maintained  at  room  temperature  (RT),  and 
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were  tilted  7°  with  respect  to  the  ion  beam  to  minimize  channeling  effects  during  implantation. 
Ion  range  and  nuclear  energy  distributions  were  obtained  by  Monte  Carlo  (MC)  simulations 
using  the  TRIM  code  (SRIM-98,  full  cascade)  [14].  A  mean  displacement  energy  of  25  eV  for 
both  Si  and  C  atoms  was  applied.  The  concentration  profile  and  the  nuclear  energy  density 
distribution  are  shown  in  Fig.  1.  The  critical  energy  density  for  the  amorphization  of  SiC  crystal 
at  RT  (2xl021  keV/cm3  [15])  is  indicated  by  the  dashed  line. 


Ion  energy  (keV) 

Ion  fluence  (1014cm*2) 

50 

0.61 

75 

0.62 

100 

0.63 

130 

0.84 

170 

0.74 

210 

0.85 

260 

0.80 

320 

1.00 

400 

1.03 

490 

0.94 

590 

1.52 

Table  I.  Schedule  used  for  Be  implantation. 


Fig.  1.  Total  nuclear  energy  distribution 
and  total  dopant  concentration  for  Be 
implanted  SiC  as  calculated  using  TRIM 


To  repair  the  crystal  damage  and  activate  the  implanted  dopant,  samples  were  annealed  in 
flowing  argon  (Ar)  gas  (1-2  atm)  at  temperatures  between  1450  °C  and  1700  °C  for  1  min  using 
a  rapid  thermal  annealing  (RTA)  system.  The  temperature  rise  and  fall  rates  were  about  50  °C/s 
and  20  °C/s.  Each  sample  was  covered  with  another  SiC  crystal  to  protect  the  sample  surface 
from  Si  dissociation  during  annealing.  Before  the  electrical  measurements,  a  planar  layer  of 
about  0.6  pm  was  removed  from  the  top  of  the  epilayer  by  applying  a  combination  of  ion 
implantation  and  wet  chemical  etching  [16,17].  Ohmic  contacts  were  prepared  by  metal 
deposition  (titanium  on  the  top,  nickel  on  the  backside)  using  an  e-beam  evaporation  system  and 
a  post-deposition  RTA  cycle  at  1 100  °C  for  5  min  in  flowing  Ar  gas. 

To  evaluate  the  thermal  stability  of  the  Be  profile,  SIMS  measurements  were  conducted  using  a 
CAMECA  ims  4f  instrument  with  a  14  keV  NO2"  primary  ion  beam.  The  depth  conversion  was 
performed  by  measuring  the  total  crater  depth  with  a  surface  profiler  and  assuming  a  constant 
sputtering  rate  during  depth  profiling.  The  concentration  calibration  was  performed  using  a 
standard  sample  fabricated  by  a  single  energy  9Be+  implantation.  A  sensitivity  factor  was  then 
derived  by  comparing  the  area  under  the  SIMS  profile  obtained  from  this  sample  with  that  one  of 
a  profile  obtained  by  a  MC  simulation. 

Resistivity  and  Hall  measurements  employing  the  van  der  Pauw  geometry  were  performed  at 
RT.  To  study  deep  level  defects,  DLTS  measurements  were  conducted  using  an  equipment 
described  elsewhere  [18].  Ionization  energies  and  capture  cross-sections  were  evaluated  from  the 
temperature  dependence  of  the  emission  rates.  Finally,  damage  distributions  were  determined  by 
3  MeV  4He+  RBS/C  along  the  [0001]  axis  using  a  scattering  angle  of  150°.  The  depth  scale  given 
in  the  RBS  spectra  below  was  calculated  using  the  mean  energy  approximation  [19]  and  the 
density  of  the  crystalline  material  (9.66xl022  at/cm3  [15]). 
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RESULTS 


SIMS  measurements  were  performed  on  both  the  as-implanted  and  the  post-implantation 
annealed  samples  to  investigate  the  Be  distribution  before  and  after  the  high  temperature 
treatment.  As  can  be  seen  in  Fig.  2,  the  near  surface  tail  and  the  plateau  concentration  of  the  as- 
implanted  atom  distribution  are  well  reproduced  by  the  MC  simulations.  However,  the  slope  of 
the  tail  towards  the  substrate  is  lower  compared  with  the  theoretical  profile.  Channeling  effects 
can  be  responsible  for  the  observed  discrepancy  which  are  not  considered  in  SRIM-98.  Since 
vacancy-type  defects  far  beyond  the  nuclear  energy  deposition  profile  were  detected  by  Positron 
annihilation  spectroscopy  [20 j,  defect-enhanced  diffusion  could  be  another  reason. 


Fig.  2.  SIMS  9Be  depth  profiles  in  SiC  before  and  after  annealing  at  the  temperatures  indicated. 
A  simulated  depth  profile  as  obtained  using  TRIM  is  shown  for  comparison. 

Strong  redistributions  were  found  in  the  annealed  samples.  The  dopant  profile  is  already 
thermally  unstable  after  a  short  RTA  cycle  at  1500  °C.  In  particular,  the  heat  treatment  caused 
severe  depletion  of  Be  in  the  surface  region  up  to  two  orders  of  magnitude  below  the  as- 
implanted  atom  concentration.  The  integral  of  the  depth  profile,  which  is  a  measure  for  the 
implanted  ion  fluence,  results  in  a  fluence  around  30  %  lower  compared  with  the  as-implanted 
profile.  This  indicates  out-diffusion  of  the  dopant  which  increases  with  increasing  temperature, 
i.e.,  43  %  and  92  %  Be  loss  were  found  at  1600  °C  and  1700  °C,  respectively.  Implantation 
induced  defects  may  govern  the  diffusion  process.  However,  because  of  the  small  atomic  size  of 
Be,  migration  via  an  interstitial  mechanism  is  also  anticipated. 

Additionally,  in-diffusion  into  the  bulk  of  the  epilayer,  although  less  pronounced,  was  also 
observed.  The  higher  the  anneal  temperature  the  stronger  is  the  redistribution  in  the  tail  region. 
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Moreover,  after  RTA  at  1500  °C  a  peak  in  the  Be  profile  can  be  seen  at  a  depth  of  about  1.1  pm 
which  became  more  pronounced  at  higher  anneal  temperatures.  It  is  assumed  that  Be  atoms  were 
trapped  by  thermally  stable  defects  formed  during  the  anneal  process  in  this  (end-of-range) 
region. 

To  remove  the  Be  depleted  surface  layer,  all  samples  (except  the  as-implanted  specimen)  to  be 
examined  in  the  following  by  RBS  and  electrical  measurements  were  etched  as  described  above 
and  processed  at  temperatures  <1600  °C. 

Depth  (nm) 

1200  900  600  300  0 


0.9  1.2  1.5  1.8 

Energy  (MeV) 


Fig.  3.  RBS/C  spectra  (Si  sublattice)  of  3  MeV  4He+  backscattered  from  Be  implanted  SiC  before  and 
after  annealing  at  the  temperatures  indicated 

To  characterize  the  as-implanted  state  and  to  evaluate  the  recovery  of  the  crystal  lattice,  RBS/C 
measurements  were  performed  (see  Fig.  3).  A  random  and  an  aligned  spectrum  from  virgin 
unimplanted  material  are  also  shown  for  comparison.  The  scattering  yield  in  the  aligned 
spectrum  obtained  from  the  as-implanted  sample  is  far  below  the  yield  in  the  random  spectrum. 
This  means  that  the  crystal  was  not  amorphized  during  implantation,  in  agreement  with  the 
nuclear  energy  deposition  calculated  (see  Fig.  1).  This  is  a  necessary  condition  for  complete 
annealing  of  damage  induced  by  ion  implantation  since  defect-free  recrystallization  of 
amorphous  SiC  is  not  possible  [15].  Further,  the  yield  in  the  as-implanted  sample  approaches  the 
yield  in  the  virgin  material  at  about  1.2  pm,  i.e.,  the  damaged  region  extends  up  to  this  depth 
which  is  consistent  with  the  calculated  energy  deposition  profile.  The  peak  observed  at  an  energy 
of  1. 18  MeV  is  due  to  an  oxide  layer  on  the  SiC  surface  which  is  confirmed  by  SIMS. 


As  can  be  further  seen  in  Fig.  3,  the  scattering  yield  in  the  aligned  spectra  from  the  annealed 
samples  almost  coincides  with  the  yield  in  the  aligned  spectrum  from  the  virgin  sample  at  all 
depths  indicating  a  good  lattice  quality  within  the  sensitivity  limit  of  RBS.  Thus,  it  can  be 
assumed  that  the  crystalline  state  is  well  recovered  after  a  RTA  cycle  at  temperatures  >1450  °C. 
Resistivity  and  Hall  measurements  were  performed  at  RT  to  obtain  electrical  properties  of  the 
doped  SiC  layers.  For  comparison,  a  virgin  unimplanted  n-type  sample  was  etched  and  provided 
with  contacts  as  described  above.  Although  a  weak  p-type  conduction  was  detected  in  the 
implanted  epilayers  (free  hole  concentrations  in  the  1016  cm'3  range),  well  reproducible  Hall 
voltages  could  not  be  obtained.  Obviously,  the  Hall  measurements  were  strongly  affected  by  the 
substrate  due  to  insufficient  isolation  of  the  p-type  layer.  However,  resistivities  were  found  to  be 
about  0.5  Ocm,  i.e.,  one  magnitude  lower  compared  to  the  virgin  sample.  Within  the  limits  of 
these  measurements,  a  dependence  on  the  post-implantation  anneal  temperature  in  the  range 
from  1450  to  1600  °C  was  not  detected. 

Finally,  a  typical  DLTS  spectrum  as  obtained  after  RTA  at  1600  °C  is  shown  in  Fig.  4.  Four 
peaks  labeled  BE,,  BE2,  BE3,  and  BE4,  respectively,  were  observed  in  the  temperature  range 
from  -150  to  +100  °C.  Since  no  DLTS  signals  corresponding  to  deep  levels  were  observed  in 
virgin  unimplanted  samples,  all  the  deep  levels  were  therefore  introduced  by  Be  implantation. 
Ionization  energies  and  capture  cross-sections  of  these  levels  are  given  in  Table  II.  For  the 
calculation  of  the  capture  cross-sections,  these  levels  were  assumed  to  be  electron  traps. 

Since  the  free  hole  concentration  of  the  p-type  layer  produced  by  Be  implantation  was  found  to 
be  of  the  same  magnitude  compared  to  the  free  electron  concentration  of  the  epilayer  as  stated 
above,  the  width  of  the  p-type  depletion  layer  is  assumed  to  be  comparable  to  that  of  the  n- type 
one.  Thus,  the  DLTS  signals  observed  may  arise  from  either  electron  traps  at  the  n-side  or  hole 
traps  at  the  p-side  of  the  p-n  junction.  The  question,  whether  these  levels  are  donor-  or  acceptor¬ 
like,  cannot  be  answered  from  the  present  results  but  possibly  by  DLTS  measurements  on  Be 
implanted  p-type  material  provided  with  Schottky  contacts  on  top  of  the  samples.  Further 
investigations  are  necessary  in  order  to  understand  the  origin  of  the  deep  levels  and  the  structure 
of  the  corresponding  defects. 


Deep  level 

Ionization 
energy  (eV) 

Capture  cross- 
section  (cm2) 

BE, 

0.34 

5xl0'13 

be2 

0.46 

5x1  O'14 

be3 

0.52 

5xl0'14 

be4 

0.66 

4xl0'16 

Temperature  (°C) 


Table  II.  Ionization  energies  and  capture 
cross-sections  of  the  deep  levels  as  deter¬ 
mined  from  DLTS  data 


Fig.  4.  DLTS  spectrum  recorded  on  Be 
implanted  n-type  SiC  after  annealing  at 
1600  °C 
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CONCLUSIONS 


The  doping  behaviour  of  Be  implanted  into  n-type  6H-SiC  epitaxial  layers  was  investigated  by 
SIMS,  RBS/C,  DLTS,  resistivity  and  Hall  measurements.  Strong  redistributions  of  the  as- 
implanted  Be  profiles  were  found  after  RTA  at  temperatures  >1500  °C.  In  particular.  Be  diffused 
towards  the  surface  on  a  higher  level  than  into  the  epilayer.  As  a  consequence,  severe  Be 
depletion  in  the  surface  region  occured.  Moreover,  it  was  shown  by  RBS/C  that  the  crystalline 
state  is  well  recovered  after  a  short  RTA  cycle  at  1450  °C.  However,  four  deep  levels  labeled 
BE i,  BE2,  BE3,  and  BE4  were  observed  by  DLTS  which  were  generated  by  Be  implantation.  The 
energy  position  of  these  levels  as  well  as  the  nature  of  the  corresponding  defects  is  still  an  open 
question. 
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ABSTRACT 

In  this  study,  the  (I-V)  properties  of  the  sensors  were  measured  as  a  function  of 
hydrogen,  propylene  and  methane  exposure  at  temperatures  up  to  400°  C  and  sensor  responses 
were  observed  for  each  gas.  The  response  to  hydrogen  and  propylene  had  a  rapid  increase  and 
leveling  off  of  the  current  followed  by  the  subsequent  decrease  to  the  baseline  when  the  gas  was 
switched  off.  However,  exposure  to  methane  resulted  in  a  rapid  spike  in  the  current  followed  by 
a  gradual  increase  with  continued  exposure.  X-ray  photoelectron  (XPS)  studies  of  methane 
exposed  SiC  sensors  revealed  that  this  behavior  is  attributed  to  the  oxidation  of  methane  at  the 
Pd  surface. 

INTRODUCTION 

The  Study  of  SiC  has  focused  on  methods  to  grow  high  quality  SiC  for  a  wide  range  of 
applications  including  high  temperature,  high  power  devices  [1]  as  well  as  optoelectronic 
devices  [2].  Recently,  it  has  also  been  shown  that  SiC  can  be  employed  as  both  an  oxygen  and 
a  hydrogen  sensor  that  operates  in  a  temperature  regime  considerably  higher  than  conventional 
sensors  such  as  tin  oxide  (Sn02)  or  silicon.  Because  of  its  outstanding  thermal  stability,  silicon 
carbide  can  be  employed  as  a  hydrogen  and  hydrocarbon  sensor  that  can  potentially  operate  at 
temperatures  up  to  1000  °C  [3-7].  Potential  uses  of  elevated  temperature  SiC  sensors  include 
automotive  applications,  process  gas  monitoring,  aeronautics,  and  aerospace  applications. 

The  deposition  of  a  catalytic  metal  such  as  Palladium  (Pd)  onto  silicon  carbide  (SiC)  results 
in  Schottky  diode  behavior.  The  adsorbing  gas  changes  the  space  charge  region  under  the  metal 
clusters  which  in  turn  affect  the  conductivity  of  the  crystal.  This  change  in  conductivity  is 
measured  and  can  be  correlated  to  surface  concentrations  and  to  the  levels  of  the  sampled  gas  in 
the  ambient.  The  high  sensitivity  for  hydrogen  containing  combustible  gases  is  enhanced  by  the 
presence  of  catalytic  metals.  Hydrogen  containing  species  dissociatively  adsorb  to  the  metal  and 
hydrogen  atoms  migrate  to  the  Pd/SiC  interface  where  they  affect  the  current-voltage  (I-V) 
properties  of  the  SiC  [7]. 


EXPERIMENTAL 

For  this  study  of  the  g 

response  of  silicon  carbide  ^ 

sensors  to  various  gases,  5  x  7  w 
mm  samples  of  epitaxial  silicon  c 
carbide  films  deposited  on  bulk  t 
silicon  carbide  substrates  were  q 
examined.  Both  silicon  face  and 
carbon  face  samples  were 
produced,  however  the 

preliminary  studies  were 

performed  on  silicon  faced  silicon 
carbide  films  only.  The  sensors 
were  prepared  by  depositing  100 
nm  thick  aluminum  films  to  the 
backside  of  the  sample,  while 
palladium  films  were  deposited  to 
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Figure  1  Current  response  at  0.7  V  to  H2  and 
N2  exposure. 
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the  epitaxial  silicon  carbide  film  side.  The  Pd  deposits  ranged  from  0.1  mm  in  diameter  to  1 .5 
mm.  Up  to  four  palladium  deposits  were  applied  to  one  silicon  carbide  sample.  The  silicon 
carbide  sensors  were  then  mounted  in  a  Flatpax  sample  holder  and  contacts  were  attached  using 
conductive  adhesive,  colloidal  silver. 

In  order  to  establish  a  baseline  for  the  studies  of  silicon  carbide  chemical  sensors,  the 


current-voltage  response  of  the 
sensors  was  examined  upon  exposure 
to  three  specific  gases,  hydrogen, 
propylene  and  methane.  Experiments 
involved  exposing  the  sensors  to  the 
respective  gases  in  both  air  and 
nitrogen  carrier  gases.  The  sensors 
were  kept  in  ambient  room  air  during 
all  of  the  tests.  This  enabled  the 
establishment  of  preliminary  baseline 
responses  to  the  gases  under  ambient 
conditions,  the  conditions  that  may  be 
closer  to  the  actual  conditions  of 
operational  sensors.  The  responses  to 
the  gases  were  carried  out  at  room 
temperature,  100,  200,  300  and  400° 
C.  Responses  at  room  temperature 
were  not  significant  and  therefore  will 
not  be  discussed  in  this  paper.  The 
response  to  methane  was  measured  at 
200,  300  and  400°  C.  Both  current- 
voltage  and  current-time  (at  constant 
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Figure  2  Current  response  to  nitrogen  at  200  °C. 


voltage)  measurements  were  obtained  using  a  Keithley  2400  Source-meter  interfaced  to  a 


Pentium  computer.  All  of  the  experiments  are  presented  as  current-time  plots  where  the  sensor 


has  been  exposed  to  the  various  gases  of  interest.  All  of  these  measurements  were  performed 


with  a  forward  bias  at  0.7  V. 


RESULTS 


The  sensor  response  to  hydrogen  and  nitrogen  at  200  0  C  is  shown  in  Figure  1 .  The 
measurements  were  obtained  using  1000  ppm  H2  in  N2.  The  figure  contains  two  plots,  one  for 
pure  N2  (99.999%)  and  one  for  the  H2-N2  mix.  As  can  be  seen  in  the  plots,  there  is  a  good 
response  to  the  H2  upon  turning  the 
H2-N2mix  on,  with  a  rapid  decrease  in 
current  upon  turning  the  gas  off. 

Three  on-off  cycles  are  shown  in  the 
plot  demonstrating  reproducibility  for 
the  response.  The  same  process  was  — 
performed  for  the  pure  N2.  As  can  be 
seen  in  the  plot,  the  behavior  of  the 
pure  N2  did  not  follow  that  of  the  H2-  £ 

N2  mix.  There  was  a  change  in  2 
current  observed  for  the  pure  N2.  3 

However,  there  was  a  slight  decrease  O 
in  current  rather  then  the  increase  that 
occurs  with  the  H2-N2  mix.  We 
attribute  this  change  to  thermal 
fluctuations  of  the  sensor  when  the  N2 
gas  is  switched  on  and  off.  Both  the 
N2  and  the  H2-N2mix  were  done  at  the 
same  flow  rates,  therefore  the 
magnitude  of  the  decrease  in  current  Figure  3  Current  response  to  H2  at  100 0  C,  200 

C  and  300 0  C 
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from  the  thermal  fluctuations  due 
to  gas  flow  are  insignificant  when 
compared  to  the  increase  in  the 
current  from  the  Schottky  sensor 
response  to  H2.  In  Figure  2,  the 
sensor  response  to  pure  N2  is 
plotted  and  scaled  by  itself.  The  =* 
plot  shows  the  decrease  in  current 
as  the  N2  is  turned  on  and  the 
subsequent  increase  in  current  a) 
when  the  gas  is  turned  off.  The  ^ 
magnitude  of  the  decrease  is  O 
around  10  microamps,  while  the 
magnitude  of  the  H2  response  is 
an  increase  of  30  miliamps.  In 
order  to  establish  the  behavior  of 
the  sensor  H2  response  to 
temperature,  I-t  plots  at  100,  200  500  600  Time  (sec) 

and  300  0  C  are  shown  in  Figure 

3.  As  can  be  seen  in  the  figure.  Figure  4  Current  response  to  propylene  at  200  °C  and 

the  sensor  shows  an  increase  in  300  °C. 


sensitivity  with  increasing 

temperature  consistent  with  published  results  by  Hunter  et-al  [3, 4]. 

The  current-time  response  to  propylene  was  measured  at  100,  200  and  300°  C. 
Consistent  with  the  results  of  Chen  et-al  [5],  the  measurement  at  100  0  C  was  too  low  for  a 
sensor  response.  The  plots  at  200  °C  and  300  °C  are  shown  in  Figure  4,  and  clearly  exhibit  a 
temperature  dependent  increase  in  current  with  exposure  to  propylene.  This  may  be  attributed  to 
several  factors  including  sensor  preparation,  contacts  for  the  leads  and  the  method  of  gas 
dosing.  Our  experiments  were  carried  out  in  ambient  air,  while  the  Chen  work  involved 
systematic  purging  of  the  sensor-sampling  chamber  in  air  and  nitrogen  prior  to  exposure. 

In  order  to  understand  the  nature  of  the  sensor  response  to  methane,  both  current  time 
measurements  and  x-ray  photoelectron  spectroscopy  experiments  were  performed  on  silicon 
carbide  sensors.  As  reported  in  the  work  by  Chen,  the  response  to  methane  did  not  follow  the 
behavior  of  H2  or  the  other  two 
hydrocarbons  examined  in  their 
work.  They  attributed  the 
decreased  response  to  poisoning 
of  the  Pd  surface  by  the  methane.  ^ 

Pronounced  responses  to  3 
propylene  and  ethylene  were 
observed  in  their  study  for  ^ 
temperatures  ranging  from  200-  g 
400  0  C,  however  the  methane  £ 
had  an  initial  increase  in  current  3 
followed  by  a  gradual  decrease  u 
down  to  the  original  baseline. 

The  responses  to  methane 
at  300  °C  and  400  °C  observed  in 
our  study  are  shown  in  Figure  5 . 

The  response  at  300  0  C  reveals 
that,  upon  turning  the  methane 

on,  there  is  an  initial  fast  response  Figure  5  Current  response  to  methane  at  300°  C  and 
followed  by  a  decrease  as  with  400°C 
the  Chen  study.  However  in  our 

work,  the  decrease  is  immediately  followed  by  a  gradual  increase  in  current  over  a  period  of  a 
few  thousand  seconds.  In  Figure  5,  it  is  seen  that  the  current  continues  to  increase  until  at 
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around  2400  seconds  where  the  methane  is  turned  off.  Upon  switching  the  methane  flow  off, 
there  is  a  rapid  decrease  as  the  current  returns  to  near  the  original  baseline. 

Unlike  the  response  to  H2  where  there  is  a  rapid  increase  up  to  saturation,  followed  by 
generally  a  constant  current,  with  the  methane,  there  is  the  initial  response,  decrease,  and  then  a 
gradual  increase  in  current.  Saturation  does  not  occur  immediately,  but  depending  on  the  sensor 
temperature  may  take  several  minutes  to  occur.  This  process  appears  to  involve  surface 
reactions  on  the  Pd  metal,  rather  than  the  silicon  carbide,  and  is  dependent  on  the  temperature 
and  the  concentration  of  methane  vapor  that  is  near  the  surface  that  subsequently  adsorbs  and/or 
reacts  on  the  Pd 


3.  XPS  Study  of  CH4  adsorption  on  Pd/silicon  carbide 

In  our  experiments,  exposure  to  methane  was  carried  out  in  ambient  air,  and  as  such,  CO, 
C02  and  02  were  present  to  participate  in  surface  reactions  at  the  Pd  surface.  Several  recent 
studies  have  addressed  the  catalytic  behavior  of  Pd  upon  methane  adsorption  and  discuss  the 
reaction  processes  that  occur  in  the  presence  of  these  gases  [8-1 1]. 

In  an  effort  to  examine  the  surface 
chemistry  for  CH4  interactions  with  Pd, 

XPS  was  performed  on  Pd/silicon 
carbide  sensors  prior  to  and  after 
exposure  to  CH4.  Both  the  unexposed 
and  exposed  samples  were  heated  at 
300°C  for  30  min.  In  the  case  of  the 
exposed  sample,  methane  was 
introduced  during  the  heating  process. 

Figure  6  shows  the  XPS  spectra  of 
these  samples  in  the  Cls  region.  The 
Cls  spectra  are  from  the  silicon  carbide 
surface  of  a  CH4exposed  sample, 
shown  in  Figure  6(a),  from  the  Pd 
surface  on  a  sample  that  was  not 
exposed  to  CH4,  Figure  6(b)  and  from 
the  Pd  surface  for  a  CH4  exposed 
sample,  Figure  6(c).  The  peak  shapes 
on  silicon  carbide  were  the  same  for 
both  CH4  exposed  and  unexposed 
samples. 

The  Cls  XPS  spectra  in  Figure  6 
obtained  from  the  silicon  carbide 
surface  contains  two  peaks:  silicon 
carbide  at  around  282  eV  and  CHX  at 
around  284  eV.  The  CHX  peaks 
observed  on  the  silicon  carbide  surface 
is  not  attributed  to  the  CH4  sample  gas; 
rather  it  is  due  to  pre-adsorbed  carbon 
from  exposure  to  ambient  conditions. 

The  Pd  surface  for  both  exposed  and 
unexposed  samples  contains  at  least 
three  components:  CHX  at  around  284 
eV,  CO  at  around  288  eV  and  another 
unassigned  peak  at  around  292  eV. 

The  peak  at  292  eV  may  correspond  to  C02,  however,  it  has  been  reported  that  C02 
dissociatively  adsorbs  on  Pd  in  a  temperature  range  of  200-400  °C  [8].  Therefore,  unless  C02 
adsorption  on  silicon  carbide  supported  Pd  results  in  a  stable  adsorbed  C02  species,  we  will  not 
assign  the  292  eV  peak  to  C02.  The  spectra  show  the  exposed  sample  with  an  obvious  increase 
in  CO  as  well  as  the  unassigned  component  at  292  eV.  The  heating  process  at  300°  C  in 
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Figure  6  XPS  spectra  in  the  Cls  region  for  the  (a) 
unexposed  surface,  (b)  unexposed  Pd/SiC  Surface 
and  (c)  methane  exposed  Pd/SiC  surface. 
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ambient  air  therefore  may  have  resulted  in  the  dissociative  adsorption  of  C02  and  the  resulting 
CO  peaks  observed  on  the  unexposed  sample. 

This  process  requires  the  presence  of  hydrogen  and  follows  the  reaction: 


co2  +  h2====>co  +  h2o 

This  implies  that  some  adsorbed  hydrogen  was  present  on  the  unexposed  sample  for  this 
reaction  to  occur.  The  source  of  this  hydrogen  may  be  from  the  hydrocarbon  layer  that  exists  on 
the  sample  from  exposure  to  the  ambient. 

For  the  CH4  exposed  sample,  the  occurrence  of  adsorbed  CHX  as  a  result  of  CH4 
exposure  is  not  evident  in  the  XPS  spectra  since  there  was  no  obvious  increase  in  the  CHX  XPS 
peaks  after  exposure  to  CH4.  There  is  however,  a  slight  broadening  of  the  Cls  peak  in  the  area 
that  CH*  occurs  and  therefore  some  CHX  is  present.  It  has  been  reported  that  the  adsorption  of 
CH4  on  Pd  when  pre-adsorbed  CO  is  present  can  result  in  a  stabilized  adsorbed  CHX  species 
[9].  The  CHX  peaks  observed  in  Figure  6  might  also  be  due  to  the  pre-adsorbed  hydrocarbon 
species  observed  on  the  unexposed  sample  that  originates  from  the  adsorption  of  carbon  from 
the  ambient.  The  determination  of  the  adsorption  of  a  stable  CHX  species  on  Pd  from  methane 
exposure  requires  more  study  in  a  controlled  system  where  sample  cleaning  and  gas  dosing  can 
be  performed  in-situ. 

It  is  evident  in  the  XPS  spectra  that  there  is  an  increase  in  the  occurrence  of  the  oxidized 
form  of  carbon,  CO.  The  interaction  of  CH4  at  the  Pd  surface  is  most  likely  then  resulting  in  the 
oxidation  of  the  CH4  leaving  the  adsorbed  carbon  monoxide.  This  reaction  has  been  reported  to 
occur  as  [8]: 

C02  +  CH4  =====>  2CO  +  2H2 

This  reaction  results  in  the  format  ion  of  hydrogen  which  should  of  course,  in  the  absence  of 
competing  processes,  in  turn  dissociate  and  affect  the  surface  potential  at  the  Pd-SiC  interface 
leading  to  the  increase  in  current 
observed  in  the  I-V  behavior. 

However,  the  experiment  as 
performed  occurs  in  ambient  air  with 
an  abundance  of  C02  present  to  induce 
the  oxidation  of  the  CH4.  The 
response  to  hydrogen  therefore  may 
be  inhibited  due  to  the  increase  in 
surface  CO.  This  inhibited  response 
to  the  dissociated  H2  from  the  CH4 
molecule  is  seen  as  the  spike  followed 
by  the  immediate  decrease  in  current  in 
the  I-t  plot  in  Figure  5. 

It  is  apparent  that  both  the 
carbon  and  oxygen  XPS  peaks  should 
give  some  indication  of  the  overall 
process.  The  XPS  spectra  for  the 
same  samples  involved  in  the  carbon 
XPS  study  were  examined  in  the 
oxygen  region  of  the  spectrum.  These 
are  shown  in  Figure  7.  Again,  (a) 
corresponds  to  the  silicon  carbide 
region  of  the  exposed  sample  while 
(b)  is  on  the  Pd  of  the  unexposed 
sample  and  (c)  on  the  Pd  of  the  CH4 
exposed  sample. 

The  Ols  peak  occurs  at  around 
533  eV  while  Pd  has  a  peak 
representing  Pd3d  very  near  the 
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Figure  7  XPS  spectra  in  the  Ols  region  for  (a)  the 
methane  exposed  SiC,  (b)  the  unexposed  Pd/SiC 
surface  and  (c)  the  exposed  Pd/SiC  surface. 


127 


oxygen  peak  at  537  eV.  As  would  be  expected,  the  spectrum  on  the  silicon  carbide  shows  no 
Pd3d  peak,  while  both  of  the  samples  on  the  Pd  film  has  the  Pd3d  peak.  There  is  a  pronounced 
difference  in  the  peak  shapes  between  the  two  Pd  sample  spectra.  The  Unexposed  sample 
shows  both  the  Ols  peak  and  the  Pd3d  peak,  while  the  CH4  exposed  sample  has  no  Ols  peak  or 
it  has  “vanished”  below  the  background  produced  by  the  Pd3d  peak.  This  indicates  that 
exposure  to  methane  at  300  °C  somehow  involves  the  pre-adsorbed  oxygen.  In  the  absence  of 
CH4,  heating  the  sample  to  300  °C  had  no  apparent  affect  on  the  Ols  peak  as  seen  with  the 
unexposed  sample. 


CONCLUSIONS 

The  surface  reaction  involving  the  adsorbed  oxygen  species  is  perhaps  the  mechanism  that 
leads  to  the  gradual  increase  in  current  observed  in  methane-exposed  SiC  sensors  over  time. 
This  reaction  is  certainly  temperature  and  time  dependent  and  may  follow  kinetics  that  yields  the 
gradual  increase  in  current.  The  oxidation  of  methane  involving  surface  oxygen  would  result  in 
the  increase  in  binding  energy  for  Ols  on  the  exposed  films  if  the  surface  oxygen  were  due  to 
CO.  This  would  bury  the  Ols  peak  in  the  Pd3d  background.  It  is  also  reasonable  to  suggest 
that  the  net  effect  of  decreasing  the  surface  oxygen  from  Pd-oxide  may  lead  to  the  gradual 
increase  in  current  as  seen  in  the  I-t  curve  of  Figure  5.  Clearly,  this  is  a  bit  speculative  at  this 
point  and  a  more  detailed  systematic  study  would  provide  the  information  needed  to  better 
understand  the  mechanism  for  the  observed  behavior  of  the  I-t  curves  for  methane  on  the  silicon 
carbide  sensors. 
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ABSTRACT 

The  edge  termination  of  SiC  by  the  implantation  of  an  inert  ion  species  is  used  widely  to 
increase  the  breakdown  voltage  of  high  power  devices.  We  report  results  of  the  edge  termination 
of  Schottky  barrier  diodes  using  30keV  Ar+  ions  with  particular  emphasis  on  the  role  of  post¬ 
implant,  relatively  low  temperature,  annealing.  The  device  leakage  current  measured  at  100V  is 
increased  from  2.5nA  to  7pA  by  the  implantation  of  30keV  Ar+  ions  at  a  dose  of  lxl015cm'2.  This 
is  reduced  by  two  orders  of  magnitude  following  annealing  at  600°C  for  60  seconds,  while  a 
breakdown  voltage  in  excess  of  750V  is  maintained.  The  thermal  evolution  of  the  defects 
introduced  by  the  implantation  was  monitored  using  positron  annihilation  spectroscopy  (PAS)  and 
deep-level-transient  spectroscopy  (DLTS).  While  a  concentration  of  open-volume  defects  in 
excess  of  lxl0!9cm'3  is  measured  using  PAS  in  all  samples,  electrically  active  trapping  sites  are 
observed  at  concentrations  ~lxl015cm'3  using  DLTS.  The  trap  level  is  well-defined  at  Ec-Et  = 
0.9eV. 


INTRODUCTION 

SiC  Schottky  barrier  diodes  are  ideal  for  power  switching  applications  as  they  can  be 
operated  at  higher  voltages  and  higher  temperatures  than  equivalent  Si  or  GaAs  devices.  The 
requirements  for  a  high  power  Schottky  barrier  diode  are  a  low  forward  voltage  drop,  low  reverse 
leakage  current  and  high  breakdown  voltage.  Premature  voltage  breakdown  often  occurs  because 
of  electric  field  crowding  at  the  periphery  of  the  device.  In  order  to  achieve  high  breakdown 
voltages  near  to  the  theoretical  limits  expected  for  SiC,  it  is  necessary  to  employ  an  edge 
termination. 

One  technique  used  to  terminate  Schottky  diodes  is  via  the  implantation  of  inert  ions.  The  main 
area  of  the  device  is  protected  using  a  mask  and  inert  ions  are  implanted  into  the  sample.  This 
process  forms  an  area  of  high  resistivity  which  allows  the  potential  to  spread  across  the  surface  of 
the  biased  sample.  Unfortunately,  a  significant  and  undesirable  increase  in  leakage  current 
accompanies  the  increase  in  breakdown  voltage.  For  example,  devices  exhibiting  near-ideal 
breakdown  voltages  on  6H-SiC  have  been  reported  using  Ar+  ion  implantation  [1],  however  the 
reverse  leakage  of  these  devices  was  5xlO'2A/cm2  at  <100V. 

In  this  study  we  report  an  improvement  in  reverse  leakage  current  of  Ar+  implanted  4H-SiC 
Schottky  barrier  diodes.  Following  implantation  the  devices  are  annealed  at  temperatures  up  to 
600°C  with  a  resulting  decrease  in  the  reverse  leakage  current  of  almost  two  orders  of  magnitude 
while  a  breakdown  voltage  in  excess  of  750V  is  maintained. 
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In  addition,  the  implantation  induced  defects  have  been  monitored  using  positron  annihilation 
spectroscopy  (PAS)  and  deep-level-transient  spectroscopy  (DLTS).  These  two  complementary 
techniques  provide  information  on  (1)  the  size  and  distribution  of  open-volume  defects  (such  as 
vacancies  and  voids),  and  (2)  the  position  of  the  defect  related  mid-gap  trap  position  respectively. 


EXPERIMENTAL  DETAILS 

A  ready-diced  n-type  4H-SiC  epitaxial  wafer  (  Nwr  lxl018cm'3,  Ni*pi=lxl016cm‘3)  supplied 
by  Cree  Inc.  was  used  in  this  study.  Each  5mm  by  5mm  section  was  given  a  thorough  solvent 
clean  using  acetone  and  IPA.  After  a  5  minute  soak  in  10:90  HF:H20, 1000A  of  Ni  was  deposited 
on  the  highly  doped  backside  and  alloyed  at  1000°C  to  form  a  large  area  backside  ohmic  contact. 

Four  samples  were  front-patterned  with  312pm  diameter  dots  using  standard  photolithography 
and  were  placed  in  10:90  HF:H20  for  5  minutes  immediately  before  the  deposition  of  1000A  Ni 
Schottky  contacts.  The  samples  were  implanted  at  room  temperature  with  lxl015cm' 2  Ar+  ions  at 
30keV  ,  with  the  contact  pads  acting  as  implant  masks  for  the  30keV  ions.  Three  samples  were 
subsequently  annealed  at  either  400°C,  500°C,  or  600°C  for  a  duration  of  60  seconds.  The 
remaining  sample  was  left  unannealed.  The  resulting  diodes  were  characterised  using  forward  and 
reverse  I-V  measurements. 

Four  further  samples  were  implanted  and  annealed  under  the  same  conditions,  before  the 
fabrication  of  Schottky  contact  pads.  These  samples  were  first  analysed  using  the  entirely  non¬ 
destructive  technique  of  positron  annihilation  spectroscopy  and  subsequently,  Ni  Schottky  contact 
pads  were  deposited  on  top  of  the  irradiated  area  and  the  samples  were  subjected  to  deep-level- 
transient  spectroscopy  analysis. 


RESULTS  AND  DISCUSSION 

Current-Voltage  Measurements 

Figure  1  shows  the  I-V  characteristics  for 
the  Schottky  diodes.  The  diodes  exhibit 
classic  Schottky  behavior  with  excellent 
forward  conduction.  For  the  reverse- 
biased,  unimplanted  sample,  a  leakage 
current  at  100V  of  2.5nA  is  measured  with 
a  subsequent  increase  to  7pA  following 
edge-termination  via  Ar+  implantation. 
These  values  are  consistent  with  previous 
measurements  [1].  Upon  annealing,  the 
leakage  current  is  seen  to  decrease 
significantly  with  increasing  temperature. 
Following  an  anneal  at  600°C  for  1  minute 
it  is  reduced  to  a  value  of  0.09pA.  At  the 
same  time,  the  breakdown  voltage  for  the 
600°C  device  was  found  to  be  consistently 
greater  than  750V,  or  ~50%  that  of  the 
theoretical,  ideal  breakdown. 


Figure  1  -  I-V  curves  for  reverse  biased,  edge-terminated 
Schottky  diodes.  The  anneals  were  performed  for  1  minute  at 
temperatures  indicated  on  the  plot. 
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This  improvement  in  leakage  current  is  analogous  to  the  situation  found  during  the  formation 
of  high  resistivity  regions  in  GaAs  via  implant  isolation.  Although  high  levels  of  resistivity  can  be 
induced  in  doped  GaAs  following  inert  ion  implantation,  a  low  temperature  anneal  is  required  to 
obtain  maximum  resistivity,  close  to  the  intrinsic  value  [2].  The  anneal  selectively  removes 
shallow  levels  responsible  for  hopping  conduction  leaving  only  the  deep-levels  required  for 
efficient  isolation. 


Positron  Annihilation  Spectroscopy  (PAS') 

The  application  of  positron  annihilation  to  the  study  of  ion  implantation  induced  defects  has 
been  comprehensively  described  elsewhere  [3],  Monoenergetic  positrons  were  implanted  into  the 
samples  in  the  energy  range  0-30keV  and  at  each  energy  the  Doppler-broadened  annihilation 
gamma  photopeak  linewidth  was  measured  and  described  by  the  parameter  S.  Depth  resolved 
information  is  obtained  by  varying  the  energy  of  the  incident  positron  beam  with  the  mean  depth 
in  Angstroms,  z  =130  E1-6,  where  E  is  the  incident  positron  energy  in  keV.  The  implantation 
profile  becomes  broader  with  increasing  E;  its  FWHM  is  approximately  equal  to  the  mean 
implantation  depth. 

The  size  of  the  samples  (5mm  x  5mm)  required  aperturing  of  the  positron  beam  to  4mm 
diameter  immediately  after  leaving  the  source  region.  The  samples  were  attached  to  thin  tungsten 
wires  to  minimise  the  surface  area  of 
the  backing  material  and  thereby  the 
probability  of  detecting  radiation  from 
positron  annihilation  at  sites  other  than 
in  the  sample  under  study.  The 
positron  beam  was  centred  on  the 
target  at  each  incident  energy  by  direct 
observation  of  the  beam  and  sample 
shadow  on  a  microchannelplate- 
phosphor  screen-CCD  camera  assembly 
at  the  end  of  the  beam  line.  The  total 
photopeak  count  rate  was  ~  800  s'1  and 
run  times  at  each  incident  energy  were 
2-3000s. 

Figure  2  shows  the  S  parameter 
(representative  of  open-volume  defect 
size/concentration)  versus  incident 
positron  energy  (depth)  for  the  as- 
implanted  and  annealed  samples, 
together  with  the  spectrum  for  an 
unimplanted  control  sample. 

Information  on  the  size  and  distribution 
of  the  defects  is  obtained  from  fitted 
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Figure  2  -  Positron  S-parameter  (open-volume  defect 
size/concentration)  versus  incident  positron  energy  (depth)  for 
implanted  and  annealed  samples. 


models  to  the  data  shown  as  solid  lines  in  the  figure.  All  of  the  implanted  samples  show  two 
defected  regions  containing  a  large  concentration  of  defects  (>lxl019cm3).  The  first  defected 
layer  extends  to  a  depth  consistent  with  the  implanted  Ar+  ions  of  ~20nm,  with  a  dominant 
positron  trap,  saturated  S  parameter  of  >1.085.  The  second  layer  extends  well  beyond  the  range 
of  the  ions  to  a  depth  of  ~250nm.  The  saturated  S  parameter  for  these  defects  is  ~1.045.  This  type 
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of  deep  layer  has  also  been  observed  in  200keV  Ge+  implanted  SiC  [4]  and  probably  results  from 
a  combination  of  implanted  ion  channelling  and  defect  diffusion. 

In  a  recent  publication  Brauer  et  al  [5]  presented  a  plot  illustrating  the  dependence  of  the  S 
parameter  (normalised  to  its  value,  Sb,  in  undefected  bulk  SiC)  on  the  size  of  the  open- volume 
defect  in  SiC  in  which  a  positron  is  trapped  at  the  moment  of  annihilation.  They  found  that  for  the 
Si-C  divacancy  S/Sb  ~  1.05.  This  value  rises  to  -  1.08  for  a  cluster  of  four  divacancies,  and 
approaches  an  asymptotic  value  of  ~  1.15  for  large  clusters  or  voids.  This  would  suggest  that  in 
the  present  study  the  shallow  layer  comprises,  in  the  main,  vacancy  clusters  or  voids,  while  the 
deeper  layer  contains  point-type  defects  such  as  divacancies. 

Upon  annealing,  the  larger  sized  (void)  defects  are  observed  to  decrease  in  size/concentration. 
However,  the  smaller,  point-type  defects  are  unchanged  in  either  distribution,  size  or 
concentration.  If  the  open-volume  defects  are  playing  a  significant  role  in  the  determination  of  the 
electrical  characteristics  of  the  diodes  it  is  likely  that  it  is  related  to  the  break-up  of  the  void 
defects  introduced  up  to  the  range  of  the  implanted  ions. 


Deen-level-transient  snectroscor 


Deep-level-transient  spectroscopy  (DLTS)  experiments  were  performed  under  dark  conditions 
using  a  Bio-Rad  DL4600  system.  Samples  were  mounted  on  a  stage  in  a  liquid  nitrogen  cryostat. 
The  temperature  was  monitored  using  a  platinum  resistance  thermometer  attached  directly  to  the 
stage,  giving  an  uncertainty  of  i  0.5  K  on  the  measured  value.  All  DLTS  spectra  were  taken  twice 

(ramping  the  temperature  up  and  then  down) 
to  account  for  temperature  lag.  Arrhenius 
plots  were  obtained  from  the  average  values 
of  the  ramp-up  and  ramp-down  peak 
positions.  Prior  to  the  DLTS  measurements 
capacitance-voltage  (CV)  and  current-voltage 
(IV)  measurements  were  performed  at 
various  temperatures,  and  standard  Schottky 
junction  characteristics  were  obtained.  The 
IV  and  CV  characteristics  of  all  samples  did 
not  show  any  significant  differences. 

DLTS  spectra  were  obtained  under 
the  same  bias  and  pulse  conditions  (reverse 
voltage,  VR  =  -2.0  V;  forward  voltage,  VF  = 
0.0  V;  fill  pulse,  t  =  2  ms)  to  enable  direct 
comparison  between  the  different  treated 
looo/T  (K-1)  samples.  Under  these  excitation  conditions, 

around  0.5  to  1  pm  of  bulk  SiC  layer  is 
sampled.  For  all  samples,  a  typical  DLTS 
Figure  3  -  Arrhenius  plots  of  the  irradiation  induced  deep  spectrum  indicated  the  presence  of  a 
level  obtained  from  the  as-implanted  and  annealed  dominant  majority  carrier  trapping  centre, 

samPles-  associated  with  a  single  exponential  positive 

peak  present  in  the  temperature  range  of  300  -  450  K,  with  activation  energy  around  900  meV 
and  apparent  capture  cross  section  of  order  of  107  s'!K'2. 
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The  samples  in  this  study  compare  favourably  with  those  from  Alok  et  al.  [6]  where  DLTS 
measurements  of  similarly  implanted  SiC  yielded  traps  between  0.2  and  0.8 leV  below  the 
conduction  band.  A  value  of  900meV  is  consistent  with  efficient  edge  termination  [6]. 

Figure  3  shows  the  Arrhenius  plots  of  this  deep  level  obtained  from  the  as-implanted  and 
annealed  samples.  An  estimation  of  the  density  of  this  trap  gives  a  concentration  of  ~lxl015cm'3 
for  the  as-implanted  sample,  reduced  to  40%  of  this  value  following  annealing.  The  same  trap 
concentration  was  obtained  from  all  annealed  samples  and  was  independent  of  the  annealing 
temperature,  within  the  experimental  errors.  Comparison  with  the  high  concentration  of  open- 
volume  defects  observed  by  PAS  would  suggest  that  if  the  carrier  traps  are  vacancy-type,  they 
form  a  small  subset  of  the  open-volume  defects  present  in  the  sample.  The  absence  of  a  strong 
dependence  on  annealing  temperature  of  any  shallow  trapping  sites  makes  it  difficult  to  make  a 
direct  correlation  between  the  observed  reduction  in  diode  leakage  current  and  the  optimisation  of 
implant  isolation  of  GaAs.  Hence,  it  is  implied  that  the  removal  of  shallow  defects  by  the  relatively 
low  temperature  anneal  is  not  the  explanation  for  the  reduction  in  leakage  current 


CONCLUSIONS 

We  have  described  results  of  the  edge  termination  of  Schottky  barrier  diodes  using  30keV  Ar+ 
ions  with  particular  emphasis  on  the  role  of  post-implant,  relatively  low  temperature,  annealing. 
The  device  leakage  current  measured  at  100V  was  increased  from  2.5nA  to  7pA  by  the 
implantation  of  30keV  Ar+  ions  at  a  dose  of  lxlOl5cm'2,  and  reduced  by  two  orders  of  magnitude 
following  annealing  at  600°C  for  60  seconds,  while  a  breakdown  voltage  in  excess  of  750V  was 
maintained.  Positron  annihilation  spectroscopy  showed  the  concentration  of  open-volume  defects 
to  be  in  excess  of  lxlOl9cm'3  in  all  samples.  They  are  contained  in  two  distinct  defect  bands.  The 
first  is  consistent  with  the  implanted  ion  range  and  contains  voids.  The  second  extends  to  >10 
times  the  ion  range  and  is  dominated  by  point-type  defects.  A  reduction  in  void  size/concentration 
with  annealing  is  correlated  with  the  reduction  in  leakage  current.  Electrically  active  trapping  sites 
are  observed  at  concentrations  ~lxl015cm'3  using  DLTS.  The  trap  level  is  well-defined  at  Ec-Et  = 
0.9eV. 
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ABSTRACT 

A  simple  mechanistic  model  of  the  oxidation  of  SiC  is  presented  and  analysed  using  Monte- 
Carlo  simulation  techniques.  The  model  explains  the  observed  anisotropic  oxidation  rate  of 
SiC  in  terms  of  the  effect  of  weakening/strengthening  of  Si-C  bonds  arising  from  the  on¬ 
going  incorporation  of  highly  electronegative  oxygen  atoms  into  the  crystal  lattice.  The 
extraction  of  key  process  metrics  (such  as  oxide  thickness,  interface  roughness  and  oxide 
defect  density)  from  the  Monte-Carlo  simulations  is  discussed. 

INTRODUCTION 

High  voltage  MOS  devices  are  one  of  the  most  attractive  classes  of  switch  in  SiC 
technology.  Such  devices  offer  the  possibility  of  switching  up  to  lOkV  loads  with  low  gate 
drive  requirements  and  low  on-state  losses.  For  good  control  and  safety,  normally-off 
devices  are  generally  required  in  power  switching  applications  and  so  there  has  been 
substantial  international  research  into  developing  good  quality  SiC>2  layers  on  SiC  for  use  in 
inversion/accumulation  mode  SiC  power  MOSFETs.  To  date  attempts  at  producing  such 
oxide  layers  have  not  been  particularly  successful.  Oxides  grown  on  SiC  (both  the  4H  and 
6H  polytypes)  exhibit  high  fixed  charge  densities  and  poor  oxide-semiconductor  interfaces 
with  significant  roughness  [1].  Systematic  study  of  oxidation  of  the  6H  and  4H-SiC 
polytypes  by  various  groups  has  however  produced  a  wealth  of  information  about  oxidation 
processes  in  SiC  [2].  For  example,  it  is  now  well  established  that  different  crystal  faces  of 
SiC  oxidise  at  different  rates  resulting  (for  example)  in  uneven  oxide  thickness  around  an 
etched  trench  [3,  4].  The  lowest/highest  oxidation  rates  are  observed  on  the  so-called 
silicon/carbon  faces  (the  0001/0001  planes  respectively)  with  a  corresponding  increase  in 
oxidation  rate  for  planes  between  the  two  extremes.  Dependency  of  oxidation  rate  on 
crystallographic  plane  is  also  observed  in  silicon  where  it  is  often  explained  by  arguments 
based  on  the  number  of  silicon-silicon  bonds  exposed  to  various  crystal  faces.  As 
0001/0001  planes  have  the  same  number  of  surface  bonds  but  widely  differing  oxidation 
rates,  such  an  explanation  is  not  sufficient  for  SiC.  This  paper  presents  recent  work  in  the 
development  of  a  simple  oxidation  model  for  SiC  proposed  by  the  authors  in  an  earlier 
paper  [5].  The  consequences  of  the  model  are  explored  using  Monte  Carlo  based  simulation 
techniques  and  new  results  on  the  oxidation  of  trench  structures  presented. 

THEORY 

Mechanistic  Oxidation  Model 


As  full  details  of  the  proposed  oxidation  model  have  been  presented  in  an  earlier  paper  [5], 
we  present  only  a  brief  discussion  of  the  main  issues  here.  The  crystal  structure  and 
proposed  bonding  of  4H-SiC  is  shown  schematically  in  Figure  1  (with  the  z-axis  scale 
greatly  exaggerated  for  clarity).  From  the  point  of  view  of  the  proposed  oxidation  model, 
the  important  structural  characteristic  of  all  the  hexagonal  SiC  structures  is  the  absence  of 
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inversion  symmetry  along  the  z-axis  of  the  chemical  bonding  between  Si  and  C  atoms.  To 
explore  the  consequences  of  this  on  oxidation,  consider  oxygen  molecules  interacting  with 
the  crystal  structure  at  the  Si-face. 

The  first  stage  of  oxidation  is  oxygen  atoms  bonding  to  the  Si  atoms  outside  the  crystal.  The 
high  electronegativity  of  the  oxygen  atoms  will  make  the  bond  between  the  surface  Si  atoms 
and  the  back-surface  C  atoms  (labelled  a  in  Figure  1)  less  ionic  and  hence  lower  the  bond 
energy  (see  Figure  2)  [6].  At  the  second  stage  of  oxidation,  the  a-bond  will  be  broken  by 
the  incoming  oxygen  resulting  in  a  Si-O-C  bond.  The  high  electronegativity  of  the  oxygen 


atom 

now  in  the  a-bond  position  will  increase  the 
ionic  nature  of  C-Si  P-bonds  (see  Figure  2) 
which  will  be  consequently  strengthened. 
Further  oxidation  proceeds  via  attack  of  these 
strengthened  p-bonds  -  a  process  which  will  be 
slower  than  the  oxidation  of  the  weakened  a- 
bond.  Once  the  bonds  around  the  carbon  atom 
are  fully  oxidised,  the  release  of  a  CO 
molecule  can  then  occur  -  with  subsequent  re¬ 
ordering  of  the  Si-0  bonding  structure.  At  the 
Si-face  then,  there  are  one  weakened  and  three 
strengthened  bonds  resulting  in  an  overall 
increase  in  the  amount  of  energy  that  must  be 
supplied  by  the  oxidation  process  (i.e.  the 
average  activation  energy  of  the  process  is 
increased).  Subsequent  oxidation  of  other 
layers  can  proceed  by  the  same  mechanism 
with  CO  being  released  from  the  structure  as 
the  oxidation  of  the  bonds  around  each  C  atom 
is  complete. 

At  the  C-face  however,  such  a  mechanism 
results  in  three  weakened  and  one  strengthened 
bond  resulting  in  a  lowering  of  the  activation 
energy  of  the  oxidation  process.  At  other 
crystal  faces,  the  proportion  of  weakened  to 
strengthened  bonds  will  be  between  these  two 
extremes  producing  consequent  intermediate 
oxidation  rates.  Adapting  the  model  for  other 
oxidising  ambients  (e.g.  wet  oxidation)  is 
achieved  by  using  chemical  bond  data  to 
modify  the  reactions  assumed  to  occur  during 
oxidation 

Monte  Carlo  Approach 

The  proposed  oxidation  model  has  been 
implemented  in  the  simulator,  OXYSIM, 
which  is  based  on  using  a  Monte  Carlo  type 
approach  to  model  the  oxidation  process  at  an 


Figure  1:  a  schematic  diagram  of  the 
crystal  structure  of  4H-SiC  in  which  the 
z-axis  (shown  vertical  in  the  diagram)  is 
greatly  exaggerated.  The  layer  nature  of 
the  crystal  is  obvious  with  each  layer 
corresponding  approximately  to  one  of 
the  three  stacking  positions 
(traditionally  labelled  ABC)  of 
hexagonal  layer  structures.  The  4H-SiC 
structure  shown  is  given  by  the  stacking 
sequence  ABCB  with  other  polytypes 
built  up  from  different  stacking 
sequences  (e.g.  6H-SiC  =  ABCACB). 
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atomic  level.  OXYSIM  works  by  considering  the  interaction  between  the  semiconductor 
crystal  lattice  and  any  oxidising  species  (note:  the  model  can  be  adapted  to  all  common 
oxidising  reactants.  For  simplicity  of  explanation  however,  the  description  is  given  in  terms 
of  dry  oxidation,  i.e.  oxygen  atoms  reacting  with  the  semiconductor).  After  the  structure  of 
the  lattice  has  been  initialised  by  placing  atoms  in  their  correct  position  and  setting  relevant 
bond  energies,  oxygen  atoms  (in  this  case)  enter  the  lattice  on  calculated  trajectories.  The 
oxidation  temperature  of  the  simulated  process  can  be  used  to  determine  the  number  and 
trajectories  of  the  incoming  oxygen  atoms  according  to  the  well-known  laws  of  statistical 
mechanics  governing  gases.  Those  oxygen  atoms  that  come  within  pre-defmed  distances  of 
lattice  atoms  are  considered  as  possible  candidates  for  interaction  with  the  lattice  atoms  to 
form  bonds  (and  thus  disrupt  the  original  lattice).  The  program  then  uses  a  simple  Monte 
Carlo  type  decision  process  to  decide  whether  the  candidate  interaction  is  allowed  [7,  8].  The 
probability  of  interaction.  Pint,  is  calculated  using  the  formula: 

Pint-1 SXp[-Ebond/kT]  (1) 

where  Ebond  is  the  energy  of  the  lattice  bond,  k  is  the  Boltzmann  constant  and  T  is  the 
temperature  (in  Kelvin).  The  decision  to  allow  or  not  allow  the  interaction  is  then  made  by 
comparing  this  probability  to  a  random  number  and  acting  according  to  the  criterion: 

Pint  >  random  number  =>  interaction  allowed  (2) 

Pint  <  random  number  =>  interaction  not  allowed  (3) 


If  the  interaction  is  allowed  then  the  oxygen  atom  enters  the  lattice  and  the  bonding  and 
structure  of  the  lattice  modified  according  to  pre-set  structural  rules  (as  specified  in  the  model 
described  below).  The  process  then  continues  for  a  specified  time/number  of  incoming 
oxygen  atoms  (similarly  if  the  original  interaction  is  not  allowed). 

Following  the  completion  of  the  oxidation  process,  the  resulting  structure  is  analysed  to 
determine  a  number  of  simple  process  metrics.  The  thickness  of  the  oxide  layer  at  a  given 
point  in  the  lattice  is  determined  by  simply  calculating  the  perpendicular  distance  from  the 
lattice  surface  to  the  oxygen  atom  furthest  from  the  surface.  The  mean  roughness  of  the 
oxide/lattice  interface  is  defined  to  be  the  standard  deviation  of  the  thickness  of  the  oxide  at  a 
given  point  from  the  mean  oxide  thickness  across  the  whole  lattice.  Information  about  the 
defect  density  of  the  simulated  oxide  layer  can  be  extracted  by  examining  the  bonding  of  both 
the  original  lattice  atoms  and  the  incorporated  oxygen  atoms.  The  density  and  nature  of  mis- 
bonding  can  then  be  used  to  predict  the  density  of  electrically  active  defects  from  published 
models  of  trap  formation  [9]. 


RESULTS 

A  quantitative  test  of  the  proposed  model  can  be  made  by  comparing  the  effect  of  the 
proposed  bond  weakening  with  the  activation  energies  for  oxidation  extracted  from 
experimental  data  using  a  linear  rate  model.  Figure  2  shows  such  a  comparison  for  wet 
oxidation  of  SiC  in  which  the  surprisingly  good  agreement  between  the  proposed  model  and 
observed  data  can  be  clearly  seen  (despite  the  obvious  simplifications  of  the  model).  Such 
information  could  be  of  great  importance  in  the  process  optimisation  of  SiC  trench  devices 
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such  as  UMOSFETs  (in  which  a  gate 
oxide  is  grown  on  the  exposed 
surfaces  of  a  deep  trench).  Under  the 
high  field  conditions  of  a  SiC 
UMOSFET,  the  high  electric  field  at 
the  trench  comer  can  cause  device 
breakdown  in  the  oxide  layer  (c.f. 
breakdown  at  the  device  periphery  in 
well  designed  silicon  devices).  This 
can  of  course  be  alleviated  by 
growing  a  thicker  oxide  but  only  at 
the  expense  of  increasing  the  device 
threshold  voltage  (for  a  given  doping 
level  in  the  SiC).  As  illustrated  by 
Figure  2,  oxide  thickness  will  be  far 
from  uniform  around  an  etched 
trench  and  so  device  optimisation  can 
be  hindered  by  the  conflicting 
requirements  of  requiring  a  thick 
oxide  at  the  trench  comer  (to 
increase  device  breakdown  voltage) 
with  the  desire  for  a  thin  oxide  on  the 
trench  side-wall  (for  an  acceptable 
threshold  voltage).  In  fact,  this 
requirement  is  of  key  importance  in 
deciding  whether  to  fabricate 
UMOSFETs  on  the  silicon  face 
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off -angle  from  C-face 

Figure  2:  a  graph  illustrating  a  comparison 
between  the  observed  dependency  of  activation 
energy  (extracted  from  a  linear  oxidation  rate 
model)  with  angle  of  crystallographic  plane 
(from  the  C-Face)  and  that  predicted  by  the 
proposed  model  (shown  as  solid  line). 
Experimental  data  from  [3]  ■  symbol  and  [4]  • 


(0001)  or  the  carbon  face  (0001).  symbol. 

The  carbon  face  produces  a  trench 
oxide  will  the  required  thin/thick 

characteristics  on  the  side/bottom  walls  of  the  trench  but  generally  results  in  a  lower  quality 
oxide/SiC  interface  compared  to  oxides  grown  on  the  silicon  face  [10].  In  order  to  examine 
whether  a  trench  oxidation  process  on  the  silicon  face  could  be  optimised  to  reduce  the 
differences  in  thickness  between  the  side  and  bottom  walls  of  the  trench  (and  thus  comer 


closer  to  the  desirable  characteristics  of  the  carbon  face  trench),  we  have  examined  the 


relative  oxidation  rates  of  different  crystallographic  faces  as  a  function  of  temperature. 


Figure  3  shows  data  from  simulating  the  relative  dry  oxidation  rates  of  the  silicon  and  carbon 
faces  between  800K  and  1500K  (the  approximate  limits  on  practical  oxidation  processes). 
The  relative  oxidation  rates  of  the  C-  and  Si-faces  are  clearly  temperature  dependent  (in 
agreement  with  experiment  [3,  4])  -  offering  the  potential  for  process  optimisation  according 
to  the  desired  criteria.  Such  data  suggests  the  oxidation  temperature  plays  an  important  role  in 
determining  the  relative  thickness  of  the  side-wall  oxide  compared  to  the  oxide  on  the  trench 
bottom.  The  effect  of  process  temperature  on  the  predicted  oxide  shape  in  a  1.5pm  wide  by 
1.5  pm  deep  trench  is  explored  in  figure  4.  For  an  oxide  grown  on  a  trench  etched  into  a 
silicon  face  wafer,  the  anisotropy  in  the  oxide  thickness  of  the  side-wall  and  trench  bottom  is 
predicted  to  fall  with  temperature  (although  the  mean  oxidation  rate  will  of  course  rise).  This 
suggests  that  a  short  oxidation  time  at  high  temperature  is  the  optimal  process  condition  and 
will  produce  the  most  even  oxidation  thickness  around  the  trench  in  such  a  device. 
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Figure  3:  a  graph  showing  the  simulated  relative  oxidation 
rates  of  the  C-  and  Si-faces  (Rc  and  Rsj  respectively)  as  a 
function  of  temperature  (K). 
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Figure  4:  Oxidation  of  a  1 .5pm  wide  x  1 .5pm  deep  trench 
etched  into  the  silicon  face  of  4H-SiC.  The  solid  line 
represents  the  original  trench  shape,  the  dotted/dashed  lines 
the  resulting  oxide/SiC  interfaces  after  oxidation  at  1200K 
and  1500K  respectively. 


CONCLUSION 


A  mechanistic  model  for  the  oxidation  of  4H-SiC  has  been  presented  and  explored  using  both 
a  simple  analytic  approach  and  the  OXYSIM  simulator.  It  has  been  shown  that  the  model 
reproduces  well  the  anisotropic  oxidation  rates  observed  in  4H-SiC  and,  when  used  in 
conjunction  with  OXYSIM,  can  predict  important  oxide  quality  metrics  such  as  oxide 
thickness,  interface  roughness  and  defect  density.  Such  an  approach  can  thus  offer  insights 
into  process  optimisation  and  be  useful  in  improving  4H-SiC  oxide  quality. 
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ABSTRACT 

This  paper  reports  on  the  relationship  between  the  microstructure  and  the  device  performance 
of  Pt/4H-SiC  schottky  barrier  diodes  (  SBDs  ).  The  evolution  of  microstructure  in  the  metal/SiC 
interfaces  annealed  at  different  temperatures  was  characterized  using  X-ray  scattering  techniques. 
The  reverse  characteristics  of  the  devices  were  degraded  with  annealing  temperatures.  The 
maximum  breakdown  voltages  of  as-deposited  devices  and  850  °C  annealed  devices  are  1300  V 
and  626  V,  respectively.  However,  the  forward  characteristics  of  the  devices  were  found  out  to 
improve  with  annealing  temperatures.  X-ray  scattering  analysis  showed  that  Pt-silicides  were 
formed  by  annealing  performed  at  or  higher  than  650  V .  The  formation  of  silicides  was  shown 
to  increase  the  roughness  of  the  Pt/SiC  interface.  It  is  believed  that  the  forward  characteristics  of 
the  SBDs  be  strongly  dependent  on  the  crystallity  of  silicides  formed  in  the  Pt/SiC  interface 
during  the  annealing  process. 

INTRODUCTION 

SiC  has  been  given  significant  attention  as  a  potential  material  for  high-frequency,  high-power, 
and  high-temperature  applications  due  to  its  unique  electrical  and  thermal  properties.  These 
properties  include  a  high  electric  field  at  breakdown  (2  x  106  V/cm),  a  high  electron  velocity  (2  x 
107  cm/sec),  a  large  band  gap  (2.  86  eV  for  6H  and  3.2  eV  for  4H),  and  a  high  thermal 
conductivity  (4  W/K  cm)  [1].  In  particular,  the  extremely  high  critical  electric  field  of  SiC  makes 
it  a  prime  candidate  for  high-voltage  applications,  such  as  high-power  rectifiers.  Rectifiers  utilize 
SBDs  to  suppress  high- voltage  transients  induced  on  the  power  line  during  current  switching  [2]. 
For  a  negligible  dissipation  of  power  during  the  switching,  the  reverse  current  transient  of  the 
SBD  must  be  suppressed,  maintaining  a  high  reverse  voltage  without  breakdown.  There  have 
been  a  lot  of  reports  on  the  design  and  the  fabrication  of  a  SiC  SBD  to  achieve  its  theoretical 
breakdown  voltage  [3].  However,  there  are  only  a  few  reports  found  on  the  relationship  between 
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the  microstructure  and  the  device  performance  of  4H-SiC  SBDs.  In  this  study,  we  attempted  to 
establish  the  relationship  between  the  current- voltage  characteristics  of  Pt/4H-SiC  SBDs  and  the 
microstructure  of  the  Pt/4H-SiC  interface  annealed  at  various  temperatures.  It  was  found  out  that 
the  annealing  conditions  for  the  schottky  contact  have  a  significant  impact  on  the  device 
performance.  The  evolution  of  microstructure  in  the  Pt/4H-SiC  interface  was  characterized  using 
X-ray  scattering  techniques. 

EXPERIMENT 

Single  crystal  4H-SiC  wafer  with  a  nitrogen  doped  (ND  ~  1.2  x  1016/cm3)  epi-layer  with  10  [M 
thickness  was  used  to  fabricate  the  SBDs.  The  substrates  were  cleaned  according  to  the  standard 
chemical  cleaning  procedure.  The  processing  details  for  the  fabrication  of  4H-SiC  SBDs  are 
found  elsewhere  [  Baliga  ]  except  that  A1  shadow  mask  was  employed  as  the  shadow  mask  for 
the  Boron  implantation  [4].  Pt  schottky  contact  (  t=3000  A  )  was  deposited  by  the  sputtering 
method  through  a  metal  shadow  mask  in  a  vacuum  (  ~1  X  10-6  torr  ).  The  implant  dose  and 
energy  were  1.0X10,S  cm'2  and  30  keV,  respectively.  Ohmic  contacts  were  formed  by 
evaporation  of  Ni  (  t=3000  A  )  in  a  vacuum(  7~9X  10^  torr  )  for  the  backside  blanket.  The 
ohmic  contact  was  annealed  at  around  1050  1C  for  30  min  in  Ar  ambient  to  remove  the  implant 
damage.  To  investigate  the  annelaing  effects  on  the  device  performance,  the  devices  were 
annealed  at  various  temperature  (  RT,  500  1C,  650  1C,  750  1C,  and  800  1C  )  right  after  the 
formation  of  schottky  contact.  The  microstructure  of  the  Pt/SiC  interfaces  was  characterized 
using  X-ray  scattering  techniques.  The  I-V  characteristics  of  device  were  measured  using  a  Sony 
tektronix  370  programmable  curve  tracer. 

RESULTS  AND  DISCUSSIONS 

The  structure  of  the  fabricated  device  and  its  typical  current- voltage  characteristics  are  shown 

in  Figure  1.  The  maximum  blocking 
voltage  obtained  through  this  study 
was  1300  V  (  for  samples  with  as- 
deposited  schottky  contact ). 


Figure  1.  Schematic  device  structure 
of  4H-SiC  SBD  and  its  typical  I-V 
characteristics  showing  the  maximum 
breakdown  voltage  of  1300  V  (device 
with  as-deposited  schottky  contact) 


Forward  Voltage  [  V] 
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(a)  (b) 


Figure  2.  The  variation  of  forward  and  reverse  bias  I-V  characteristics  of  Pt/SiC  schottky  barrier 
diodes  annealed  at  different  temperatures;  (a)  forward  and  (b)  reverse  characteristics 

Figures  2  (a)  and  (b)  show  the  variation  of  forward  and  reverse  bias  I-V  characteristics  of  Pt/SiC 
schottky  barrier  diodes  annealed  at  different  temperatures.  It  is  shown  that  the  forward  current 
density  of  diodes  is  enhanced  with  the  annealing  temperature.  The  current  density  of  devices 
annealed  at  850  V  is  as  high  as  420  mA/cm2  at  5  V.  The  current  density  of  devices  with  the  as- 
deposited  schottky  contact  is  about  140  times  lower  than  the  value  for  the  samples  that  were 
annealed  at  850  °C.  Apart  from  the  forward  characteristics,  the  breakdown  voltage  of  devices  is 
found  out  to  decrease  with  the  annealing  temperature.  The  ideality  factor  of  the  samples  annealed 
were  shown  to  vary  in  a  range  1.2  (850  "C)  to  4.5  (as-deposited).  The  barrier  heights  are 
expected  to  be  higher  for  samples  annealed  at  lower  temperature.  The  degradation  of  breakdown 
voltage  of  devices  annealed  at  high  temperature  can  be  explained  by  the  calculated  specific-on 
resistance.  Figure  3  compares  the  specific-on  resistance  (Ron)  of  as-deposited  samples  and  of 
samples  annealed  at  850  “C .  The  distribution  of  specific-on  resistance  of  as-deposited  samples  is 
shown  to  be  about  1  order  higher  than  that  of  annealed  samples.  It  is  known  that  the  breakdown 
voltage  is  reversely  proportional  to  [5]. 

The  electrical  characteristics  of  devices  are  examined  in  view  of  the  microstructure  of  the 
interface  between  schottky  contact  and  4H-SiC.  Figure  4  shows  the  intensity  of  reflected  X-ray 
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from  the  surface  and  interface  of  Pt/4H-SiC  layers  annealed  at  different  temperatures. 


■e  3.  Breakdown  dependence  of  specific-on  resistance;  (a)  as-deposited  and  (b)  annealed  at 

It  is  evident  that  the  roughness  of  the  interface  is 


suddenly  increased  for  the  samples  annealed  at 
temperatures  higher  than  650  °C.  The  higher 
reflectivity  for  the  samples  annealed  at  500  °C 
compared  to  the  as-deposited  samples  can  be 
attributed  to  the  improvement  of  crystallity  of  Pt. 
From  X-ray  scattering  analysis  it  was  shown  that  Pt 
silicides  form  at  temperatures  higher  than  650  °C, 
while  the  crystallity  of  Pt  itself  is  improved  with 
temperature  below  650  °C. 

Figure  4.  Intensity  of  reflected  X-ray  from  the 
surface  and  interface  of  Pt/4H-SiC  layers  annealed 


Two-Theta[2  6  ]  at  different  temperatures. 
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Figure  5.  Rocking  curves  of  (a)  Pt  (111)  diffraction  when  the  Pt/4H-SiC  layer  are  annealed  at 
different  temperatures  (as-deposited,  500  °C  annealed,  and  650  'C  annealed)  and  (b)  Pt2Si 
annealed  at  750  °C  and  850  V . 


Figure  5  (a)  compares  the  rocking  curves  of  Pt  (111)  diffraction  when  the  Pt/4H-SiC  layer  are 
annealed  at  different  temperatures  (as-deposited,  500  °C  annealed,  and  650  °C  annealed).  Fig. 
5  (b)  shows  the  rocking  curves  for  Pt2Si.  Long-scan  X-ray  diffraction  exhibited  that  there  is  no  Pt 
phase  left  after  annealing  the  sample  at  850  °C  [6].  It  is  concluded  that  the  higher  current 
density  of  samples  annealed  at  higher  temperature  stem  from  the  better  crystallity  of  Pt  (below 
650  °C)  and  Pt2Si  (above  650  °C).  It  is  worthwhile  noting  that  the  formation  of  silicides  results 
in  the  increase  of  roughness  of  Pt/4H-SiC  interface  [7].  This  can  be  easily  understood  by 
comparing  Figure  4  and  Figure  5.  The  forward  and  reverse  characteristics  in  Pt/4H-SiC  SBDs  are 
found  to  be  dominated  by  the  interface  state  which  are  controlled  by  the  thermal  annealing. 


CONCLUSIONS 

Electrical  characteristics  of  Pt/4H-SiC  SBDs  were  interpreted  in  light  of  the  evolution  of 
microstructure  of  the  Pt/4H-SiC  interface  by  using  X-ray  scattering  techniques.  Devices  with 
the  as-deposited  Pt  schottky  contact  exhibited  the  maximum  breakdown  voltage  of  1300  V.  The 
reverse  characteristics  of  the  devices  were  degraded  with  annealing  temperatures.  It  was  shown 
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that  the  forward  characteristics  of  the  devices  improve  with  annealing  temperatures.  X-ray 
scattering  analysis  showed  that  Pt-silicides  were  formed  by  annealing  at  or  higher  than  650  °C . 
The  formation  of  silicides  was  shown  to  increase  the  roughness  of  the  Pt/SiC  interface.  The 
forward  and  reverse  characteristics  in  Pt/4H-SiC  SBDs  are  found  to  be  dominated  by  the 
interface  state  which  are  controlled  by  the  thermal  annealing. 
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Part  II 


SiC  Epitaxy  and 
Characterization 


EPITAXIAL  GROWTH  OF  SIC  IN  A  VERTICAL  MULTI-WAFER  CVD 
SYSTEM:  ALREADY  SUITED  AS  PRODUCTION  PROCESS? 
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ABSTRACT 

Results  about  a  new  CVD  system  suited  for  epitaxial  growth  on  six  2  inch  SiC-wafers  at  a 
time  are  presented.  Excellent  gas  flow  stability  is  achieved  for  this  new  reactor  type  as  shown  by 
in-  situ  observations  of  the  gas  flow  dynamics  in  the  reactor  chamber.  These  experimental  results 
agree  favorably  with  numerical  process  simulation  results. 

The  epitaxial  layers  grown  in  the  multi-wafer  system  so  far  show  a  by  an  order  of 
magnitude  higher  background  impurity  level  (<  1015  cm'3)  as  reported  previously  for  layers 
grown  in  single-wafer  systems  by  the  authors  and  other  groups  (<  1014  cm'3).  On  the  other  hand, 
die  doping  homogeneity  achieved  until  today  is  very  encouraging.  The  variation  on  a  2  inch 
wafer  is  less  than  ±  20%  at  about  1*1016  cm'3.  The  wafer  to  wafer  variation  of  the  average 
doping  value  both  within  a  run  and  from  run  to  run  is  within  15  %.  The  reproducibility  and 
uniformity  of  the  layer  thickness  is  even  better  (total  thickness  variation  <  5%  on  a  2  inch  wafer). 
The  surface  of  the  epitaxial  layers  is  very  smooth  with  a  typical  growth  step  height  of  0.5  nm 
(4H,  8°  off  orientation).  First  measurements  on  Schottky  diodes  build  on  these  layers  show  low 
leakage  current  values  indicating  low  point  defect  density  in  the  epitaxial  layers. 

INTRODUCTION 

In  the  last  10  years  significant  progress  in  SiC  epitaxial  growth  took  place.  Advancements 
cover  control,  reproducibility  and  homogeneity  of  doping  and  thickness  but  also  background 
doping.  This  was  enabled  by  better  understanding  of  the  deposition  process  (step  control  [1], 
influence  of  graphite  parts  [2],  site  competition  [3,4])  and  by  the  development  of  commercially 
available  epitaxial  equipment  [5,6,7],  which  allows  accurate  control  of  the  relevant  process 
parameters.  Nevertheless  the  costs  of  the  epitaxial  process  -  apart  from  the  still  extremely  high 
wafer  prices  -  are  a  major  drawback  for  a  wide  range  commercialization  of  SiC  devices.  This 
would  hold  even  in  the  case  of  zero  micropipe  density.  A  pragmatic  way  to  achieve  a  substantial 
potential  in  cost  reduction  is  the  use  of  multiple-wafer  instead  of  single-wafer  processing.  On 
the  other  hand,  this  leads  to  new  challenges  in  direction  of  process  control  and  homogeneity 
adjustment. 

Today  there  exist  three  major  commercial  suppliers  for  SiC  epi  systems,  all  using  different 
basic  setups.  These  companies  are  EPIGRESS  in  Sweden  (hot  wall  tube  reactor  [6]),  AIXTRON 
in  Germany  (planetary  reactor  with  independent  rotation  of  each  wafer  [5])  and  EMCORE  in 
New  Jersey,  USA  (vertical  cold  wall  reactor  [7]).  To  the  knowledge  of  the  authors  multi-wafer 
epitaxial  processing  of  SiC  is  only  reported  either  on  AIXTRON  ([8],  seven  2”  wafers)  or  on 
EMCORE  ([9],  six  2”  wafers)  systems. 
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In  the  following  paper  we  shall  describe  how  and  how  far  we  have  been  able  to  solve  the 
difficulties  of  this  technology  and  to  report  about  growth  results  recently  achieved  with  this  tool. 
A  comparison  will  be  made  with  results  formerly  achieved  with  a  single-wafer  system. 


EXPERIMENTAL 


The  principal  construction  of  the  SiC  multi-wafer  CVD-system  is  based  on  the  EMCORE 
D180  type  reactors  besides  a  special  chamber  and  heater  design  necessary  for  the  high 
temperature  operation  (see  Fig.  la,b),  i.  e.  an  RF-heating  of  the  wafers  is  applied,  which  allows 
wafer  temperatures  up  to  1600°C. 

A  palladium  cell  is  used  to  provide  high  purity  hydrogen  to  the  process  and  a  loadlock 
equipped  with  a  turbo  pump  is  attached  to  the  process  chamber  to  reduce  the  unproductive  time 
between  processes.  Silane  and  propane  (2%  /  5%  diluted  in  hydrogen)  are  used  as  reactive  gases 
added  to  the  main  gas  stream  of  hydrogen.  Controlled  n-type  doping  is  achieved  by  feeding 
nitrogen  to  the  process  gas.  Intentional  p-doping  is  not  applied  in  the  system  to  avoid  memory 
effects  and  to  enable  the  growth  of  low  nitrogen  doped  layers  with  compensation  as  small  as 
possible.  The  process  temperature  is  measured  by  3  optical  pyrometers  pointing  at  different 
radial  positions  and  allowing  control  of  the  temperature  homogeneity  across  the  wafer  (AT 
typically  <  10  K  across  2’). 


-  Nitrogen 


rotating  feedthrough 


to  the  exhaust 


b) 


Fig.  1:  Sketch  of  the  EMCORE  vertical  epi  reactor  conception 

a)  single-wafer  system  [10, 17]  b)  multi-wafer  system 


The  inner  diameter  of  the  reactor  chamber  is  reduced  in  the  upper  part  (see  Fig.  lb)  by  a 
water  cooled  insert  attached  to  the  top  flange  („confined  inlet“).  In  this  way,  the  amount  of 
hydrogen  flow  necessary  to  adjust  stable  flow  without  recirculation  can  be  decreased 
significantly.  This  is  mainly  due  to  an  increased  flow  velocity  in  this  area  with  reduced  cross 
section. 

The  RF-coil  is  exposed  to  the  process  atmosphere  and  therefore  a  condensation  of  undefined 
Si/C  compounds  from  the  process  gas  mixture  occurs  at  the  coil,  primarily  determining  the 
maintenance  cycles  by  the  need  for  coil  cleaning.  Presently  the  length  of  these  cycles  is  80-100 
hours  of  growth  time  (corresponding  to  300-400  pm  total  growth). 
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The  RF-susceptor  /  wafer  holder  assembly  consists  of  a  Mo-Plate  with  six  SiC-coated  graphite 
pies  as  inserts,  which  have  pockets  for  placing  the  wafers  in  it.  The  whole  assembly  is  displayed 
in  Fig.  2. 


Fig.  2: 

RF-susceptor  /  wafer  holder  assembly 
used  in  this  study.  The  total  diameter  of 
the  Mo-plate  is  185  mm. 


4H-SiC-wafers  with  a  diameter  of  35  and  51  mm  purchased  from  Cree  Res.  Inc.  (Durham 
NC)  were  used  as  substrates  for  most  of  our  growth  experiments.  These  wafers  are  oriented  in 
the  (000 Indirection  (Si-face)  with  an  off-angle  of  8  degrees  towards  (11-20). 

Thickness  and  growth  rate  of  the  epitaxial  layers  were  determined  by  weight  difference  [10]  or  - 
spatially  resolved  -  either  optically  (room  temperature  infrared  reflectance  measurement  [11,12]) 
or  electrically  (capacitance-voltage-measurement;  CV).  This  CV-method  (contact  size  1*1  mm2) 
was  also  employed  for  determination  of  lateral  and  vertical  doping  profiles.  Further 
measurements  were  made  at  the  University  of  Pittsburgh  (low  temperature  photo  luminescence; 
LTPL)  and  at  the  Fraunhofer  Institute  for  Integrated  Circuits  in  Erlangen  (atomic  force 
microscopy;  AFM). 

For  the  evaluation  of  inhomogeneities  of  properties  (thickness  and  doping  of  layers)  we 
used  the  following  scheme: 

The  measurements  are  performed  on  typically  >300  points  equally  spread  on  the  wafer  surface 
without  edge  exclusion.  The  derived  data  are  accumulated  and  the  delta  between  the  10%  and  the 
90  %  value  of  the  accumulated  distribution  is  used  as  measure  for  the  inhomogeneity.  Percentage 
values  are  then  calculated  by  dividing  this  delta  by  the  50  %  value  of  the  accumulated 
distribution  (see  Fig.  3).  This  technique  is  suited  to  eliminate  the  influence  of  measuring  points 
affected  by  crystal  defects  on  the  homogeneity  assessment . 


100 


Doping  (101scm'J) 


Fig.  3: 

Example  of  deriving  a  measure  for  the  total 
variation  of  a  property  (in  this  case  doping) 
from  an  accumulated  occurrence  plot.  The 
right  axis  belongs  to  the  histogram  (dashed). 
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RESULTS  AND  DISCUSSION 


Flow  dynamics 

In  the  past  we  employed  numerical  process  simulations  to  predict  both  flow  stability  and 
deposition  behavior  in  a  single-wafer  SiC-VPE  system  as  reported  elsewhere  [13,14]. 

Encouraged  by  the  good  correlation  between  numerical  and  experimental  results,  these  tools 
were  also  applied  during  the  design  phase  of  the  new  multi-wafer  reactor  chamber  to  ensure  that 
stable  gas  flow  conditions  are  achievable.  The  results  showed  that  a  total  gas  flow  in  excess  of 
100  slm  (at  300  mbar  chamber  pressure)  should  be  necessary  to  avoid  gas  recirculation  in  case  of 
a  cylindrical  reactor  wall.  On  the  other  hand,  with  a  confined  inlet  (see  Fig.  lb)  the  flow  was 
expected  to  be  stable  with  less  than  half  of  this  amount  of  hydrogen.  A  typical  flow  pattern  and 
temperature  distribution  as  derived  by  the  numerical  simulation  is  shown  in  Fig.  4.  This  picture 
shows  completely  laminar  flow  without  any  recirculation  in  the  reaction  chamber  above  the 
wafer  plate. 

reactor  axis  Fig.  4: 

Typical  flow  pattern  and  temperature 
distribution  in  the  reactor  chamber  as 
derived  by  a  2-dimensional  numerical 
simulation.  The  susceptor  is  assumed  to 
be  isothermal  as  a  boundary  condition. 
For  symmetry  reasons  only  the  right 
half  of  the  chamber  is  plotted. 

The  two  axes  give  the  coordinates  in 
meters. 


~o  o.l  0.2 

As  reported  previously  for  a  single-wafer  reactor[13, 14,15],  it  is  possible  to  observe  the 
stability  of  gas  flow  in  the  reactor  due  to  a  silicon  cluster  formation.  This  holds  also  for  the 
multi-wafer  system  and  Fig.  5  gives  an  example  of  the  appearance  of  the  resulting  irradiant 
layer.  Therefore,  we  were  able  to  test  the  numerical  prediction  after  installation  of  the  system  by 
observing  the  behavior  of  this  layer.  These  observations  confirmed  that  the  flow  remains  stable 
even  at  a  hydrogen  flow  of  only  40  slm  (250  mbar,  350  rpm,  1 500°C  wafer  temperature),  i.  e.  no 
swirls  are  visible  moving  upwards  in  the  reactor  chamber. 

The  formation  of  the  Si  clusters  is  caused  by  a  local  supersaturation  of  Si  generated  by  the 
complete  dissociation  of  SiFLj  and  the  relatively  steep  T-gradient  directly  above  the  wafer  plate 
as  explained  in  [15]. 


Fig.  5: 

Picture  of  an  irradiant  layer  due  to  Si 
supersaturation  and  cluster  formation  in 
the  gas  phase.  The  picture  is  taken  through 
a  viewport,  which  is  normally  closed  by  a 
manual  shutter. 

A  stable,  not  time  dependent  and  strictly 
localized  layer  is  an  indication  for  stable 
flow  conditions  and  no  recirculation  in  the 
gas  phase. 


Background  doping: 

The  electrically  active  impurity  concentration  was  mainly  quantified  by  voltage-capacitance 
measurements  on  undoped  layers  with  Ti  Schottky  contacts.  Usually  the  undoped  layers  are  of  p- 
type  conductivity  similar  to  what  we  reported  earlier  for  single-wafer  epitaxy  [16,17], 

Fig.  6  gives  a  comparison  between  the  lateral  impurity  distribution  in  an  epitaxial  layer  grown  on 
a  35  and  a  51  mm  diameter  wafer.  Both  layers  show  a  background  level  below  1015  crrr  besides 
an  edge  area  with  several  mm  width.  The  impurity  distribution  is  not  complete  rotational 
symmetry.  It  shows  an  eccentric  minimum  (shifted  to  the  left)  and  a  higher  concentration  on  the 
right. 


1 _ , _ 2 _ . _ 1 


Na-Nd*1014  cm-3 

Fig.  6:  Background  impurity  mapping  (CV)  of  epitaxial  layers  upon  wafers  with  different  diameter.  A 
clear  edge  effect  is  visible.  The  axes  just  give  relative  coordinates  of  the  metal  contact  points. 

This  can  be  explained  by  the  impurity  generation  and  transport  mechanisms.  The  main 
source  for  p-type  impurities  is  outgasing  of  susceptor  and  wafer-holder  materials  during  the 
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epitaxial  growth  process.  These  contaminants  can  be  transported  to  the  growing  surface  by 
diffusion  and  forced  convection  due  to  the  high-speed  rotation.  On  the  leading  edge  of  the  wafer 
with  respect  to  the  direction  of  rotation,  the  convection  acts  in  the  same  direction  as  the  diffusion 
(and  against  diffusion  on  the  other  edge).  This  leading  edge  corresponds  to  the  right  hand  edge 
of  the  wafer  maps  displayed  in  Fig.  6  which  shows  a  wider  zone  of  increased  impurity 
concentration.  The  average  impurity  concentration  drops  for  increasing  wafer  diameter,  due  to  a 
reduced  importance  of  those  edge  effects.  In  the  center  of  the  2”  wafer  it  has  a  value  below  1 014 
cm*3.  The  electrically  determined  impurity  concentration  steadily  decreases  during  the  growth 
process,  i.  e.  the  impurity  level  is  highest  at  the  interface  to  the  substrate  wafer  and  lowest  at  the 
surface.  This  decrease  starts  to  saturate  for  layer  thickness  >  8-10  pm.  A  possible  explanation  for 
this  effect  is  that  impurity-releasing  surfaces  in  the  neighborhood  of  the  wafers  become  more  and 
more  coated  during  the  growth  process  and  therefore  the  amount  of  impurities  in  the  gas  phase  is 
continuously  decreasing.  Comparing  the  electrically  active  impurity  concentration  between 
different  wafers  processed  within  the  same  run,  the  background  level  can  vary  up  to  30  %.  This 
also  indicates  that  the  direct  surrounding  of  the  wafer  and  probably  mechanical  tolerances  of  the 
wafer  in  the  respective  pocket  play  the  dominant  role  for  the  achievable  purity. 

The  type  of  impurities  acting  as  acceptors  was  determined  by  LTPL  [1 8].  A  typical 
spectrum  revealed  by  this  technique  from  a  nominally  undoped  epitaxial  layer  is  displayed  in 
Fig.  7.  It  shows  boron  being  the  dominating  impurity  and  some  traces  of  Al.  In  addition,  a  well 
developed  nitrogen  line  is  visible.  The  Ti-line  (not  displayed  in  Fig.  7)  is  very  weak,  intrinsic 
point  defect  related  lines  (e.  g.  L-lines)  are  hardly  detectable.  On  the  other  hand,  a  well 
developed  intrinsic  line  (I75)  shows  the  good  crystalline  quality  of  the  epitaxial  layer. 

PHOTON  ENERGY  0*0 

Fig.  7: 

A  typical  LTPL  spectrum 
(excitation  wavelength:  244  nm) 
revealed  from  a  nominally 
undoped  epitaxial  layer  with  10 
pm  thickness. 

(intrinsic  free  exciton  line  I75; 
impurity  related  bound  exciton 
lines:  Po,  Qo:  nitrogen  related; 
4Alo:  aluminum  related;  4Bo: 
boron  related  [18]) 
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The  purity  described  above  can  only  be  achieved  as  long  as  the  SiC-coating  of  the  graphite 
pies  is  not  damaged.  Such  a  damage  may  take  place  by  thermal  stress  induced  crack  formation  or 
via  a  reaction  between  the  Mo  plate  and  these  parts  and  marks  the  end  of  their  life  time.  In  case 
of  such  a  damage  an  increase  in  acceptor  impurity  concentration  of  more  than  one  order  of 
magnitude  occurs.  The  length  of  the  life  time  of  the  pies  we  worked  with  so  far  varied  between 
20  and  70  h  of  total  process  time.  The  reason  of  this  big  variation  seems  to  be  both  quality  and 
thickness  of  the  SiC  coating.  Further  investigation  on  this  topic  is  necessary  because  this  life 
time  is  a  very  important  factor  for  process  stability  and  total  epi  costs. 
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Homogeneity: 


Contrary  to  typical  vertical  single- wafer  systems  [10]  the  wafers  in  the  new  equipment  have 
to  be  placed  outside  the  center  of  rotation  (see  Fig.  1)  obviously.  Without  additional  precautions 
this  usually  leads  to  a  significant  radial  gradient  in  flow  velocities  and  probably  also  in  chemical 
gas  composition  at  the  wafer  location.  Therefore  our  system  allows  control  of  the  radial 
distribution  of  silane,  propane  and  dopants.  Thereby  we  were  able  to  achieve  a  reasonable  spatial 
uniformity  for  both  thickness  and  doping  as  displayed  in  Figs.  8  and  9.  The  thickness  mainly 
varies  in  the  radial  direction,  whereas  the  intentional  nitrogen  doping  distribution  shows  a  typical 
maximum  at  the  position  of  the  trailing  edge  of  the  wafer.  This  distribution  holds  only  for 
optimized  gas  flow  and  growth  conditions.  For  homogeneous  gas  introduction  along  the  whole 
diameter  of  our  top  flange  we  typically  get  a  significantly  higher  variation  of  the  nitrogen 
incorporation  in  the  range  of  about  a  factor  of  2  even  on  a  35  mm  wafer.  In  this  case  the 
maximum  of  the  doping  is  at  the  outmost  part  of  the  wafer  with  respect  to  the  axis  of  the  wafer 
plate. 

0  5  10  15  20  25 


Nd-Na*1015  cm'3 


Fig.  8:  CV-map  (contact  size  1*1  mm2)  and  distribution  function  of  intentional  N-doping  of  an 
epitaxial  layer  upon  a  2  inch  wafer.  At  the  voltage  necessary  to  measure  in  a  depth  of  3.5 
pm  (>150  V)  all  contact  areas  containing  a  defect  have  already  failed  (white  areas).  The 
axes  in  the  map  give  relative  coordinates  of  the  metal  contact  points. 

The  improved  homogeneity  shown  in  Fig.  8  was  partly  achieved  by  careful  adjustment  of 
the  above  mentioned  radial  distribution  of  process  gases  but  also  by  reducing  the  silicon 
supersaturation,  i.  e.  reduction  of  Si  cluster  formation  (Fig.  5)  by  means  of  decreasing  the  silane 
flow.  This  effect  of  Si  cluster  formation  on  the  doping  homogeneity  probably  can  be  explained 
by  a  radially  unequal  reevaporation  of  these  Si-clusters,  leading  to  a  radial  variation  of  the  local 
Si/C  ratio  and  -  therefore  -  to  a  dopant  incorporation  efficiency  which  also  depends  on  the  radial 
coordinate. 

Unfortunately,  this  reduction  of  Si  supersaturation  additionally  causes  a  reduction  in  growth 
rate.  Thus,  the  homogeneity  shown  in  Fig.  8  can  only  be  maintained  at  growth  rates  up  to  3.5 
pm/h  so  far. 
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SAMPLE:  4H-SIC  AD0196-05  THICKNESS:  |xm 


Fig.  9: 

Thickness  uniformity  map  of  an  epitaxial  layer  upon  a 
2“  wafer  measured  by  room  temperature  infrared 
reflectance  [11,12].  The  total  delta  of  the  thickness 
variation  is  <  5%. 


The  remaining  mainly  azimuthal  orientated  doping  inhomogeneity  can  be  dedicated  to  the 
influence  of  the  surrounding  of  the  wafer:  Usually  the  temperature  of  the  wafer  surface  is  about 
30  degrees  lower  than  the  temperature  of  the  surrounding  coated  graphite  surface.  This  is  due  to 
the  additional  heat  transfer  boundary  between  this  graphite  part  and  the  wafer.  Correlated  to  this 
temperature  difference  there  is  a  difference  in  the  local  chemical  equilibria  on  the  two  surfaces. 

In  practice,  one  has  to  expect  a  higher  Si  vapor  pressure  above  the  hotter  surrounding  surfaces 
than  above  the  SiC  wafer  surface.  Thus,  the  trailing  edge  of  the  wafer  is  always  moving  in  this 
area  of  increased  Si  vapor  pressure,  it  faces  a  higher  Si/C  ratio  in  the  gas  phase  leading  to  a 
higher  nitrogen  incorporation.  The  resulting  variation  of  doping  in  azimuthal  direction  of  about  ± 
15  %  can  only  be  reduced  by  means  of  reducing  the  temperature  difference  between  wafer  and 
surrounding  material,  i.  e.  a  completely  different  growth  set  up  would  be  necessary. 

Besides  the  homogeneity  of  a  singular  epitaxial  layer  we  also  have  to  deal  with  the  variation  of 
properties  from  wafer  to  wafer  during  one  run  (inter  wafer  homogeneity)  and  from  run  to  run.  In  Fig. 
10  the  typical  scatter  of  the  doping  concentration  within  one  run  is  shown  in  dependence  of  the  wafer 
position  (full  load  of  the  system  with  6  two  inch  wafers).  The  data  points  give  the  average  doping 
concentration  on  each  wafer,  the  size  of  the  error  bar  corresponds  to  the  inhomogeneity  on  each 
wafer.  It  is  clearly  visible  that  there  is  not  a  random  scatter  of  the  average  doping,  but  a  sinusoidal 
fluctuation  along  the  azimuthal  coordinate  of  the  wafer  plate  (Fig.  2)  with  an  amplitude  of  10  to  15 
%.  This  behavior  is  very  reproducible  and  can  be  explained  by  a  not  completely  leveled  plane  of 
rotation  of  the  wafer  plate  with  respect  to  the  coil  plane.  In  this  case  temperature  may  vary  slightly  in 
azimuthal  direction  leading  to  the  observed  variation  of  doping  along  this  coordinate. 
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Fig.  10: 

12_  V  ariation  of  thickness  and 
1 0 1  doping  within  one  full  loaded 
8  run.  For  this  plot  the  average 
8  |  thickness  is  evaluated  by  weight 
6  £  difference,  doping  is  measured 
|  by  CV. 
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As  also  shown  in  Fig.  10  the  layer  thickness  is  varying  in  the  same  manner  from  wafer  to 
wafer  but  with  a  much  smaller  amplitude  of  less  than  5  %.  The  thickness  inhomogeneity  on  one 
wafer  usually  is  very  small,  typically  about  4  to  8  %  on  two  inch  wafers  like  depicted  in  Fig.  9 
(measured  by  room  temperature  infrared  reflectance  [11,12]). 

Both  thickness  and  doping  seem  to  be  reproducible  with  an  alteration  of  less  than  5  %  from 
one  run  to  the  next.  This  holds  at  least  for  the  short  time  range,  we  do  not  have  enough  data  to 
make  statements  about  the  long  term  stability  so  far.  In  this  case  one  has  to  take  into  account 
aging  effects  of  helping  materials  like  the  wafer  plate  assembly,  which  may  cause  systematic 
shifts  of  epi-layer  properties  even  in  the  case  of  macroscopic  equal  control  parameters. 

Surface  morphology 

Similar  to  what  we  have  reported  for  a  single-wafer  epitaxial  system  formerly  [16], 
epilayers  grown  in  the  new  multi-wafer  system  show  very  good  surface  morphology  apart  from 
wafer  related  defects.  An  AFM  image  of  a  typical  layer  grown  with  3.5  pm/h  is  depicted  in  Fig. 

1 1 .  The  surface  shows  steps  corresponding  to  its  off  orientation,  which  have  a  height  of  about 
0.5  nm  (twice  the  distance  between  two  Si-C  layers).  This  compares  favorably  with  values 
reported  by  other  groups  on  4H  wafers  with  8°  off  orientation  [19].  A  surface  as  smooth  as 
shown  in  Fig.  1 1  can  be  maintained  over  a  wide  range  of  process  parameters  and  external  Si/C 
ratios  (0.6  -  5  at  250  mbar,  calculated  from  the  macroscopic  silane  and  propane  flow). 
Exceeding  the  limit  of  stable  growth  by  further  increase  of  propane  flow  leads  to  rough  surface 
formation  first  at  the  inner  (pointing  to  the  center  of  rotation)  edge  of  the  wafer.  This  is  also  an 
indication  for  a  increasing  local  Si/C  ratio  along  the  radial  coordinate  as  discussed  in  the  chapter 
on  doping  homogeneity. 


Fig.  11: 

AFM-image  of  a  typical  surface  of  an 
epitaxial  layer  grown  in  the  MWS 
A  linescan  perpendicular  to  the  steps 
reveals  an  average  step  height  of  0.5  nm. 
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Electrical  characteristics  and  device  yield 

Recently  we  have  started  to  use  epitaxial  layers  grown  in  the  multi-wafer  system  in  our 
device  program.  Typical  electrical  characteristics  of  edge-terminated  [20,21]  Schottky  diodes 
manufactured  on  such  layers  are  shown  in  Fig.  10.  At  a  reverse  voltage  level  of  600  V  these 
diodes  show  a  reverse  current  of «  1  O’3  A/cm2  with  a  yield  up  to  75  %  (active  area  1 .2  mm2). 
This  yield  is  in  good  correlation  with  the  specified  micropipe  density  of  the  wafers  used  as 
substrate  (<  30  cm"2).  Whereas  this  result  was  achieved  by  using  35  mm  diameter  wafers,  similar 
observations  are  made  on  2  inch  substrates  but  with  a  slightly  lower  yield. 
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Packaged  diodes  have  a  specific  differential  on-resistance  of  1.2-1. 5*1  O'3  £2cm2,  indicating 
a  carrier  mobility  in  the  epitaxial  layer  of  about  700  -  900  Vs/cm2  (substrate  resistivity:  0.02 
£2cm).  This  value  together  with  the  reasonably  low  leakage  current  density  indicates  a  good 
quality  of  the  epitaxial  layers  and  -  specifically  -  very  little  defects  generated  in  addition  to  the 
wafer  defects  during  the  epi  process  and  the  subsequent  process  steps. 


Fig.  12: 

Typical  reverse  characteristics  of 
Ti-Schottky  diodes  with  implanted 
junction  terminated  extension 
[18,19]  manufactured  on  an 
epitaxial  layer  grown  in  the  multi 
wafer  system. 

(specific  differential  on-resistance: 
1.2-1.5*10*3  Qcm2) 
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CONCLUSIONS 

First  results  with  a  vertical  multi-wafer  VPE  system  showed  that  reasonable  purity  and 
homogeneity  of  SiC  epitaxial  layers  can  be  achieved.  The  attained  background  impurity  level  < 
1015  cm*3  is  already  sufficient  for  the  manufacturing  of  devices  with  a  reverse  voltage  up  to  1000 
V  and  there  is  potential  for  further  improvement.  The  intra- wafer  homogeneity  of  both  doping 
and  thickness  is  acceptable,  the  variation  of  doping  from  wafer  to  wafer  within  one  run  and  from 
run  to  run  is  in  a  range  of  about  20  %  and  therefore  suited  for  some  starting  applications  of  SiC 
like  Schottky  diodes  in  the  above  mentioned  voltage  range. 

A  key  issue  for  such  devices  are  the  process  costs  for  the  epi  layer  growth.  The  system 
described  in  this  paper  allows  growth  on  6  wafers  at  a  time  and  the  necessary  cooling,  purging 
and  reloading  time  between  two  runs  is  less  than  one  hour  (i.  e.  time  between  end  of  growth  and 
start  of  growth  on  the  next  set  of  wafers).  This  is  enabled  by  the  avoidance  of  thermal  isolations 
in  our  reactor  and  by  the  use  of  a  loadlock.  A  first  estimation  of  possible  manufacturing  costs  of 
10  jam  thick  epitaxial  layers  on  two  inch  wafers  show  that  a  value  of  significantly  below  200 
US$  will  be  possible  in  a  production  environment  (including  capital  usage,  consumables,  lab 
cost,  personal  etc).  It  is  a  necessity  to  meet  this  value  before  SiC  epitaxy  can  be  named 
“production  suited”,  because  otherwise  it  will  be  very  difficult  to  identify  volume  applications, 
which  can  accept  the  still  very  high  price  per  unit  area  of  SiC  devices. 

In  our  case  we  made  a  trade-off  between  quality  and  costs  of  the  epitaxial  layers:  Compared 
to  results  already  reported  for  single-wafer  epi  systems  [16,17,22,23],  the  properties  of  layers  as 
described  above  are  not  very  impressive,  but  they  can  be  achieved  at  quite  low  costs! 

In  summary,  if  we  can  stabilize  and  reproduce  the  results  described  above  over  a  longer 
time,  we  then  have  a  production-suited  epitaxial  process  at  least  for  SiC  devices  like  Schottky 
diodes  dedicated  to  the  <  1000  V  range.For  higher  blocking  voltages  and/or  for  applications  less 
tolerant  towards  doping  variations  further  work  on  process  and  hardware  optimization  is 
necessary. 
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ABSTRACT 

A  multi-wafer  silicon  carbide  vapor  phase  epitaxy  reactor  is  employed  that  features  full 
planetary  motion  and  is  capable  of  high  quality  epitaxy  on  seven,  two-inch  diameter  substrates. 
We  are  currently  performing  preproduction  growths  of  static  induction  transistor  (SIT)  and  metal 
semiconductor  field  effect  transistor  (MESFET)  active  layers.  On  a  2-inch  diameter  substrate, 
layer  uniformity  is  typically  ±5%  (standard  deviation/mean)  for  both  dopant  concentration  and 
layer  thickness  (for  1  3/8-inch  substrates,  layer  uniformity  is  around  ±3%).  For  the  seven  wafers 
within  a  run,  interwafer  uniformity  has  been  dramatically  improved  to  approximately  ±8%  for 
dopant  concentration  and  ±3%  for  layer  thickness.  Process  control  charts  will  be  presented 
which  exhibit  that  interrun  (run-to-run)  variation  in  both  thickness  and  doping  can  be  kept  within 
±10%  of  the  desired  values. 

INTRODUCTION 

Prototype  silicon  carbide  (SiC)  static  induction  transistors  (SIT)  and  metal  semiconductor 
field  effect  transistors  (MESFET)  have  been  demonstrated  with  performance  exceeding  that 
typically  available  from  both  silicon  and  gallium  arsenide  transistors  [1,2,3].  To  realize 
production  of  SiC  based  devices,  a  multi-wafer  SiC  vapor  phase  epitaxy  (VPE)  reactor  has  been 
developed  in  collaboration  with  Aixtron,  AG  [4].  The  reactor,  based  on  the  design  of  Frijlink 
and  coworkers  [5],  features  full  planetary  motion  and,  as  currently  configured,  is  capable  of 
simultaneous,  high  quality  epitaxy  on  seven,  two-inch  diameter  substrates. 

To  achieve  satisfactory  uniformity  and  reduce  run-to-run  variability,  it  was  necessary  to 
modify  many  of  the  original  reactor  components  [6].  The  improvements  in  uniformity  and 
variability  resulting  from  those  modifications  were  sufficient  to  allow  modest  production  goals 
for  device  quality  SiC  epitaxial  layers  to  be  exceeded  in  the  previous  year.  Significantly  higher 
volumes  of  epitaxial  layers  with  more  stringent  specifications  for  dopant  concentration  and  layer 
thickness  values  and  uniformities  will  be  required  to  meet  current  and  future  production  goals. 
Indeed,  production  specifications  are  likely  to  require  that  all  areas  of  all  epitaxial  layers  be 
within  ±10%  of  target  values  for  both  dopant  concentration  and  thickness.  Several  more  reactor 
modifications  will  be  summarized  which  have  allowed  those  production  specifications  to  be 
realized  with  high  yield. 

EXPERIMENT 

The  VPE  reactor  used  to  grow  the  SiC  epitaxial  layers  discussed  within  has  been  described 
in  detail  elsewhere  [3,6,7].  A  cross  sectional  view  of  the  reactor  is  shown  in  figure  1.  The 
reactor  consists  of  an  inductively  heated,  mechanically  rotated  susceptor  with  seven  wafer 
holders  (satellites).  The  satellites  are  themselves  rotated  on  the  susceptor  by  means  of  gas  foil 
levitation  [5].  The  satellite  rotation  is  desirable  to  reduce  upstream/downstream  variation  in 
growth.  The  susceptor  rotation  averages  inhomogeniety  in  the  RF  induction  heating  and 
geometry  of  the  non-rotating  reactor  components.  However,  susceptor  rotation  does  not  directly 
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affect  inhomogenieties  that  result  from 
anisotropic  conductivity  in  the  graphite 
susceptor,  dimensional  nonuniformity  of  the 
machined  and  coated  susceptor,  and 
misalignment,  i.e.  tilt  or  eccentricity,  of  the 
susceptor  on  its  support.  All  of  those  sources  of 
inhomogeniety  can  be  minimized  but  are 
difficult  to  eliminate. 

A  graphite  foil-on-foam  ceiling  [8] 
separates  the  growth  region  from  the  water- 
cooled  reactor  chamber.  The  ceiling  is 
passively  heated  by  radiation  from  the  ~1600°C 
susceptor  creating  a  pseudo  hot-wall  effect.  The 
hot  ceiling  reduces  supersaturation  and 
condensation  of  silicon  vapor  in  the  reactor.  In 
a  previous  communication  [6],  it  was  reported 
that  the  graphite  foil-on-foam  ceilings  could 
only  be  used  for  tens  of  runs.  However, 
recently,  ceiling  lifetime  has  been  extended  to 
nearly  100  runs,  which  has  increased  epitaxial  layer  production  efficiency. 

Finally,  a  perforated  gas  collector  terminates  the  outer  diameter  of  the  susceptor,  the 
growth  region,  and  the  ceiling.  The  gas  collector,  made  from  graphite  foam  or  molybdenum, 
ensures  laminar  flow  of  the  gases  in  the  growth  chamber. 

Typical  conditions  for  SiC  epitaxial  layer  growth  in  this  reactor  have  been  described  in 
detail  elsewhere  [6].  All  of  the  growths  reported  in  this  study  were  performed  at  reduced 
pressure,  susceptor  temperatures  of  ~1600°C,  growth  rates  of  ~3  pm/hr,  and  silicon-to-carbon 
ratios  around  0.88.  The  mass  of  each  wafer  is  measured  with  an  analytical  balance  both  before 
and  after  each  growth  to  determine  epitaxial  layer  thickness,  growth  rate,  and  wafer-to-wafer 
uniformity.  After  growth,  all  epitaxial  layers,  except  highly  doped  layers  used  for  ohmic 
contacts,  are  characterized  by  capacitance  versus  voltage  (CV)  measurements  on  200  pim 
diameter  photolithographically  defined  Cr-Au  Schottky  diodes.  CV  measurements  are 
performed  at  regular  intervals  along  one  radius  of  each  wafer  and  used  to  extract  relative 
thickness  and  dopant  concentration  values  and  uniformities.  The  rotating  wafers  have  been 
found  to  be  highly  axially  symmetric  making  the  measurement  of  one  radius  sufficient.  To 
minimize  the  affect  of  long-term  drift  in  growth  rates  and  background  impurity  concentration, 
the  measurements  from  each  run  are  used  as  a  calibration  for  the  next  run. 

RESULTS 

All  epitaxial  layers  were  characterized  by  mass  and  CV  measurement.  Three  levels  of 
uniformity  were  examined;  intrawafer  uniformity,  interwafer  (or  intrarun)  uniformity,  and 
interrun  (run-to-run)  uniformity. 

A  five-point  overlay  of  dopant  concentration  as  a  function  of  depth,  extracted  from  CV 
measurements,  is  presented  in  figure  2.  The  4.6  jxm  thick  epitaxial  layer,  grown  on  a  two-inch 
diameter,  low  resistivity,  n-type  substrate,  was  intentionally  doped  with  nitrogen  to  a 
concentration  of  4xl015  cm'3.  For  the  epitaxial  layer  shown  in  figure  2,  the  uniformities 
(standard  deviation  divided  by  the  mean)  of  the  dopant  concentration  and  thickness  were  4.9% 
and  5.1%  respectively.  In  both  cases,  the  range  (maximum-minimum)  of  measurements  as  a 
percentage  of  the  mean  is  approximately  12%.  The  uniformity  exhibited  by  this  layer  does  not 


Figure  1.  Stylized  cross  section  of  VPE 
reactor.  A)  Gas  Injector,  B)  Ceiling,  C) 
Gas  Collector,  D)  Susceptor,  E)  Wafer 
Holder,  F)  Rotation  Axis 
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Figure  2.  CV  dopant  profile  measured  at  five 
positions  along  a  radius  of  a  2”  diameter  wafer.  The 
epitaxial  layer  is  thinnest  in  the  center.  The  thickest 
profile  is  measured  at  4.6  mm  from  the  edge. 


represent  a  “best-effort”,  but  is 
representative  of  typical  two-inch 
epitaxial  layers.  For  example,  the 
average  uniformity  for  a  recent  series 
of  runs  with  two-inch  wafers  was 
4.7%  for  dopant  concentration  and 
5.2%  for  thickness.  Excellent 
intrawafer  uniformity  for  1  3/8-inch 
wafers  has  also  been  observed.  For 
those  smaller  diameter  wafers,  the 
average  uniformity,  based  on  over 
200  wafers,  was  3.6%  for  dopant 
concentration  and  2.4%  for  thickness. 

After  extensive  reduction  of 
susceptor  induced  inhomogeniety 
[6,7],  interwafer  (wafer-to-wafer 
within  a  run)  uniformity  had  only 
been  reduced  to  10%  at  best.  With 
that  large  of  a  standard  deviation,  at 
least  one-third  of  the  wafers  would 

fall  outside  the  ±10%  absolute  specifications  for  production  epitaxial  layers.  However,  by 
replacing  the  graphite  foam  gas  collector  with  a  molybdenum  one  with  smaller  perforations,  the 
interwafer  thickness  uniformity  improved  to  approximately  3%.  The  time  evolution  of 
interwafer  uniformity  is  presented  in  figure  3.  The  molybdenum  gas  collector  was  installed  at 
point  A  on  that  chart.  It  is  evident 
that  the  improvement  in  thickness 
uniformity  was  not  matched  by  a 
corresponding  improvement  in 
dopant  concentration  uniformity.  The 
dopant  concentration  of  the  individual 
wafers  still  exhibited  a  systematic 
distribution,  i.e.  the  highest  doped 
position  was  opposite  the  lowest 
doped  position.  The  highest  doped 
position  correlated  with  the  hottest 
side  of  the  susceptor.  By  rearranging 
the  susceptor  hardware  to  improve 

the  temperature  balance  (point  B  in 
figure  3),  the  dopant  concentration 
uniformity  has  been  reduced  to  7%. 

Most  of  the  remaining  non-uniformity 
is  randomly  distributed  and  arises 
from  small  differences  in  local 
temperature  due  to  variations  in;  emissivity  of  components,  thermal  contact  between  wafer  and 
satellite,  satellite  levitation,  etc.  An  overlay  of  the  dopant  profiles  at  five  positions  along  the 
radius  of  each  of  seven  wafers  in  a  single  run  is  presented  in  figure  4.  For  the  run  represented  by 
that  figure,  both  the  thickness  and  dopant  concentration  uniformity  at  2xl017  cm"3  are 
approximately  5%.  At  lxlO16  cm'3  the  dopant  concentration  uniformity  is  slightly  degraded  to 
7%. 


Figure  3.  Inter  wafer  uniformity  for  22  runs.  A  new 
gas  collector  was  installed  at  A.  Susceptor  hardware 
was  rearranged  at  B  to  improve  the  temperature 
balance. 
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Having  demonstrated  good 
uniformity  on  a  2-inch  diameter 
wafer  and  for  each  wafer  in  a  run, 
the  remaining  obstacle  to  high  yield 
production  epitaxy  is  interrun 
variation.  A  control  chart 
representing  our  ability  to  meet 
target  values  for  thickness  and 
dopant  concentration  as  a  function 
of  run  number  is  presented  in  figure 
5.  The  data  points  represent  the 
percentage  deviation  of  the  average 
value  for  a  run  from  the  target 
value.  The  error  bars  represent  the 
interwafer  uniformity  within  each 
run.  Where  the  error  bars  (la)  fall 
outside  the  ±10%  of  target  lines, 
there  will  be  a  yield  loss.  It  is 
evident,  from  figure  5,  that  the 
improvements  that  were  effected  to 
decrease  the  interwafer  variation 
also  permitted  better  control  of  run- 
to-run  variation.  In  fact,  after  point 
B  (corresponding  to  improved  gas 
collector  geometry  and  susceptor 
temperature  uniformity),  the 
average  absolute  deviation  from 
target  values  were  2.8%  for  dopant 
concentration  and  3.6%  for 
thickness. 

CONCLUSIONS 


Figure  4.  An  overlay  of  the  CV  dopant  profile 
measured  along  the  radius  of  each  of  seven  wafers  in  a 
run. 


Figure  5.  Control  chart  for  doping  and  thickness. 
Symbols  represent  percent  deviation  of  the  average 
value  for  a  run  from  the  target  value. 


Sufficient  uniformity  has  been 

demonstrated  for  SiC  epitaxy  on  seven  at-a-time  two-inch  diameter  wafers  for  high  yield  in 
production.  Intrawafer  uniformity  of  approximately  5%,  similar  to  what  was  previously  reported 
for  1  3/8-inch  wafers,  can  be  routinely  achieved  on  two-inch  diameter  wafers.  The  most 
significant  improvement  has  been  the  reduction  of  interwafer  uniformity  to  3%  for  thickness  and 
7%  for  dopant  concentration.  The  combination  of  good  intrawafer  and  interwafer  uniformity  has 
been  coupled  with  better  control  of  run-to-run  variation  such  that  a  very  high  percentage  of 
epitaxial  layers  meet  stringent  production  specifications. 


ACKNOWLEDGMENTS 

The  authors  gratefully  acknowledge  David  Stanley,  Gil  Rykiel,  Sam  Ponczak,  Ollie 
Gildow,  and  Rich  Siergiej  for  their  assistance  in  reactor  modifications,  epitaxial  growth,  and 
characterization.  Development  of  this  reactor  was  supported  in  part  by  the  Department  of  the  Air 
Force  under  contracts  F33615-92-C-5912  and  F336 15-95-5427  (Tom  Kensky,  contact  monitor 
and  Laura  Rea,  program  direction  leader). 


164 


REFERENCES 


1.  S.  Sriram,  G.  Augustine,  A.  A.  Burk,  Jr.,  R.C.  Glass,  H.  M.  Hobgood,  P.  A.  Orphanos,  L.V. 
Rowland,  T.  J.  Smith,  C.  D.  Brandt,  M.  C.  Driver,  and  R.  H.  Hopkins,  IEEE  Electron  Device 
Lett.,  EDL-17,  p.  369  (1996). 

2.  R.  R.  Siergiej,  S.  Sriram,  R.  C.  Clarke,  A.  K.  Agarwal,  C.  D.  Brandt,  A.  A.  Burk,  Jr.,  T.  J. 
Smith,  A  Morse,  and  P.  A.  Orphanos,  Tech.  Digest  Int.  Conf.  SiC  and  Rel.  Mat ’95,  (Kyoto, 
Japan  1995),  p.  321. 

3.  A.  A.  Burk,  Jr.,  M.  J.  O’Loughlin,  R.  R.  Siergiej,  A.  K.  Agarwal,  S.  Sriram,  R.  C.  Clarke,  M. 
F.  MacMillan,  V.  Balakrishna,  and  C.  D.  Brandt,  J.  Solid  State  Electronics,  accepted  for 
publication. 

4.  Aixtron  Inc.  Kackerstr.  15-17,  D-52072  Aachen,  Germany. 

5.  P.  M.  Fdjlink,  J.  Crystal  Growth,  93,  p.  207  (1988). 

6.  A.  A.  Burk,  Jr.,  M.  J.  O’Loughlin,  and  H.  D.  Nordby,  Jr.,  J.  Crystal  Growth,  accepted  for 
publication. 

7.  A.  A.  Burk,  Jr.,  M.  J.  O’Loughlin,  and  S.  S.  Mani,  in  Silicon  Carbide,  Ill-Nitrides,  and 
Related  Materials,  ,  edited  by  G.  Pensl,  H.  Morko?,  B.  Monemar,  and  E.  Janzen  (Materials 
Science  Forum,  264-268,  Trans  Tech  Publications,  Switzerland  1998),  p.  83-88. 

8.  Calcarb,  Inc.,  Rancocas,  New  Jersey,  USA. 


165 


CHARACTERIZATION  OF  THICK  4H-SiC  HOT-WALL  CVD  LAYERS 


M.J.  Paisley*,  K.G.  Irvine,  O.  Kordina,  R.  Singh,  J.W.  Palmour,  and  C.H.  Carter,  Jr. 

Cree  Research,  Inc.,  4600  Silicon  Drive,  Durham,  NC  27703-8475,  USA 
*Mike_Paisley@Cree.com 

ABSTRACT 

Epitaxial  4H-SiC  layers  suitable  for  high  power  devices  have  been  grown  in  a  hot-wall 
chemical-vapor  deposition  (CVD)  system.  These  layers  were  subsequently  characterized  for 
many  parameters  important  in  device  development  and  production.  The  uniformity  of  both 
thickness  and  doping  will  be  presented. 

Doping  trends  vs.  temperature  and  growth  rate  will  be  shown  for  the  p-type  dopant  used.  The 
tt-type  dopant  drops  in  concentration  with  increasing  temperature  or  increasing  growth  rate.  In 
contrast,  the  /7-type  dopant  increases  in  concentration  with  decreasing  temperature  or  increasing 
growth  rate.  A  simple  descriptive  model  for  this  behavior  will  be  presented. 

The  outcome  from  capacitance-voltage  and  SIMS  measurements  demonstrate  that  transitions 
from  n  to  n,  or  p  to  p\  and  even  ntop  levels  can  be  made  quickly  without  adjustment  to  growth 
conditions.  The  ability  to  produce  sharp  transitions  without  process  changes  avoids  degrading  the 
resulting  surface  morphology  or  repeatability  of  the  process.  Avoiding  process  changes  is 
particularly  important  in  growth  of  thick  layers  since  surface  roughness  tends  to  increase  with 
layer  thickness. 

Device  results  from  diodes  producing  two  different  blocking  voltages  in  excess  of  5  kV  will 
also  be  shown.  The  higher  voltage  diodes  exhibited  a  breakdown  behavior  which  was  near  the 
theoretical  limit  for  the  epitaxial  layer  thickness  and  doping  level  grown. 

INTRODUCTION 

The  properties  of  silicon  carbide,  such  as  wide  bandgap,  high  breakdown  electric  field 
strength,  and  high  thermal  conductivity  are  characteristics  that  make  the  material  highly 
desirable  for  high  power  devices.  Recent  device  demonstrations  and  measurements  of  the 
superior  electrical  and  physical  properties  of  silicon  carbide  (SiC)  have  shown  that  it  is  the 
premier  semiconductor  material  for  fabrication  of  high  power  and  power  microwave  electronic 
devices.  In  addition,  SiC  devices  can  operate  at  elevated  temperatures  allowing  them  to  be  used 
at  either  high  ambient  temperature  or  with  reduced  cooling  requirements  in  nominal  ambients.  In 
recent  years  substrate  and  CVD  developments  have  made  great  progress,  thereby  allowing  for 
the  development  of  SiC-based  high  power  high  frequency  devices  such  as  Metal-Semiconductor 
Field  Effect  Transistors  (MESFETs)[l].  Other  high  power  devices  such  as  diodes,  MOSFETs 
and  GTOs  have  also  been  demonstrated  [2,3,4],  While  current  levels  of  uniformity  of  layer 
thickness  and  doping  are  sufficient  for  production  use,  the  current  wafer  diameters  are  not.  Thus 
work  needs  to  continue  on  layer  uniformity  for  increasing  wafer  sizes  as  they  become  available 
to  be  ready  for  production  when  it  becomes  commercially  viable. 

EXPERIMENTAL  SETUP 

The  wafers  were  grown  in  a  horizontal  hot-wall  CVD  reactor.  The  key  component  of  the 
reactor  is  the  graphite  susceptor  which  is  similar  in  construction  to  those  described  in  Ref.  5 
and  6.  The  susceptor  is  heated  inductively  and  is  designed  to  obtain  good  heating  uniformity  over 
a  large  area.  The  temperature  is  measured  by  a  pyrometer  focused  on  a  position  at  the  leading 
edge  of  the  susceptor.  The  susceptor  is  also  tapered  to  compensate  for  gas  reactant  depletion 
which  may  be  quite  severe  in  hot-wall  systems.  The  precursors,  silane  and  propane,  are  diluted  in 
a  high  flow  of  purified  hydrogen.  Growth  temperatures  in  the  range  of  1500-1 700°C  were  used. 
Nitrogen  was  used  as  the  «-type  dopant  and  trimethyl  aluminum  (TMA)  was  used  as  the  /7-type 
dopant. 

The  thicknesses  and  thickness  uniformities  were  measured  by  observing  the  cleaved  edge  of 
the  sample  in  a  scanning  electron  microscope  (SEM).  The  difference  in  doping  between  the 
highly  doped  substrate  and  the  epitaxial  layer  gives  sufficient  contrast  for  determining  the 
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thickness.  The  doping  and  doping  uniformities  were  measured  by  a  mercury  probe  capacitance- 
voltage  (C-V)  profiler. 

RESULTS  AND  DISCUSSION 


Epitaxial  Laver  Uniformities 


Epitaxial  layers  were  deposited  on  prototype  30  [~ j  [  ’ 

75  mm  diameter  wafers,  cleaved  and  then  -  "*!  •  j  ♦ !  4  t  - 

measured  along  the  flow  direction  for  layer  25  - . I . ] . j . j . | . ( ”T 

thickness  by  cross-section  scanning  electron  :  i 

microscopy  (SEM).  The  results  are  shown  in  -p-  20  - . \ . i . I . ; . j . I . f - 

Figure  1 .  The  uniformity  is  calculated  as  the  3  j  ^ - 1 - 1 - 1 - 1 - h 

standard  deviation  divided  by  the  mean.  The  |  15  - . Average!  27.2  JUITI . 

“epi-crown”  (the  raised  ridge  along  the  wafer  c  ;  .  ,  ho^io/ 

circumference)  was  not  included  in  the  g  j  lUniTOrm  iy .  Z  . L 

calculations.  ^  10  ; .  j  |  I  j  |  [ 

Additional  wafers  were  grown  and  j  j  I  j  | 

characterized  by  C-V  measurements  to  determine  5  - . . . j .  i  ” 

the  doping  uniformity.  For  a  doping  level  of  :  j  j  j  j  j 

7.5*  1 015  cm'3  w-type  the  resulting  unifonnity  0  ~|  1 1  .  .  j  1 1 1 1 1 1 1 1 1 1 1 1 1 1 j 1 1 1 1  j  1 1 1 1  j  1 1 1 1  j  1 

was  7%,  also  calculated  as  standard  deviation  Q  10  20  30  40  50  60  70 

divided  by  the  mean.  Similar  growth  runs  on  Distance  from  upstream  edge  (mm) 

75  mm  wafers  for  /7-type  layers  resulted  in  a 

uniformity  of  9%.  The  results  for  various  Figure  1.  Epi  thickness  of  75  mm  wafer. 

diameter  wafers  are  shown  in  Table  1 . 

Achieving  the  desired  doping  level  is  also  very  important  to  the  final  device  performance. 
However,  reaching  the  desired  levels  of  around  1  x  101  cm  and  below  for  thick  layers  of  SiC  is 
often  difficult.  Nearly  all  reactor  parameters  can  affect  the  doping  at  these  levels  to  easily  shift 
the  results  outside  allowable  limits.  Additionally,  C-V  measurements  in  this  range  are  less 
reliable  when  performed  with  a  mercury  probe  profiler.  We  have  collected  data  from  over 
80  reactor  runs  with  different  dopant  types  and  TT  ,r  r  .  .  , , 

doping.  All  runs  were  for  low  doped  thick  layers  Table  1.  Uniformities  of  epitaxial  layers 

(>20  pm).  The  results  show  that  if  we  accept  on  various  wafer  sizes. 

levels  of  within  ±20%  of  the  target  doping,  the 

reactor  yield  is  93%.  It  should  be  noted  that  this  Wafer  Thickness  p-type  n-type _ 

high  yield  applies  only  to  standard  product  75  mm  1.2%  9%  7% 

offerings  which  are  well  characterized.  Non-  50  mm  <1%  n/a  1.6% 

standard  combinations  of  thickness  and  doping  35  mm  <1%  2%  2% 

levels  will  significantly  impact  the  resulting 
reactor  yields. 


0  10  20  30  40  50  60  70 

Distance  from  upstream  edge  (mm) 

Figure  1.  Epi  thickness  of  75  mm  wafer. 


Table  1.  Uniformities  of  epitaxial  layers 
on  various  wafer  sizes. 


Wafer 

Thickness 

p-type 

n-type 

75  mm 

1.2% 

9% 

7% 

50  mm 

<1% 

n/a 

1.6% 

35  mm 

<1% 

2% 

2% 

Donant  Incorporation  Model 


The  incorporation  behavior  of  various  dopants  in  SiC  has  been  studied  for  some  time.  The 
behavior  of  nitrogen  incorporation  in  SiC  has  been  established  as  decreasing  with  both 
increasing  growth  temperature  and  increasing  growth  rate  [7].  This  has  been  our  experience  as 
well,  though  it  does  appear  that  susceptor  geometry  can  affect  the  magnitude  of  these  changes,  at 
least  in  our  laboratory.  It  turns  out  that  the  incorporation  behavior  of  A1  is  remarkably  different 
where  it  still  decreases  with  increasing  temperature,  but  also  increases  with  increasing  growth 
rate.  Figure  2  shows  the  A1  concentration  measured  by  C-V  as  a  function  of  temperature  offset 
from  an  arbitrary  value.  These  temperatures  were  maintained  for  the  duration  of  a  single 
deposition  run.  Temperature  offset  is  used  because  the  actual  wafer  surface  temperature  is  not 
known  as  the  control  temperature  is  measured  at  some  distance  from  the  wafer.  Figure  3  shows 
the  growth  rate  of  the  layers  shown  in  Figure  2,  which  was  also  held  constant  during  each 
individual  run.  As  can  be  seen  in  the  figure,  the  growth  rate  drops  at  higher  temperatures  due  to 
increased  etching  by  the  hydrogen  carrier  gas. 
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Figure  2  shows  that  the  Na-Nd  concentration  drops  rapidy  with  increasing  deposition 
temperature  as  was  also  observed  by  Kimoto  [7].  Figure  3  shows  the  growth  rate  dependence  for 
the  temperature  range.  It  is  reasonable  to  assume  that  the  sticking  coefficient  of  the  A1  will  drop 
as  the  wafer  temperature  is  increased.  At  a  constant  growth  temperature  offset  of  20°C,  if  the 
growth  rate  is  increased  by  50%  (from  ■  point  to  ▼  point  in  both  figures),  the  doping  level 
increases  by  38%.  But  if  the  growth  rate  is  increased  again  by  60%,  then  the  doping  level 
increases  by  an  additional  230%.  At  the  highest  temperature  offset  of  120°C,  an  increase  in 
growth  rate  of  83%  (A  point),  results  in  a  doping  increase  of  100%.  So  as  the  deposition 
temperature  is  changed  by  120°C  while  the  deposition  rate  is  held  constant  within  8%  and  the 
TMA  flow  is  held  constant,  the  resulting  A1  concentration  drops  by  a  factor  of  250.  The 
stoichiometry  of  the  input  precursors  was  kept  the  same  though  it  is  likely  to  assume  that  the 
effective  stoichiometry  changes  when  the  temperature  is  varied  over  this  range.  While  we  think 
that  stoichiometry  may  play  some  minor  role  in  the  observed  behavior  [8],  it  can  not  explain  a 
change  of  this  magnitude. 


Temperature  offset  (C) 


Figure  2.  Na-Nd  concentration  (from  C-V)  as  Figure  3.  Epitaxial  growth  rate  as  a  function 
a  function  of  adjusted  deposition  of  adjusted  deposition  temperature, 

temperature  (at  constant  TMA  flow). 


The  data  points  where  the  growth  rate  was  increased  indicates  an  initial  proportional  change 
in  doping  levels  with  growth  rate  that  becomes  non-linear.  This  appears  to  us  to  indicate  that  the 
p- type  doping  is  influenced  by  surface  roughness  or  defects.  Thus  as  the  growth  rate  increases, 
the  surface  roughens,  and/or  defect  concentrations  increase  which  provide  additional  sites  for  A1 
incorporation.  It  may  also  explain  the  high  incorporation  rate  of  A1  at  lower  deposition 
temperatures  where  many  more  defects  can  act  as  bonding  sites  for  Al.  Nitrogen,  in  contrast, 
decreases  with  increasing  growth  rate. 

Doping  Transitions 

One  component  of  device  performance  is  the  ability  to  make  transitions  from  n  to  n ,  or  p  to 
p\  and  even  niop  levels.  More  abrupt  transitions  permit  devices  to  be  fabricated  with  layer 
thicknesses  closer  to  the  ideal  design  thickness.  Also,  transitions  from  n  to  p  or  p  to  n  levels  will 
result  in  potential  recombination  regions  that  can  be  minimized  by  the  abruptness  of  the 
transition.  We  chose  a  topical  p '  layer  structure  that  consisted  of  an  n+  substrate  followed  by  an 
n+  buffer  layer,  then  a  p  buffer  layer  and  finally  the  p'  region.  A  sample  of  this  structure  was 
profiled  using  both  C-V  measurements  and  secondary  ion  mass  spectrometry  (SIMS).  The  SIMS 
profile  is  shown  below  in  Figure  4. 
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Figure  4.  Secondary  ion  mass  spectrometry  (SIMS)  depth  profile  of  a  multi-layer  structure 

indicating  sharp  transitions  between  adjacent  regions. 

It  should  be  noted  that  the  profiles  observed  with  SIMS  were  also  observed  with  C-V 
profiling.  These  data  are  not  shown  since  C-V  profiles  are  subject  to  depletion  effects  and  a 
complete  profile  of  the  entire  structure  was  not  possible  on  a  single  structure.  The  SIMS  data 
itself  is  also  subject  to  “layer-mixing”  effects  which  can  smear  out  transitions  that  occur  at 
greater  depths.  The  A1  profile  shows  a  “spike”  at  the  substrate  interface  which  has  been 
previously  observed  by  Burk  and  Rowland  [9].  While  removal  of  this  “spike”  is  a  matter  of  some 
further  research,  doping  levels  are  controlled  such  that  no  “buried  interfaces”  occur.  The 
transition  from  the  n+  buffer  to  the  p  buffer  shows  that  this  change  is  possible  within  much  less 
than  0.5  pm.  The  A1  profile  also  shows  a  “rounding  up”  behavior  which  is  not  present  in  layers 
grown  more  recently,  due  to  injection  of  larger  quantities  of  trimethyl  aluminum  at  the  start  of 
such  regions.  Finally,  the  transition  to  the  final  p"  level  which  falls  three  orders  of  magnitude 
takes  less  than  3  pm,  with  the  majority  of  the  transition  requiring  only  0.2  pm  to  fall  to 
3xl015  cm"3.  The  entire  structure  was  deposited  without  changes  in  Si/C  ratios  or  other 
deposition  conditions  that  might  affect  the  quality  of  the  layers.  The  surface  morphology  was 
equivalent  to  single  layers  grown  under  these  conditions. 

High  Voltage  Device  Behavior 

Low  doped,  thick  4H-SiC  epitaxial  layers  are  essential  for  the  realization  of  high  voltage 
devices.  A  simple  high-power  device  structure  that  can  use  these  epitaxial  layers  is  a  high 
voltage  P-i-N  diode  as  shown  in  Figure  5.  To  ease  the  gradient  of  the  electric  field  at  the  edge  of 
the  device,  an  edge  termination  suitable  for  very  high  voltage  must  be  used.  A  batch  of  wafers 
using  a  4H-SiC  n  layer  with  a  thickness  of  85  pm  (also  called  the  drift  layer)  and  a  later  batch 
with  a  layer  thickness  of  approximately  50  pm  were  fabricated  using  junction  termination 
extension  (JTE)  as  the  edge  termination  technique.  The  termination  region  has  a  low  dose 
implanted  /7-type  ring  surrounding  the  high  voltage  anode  junction.  While  the  edge  termination 
was  not  designed  to  fully  exploit  the  capability  of  the  epitaxial  layer  used,  a  high  blocking 
voltage  in  excess  of  5.5  kV  was  achieved  on  one  of  the  diodes  of  the  first  batch.  With 
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improvements  in  the  processing,  a  blocking  voltage  of  5.9  kV  was  achieved  on  one  diode  in  the 
second  batch.  The  reverse  current-voltage  characteristics  are  shown  in  Figure  6.  The  first  diode 
batch  gave  a  varying  leakage  current  that  went  from  mid- 1  O'7  A  to  mid-10‘5  A.  The  marked 
improvement  in  leakage  behavior  of  the  second  batch  resulted  in  leakage  current  of  10’8  A  over 
most  of  the  voltage  range  and  demonstrates  the  much  improved  processing.  Modeling  of  the 
ideal  breakdown  behavior  for  SiC  at  a  given  layer  thickness  and  doping  level  showed  that  the 
second  diode  with  a  50  pm  epitaxial  layer  (vs.  85  pm  for  the  first  batch)  closely  approached  the 
maximum  theoretical  voltage. 
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Figure  5.  The  structure  of  the5.5  kV  P-i-N 
diodes  in  Figure  6. 
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Figure  6.  Reverse  bias  I-V characteristics  of 
diodes. 


In  addition  to  a  high  reverse  blocking  voltage,  a  diode  must  also  have  a  low  on-state  voltage 
drop.  In  the  diodes  of  the  first  batch  achieving  5.5  kV,  the  forward  voltage  drop  at  100  A/cnr 
was  5.4  V.  In  the  second  batch  of  diodes,  the  contacts  were  poorly  annealed  and  had  a  much 
higher  resistivity  which  resulted  in  a  larger  voltage  drop.  However,  we  have  recently  produced 
diodes  with  a  50  pm  drift  layer  which  have  a  forward  voltage  drop  of  only  6.5  V  at  a  current 
density  of  1000  A/cm2.  This  layer  had  a  blocking  voltage  of  5  kV. 

The  formulation  presented  in  Ref.  10  was  used  along  with  the  on-state  voltage  drop  observed 
in  the  low  doped  drift  region  in  the  device  to  estimate  a  carrier  lifetime.  The  results  indicated 
that  the  carrier  lifetime  of  the  low  doped  epitaxial  layers  used  in  these  diodes  was  to  be  greater 
thanlps[ll]. 

SUMMARY 


Highly  uniform  epitaxial  layers  of  4H-SiC  have  been  achieved  by  optimizing  growth 
conditions  in  a  hot-wall  CVD  reactor.  The  thickness  and  doping  uniformity  for  3”  diameter 
wafers  have  been  shown  for  the  first  time  at  <2%  and  <10%,  respectively.  The  thickness  and 
doping  uniformities  for  other  wafer  sizes  were  also  shown  with  results  at  or  below  2%  in  all 
cases. 

A  simple  model  was  shown  for  the  incorporation  of  A1  in  4H-SiC  showing  that  increased 
growth  rate  resulted  in  higher  doping  levels.  It  was  proposed  that  this  behavior  was  due  to 
increased  surface  defects  and/or  roughness.  SIMS  data  was  presented  that  showed  sharp 
transitions  across  different  doping  levels  and  even  dopant  types.  These  changes  were  possible 
without  changes  in  deposition  conditions  which  maintains  the  resulting  surface  morphology. 

High  voltage  P-i-N  diodes  were  fabricated  on  low  doped  epitaxial  layers  of  two  different 
thicknesses.  The  best  forward  voltage  drop  of  6.5  V  at  1000  A/cm2  was  achieved  using  an 
epitaxial  layer  thickness  of  50  pm.  Improved  processing  resulted  in  both  a  higher  blocking 
voltage  of  5.9  kV  and  dramatically  improved  leakage  current  behavior.  Modeling  showed  that 
the  higher  voltage  diode  approached  theoretical  limits  for  breakdown  behavior  in  SiC  for  its 
thickness  and  doping  level.  From  the  on-state  resistance  the  carrier  lifetime  in  the  thick,  low 
doped  blocking  layer  was  estimated  to  be  greater  than  1  ps. 
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ABSTRACT 

Silicon  carbide  technology  is  rapidly  developing  into  a  production  process.  This  is  due  to 
rapid  progress  in  the  development  of  high  quality  epitaxy  and  substrates.  We  report  on  the 
development  of  a  resistively  heated  vertical  reactor  and  it’s  application  to  homo-epitaxy  and 
selective  area  growth.  Epitaxial  growth  of  4H  and  6H-SiC  requires  high  temperatures  (in  excess 
of  1500°C).  In  this  work  we  investigate  resistive  heating  which  offers  advantages  in  cost, 
temperature  uniformity  and  power  efficiency  of  heating.  However,  resistive  heating  presents 
major  technological  challenges.  Due  to  the  power  efficiencies  possible  with  resistive  heating  we 
are  able  to  obtain  temperatures  in  excess  of  1750°C.  Using  this  system  we  have  grown  “state  of 
the  art”  4H  and  6H-SiC.  At  1580°C  our  background  doping  is  p-type  at  a  level  of  3-5x1 015cm‘3 
as  measured  by  capacitance  techniques  in  agreement  with  earlier  results  presented  by 
investigators  from  Siemens  Corp  using  a  similar  system.  The  background  concentration 
increases  by  about  an  order  of  magnitude  at  1680°C.  This  system  has  also  been  used  to  perform 
experiments  with  selective  area  growth  of  SiC  using  a  graphite  mask.  This  masking  technology 
allows  for  the  growth  of  SiC  in  specific  regions  at  elevated  temperature  in  excess  of  1600°C. 

INTRODUCTION 

Silicon  Carbide  (SiC)  has  several  superior  properties  as  compared  to  other  semiconductor 
materials.  These  properties  include  high  thermal  conductivity,  inertness  to  chemical  reactions, 
hardness,  high  breakdown  field,  high  saturated  electron  drift  velocity.  These  superior  properties, 
makes  SiC  an  excellent  candidate  for  high  power  and  high  temperature  electronic  devices.  This 
and  the  availability  of  high  quality  epitaxy  and  SiC  substrates  have  resulted  in  the  rapid 
development  of  the  SiC  technology.  In  the  epitaxial  growth  of  6H  and  4H-SiC,  high 
temperatures  in  excess  of  1500°C  are  required.  High  voltage,  bipolar  devices  require  thick,  low 
doped  epitaxial  layers  with  long  carrier  life  times,  and  are  most  conveniently  grown  by  Chemical 
Vapor  Deposition  (CVD)[1]. 

The  reactor  used  in  this  study  is  a  EMCORE  Corporation  system,  equipped  with  a 
vertical  chamber  and  a  rotating  disk  technology.  Based  on  the  experience  of  EMCORE  in  the 
field  of  m-V  epitaxy,  our  reactor  is  a  combination  of  the  rotating  disk  technology  and  the  high 
temperature  needs  of  homoepitaxial  SiC  growth  [2].  In  conjunction  with  EMCORE  Corporation, 
we  have  been  able  to  develop  a  usable  resistive  heating  system  as  an  alternative  to  RF  heating. 
The  construction  of  the  reactor  is  shown  in  figure  1. 
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Figure  1:  Diagram  showing  the  construction  of  the  above-mentioned  resistively  heated  CVD 
reactor.  (1)  Resistively  heated  filament  (2)  wafer  carrier  or  susceptor  and  (3)  graphite  cup. 


It  consists  of  a  double  walled,  water-cooled  vertical  chamber,  made  out  of  stainless  steel. 
It  has  three  view  ports  one  of  which  is  used  for  pyrometric  temperature  measurement.  It  is  also 
equipped  with  a  RHEED  gun  for  in-situ  RHEED  measurements  to  characterize  the  grown  layers 
immediately  after  growth.  The  susceptor  is  resistively  heated  with  a  graphite  filament  with 
power  consumption  at  1700°C  of  8kW. 

The  challenge  in  the  development  of  the  resistive  heating  system  has  been  the  decrease  of 
the  filament  lifetime  due  to  hydrogen  etching.  Hydrogen  is  present  in  the  reactor  as  a  carrier  gas 
and  decomposition  product  of  the  reactant  gases  (SflHU  and  C3H8  ).  Hydrogen  etching  is  a 
function  of  the  filament  temperature  and  the  partial  pressure  of  hydrogen  in  the  region  of  the 
filament.  Studies  at  EMCORE  indicate  that  filament  failure  is  likely  after  a  5%  reduction  in  the 
filament  cross  sectional  area.  In  order  to  increase  the  filament  lifetime,  hydrogen  should  be 
eliminated  from  the  filament  region  and/or  the  filament  temperature  minimized.  Our  current 
design  involves  the  use  of  a  thin  (20mil  thick)  graphite  susceptor  which  drops  into  an  open  cup 
resulting  in  a  20mil  to  40mil  air  gap  between  the  filament  and  the  susceptor.  This  configuration 
is  used  because  in  minimizes  the  temperature  offset  between  the  filament  and  susceptor.  The 
base  of  the  cup  is  purged  with  argon  as  shown  in  figure  1  to  reduce  the  partial  pressure  of 
hydrogen  in  the  vicinity  of  the  filament.  If  the  hydrogen  can  be  eliminated  the  filament  lifetime 
will  be  determined  by  carbon  evaporation.  For  our  geometry  the  predicted  filament  lifetime  is 
over  1000  hours  at  a  filament  temperature  of  2000°C.  Because  we  have  not  been  able  to 
completely  exclude  hydrogen  from  the  filament  the  current  filament  life  is  still  determined  by 
hydrogen  etching.  We  have  been  able  to  achieve  filament  life  times  of  15  to  20  hours  by  this 
method. 

In  our  bid  to  achieve  higher  filament  lifetimes  (>100  hours),  we  are  developing  a  growth 
process,  which  uses  argon  as  the  shroud,  thus  reducing  the  volume  of  hydrogen  significantly. 
We  are  also  designing  a  new  cup  and  susceptor,  which  will  lock  in  place  to  reduce  the  flow  of 
hydrogen  into  the  cup  and  allowing  a  higher  flow  of  argon  for  purging. 
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EXPERIMENTS 


Homoepitaxial  Growth  /  Reactor  Calibration 

For  the  growth  of  a-  SiC,  we  used  (0001)  SiC  substrates  with  the  polished  growth  surface 
tilted  at  angles  between  3°  and  8°  from  the  basal  plane  .  This  tilt  angle  ensures  that  “step-flow” 
homoepitaxial  growth  occurs  and  that  good  morphology  is  obtained  [3],[4],[5],[6].  In  order  to 
grow  high  quality  a-  SiC  epitaxial  layers  and  also  to  calibrate  our  CVD  reactor,  we  have  been 
working  on  optimization  of  the  growth  parameters  including  growth  temperature,  chamber 
pressure,  reactant  gas  flows,  growth  rates,  carrier  gas  flows  and  rotation  speed.  In  our  system  a 
shroud  flow  of  21-30  slm  is  required  to  stabilize  the  reactor.  Typical  growth  parameters  are 
shown  in  table  I. 


Table  I:  Typical  growth  parameters  for  the  homoepitaxial  growth  of  a-  SiC  using  a  resistively 
heated  CVD  reactor. 


Growth 

Temperature 

Chamber 

Pressure 

c3h8 

Flows 

SfflU 

Flows 

Shroud  (H2) 
Flows 

Rotation 

Speed 

1500°C 

50  Torr 

8.4sccm 

275  seem 

21  slm 

750  rpm 

to 

to 

to 

to 

to 

1700°C 

250  Ton 

100  seem 

550  seem 

30  slm 

Propane  (C3H8)  and  silane  (S1H4)  were  used  as  the  reactant  gasses  with  hydrogen  as  the  carrier 
gas.  The  substrates  were  heated  resistively  as  discussed  previously.  Initial  calibration  growths 
were  performed  without  in-situ  doping  of  the  epitaxial  layers  thus  we  were  able  to  find  out  about 
the  levels  of  background  impurities  during  the  growth  process.  We  have  performed  growth 
experiments  of  a-  SiC  at  1580°C  and  elevated  temperatures  (1680°C).  We  calibrate  our  reactor 
at  1420°C  by  observing  the  melting  of  silicon. 

Selective  Area  Growth  of  a-  SiC 


In  order  to  selectively  grow  a-  SiC,  we  mask  parts  of  the  substrate  using  our  high  temperature 
graphite  mask[7].  The  graphite  mask  after  growth  was  removed  by  oxidizing  it  and  then  etching 
it  in  an  HF/HNO3  (1:2)  etch  solution.  The  growth  of  the  selective  epi  is  verified  with  a  scanning 
electron  microscope  (SEM). 


RESULTS  AND  DISCUSSIONS 

In  the  characterization  of  our  epitaxial  layers,  we  employ  several  methods  to  access  the 
quality  of  the  grown  layers.  The  surface  morphology  is  assessed  using  an  atomic  force 
microscope  (AFM)  and  an  optical  microscope  .Other  characterization  methods  include  two  point 
probe  to  check  the  breakdown  voltage  and  capacitance-voltage  (CV)  measurements  (by 
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depositing  A1  schottky  diodes)  using  a  doping  profiler  which  gives  a  quick  assessment  of  the 
background  dopant  type,  background  doping  levels  and  hence  a  doping  profile.  Figure  2  shows 
the  doping  profiles  for  two  4H  samples  grown  under  the  same  conditions  except  temperature. 
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Figure  2:  Doping  profiles  for  unintentionally  doped  p-type  4H  SiC  epitaxial  layers  at  (a)  1580°C 
and  (b)  1680°C 

These  background  doping  levels  are  due  to  the  fact  that  we  do  not  use  SiC  coated  parts,  hence 
although  they  are  reasonably  low,  the  use  of  SiC  coated  parts  will  enable  us  to  achieve  even 
lower  backgrounds. 

High  temperature  growth  is  advantageous  because  higher  growth  rates  could  be  achieved 
to  satisfy  the  thick  layer  requirements  of  SiC  power  devices.  Results  at  the  elevated 
temperatures  show  significant  step  bunching  as  shown  in  figure  3  and  also  higher  background 
doping  levels  which  we  believe  comes  from  the  graphite  out  gassing  at  the  higher  temperature. 
Experiments  with  the  selective  area  growth  show  promising  results.  We  see  nucleation  on  the 
mask  after  growth  including  some  etching  as  shown  in  figure  4.  The  SEM  picture  shows  the  step 
from  substrate  to  epi.  The  rough  edges  are  due  to  SiC  growing  into  the  undercut  in  the  graphite 
mask  made  during  fabrication. 


Figure  3:  AFM  picture  of  4H  SiC  epitaxial  layer,  grown  at  1680°C.  Significant  step  bunching  is 
observed. 
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Figure  4:  Optical  microscope  picture  of  (a)  selectively  grown  4H  SiC  epitaxial 
layer(magnification  162x)  (b)graphite  mask  surface  showing  nucleation  during  growth 
(magnification  1 6 1 8x). 

In  order  to  determine  the  growth  rates,  we  determine  the  layer  thickness.  We  have 
developed  the  first  direct  measure  of  SiC  epi  thickness  measurement  by  measuring  the  height  of 
our  selectively  grown  epi  as  shown  in  figure  5,  this  is  a  unique  advantage  of  our  selective  epi 
technique. 


Figure  5:  SEM  picture  showing  selectively  grown  4H  SiC  and  a  direct  measure  of  epi  thickness. 
Rough  edge  is  due  to  growth  of  SiC  into  the  undercut  in  the  graphite  mask. 

The  graphite  mask  is  easily  removed  with  a  silicon  etch,  leaving  the  masked  area  clean  without 
degradation. 

CONCLUSION 

We  have  successfully  developed  a  usable  resistively  heated  vertical  CVD  reactor  for  the 
growth  of  SiC.  Filament  lifetimes  of  15  to  20  hours  have  been  achieved.  These  lifetimes  are  due 
to  the  feet  that  we  have  not  been  able  to  totally  eliminate  hydrogen  from  the  vicinity  of  the 
filament.  Because  we  know  the  degradation  mechanism,  we  have  various  plans  to  increase  the 
lifetime  further.  We  have  grown  “state  of  the  art”  a-  SiC  epi  layers  with  this  reactor,  with  a 
growth  rate  of  5pm/hr  for  Si/C  ratio  of  1.0.  Higher  growth  rates  can  be  achieved  with  higher 
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Si/C  ratios,  this  is  possible  because  we  have  a  wide  window  for  the  Si/C  ratios  for  high  quality 
epi  growths.  We  have  found  the  background  doping  to  be  p-type  ~  5xl015  cm'3  as  reported  in  [2]. 
The  high  temperature  capability  of  resistive  heating  has  enabled  us  to  perform  growth 
experiments  at  elevated  temperatures  (1680°C).  Significant  step  bunching  is  observed  with  an 
order  of  magnitude  higher  background  doping  relative  to  growths  at  1580°C.  Process 
optimization  is  underway  to  obtain  quality  epi  layers  at  fester  growth  rates,  an  advantage  of  high 
temperature  growth.  We  have  successfully  grown  high  quality  selective  epi  (using  a  graphite 
mask)  comparable  to  that  grown  without  masking.  Using  our  selective  epi  technique,  we  have 
developed  the  first  direct  measure  of  SiC  epi  thickness  measurement,  resulting  in  an  accurate 
determination  of  growth  rates.  Critical  device  areas  like  the  channel  of  a  power  MOSFET  can 
therefore  grown  selectively,  eliminating  the  ion  implantation  damage  which  reduces  carrier 
mobilities. 
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ABSTRACT 

SiC  is  suitable  for  power  devices  but  high  quality  SiC  epitaxial  layers  having  a  high 
breakdown  voltage  are  needed  and  thick  epilayer  is  indispensable.  In  this  study,  CST 
method  (Close  Space  Technique)  was  used  to  rapidly  grow  thick  epitaxial  layers.  Source 
material  used  was  3C-SiC  polycrystalline  plate  of  high  purity  while  4H-SiC(0001)  crystals 
inclined  8°  off  toward  <1120>  was  used  for  the  substrate.  Quality  of  the  epilayer  was 
influenced  significantly  by  pressure  during  growth  and  polarity  of  the  substrate.  A  p-type 
conduction  was  obtained  by  changing  the  size  of  p-type  source  material.  The  carrier 
concentration  of  epilayer  decreased  when  a  lower  pressure  was  employed.  Schottky  diode  was 
also  fabricated. 

INTRODUCTION 

SiC  is  suitable  for  high  power  devices  because  of  its  wide-bandgap  and  high  thermal 
conductivity.  To  make  a  SiC  device  having  high  breakdown  voltage,  thick  epitaxial  layers  are 
needed.  In  conventional  CVD  method  (  in  which  silane  and  propane  are  normally  used), 
epitaxial  growth  rate  is  about  3  p.m!h.  .  From  industrial  point  of  view,  rapidly  grown  thick 
epilayers  are  required.  Sublimation  epitaxy  (  CST  :  close  space  technique)  has  been 
demonstrated  to  grow  thick  epilayers  at  higher  growth  rate  [1-5]. 

A  close  space  technique  has  two  advantages  compared  to  other  growth  methods.  One 
is  that  the  growth  apparatus  has  a  simple  configuration.  The  other  is  the  ability  to  keep  the 
growth  system  pure  since  only  two  materials  are  needed,  one  for  the  source  and  the  other  for 
the  substrate.  This  growth  method  had  been  applied  to  grow  various  semiconductors  such  as 
Ge  [6].  This  technique  has  also  been  applied  to  SiC  [7,8].  It  is  basically  the  same  as 
conventional  sublimation  method  [9].  A  merit  of  this  configuration  is  that  it  minimizes  the 
area  of  graphite  wall  in  the  crucible.  Normally  in  the  conventional  sublimation  method 
unwanted  carbon  species  comes  from  the  wide  area  of  the  graphite  wall  ,  and  then  the  quality 
of  epilayers  degrades.  In  CST,  unwanted  C  species  are  minimized  and  sublimed  vapor  is 
transferred  to  the  substrate  in  quasi-thermal  equilibrium  condition. 

We  have  previously  studied  homoepitaxy  of  4H-SiC  by  CST[5].  The  surface 
morphology  was  observed  by  optical  microscope  in  the  Nomarsky  mode  and  AFM  (  Atomic 
Force  Microscope).  Crystallinity  and  purity  of  the  epilayer  were  characterized  by  Raman 
spectroscopy.  Smooth  layers  without  step-bunching  were  obtained  at  a  pressure  lower  than  40 
Torr.  The  surface  morphology  of  the  epilayers  was  mainly  influenced  by  the  off-angle  of 
the  substrate  and  the  ambient  pressure. 

EXPERIMENT 

3C-SiC  polycrystalline  plates  of  semiconductor  grade  (MUHSIGAdmap  Ltd. )  were 
used  as  SiC  source  material  while  4H-SiC  (Si-face,  C-face)  substrates  of  commercially 
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obtained  wafers  inclined  8°  off  (0001)  towards  <1 120>  were  used  as  substrates.  Size  of  the 
substrate  was  5  mm  x  5  mm.  In  order  to  have  an  accurate  spacer  height  between  source  and 
substrate,  a  graphite  spacer  with  a  square  opening  size  of  4  mm  x  4  mm  was  used.  The  source 
and  substrate  were  set  in  a  graphite  crucible.  A  crucible  with  outer  diameter  of  34  mm,  inner 
diameter  of  24  mm  and  33  mm  long  including  cap  was  used.  The  crucible  was  thermally 
shielded  by  graphite  foam.  A  vertical  quartz  tube  cooled  by  an  air-fan  was  used  as  the 
reaction  tube.  The  temperatures  of  top  and  bottom  of  the  crucible  were  measured 
simultaneously  by  two-color  pyrometers(Chino  IR-AQ).  The  experiments  were  carried  out  in 
Ar  atmosphere.  The  crucible  in  the  reaction  tube  was  heated  by  an  rf  generator  at  a  frequency 
of  about  45kHz.  Our  typical  growth  conditions  were  as  follows:  growth  temperature  of  source 
material  (Tg)  1900-2100 °C,  temperature  gradient  (  grad  T  )  3.5°C/mm,  growth  pressure  (P) 
0.3-100Torr,  distance  (AX)  between  source  and  substrate  1.5  mm. 

The  3C-SiC  plate  was  rinsed  in  HF  to  remove  native  oxide  from  the  surface.  The 
substrate  was  also  cleaned  with  HF  before  setting.  The  crucible  was  baked  at  around  2000  C 
in  Ar  atmospheric  pressure  before  setting  the  substrate  and  source  plate. 

RESULTS  AND  DISCUSSION 

The  growth  rate  of  epitaxial  layers  (Vg)  was  investigated  by  varying  the  substrate 
temperature  with  AX-1.5  mm,  P-10  and  100  Torr,  and  grad  T-  3  °C/mm  .  The  growth  rate 
increased  exponentially  with  growth  temperature.  The  activation  energies  calculated  by  using 
an  Arrhenius  plot  was  162  kcal/mol  at  100  Torr  and  149  kcal/mol  at  10  Torr  as  shown  Fig  1. 
Those  two  values  are  in  the  range  of  published  data  [10,  11].  According  to  the  literature, 
growth  rate  is  limited  by  two  mechanisms  ,  one  is  surface  reaction  limited  and  the  other  is 


Fig.l  Temperature  dependence  of  the  growth  rate 


180 


diffusion  limited  [7].  Growth  rate  at  100  Torr  was  limited  by  diffusion  ,  whereas,  it  was 
limited  by  surface  reaction  at  pressure  of  10  Torr.  To  verify  those  rate  limited  regime,  growth 
rate  dependence  on  Ar  pressure  was  measured.  Growth  rate  dependence  on  pressure  is  shown 
in  Fig.2.  When  the  pressure  was  low  ,  the  growth  rate  increased.  At  lower  pressure,  the  source 
was  activated  and  the  concentration  of  chemical  species  increase.  Generally  speaking,  growth 
rate  (Vg)  is  determined  by  three  factors:  etching  (Ve),  diffusion  (Vd)  and  crystallization  (Vc) 
velocities.  Ve  and  Vc  are  related  to  surface  reaction  rate(Vs).  Consequently,  Vg  is  expressed 
by  the  competing  processes  of  Vs  and  Vd.  In  Fig.2,  growth  rate  decreased  at  higher  pressure 
indicating  that  the  growth  rate  is  limited  by  diffusion  process  [7].  However,  when  the 
pressure  was  low,  growth  rate  increased  indicating  that  growth  rate  is  limited  by  surface 
reaction.  This  rate  limiting  process  might  be  related  to  the  different  value  of  activation 
energy  at  different  growth  pressure  as  shown  in  Fig.  1 . 

Surface  morphology  of  the  epilayer  on  (OOOl)Si-face  grown  at  a  pressure  of  10  Torr 
was  smooth  as  observed  by  optical  microscope.  Even  though  surface  scratches  remained  on 
the  substrate  ,  smooth  surface  was  obtained  after  the  epi-growth.  In  case  of  (OOOl)C-face,  the 


Growth  Pressure  :  l/P[l/Torr] 

Fig.  2  Pressure  dependence  of  the  growth  rate 

situation  was  quite  different.  The  surface  of  as-received  C-face  was  often  rough  compared  to 
the  (OOOl)Si-face.  A  lot  of  polishing  scratches  were  observed  on  it.  To  create  a  smooth 
surface  of  the  substrate,  two  kinds  of  treatments  were  carried  out.  One  method  was  to  use 
molten-KOH  etching  and  the  other  was  RIE  etching  using  CF4+O2.  When  the  as-received 
substrate  was  used  for  the  growth,  the  scratched  pattern  remained  in  the  epilayer  even 
though  40  mm  thick  epilayer  was  grown  as  shown  in  Fig.3  (a).  Morphology  of  epilayer  on 
molten-KOH  treated  substrate  was  smooth  but  micropipes  appeared  which  originally  existed 
in  the  substrate  as  shown  in  Fig.3(b).  Morphology  of  the  epilayer  on  RIE  treated  substrate  was 
also  smooth  and  step-bunching  was  not  observed  as  shown  in  Fig.3(c).  In  these 
experiments,  surface  pre-treatment  was  a  key  to  obtaining  smooth  surface.  In  comparing 
the  surface  morphology  of  Si-face  and  C-face,  C-face  was  very  sensitive  to  pretreatment. 
However,  it  is  confirmed  that  the  C-face  gives  a  smoother  surface,  if  surface  treatment  is 
carefully  done.This  difference  might  be  related  with  surface  energies  of  those  faces. 
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Fig-3  Surface  morphoplogy  of  the  epilayers  depending  various  pretreatments. 

(a)  epilayer  on  as-received  substrate,  (b)  epilayer  on  molten  KOH  etching 
substrate  and  (c)  epilayer  on  RIE  treated  substrate. 

Normally,  surface  energy  of  Si-face  is  high  compared  with  C-face[12]. 

The  purity  of  the  epitaxial  layers  was  investigated  by  Raman  spectroscopy.  Free 
carrier  concentration  of  the  epilayer  was  characterized  by  measuring  the  LO-phonon- 
plasmon-coupled  mode  in  Raman  spectroscopy  [13].  LO-phonon  peaks  at  around  970  cm-1 
shifted  to  lower  wave  numbers,  when  the  substrate  temperature  was  increased.  This  shift 
indicates  that  carrier  concentration  also  decreased  by  increasing  the  substrate  temperature. 
This  is  related  to  the  site-competition  mechanism  [14].  As  higher  concentration  of  C  species 
was  produced  at  high  temperatures,  nitrogen  was  not  incorporated  in  high  C  ambient,  as 
reported  in  homoepitaxial  CVD  growth. 
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Fig.4  Photoluminescence  spectrum  of  epilayer  prepared  at  0.3  Torr. 
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We  also  investigated  the  purity  of  the  epilayers  by  performing  photoluminescence 
measurement  at  11K.  Several  sharp  peaks,  P-series  and  Q-series  due  to  recombination  of 
excitons  bound  to  neutral  nitrogen  donors  were  observed.  Peaks  of  Po  and  Qo  are  zero- 
phonon  lines.  The  Qo  peak,  which  is  due  to  excitons  bound  to  neutral  nitrogen  donors 
substituting  C  atom  on  the  cubic  sites,  was  observed  in  the  epilayer  grown  at  0.3  Torr. 
However,  this  peak  was  not  observed  in  the  epilayer  prepared  at  a  pressure  greater  than  40 
Torr.  Those  observations  indicate  that  purer  samples  were  grown  at  lower  pressure.  Phonon 
replica  of  free  exciton  emission  is  also  observed  at  2K  as  shown  in  Fig.4.  Phonon  replica  of 
free-exciton  band  is  also  observed.  The  relative  intensity  of  I-series  (free  exciton)  and  Q-series 
(bound  exciton)  suggests  concentration  of  nitrogen  donors  in  epilayers  [15].  Peak  intensity  of 
the  ratio  between  I  series  and  Q-series  was  3xl0'2,  from  which  the  carrier  concentration  of 
epilayer  is  estimated  to  be  the  order  of  1017  cm'3  [15]. 

P-type  epilayer  was  made  using  p-type  source  material.  A  small  amount  of  p-type  chip 
wafer  (  2mm  x  2mm)  was  placed  on  the  source  plate  of  SiC  (undoped  n-type).  The  growth 
condition  was  the  same  as  for  the  undoped  case.  Photoluminescence  of  the  epilayer  is  shown 
in  Fig5.D-A  pair  emission  peaks  (  Bo,Bto,  lo„Cto,  Lo)were  observed  and  indicate  that  A1 
was  incorporated  in  the  epilayer  in  this  growth  method.  When  a  small  amount  of  p-type 
platelet  was  used,  D-A  pair  emission  band  shifted  to  much  lower  energy  side  compared  to 
when  entire  p-type  source  was  used.  This  is  the  result  of  large  separation  between  donor  and 
acceptor  achieved  by  adding  a  small  amount  of  p-type  source.  This  suggests  the  a  possibility 
of  controlling  doping  concentration  by  changing  the  size  of  the  p-type  source  materials. 

Photon  Energy  (eV) 


Wavelength  [  A  ] 

Fig.5  Photoluminescence  spectra  of  p-type  epilayers 
prepared  by  using  different  size  of  source  plates. 
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To  verify  the  usefulness  of  CST  for  large  size  wafer,  we  used  4H-SiC  substrate  of  1 
inch  size.  One  inch  diameter  spacer  was  made  and  the  periphery  (1  mm)  of  the  substrate  was 
held  by  the  spacer.  Growth  conditions  were  the  same  as  described  previously,  and  40 
micron-thick  epilayer  was  obtained.  Surface  morphology  was  smooth  and  the  entire  area  was 
the  same  polytype  as  the  substrate.  However,  central  part  was  thicker  than  the  periphery  due 
to  the  temperature  gradient.  The  temperature  uniformity  will  be  optimized  by  changing  the 
crucible  shape. 

Schottky  diode  was  also  made  on  the  n-type  epilayer.  Ohmic  contact  was  made  by  A1 
evaporation  and  annealing  at  400  °C.  Au  was  evaporated  as  Schottky  metal.  I-V  characteristic 
showed  breakdown  voltage  of  40  V,  built-in  voltage  of  2.3  V  and  n- value  of  1.6.  Carrier 
concentration  estimated  by  C-V  measurement  was  about  7x10 16  cnr3  . 


CONCLUSION 

We  have  obtained  smooth  4H-SiC  homoepitaxial  layers  at  a  high  growth  rate  of  40  pm/h. 
Surface  morphology  depended  on  the  polarity  of  the  substrate.  When  careful  pretreatment 
was  done  for  the  C-face,  smooth  and  step-bunch-free  surface  was  obtained  on  C-face. 
Excitons  bound  to  neutral  nitrogen  donors  were  observed  by  photoluminescence  measurement 
at  2  K,  indicating  high  quality  epitaxial  layers.  A  low  carrier  concentration  of  5x10 16  cnr3 
was  obtained  at  low  pressure.  P-type  epilayer  was  obtained  by  adding  small  amount  of  p-type 
source  .  The  CST  is  applicable  for  large  size  epitaxial  layer  growth  also. 
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ABSTRACT 

SiC/Si  films  generally  contain  stacking  faults  and  amorphous  regions  near  the 
interface.  High  quality  SiC/Si  films  are  especially  difficult  to  obtain  since  the 
temperatures  usually  required  to  grow  high  quality  SiC  are  above  the  Si  melting  point. 

We  added  Ge  in  the  form  of  GeH2  to  the  reactant  gases  to  promote  two-dimensional 
CVD  growth  of  SiC  films  on  (111)  Si  substrates  at  1000°C.  The  films  grown  with  no 
Ge  are  essentially  amorphous  with  very  small  crystalline  regions,  whereas  those  films 
grown  with  GeH2  flow  rates  of  10  and  15  seem  are  polycrystalline  with  the  3C  structure. 
Increasing  the  flow  rate  to  20  seem  improves  the  crystallinity  and  induces  growth  of  6H 
SiC  over  an  initial  3C  layer.  This  study  presents  the  first  observation  of  spontaneous 
polytype  transformation  in  SiC  grown  on  Si  by  MOCVD. 

INTRODUCTION 

Growing  high  quality  SiC  films  on  Si  is  challenging  due  to  large  differences  in  their 
thermal  expansion  coefficients  and  lattice  constants.  SiC  grown  on  Si  usually  forms  in  the  cubic 
polytype,  typically  with  high  densities  of  stacking  faults  and  dislocations.  Films  that  have  a  large 
lattice  mismatch  with  their  substrate  grow  by  either  the  Volmer-Weber  or  the  Stranski-Krastanov 
mode,  both  of  which  lead  to  island  formation.1  Growth  of  SiC  on  Si  is  limited  by  the  Si  species. 
It  is  believed  that  the  Si  is  first  absorbed  on  the  surface,  and  then  it  migrates  to  the  proper  site 
and  is  subsequently  carbonized  on  either  terraces  or  at  step  edges.2  In  an  attempt  to  improve  the 
quality  of  SiC  films  grown  on  Si  at  1000°  C,  we  added  Ge  in  the  form  of  GeH2  during  growth. 
We  find  that  adding  Ge  promotes  two-dimensional  growth,  improves  film  quality,  and  at  high 
concentrations  may  induce  a  cubic-to-hexagonal  polytype  transformation. 

EXPERIMENT 

The  SiC/Si  films  were  grown  in  a  commercial  vertical  rotating  disk  CVD  reactor.  All  of 
the  samples  were  grown  with  a  constant  Si/C  ratio  under  identical  conditions  with  the  exception 
of  the  Ge  concentration.  SiH3,  C3H8,  GeH2,  and  H2  were  reacted  at  1000°C  on  Si  (111) 
substrates.  After  growth  the  samples  were  characterized  ex-situ  by  AFM,  X-ray,  RBS,  and  high 
resolution  transmission  electron  microscopy  (HRTEM).  The  TEM  samples  were  prepared  using 
tripod  polishing  and  ion  milling,  and  were  observed  in  a  JEOL  4000  FX  operated  at  300  KV. 

RESULTS 

Transmission  electron  microscopy  was  used  to  obtain  high  resolution  lattice  images  and 
diffraction  patterns  from  each  sample.  Tlie  first  sample  was  grown  with  0  seem  Ge,  but  due  to 
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the  presence  of  GeH2  in  the  CVD  reactor,  it  was  unintentionally  doped  with  a  trace  amount  of 
Ge.  Figure  1  is  the  HRTEM  image  and  diffraction  pattern  from  this  sample.  The  distinct  spots  in 
the  (1  TO)  diffraction  pattern  correspond  to  the  Si  substrate.  The  very  light,  diffuse  ring  seen  in 
the  diffraction  pattern  corresponds  to  the  SiC  film  and  indicates  that  the  film  is  primarily 
amorphous.  The  elongated  spots  over  the  diffuse  ring,  however,  indicate  that  some  crystallites 
are  formed  and  they  have  a  preferred  orientation  with  respect  to  the  substrate.  The  SiC/Si 
interface  in  the  lattice  image  is  visible  and  denoted  by  the  arrowheads.  The  amorphous-like 
contrast  of  the  film  in  Fig.  1  could  not  be  the  result  of  ion  milling  since  SiC  is  much  harder  than 
Si  and  the  Si  lattice  in  the  image  is  intact. 


Fig.  1  HRTEM  image  and  diffraction  pattern  from  the  sample  grown  with  a  trace  amount  of  Ge. 

Figure  2  shows  that  the  crystallite  size  increases  and  the  preferred  orientation  in  the  film 
improves  with  increasing  GeH2  flow.  The  lattice  image  of  the  film  with  10  seem  Ge  in  Fig  2. 
shows  regions  with  lattice  fringes  for  SiC  on  a  background  of  amorphous-like  SiC.  The 
elongated  spots  and  rings  in  the  (1 12)  diffraction  pattern  shown  as  inset  to  Fig.  2  are  less  diffuse 
and  sharper  than  the  spots  in  Fig.  1 .  This  result  indicates  that  the  film  is  polycrystalline  3C  SiC 
with  some  preferred  orientation  of  the  crystallites  with  respect  to  the  substrate.  The  SiC/Si 
interface  in  the  lattice  image  is  very  abrupt  and  obvious.  The  TEM  lattice  image  of  the  sample 
grown  with  15  seem  Ge  showed  slightly  improved  crystallinity,  but  otherwise  was  not 
appreciably  different  from  the  sample  with  10  seem. 
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Fig.  2  HRTEM  image  from  the  sample  grown  with  10  seem  Ge.  The  diffraction  pattern  indexes 

denoted  with  the  subscript  s  refer  to  the  Si  substrate. 

Adding  20  seem  GeKh  to  the  reactor  led  to  the  multi-polytype  structure  shown  in  Figs.  3 
and  4.  The  diffraction  pattern  (Fig.  5)  shows  the  presence  of  the  3C  and  6H  polytypes,  and 
corresponds  to  the  (1 10)  zone  axis  for  the  cubic  structure  and  the  (0110)  zone  axis  for  the 
hexagonal  structure.  The  initial  structure  is  3C  SiC,  which  ends  abruptly  after  approximately  14 
nm  from  the  interface  and  is  followed  by  a  19  nm  transistion  region  consisting  of  mixed  cubic 
and  hexagonal  polytypes.  The  remaining  33  nm  of  film  is  predominately  6H  SiC  with  some 
cubic  regions,  as  shown  in  Fig.  3.  The  hexagonal  structure  is  evident  by  the  zig-zag  stacking 
sequence  seen  in  the  high  resolution  image  (upper  part  of  Fig.  3)  and  the  presence  of  the  (0001) 
spots  in  the  diffraction  pattern  (Fig.  5). 

Although  the  SiC/Si  interface  is  abrupt  in  all  of  the  samples,  it  became  more  visibly 
obvious  for  increasing  amounts  of  Ge.  Figure  4  shows  that  the  sample  containing  20  seem  Ge 
has  a  white  band  at  the  interface  while  Figs.  1  and  2  do  not.  Although  surfactants  are  intended  to 
float  at  the  growth  front  without  incorporating  into  the  film,  our  RBS  results  indicate  that  a  small 
amount  of  Ge  is  present  at  the  interface.  The  white  band  may  represent  an  interfacial  layer  of 
SiGe.  Although  all  of  the  Ge  does  not  float  to  the  surface,  it  certainly  improves  the  crystalline 
quality  of  the  film.  Similarly,  Hatayama,  et  al,  observed  Ge  at  the  SiC/Si  interface  in  samples 
grown  by  dimethylgermane  source  molecular  beam  epitaxy.3  In  the  case  of  MBE  films,  however, 
no  transition  to  6H  SiC  was  observed. 
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Fig.  3  HRTEM  image  from  the  sample  grown  with  20  seem  Ge.  The  image  shows  from  bottom 
to  top  the  Si  substrate,  the  3C  SiC  region,  the  transition  region  of  predominately  6H  SiC, 
and  die  remaining  region  of  6H  SiC. 


Fig.  4  Higher  magnification  HRTEM  image  from  the  region  close  to  the  film/substrate  interface 
of  the  sample  grown  with  20  seem  Ge.  The  upper  part  of  the  figure  is  the  transition 
region. 
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Fig.  5  Diffraction  pattern  from  the  sample  grown  with  20  seem  Ge.  The  indexes  denoted  with 
the  subscript  s  refer  to  the  Si  substrate.  The  spots  labeled  with  three  and  four  indexes 
represent  the  cubic  and  hexagonal  polytype  of  SiC,  respectively. 
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Fig.  6  X-ray  FWHM  from  SiC  films  vs.  GeH2  flow  in  the  reactor. 
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Ex-situ  AFM  results  indicate  that  the  surface  roughness  of  the  film  grown  with  a  trace 
amount  of  Ge  is  approximately  16  nm.  The  roughness  decreases  with  increasing  Ge  content  up  to 
15  seem  and  then  increases  again  for  the  film  grown  with  20  seem  Ge.  The  increase  in  roughness 
probably  results  from  the  presence  of  some  cubic  SiC  in  the  6H  SiC  layer.  The  samples  with  10 
and  15  seem  Ge  contain  larger  amorphous  regions,  which  would  tend  to  be  smoother  than  the 
crystalline  regions. 

X-ray  experiments  show  that  the  rocking  curve  FWHM  narrows  as  a  function  of  Ge 
concentration,  as  shown  in  Fig.  6.  The  x-ray  linewidth  is  reduced  by  almost  a  factor  of  2, 
indicating  that  the  crystallite  size  increases  with  increasing  Ge,  in  agreement  with  the  TEM 
results. 

CONCLUSION 

To  our  knowledge,  there  are  no  reports  of  SiC  films  grown  on  Si  with  a  sudden  abrupt 
transition  from  the  3C  to  the  6H  polytype.  The  TEM  images  show  that  the  crystallinity  of  3C  SiC 
films  grown  on  Si(l  1 1)  by  CVD  is  improved  by  adding  small  amounts  of  Ge  during  film  growth. 
We  have  obtained  fairly  high-quality  6H-SiC  films  and  improved  the  crystalline  quality  of  3C 
SiC  films  grown  on  (1 1 1)  Si  at  1000°  C  by  adding  20  seem  Ge.  The  quality  of  the  SiC  films  may 
be  improved  further  by  optimizing  the  growth  conditions,  particularly  the  Ge  concentration.  This 
growth  method  could  have  very  important  implications  in  the  fabrication  of  substrates  of  SiC  for 
the  growth  of  GaN. 
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ABSTRACT 

Single  crystal  cubic  silicon  carbide  (  3C-SiC  )  has  been  deposited  on  Si(100)  by 
atmospheric  CVD  at  1350°C  using  Si2(CH3)6.  The  3C-SiC  epilayers  were  characterized  by 
XRD,  Raman  scattering  and  photoluminescence  (PL).  The  3C-SiC  distinct  TO  near  796  cm'l 
and  LO  near  973  cm'1  were  recorded  by  Raman  measurement.  The  PL  spectra  of  SiC  films  at 
11K  included  the  nitrogen-bound  exciton  (N-BE)  lines,  the  "defect-related"  W  band  near  2.15eV, 
and  2.13eV  peak  corresponding  to  D-A  pair  recombination  as  well  as  the  "di vacancy-related"  D1 
peak  at  1.97eV.  The  thickness  dependences  of  Raman  and  PL  measurement  were  made  and  it 
was  observed  that  tensile  stress  and  strain  in  fiims  decrease  with  increasing  film  thickness. 
Electrical  properties  of  the  films  were  measured  by  making  schottky  diodes  and  using  Van  der 
Pauw  method.  Above  300K,  the  electron  mobility  changed  as  (J.H  ~  T  _1-4^  ~  _1*56  and  the 
highest  mobility  was  about  400  cm^V'V1  at  room  temperature.  In  3C-SiC  the  scattering 
processes  are  affected  prominently  by  acoustic  scattering  in  this  temperature  range. 

INTRODUCTION 

The  heteroepitaxial  growth  of  3C-SiC  on  Si  substrates  by  CVD  method  has  been 
investigated  intensively.  This  is  because  commercially  available  6H  and  4H-SiC  wafers  still  have 
some  problems  such  as  small  substrate  size  and  defects  like  micro-pipes.  Atmospheric  pressure 
CVD  (APCVD)  method  has  been  widely  used  for  the  growth  of  3C-SiC  on  Si  substrate.  It  has 
been  reported  that  SiC  films  can  be  grown  on  Si  substrate  at  a  relatively  low  temperature  in 
APCVD  system  by  pyrolyzing  HMDS  (hexamethyldisilane:  Si2(CH3)6),  a  single-source 
organosilane  precursor  which  contains  direct  Si-C  bonds.  Most  of  the  work  on  the  growth  of  SiC 
films  using  HMDS  reported  SiC  film  thickness  of  about  5pm  on  Si(lll)  substrate[l,  2]. 
However,  because  the  thermal  stress  in  the  films  on  Si(lll)  is  larger  than  that  of  Si(100),  a 
number  of  microcracks  exit  easily  in  3C-SiC  films  on  Si(lll)[3].  It  is  clear  that  using  a  (100)  Si 
substrate  instead  of  a  (111)  Si  substrate  will  reduce  thermal  stress.  A  higher  quality  crystallinity 
3C-SiC  films  can  be  obtained  on  Si(100). 

In  this  work,  we  report  the  growth  of  high  quality  single  crystalline  3C-SiC  films  on 
Si(100)  up  to  17.5p.m  using  Si2(CH3)6  +  H2  gases  by  APCVD.  The  resulting  film  surfaces  are 
all  mirror-like.  The  growth  rate  of  3C-SiC  films  was  about  4.3pm/h.  This  growth  rate  is  rather 
high  compared  with  SiH4  +  C3H8  system.  The  3C-SiC  epilayers  were  characterized  by  XRD, 
Raman  scattering  and  PL.  We  successfully  obtained  high  quality  single  crystal  3C-SiC  films  and 
observed  the  complete  line  structure  of  PL  at  1  IK.  Thickness  dependences  of  the  Raman  and  PL 
measurement  were  determined  and  stress-related  peaks  were  obtained.  Electrical  properties  of 
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the  films  were  also  measured  by  making  Schottky  diode  and  using  the  Van  der  Pauw  method. 


EXPERIMENTAL 

The  CVD  system  used  in  this  study  was  made  from  a  50mm  diameter  air-cooled 
horizontal  quartz  tube  connected  to  a  rotary  pump.  A  SiC-coated  graphite  susceptor,  supported 
by  a  quartz  boat,  was  heated  by  RF-induction,  operating  at  450KHz  and  5KW.  For  Raman  and 
PL  measurements,  n-type  Si  (100)  substrate  with  a  resistivity  of  0.01  -  0.02  Q  •  cm  were  used, 
while  films  grown  on  p-type  Si(100)  substrate  was  used  for  Hall  measurement.  The  silicon 
substrate,  cut  into  25  X 15  mm  pieces,  was  placed  on  the  graphite  susceptor.  The  temperature  of 
the  substrate  was  measured  by  means  of  an  optical  pyrometer  focused  at  a  hole  in  the  susceptor 
through  a  window  at  the  end  of  the  tube.  HMDS  flow  rate  was  controlled  by  bubbling  H2  gas 
through  the  liquid  HMDS.  Manual  flow  control  valves  were  used  to  control  the  flow  rate.  The 
overall  growth  process  consisted  of  three  steps,  (a):  Si  substrate  was  etched  at  1175°C  in 
HCl(63.1sccm)  +  H2(lslm).  (b):  Si  substrate  was  carbonized  for  3  minutes  at  1350°C  in 
C3H8(1.0sccm)  +  H2(lslm).  This  procedure  provides  a  so-called  "buffer  layer  "  for  subsequent 
CVD.  This  is  important  to  obtain  a  good  crystallinity  of  SiC  films,  (c):  After  carbonization, 
HMDS  gas  was  quickly  introduced  for  growth  at  1350°C.  HMDS  flow  rate  was  0.5  seem  and  H2 
flow  rate  was  2.5  slm.  Usually,  for  a  low  flow  rate  of  HMDS,  the  final  surface  of  the  3C-SiC 
films  was  miiTor-like  with  some  haze,  and  hillocks  in  the  films  appeared  and  became  denser  with 
increase  of  the  HMDS  flow  rate.  The  3C-SiC  epilayers  on  Si(100)  were  characterized  by  X-ray 
diffraction  (XRD),  Raman  scattering  (excitation  by  argon-ion  laser:  5145 A)  and 
photoluminescence  (PL:  excitation  by  He-Cd  laser  with  a  line  at  3250 A  )  at  11K.  Electrical 
properties  of  the  films  were  also  measured  by  making  Au  -  Schottky  diode  and  Van  der  Pauw 
method. 

RESULTS  AND  DISCUSSION 

The  epilayer  surface  orientations  of  each  sample  were  characterized  by  XRD,  and  were 
the  same  as  the  substrate  Si(100).  Only  one  peak  appeared  at  28=41.5  degree  corresponding  to 
the  SiC(200)  peak.  The  full  width  at  half  maximum(FWHM)  of  X-ray  rocking  curves  changed 
from  1.04  to  0.19  degree  with  increasing  film  thickness  from  0.5  to  17.5pm.  This  indicates  that 
the  crystallinity  of  the  3C-SiC  epilayers  improved  with  increasing  film  thickness. 

Raman  scattering  measurements  were  performed  at  room  temperature.  For  every  sample, 
both  the  3C-SiC  TO(  V  )  phonon  near  796cm-1  and  the  3C-SiC  LO(  T )  near  973cm-1  were 
recorded.  The  intensity  of  TO  phonon  peak  is  less  than  that  of  the  LO  phonon  peak.  With 
increase  of  film  thickness,  the  TO(  V )  and  LO(  V )  peaks  become  sharper  and  stronger,  which  is 
characteristic  of  improved  crystal  quality[4]. 

Fig.l  shows  the  Raman  spectra  of  9.1pm  and  17.5pm  3C-SiC  films  on  Si(100)  and 
9.1pm  free  standing  films  removed  from  the  Si  substrate.  For  9.1pm  films,  the  line  position  of 
the  3C-SiC  LO(  f )  phonon  shifts  from  973.2cm-1  to  974.6cm-1  after  the  Si  substrate  was 
removed.  This  indicates  that  the  existence  of  the  tensile  biaxial  stress  in  CVD  films  on  Si 
substrate,  probably  due  to  the  thermal  coifficent  mismatch.  A  tensile  stress  in  the  3C-SiC  films 
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on  Si(100)  shifts  the  LO(  V )  phonon  to  lower  energy.  The  Raman  shift  between  the  3C-SiC  on 
Si  and  free  3C-SiC  films  is  ^2cm_1.  This  corresponds  to  a  biaxial  stress  of  0.4  -1.0  GPa  and  an 
inplane  strain  of  about  0.1%  -  0.2%  [4].  After  removal  of  Si  by  HF/HNO3  1:1  etch,  the  intensity 
of  the  TO  and  LO  phonon  peaks  increase  dramatically,  and  the  TO  phonon  peak  becomes  much 
more  intense  relative  to  the  LO  phonon  peak.  Both  effects  are  the  result  of  the  strain  relief  in  the 
film[5].  Additionally,  the  LO  phonon  peak  of  17.5pm  films  on  Si  shifts  to  a  higher  frequency 
relative  to  that  of  9.1pm  films  on  Si.  This  means  that  the  tensile  stress  in  films  decreases 
gradually  with  increase  of  the  film  thickness. 
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Fig.l  The  Raman  spectra  of  3C-SiC  film 


Fig.2  shows  the  CVD  3C-SiC/Si  PL  spectra  for  SiC  films(  3.1  to  17.5pm  )  at  11K.  The 
spectra  have  a  nitrogen-bound  exciton  (N-BE)  zero  phonon  line  No,  one-,  and  two-phonon  lines 
and  D-A  (donor-acceptor:  N-Al:  Bo)  pair  recombination  peak  as  well  as  D1  Iine[6,  7].  The  D1 
center  no-phonon  line  at  1.97  eV,  which  is  caused  by  divacancy  related  center,  appears  and 
becomes  stronger  with  increasing  thickness.  This  is  similar  to  that  reported  by  Powell  et  al.  [6].  It 
indicates  that  a  large  number  of  dislocations  and  other  extended  defects  near  interface  region  are 
reduced,  and  recombination  due  to  point  defect  complexes  becomes  more  prominent  gradually  in 
the  thicker  films. 

A  peak  at  2.13eV  is  observed  in  all  samples.  The  peak  energy  corresponds  to  D-A  pair 
recombination  in  3C-SiC[7].  The  peak  was  confirmed  by  dependences  of  spectra  on  the 
excitation  intensity  and  on  the  measurement  temperature.  The  peak  energy  of  D-A  recombination 
shifts  to  higher  energy  side  with  increasing  excitation  intensity  or  temperature.With  increases  of 
the  excitation  intensity  and  temperature,  the  number  of  neutral  donors  decreases  more  quickly 
than  that  of  neutral  acceptors,  because  the  donor  level  (53.6meV)  is  shallower  than  the  acceptor 
level  (269meV).  The  recombination  ratio  of  close  D-A  pairs  to  distant  D-A  pairs  increases,  so 
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that  the  contribution  of  Coulomb  energy  between  D-A  pairs  becomes  stronger  and  the  peak 
energy  shifts  to  the  high  energy  side. 
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Fig.2  PL  spectra  of  the  3C-SiC  films  on  Si(100)  at  11K 

A  broad  band  at  ~  2.15eV(W  band)  is  also  observed  when  the  SiC  film  thickness  is 
thinner  than  about  3.1pm,  which  is  caused  by  the  dislocation  and  extended  defects  near  the 
interface  region  and  heavy  deformation  in  these  films  [6].  The  energy  region  of  the  W  band 
around  2.15eV  overlaps  the  two  phonon  energy  region  of  the  N-BE.  But  it  is  seen  that  the  two 
phonon  replica  of  N-BE  is  enhanced  and  the  W  band  decreases  at  greater  film  thickness.  This 
fact  shows  that  a  stronger  strain  exists  in  the  thinner  films.  The  strain  is  relaxed  with  increase  of 
the  film  thickness,  corresponding  to  the  Raman  result.  The  N-BE  line  structure  is  developed  and 
No  and  one  phonon  replicas  becomes  stronger  in  the  thicker  films.  The  photoluminescence 
spectra  of  the  thicker  3C-SiC  films  consist  of  much  stronger  N-BE  lines  and  stronger  D1  line. 
The  result  shows  that  the  density  of  dislocations  and  extended  defects  decreases  and  the  point- 
defect  complexes  become  more  prominent,  the  crystalline  perfection  of  CVD  3C-SiC  films  has 
been  improved  with  increasing  film  thickness  [6]. 

Hall  measurements  were  done  by  using  the  Van  der  Pauw  method.  SiC  films(5x5  mm) 
removed  from  the  Si  substrate  were  used.  Four  A1  electrodes  of  0.5mm  were  deposited  on  the 
epilayers  and  ohmic  contact  was  obtained.  Hall  measurement  were  performed  from  80K  to 
500K.  All  the  epilayers  obtained  showed  n-type  conduction.  The  carrier  concentrations  were  1.5 
X 1017  at  17.5pm  and  3  X 1017  cm'1  at  8.3pm. 

In  Fig.  3,  the  Hall  mobilities  of  8.3pm  and  17.5pm  free  films  are  shown  as  a  function  of 
temperature.  The  Hall  mobility  obtained  was  about  400  cnr^V'U"1  at  room  temperature.  Above 
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300K,  the  mobility  decreases  and  changes  as  pH  ~  T  -1-45  ~  -1-56.  It  has  been  suggested  that  in 
3C-SiC  the  scattering  processes  are  affected  prominently  by  acoustic  phonon  scattering  in  this 
temperature  range  [8]. 


Fig.3  Temperature  dependencies  of  Hall  mobilities  of  non-doped  crystals. 

The  capacitance-voltage  characteristics  of  schottky  barrier  contacts  were  measured  at  a 
frequency  of  1MHz.  The  voltage  dependence  of  the  Au-3C-SiC  diode  capacitance  is  shown  in 
Fig.4.  As  shown  in  Fig.4,  the  plots  are  almost  linear.  The  carrier  concentration  calculated 
decreases  from  7.3  X  1017to3.9X  10 17  for  2.6pm  and  6.6pm  thickness,  respectively,  which 
is  in  good  agreement  with  Hall  measurement.  The  barrier  height  calculated  from  the  C-V 
measurement  is  about  0.9  ~  1.35  V. 


Fig.4  C  -V  characteristics  of  Au  -  3C-SiC  schottky  barrier  contact 
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CONCLUSION 

To  summarize,  a  high  quality  single  crystal  films  of  3C-SiC  have  been  obtained  using 
HMDS  by  APCVD.  The  results  indicated  that  the  defects  and  tensile  stress  in  the  films  on  Si 
decrease  and  the  crystalline  perfection  has  been  improved  with  increase  of  film  thickness.  The 
highest  mobility  was  400  cn^V-V1  at  room  temperature.  The  electron  mobility  changed  as  jj,h 
-  T  -1*45  -  -1.56  above  300K.  Compared  with  the  SiC  polytypes  (|Xh  ~  T  -2*0  ~  -2-6),  the  mobility 
of  3C-SiC  is  still  fairly  large  at  high  temperature.  It  suggests  that  3C-SiC  is  a  promising  material 
for  the  devices  operated  at  high  temperature. 
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ABSTRACT 

Low-loped  p-type  silicon  carbide  buffer  layers  are  grown  by  chemical  vapor  deposition  on 
conducting  and  semi -insulating  substrates.  Capacitance- voltage  and  electrical  admittance 
techniques  are  developed  for  accurate  non-destructive  characterization.  The  electrical  admittance 
techniques  suggested  are  capable  of  measuring  the  resistivity  in  a  very  wide  range,  up  to  7  orders 
of  magnitude.  MESFET  devices  using  thick  buffer  layers  on  conducting  substrates  are  reported 
with  F/=8.4  GHz  and  Fmco~2>2  GHz. 

INTRODUCTION 

Low-doped  epitaxial  p-type  SiC  is  commonly  used  as  buffer-layer  material  in  power  microwave 
transistors.  Silicon  carbide  microwave  MESFETs  formed  on  conducting  substrates  employ  low- 
doped  buffer  layer  to  minimize  conductive  and  capacitive  losses  [1,2].  MESFET  devices  formed 
on  semi-insulating  substrates  often  use  p-type  buffer  layers  to  minimize  the  influence  of 
substrate  impurities  and  of  short-channel  effects  [2,3].  In  the  present  work  we  report  on  the 
growth  and  electrical  characterization  of  low-doped  p-type  layers.  We  also  report  on  the 
application  of  low-doped  p-buffer  layers  in  SiC  microwave  device  technology. 

EXPERIMENT 


Figure  1.  Acceptor  concentration  profiles  for  a  p-type 
4H  SiC  layers  grown  on  a  conducting  n-type  substrate. 


Epitaxial  growth  has  been  performed  by  chemical  vapor 
deposition  (CVD)  using  two  types  of  CVD  reactors:  a 
single-wafer  horizontal  reactor  built  by  Epigress  AB  [4] 
and  a  multiwafer  vertical  TurboDisk  reactor  supplied  by 
EMCORE,  Inc.  Both  reactors  are  operated  at  a  low 
pressure  of  about  200-400  mBar.  The  silicon  and  carbon 
precursors  used  are  silane  and  propane. 
Trimethylaluminum  (TMA)  is  used  as  A1  dopant  source. 
Nickel  Schottky  barriers  0.4  mm  in  diameter  were 
deposited  onto  the  front  layer  side.  A  large-area  metal 
contact  on  the  front  side  or  metallized  wafer  backside 


was  used  as  an  Ohmic  contact.  Multifrequency  capacitance-voltage  measurements  and 
measurements  of  the  electrical  admittance  were  performed  using  the  HP  4284A  Precision  LCR 
Meter  either  in  a  shielded  probe  station  or  in  a  cryostat. 

The  results  of  room-temperature  C-V  measurements  were  processed  using  the  standard 
technique  to  extract  the  doping  profiles.  The  resulting  profiles  for  a  p-type  layer  grown  on  a 
conducting  n-type  substrate  are  plotted  in  Fig.  1 .  It  is  seen  from  the  plots  that  the  data  tend  to 
converge  for  low  measurement  frequencies.  By  contrast,  1  MHz  measurements  yield  a  very  large 
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error  for  the  layers  grown  on  n-type  wafer.  Lower  frequencies  are  therefore  preferable  for 
accurate  measurement  of  doping  profiles. 

The  frequency  dispersion  of  electrical  admittance  can  provide  information  on  the  layer 
conductivity.  Plotted  in  Fig.  2  are  the  measurement  results  for  the  parallel  capacitance  Cp  and  the 
normalized  conductance  Gj/2kF  for  the  layer  with  the  doping  profile  plotted  in  Fig.  1.  The 
measurements  were  performed  at  zero  bias.  Only  about  a  half  of  actual  experimental  plots  are 
shown  in  the  figure.  The  peaks  of  two  clearly  different  types  are  seen  on  the  plots.  The  first  type 
appears  in  the  low-temperature  range,  close  to  the  freezeout  point  of  aluminum  acceptors,  Fig. 

2a.  The  other  type  can  be  observed  even  at  room  temperature,  as  those  seen  in  Fig.  2b. 


omega  (Hz)  omega  (Hz) 

Figure  2.  Parallel  capacitance  (dashed  lines)  and  conductance  (solid  lines)  spectra  of  a  low-doped  p-type  layer  on  n- 
type  4H  SiC  substrate  measured  at  100-280K.  Circles  are  the  simulation  results. 


SIMULTATION  RESULTS  AND  DISCUSSION 


Figure  3  Current  pathways  for  the 
regimes  corresponding  to  low-  and 
high- temperature  admittance  peaks. 


A  simulation  has  been  performed  in  order  to  understand  the 
origin  of  admittance  spectra  and  to  extract  material  parameters 
from  the  measurement  data.  According  to  the  simulation  results, 
the  conductance  peak  originates  from  the  conduction  losses  in 
the  high-resistivity  layer.  Two  clearly  different  regimes  of  AC 
current  transport  are  observed  depending  on  the  layer  resistivity. 
At  low  temperatures  the  layer  resistivity  is  very  high.  The 
conduction  losses  are  determined  by  vertical  current  transport 
through  the  layer,  whereas  the  lateral  spreading  of  AC  current  is 

negligible.  The  conductance  peak  appears  close  to  the  dielectric 
relaxation  frequency,  as  a  result  of  the  transition  of  the  p-type 
material  from  conductor  to  insulator.  The  conductivity  <7  can  be 
determined  from  the  peak  position  F'°eak  using  the  relationship: 


a  =  2KFlp°eak££Q(w0  +  wMS  +  wPN ) 

where  £  is  the  permittivity,  wms>  ^pn  and  wq  are  the  thickness  of  the  Schottky-bamer  and  p-n 
junction  depletion  regions  and  of  the  non-depleted  layer  portion  respectively.  The  parallel 
capacitance  will  increase  from  the  low-temperature  dielectric  limit,  £S  /(w0  +  wMS  +  wPN)  to 
approximately  Vi  of  the  Schottky-barrier  capacitance,  eS  l(wMS  +  wPN),  where  S  is  the  contact 


1  |  1 


PN 
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area.  The  factor  of  Vi  originates  from  the  series  connection  of  the  p-n  junction  and  the  Schottky 
barrier,  as  it  is  shown  in  Fig.  3a. 

The  high-temperature  conductance  peak  originates  from  the  conduction  losses  due  to 
lateral  current  transport.  At  a  high  temperature  the  lateral  transport  effectively  eliminates  the 
contribution  of  the  p-n  junction  to  the  device  impedance,  as  it  is  shown  in  Fig.  3b.  The 
capacitance  increases  approximately  twofold  as  result,  and  a  peak  of  conduction  losses  appears 
in  the  transition  region.  The  layer  conductivity  can  be  determined  from  the  conductance  peak 
position  Fpeak  using  the  results  of  the  numerical  calculation  performed: 


a  jgLffo  ± 

K  w0wus 

where  rc  is  Schottky  contact  radius  wo  the  non-depleted  layer  thickness,  wms  is  the  depletion 
region  width  for  the  Schottky  barrier  and  the  p-n  junction  respectively.  Numerical  factor  K 
depends  on  the  ratio  of  the  p-n  junction  to  the  Schottky-barrier  depletion  layer  thickness.  The 
simulation  yields  K=  1.29  for  wPN  /  wMS  =1,  #=1.61  for  wPN  fwMS  =  1.25  and  #=1.93  for 


(2) 


VPN  ^WMS  —  1-5  • 


Figure  4.  The  temperature  dependence  of 
conductivity  extracted  from  the  admittance 
data  using  Eqs.  (1)  and  (2) 


A  good  quantitative  agreement  is  observed  between 
theoretical  and  experimental  spectra  for  both  capacitance  and 
conductance,  as  one  can  see  it  from  Fig.  2.  Using  the  data 
plotted  in  Fig.  2  we  have  determined  the  temperature 
dependence  of  the  layer  conductivity  for  the  temperature 
range  from  100  to  300K.  The  results  are  plotted  in  Fig.  4.  The 
slope  of  the  dependence  corresponds  to  the  apparent 
activation  energy  of  185  meV,  which  is  close  to  the 
activation  energy  of  aluminum  acceptors  in  4H  SiC.  The 
admittance  results  are  in  agreement  with  the  data  obtained  for 
this  sample  using  the  SIMS  technique. 

Electrical  admittance  measurements  appear  to  be  a 
convenient  characterization  tool  for  low-doped  p-type 
epitaxial  layers  of  silicon  carbide.  No  processing  apart  from 
Schottky  barrier  deposition  is  required  to  determine  the  major 


electrical  properties  such  as  the  dopant  concentration  and  conductivity.  The  technique  can 
therefore  be  used  as  a  tool  for  non-destructive  characterization  and  process  monitoring. 


MATERIAL  APPLICATION  IN  MESFET  TECHNOLOGY 


Low-doped  p-type  buffer  layers  were  used  for  fabrication  of  microwave  MESFET 
devices.  The  layers  were  unintentionally  doped  in  the  mid-1015  cm'3  range,  grown  in  the 
multiwafer  EMCORE  reactor  to  a  thickness  of  15  pm.  The  dominant  acceptor  is  boron  as  it  was 
determined  by  electrical  admittance  and  SIMS  measurements.  The  active  layer  was  formed  by 
nitrogen  implantation,  and  the  capping  n+  contact  layer  was  grown  by  CVD.  The  wafers  were 
processed  to  form  recessed-gate  microwave  MESFETs.  The  devices  had  a  split  gate 
configuration,  which  is  shown  in  Fig.  4.  Sintered  nickel  is  used  as  an  Ohmic  contact  to  source 
and  drain  regions,  and  Ti/Au  metal  stack  was  selected  as  Schottky-barrier  contact. 

The  gate  length  is  varied  in  the  range  0.25-2  pm,  the  drift  region  length  is  1. 5-2.5  pm. 
The  threshold  voltage  appeared  to  be  lower  than  expected,  only  about  2  Volts.  The  reason  for 
this  is  presumably  related  to  incomplete  nitrogen  activation.  The  on-state  currents  are 
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correspondingly  low,  about  40  mA/mm  for  the  devices  with  a  short  gate  length.  The  MESFETs, 
nevertheless,  show  a  good  microwave  performance.  The  cut-off  frequencies  F t  and  Fmax  are  as 
high  as  8.4  and  32  GHz  for  the  gate  length  of  0.25  pm.  Only  a  marginal  difference  is  observed 
between  the  0.25  and  0.5  pm-gate  devices;  the  latter  have  F*= 7.8  GHz  and  Fma^Sl  GHz.  The 
cut-off  frequencies,  however,  decrease  more  rapidly  with  further  increase  of  the  gate  length. 
Summary  of  the  frequency  performance  measured  at  a  drain  bias  of  40  V  is  given  in  Table  I.  The 
frequency  performance  achieved  is  comparable  with  the  best  results  reported  for  conducting 
substrates  [5],  in  spite  of  the  fact  that  the  channel  doping  is  yet  below  the  optimal  value.  Further 
performance  improvement  can  be  achieved  through  optimization  of  the  channel  implant  dose. 


Table  I. 

Dependence  of  the  frequency 
performance  on  gate  length. 
Channel  width  is  200  pm. 


SUMMARY 

In  conclusion  we  have  developed  the  techniques  for  electrical  characterization  of  low-doped  p- 
type  buffer  layers  for  SiC  microwave  device  applications.  A  very  wide  range  of  layer  resistivity 
is  available  for  characterization  with  the  admittance  techniques  suggested,  up  to  7  orders  of 
magnitude.  Implanted-channel  MESFET  devices  with  high  operation  frequencies  have  been 
fabricated  using  thick  p'  buffer  layers  on  conducting  substrates. 
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ABSTRACT 

Raman  spectroscopy  has  been  used  to  investigate  wafers  of  both  4H-SiC  and  6H-SiC. 

The  two-phonon  Raman  spectra  from  both  4H-  and  6H-SiC  have  been  measured  and  found  to  be 
polytype  dependent,  consistent  with  changes  in  the  vibrational  density  of  states.  We  have 
observed  electronic  Raman  scattering  from  nitrogen  defect  levels  in  both  4H-  and  6H-SiC  at 
room  temperature.  We  have  found  that  electronic  Raman  scattering  from  the  nitrogen  defect 
levels  is  significantly  enhanced  with  excitation  by  red  or  near  IR  laser  light.  These  results 
demonstrate  that  the  laser  wavelength  is  a  key  parameter  in  the  characterization  of  SiC  by  Raman 
scattering.  These  results  suggest  that  Raman  spectroscopy  can  be  used  as  a  noninvasive,  in  situ 
diagnostic  for  SiC  wafer  production  and  substrate  evaluation.  We  also  present  results  on  time- 
resolved  photoluminescence  spectra  of  n-type  SiC  wafers. 

INTRODUCTION 

Silicon  carbide  (SiC)  has  recently  been  the  subject  of  renewed  interest  as  an  important 
material  for  a  wide  variety  of  high-power  and  high-temperature  electronic  applications.  SiC 
exhibits  a  large  number  (250)  of  polytypes  with  different  structural  and  physical  properties. 1 
The  polytypes  have  the  same  chemical  composition  but  exhibit  different  crystallographic 
structures  and  stacking  sequences  along  the  principal  crystal  axis.  Several  important  polytypes 
of  SiC  such  as  4H-  and  6H-  have  C6V  crystallographic  symmetry.  In  the  a-direction  4H-  and  6H- 
SiC  are  almost  identical  (<  1  %  change);  however,  the  4H-  polytype  consists  of  4  units  in  the  c- 
direction  and  the  6H-  consists  of  6  units.  Different  polytypes  have  different  band  gaps,  electron 
mobilities,  and  other  physical  properties;  for  example,  4H-SiC  has  attracted  significant  attention 
due  to  its  high  electron  mobility  and  excellent  thermal  properties.  Recently  high  quality  wafers 
of  both  4H-  and  6H-SiC  have  been  grown.2  Wafers  of  SiC  are  also  a  promising  substrate  for 
nitride  semiconductor  growth  due  to  their  compatible  lattice  structure  and  similar  thermal 
expansion  coefficients.  In  this  paper  we  discuss  second-order  Raman  scattering  and  resonance 
enhancements  of  the  electronic  Raman  scattering  from  SiC  in  the  near  IR. 


EXPERIMENT 

Raman  spectra  were  recorded  using  both  confocal  Raman  microscopy  and  a  bulk  Raman 
spectrometer.  The  bulk  Raman  system  consisted  of  a  Coherent  Model  INNOVA  90  Ar/Kr  laser, 
a  SPEX  Model  1877E  triple  monochromator,  and  a  CCD  (charge-coupled-detector)  cooled  with 
liquid  nitrogen.  A  liquid  nitrogen  cryostat  was  used  to  take  low  temperature  data.  This  system 
has  been  described  elsewhere.  All  confocal  data  was  collected  at  room  temperature  using  both  a 
Dilor  LabRam  system  and  a  Renishaw  Series  1000  Raman  microscope.  Micro-Raman  spectra 
were  obtained  with  laser  excitation  at  785  nm  (1.58  eV)  and  633  nm  (1.96  eV),  which  was 
compared  with  data  taken  at  514  nm  (2.41  eV),  568  nm  (2. 1 8  eV)  and  647  nm  (1 .92  eV)  with  the 
bulk  Raman  spectrometer.  The  spectral  resolution  is  approximately  1  cm'1  for  all  spectra.  The 
samples  were  aligned  such  that  the  collection  of  scattered  light  was  in  the  near  back-scattered 
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geometry  perpendicular  to  the  (0001)  face  of  the  sample.  The  polarization  of  the  laser  light,  both 
incident  and  collected,  was  unspecified.  Confocal  Raman  spectra  taken  5-10  microns  below  the 
surface  of  the  SiC  wafer  yielded  results  very  similar  to  the  surface  of  the  SiC;  therefore  we 
conclude  that  the  effects  we  have  observed  are  not  surface  specific. 

4H-  and  6H-SiC  samples  were  examined  which  came  from  a  variety  of  sources.  Most  of 
the  samples  studied  were  w-type  nitrogen  doped,  except  for  one  semi-insulating  and  one  p-type 
(aluminum)  doped  sample  of  each  polytype. 

RESULTS 

Overtone  Spectra 

Many  groups  have  studied  the  vibrational  spectroscopy  and  dynamics  of  4H-  and  6H- 
SiC.4  We  have  examined  the  two-phonon  Raman  spectra  of  4H-  and  6H-SiC.  The  optical 
branch  of  the  two-phonon  Raman  spectra  for  4H-  and  6H-SiC  are  shown  in  figures  1  and  2. 
Two-phonon  Raman  spectra  are  known  to  be  measures  of  the 


Figure  1:  Optical  branch  of  the  second-order  Raman  spectra  of  6H-  and  4H-SiC 
at  room  temperature. 

vibrational  density  of  states  and  therefore  these  are  essential  to  improved  lattice  dynamics 
models  of  SiC.  The  two-phonon  Raman  spectra  of  the  wurtzitic  forms  of  the  SiC  were  found  to 
be  far  more  complex  than  their  3C  (cubic)  counterpart.  The  two-phonon  Raman  spectra  are  not 
simply  twice  the  one-phonon  spectra,  but  reflect  the  entire  three  dimensional  band  structure.  The 
two-phonon  Raman  spectra  for  4H-  and  6H-SiC  are  quite  different  from  each  other.  A  detailed 
discussed  of  our  peak  assignments  for  the  overtone  spectra  can  be  found  elsewhere. 
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Electronic  Raman  Scattering 


Figure  2  shows  room  temperature  Raman  spectra  of  a  single  nitrogen  doped  4H-SiC 
wafer  (n=  5.5  x  1018  cm"3)  which  were  taken  at  different  laser  excitation  wavelengths:  514  nm 
(2.41  eV),  633  nm  (1.98  eV)  ,  and  785  nm  (1.58  eV).  There  is  a  very  significant  change  in  the 
Raman  spectra  upon  changing  the  laser  wavelength.  When  the  laser  excitation  is  in  the  red  or 
near  IR,  clear  resonant  enhancements  are  observed  for  peaks  at  approximately  400,  530,  and  570 
cm'1,  labeled  Na,  Nb,  and  Nc.  At  620  cm'1,  a  Fano  resonance  is  clearly  observed  with  785  nm 
(1.58  eV)  excitation.  The  strongest  peak  at  530  cm'1  (Nb)  is  broad  and  asymmetric;  this 
asymmetry  is  possibly  due  to  another  peak  near  500  cm'1.  The  peaks  at  530  and  570  cm'1  are 
consistent  with  previous  measurements  of  «-type  4H-SiC  at  low  temperature.6  At  low 
temperatures,  a  sharp  peak  at  57  cm'1  has  also  been  measured.6  The  three  high  frequency  peaks 
and  the  low  frequency  mode  at  57  cm'1  make  for  a  total  of  four  peaks  that  can  be  attributed  to 
nitrogen  donors  in  4H-SiC.  This  is  more  than  the  number  of  inequivalent  sites,  two,  for  4H-SiC. 


Figure  2:  Raman  spectra  from  a  single  «-type  4H-SiC  sample  taken  at  room  temperature  with 
different  laser  excitation  wavelengths:  514  nm  (2.41  eV),  633  nm  (1.98  eV) ,  785  nm  (1.58  eV).  Note  the 
clear  appearance  of  several  additional  peaks,  labeled  Na,  Nb,  and  Nc,  as  the  laser  wavelength  is  tuned  to 
the  near  IR.  We  attribute  these  peaks  to  electronic  Raman  scattering  from  the  nitrogen  defect  levels.  The 
spectra  are  normalized  to  the  peak  at  777  cm'1. 
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Figure  3  shows  Raman  spectra  for  w-type  4H-SiC  at  different  doping  concentrations, 
taken  at  room  temperature  with  785  nm  (1.58  eV)  excitation.  As  the  «-type  nitrogen  doping 
concentration  increases  from  semi-insulating  to  7.1xl018  cm'3,  we  clearly  see  an  increase  in  the 
intensity  of  the  peaks  at  approximately  400,  530  and  570  cm’1.  The  absence  of  peaks  Na,  Nb,  and 
Nc  in  the  semi-insulating  sample  demonstrates  that  these  peaks  are  associated  with  nitrogen 
doping.  Careful  inspection  of  the  peak  near  530  cm'1  determines  that  the  absolute  peak  position 
shifts  to  smaller  values  of  Raman  shift  as  the  nitrogen  concentration  is  increased. 


Figure  3:  Raman  spectra  for  4H-SiC  taken  at  room  temperature  at  785  nm  (1.58  eV)  for  different 
n-type  doping  concentrations.  The  peaks  under  discussion,  Na,  Nb,  and  Nc,  are  clearly  not  observed  in  the 
semi-insulating  sample.  The  spectra  are  organized  in  order  of  doping  concentration,  with  the  highest  at 
the  top  and  the  lowest  at  the  bottom:  7.1xl018  cm'3 , 5.5x1 018 , 2.6x1 018, 2.1xl018,  and  semi-insulating. 
The  spectra  are  normalized  to  the  peak  at  777  cm'1. 


Figure  4:  Raman  spectrum  from  6H-SiC  with  n-type  doping  concentration  of  2.1  x  1018  cm'3,  taken  at 
room  temperature  with  excitation  at  785  nm  (1.58  eV).  Insert  is  an  enlargement  of  the  region  between 
350  and  700  cm'1.  Note  the  appearance  of  peaks  attributable  to  nitrogen  labeled  Nd,  Ne,  Nf,  and  Ng. 
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Figure  4  shows  the  Raman  spectrum  for  a  H-type  nitrogen  doped  (2.1  x  1018  cm'3)  6H-SiC 
sample  taken  at  room  temperature  with  785  nm  (1.58  eV)  laser  excitation.  At  least  four 
additional  peaks  can  be  observed,  which  are  labeled  in  the  insert  as  Nd,  Nc,  Nf,  and  Ng.  These 
peaks  are  not  clearly  visible  in  6H-SiC  at  room  temperature  with  514  nm  (2.41  eV)  excitation 
(data  not  shown);  in  fact  the  electronic  Raman  scattering  peak  at  510  cm'1  is  masked  by  the 
weakly  scattering  6H-SiC  phonons  at  505  and  513  cm*1.3.  We  note  that,  for  comparable 
nitrogen  concentrations,  it  appears  as  if  the  electronic  Raman  scattering  from  nitrogen  donor 
levels  in  6H-SiC  is  much  stronger  than  the  4H-SiC  polytype. 

The  peaks  observed  in  our  Raman  experiments  are  quite  consistent  with  the  values  for 
electronic  Raman  scattering  in  «-type  6H-SiC  established  by  Colwell  and  Klein.7  The  peak 
observed  by  Klein  at  1 13  cm*1  in  rc-type  6H-SiC  appears  in  our  data  as  a  tail  in  the  Raman 
spectrum,  as  shown  in  Fig  5.  Fano  interference  effects  are  observed  in  the  peak  at  204  cm'1  due 
to  these  tails,  again  similar  to  effects  were  observed  by  Klein.7  The  Raman  peaks  at  486,  505, 
635,  and  642  cm"1  measured  by  Klein7  and  Gorban6  at  low  temperature  are  quite  consistent  with 
the  asymmetric  peaks  we  observe  in  6H-SiC  around  510  and  638  cm'1  at  room  temperature.7  As 
pointed  out  by  Gorban  et  al.  the  number  of  electronic  Raman  peaks  is  not  equal  to  the  number  of 
inequivalent  carbon  sites  for  6H-SiC. 6 

Nitrogen  doped  4H-  and  6H-SiC  both  have  a  greenish  metallic  color.  In  contrast,  semi- 
insulating  SiC  is  clear.  The  color  is  more  intense  in  the  heavily  doped  samples.  The  green  color 
coincides  with  a  broad  electronic  absorption  in  the  near  IR.  This  absorption  band  is  the  probable 
origin  of  the  resonance  enhancements  observed  in  the  electronic  Raman  scattering  from  the 
nitrogen  doping  levels.  The  near  IR  absorption  seen  in  nitrogen  doped  SiC  is  most  likely  due  to 
the  formation  of  deep  defects.  It  is  reasonable  to  assume  that  nitrogen  doping  of  SiC  is  not 
unrelated  to  the  well-studied  problem  of  nitrogen  doping  of  diamond.  Nitrogen  forms  a  deep 
level  in  diamond  associated  with  lattice  relaxation  and  an  observed  UV  absorption  inside  the 
gap. 

We  have  also  used  time-resolved  photoluminescence  to  examine  n-type  SiC  wafers.  In 
Figure  5  the  time-resolved  spectra  clearly  show  three  peaks  at  zero  time  delay.  These  can  be 
attributed  to  nitrogen,  aluminum  and  boron  in  the  sample.  Further  work  is  underway  in  our 
laboratory  to  understand  these  spectra. 


Figure  5:  Time-resolved  photoluminescence  from  n-type  SiC  at  three  time  delays  in  ps. 
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CONCLUSIONS 


We  have  examined  the  electronic  and  vibrational  spectroscopy  of  4H-  and  6H-  SiC.  We 
have  used  both  one-  and  two-phonon  Raman  spectroscopy  to  investigate  the  vibrational 
dynamics  of  SiC.  The  Raman  spectra  of  SiC  were  found  to  be  polytype  dependent.  The  two- 
phonon  Raman  spectra  are  not  simply  twice  the  one-phonon  Raman  spectra,  but  reflect  the  full 
three-dimensional  vibrational  band  structure  of  the  SiC.  We  have  also  observed  electronic 
Raman  scattering  from  nitrogen  donor  levels  in  both  4H-  and  6H-SiC.  We  have  found  that  the 
electronic  Raman  scattering  is  enhanced  with  red  or  near  IR  laser  excitation.  This  resonance  is 
due  to  the  near  IR  absorption,  typical  of  nitrogen  doped  SiC,  which  has  been  attributed  to  deep 
defects  in  the  material.  The  number  of  peaks  observed  in  the  electronic  Raman  scattering  from 
nitrogen  donor  levels  in  both  4H-  and  6H-SiC  strongly  suggests  that  the  standard  picture  of 
nitrogen  sitting  in  carbon  vacancies  is  incomplete. 
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Abstract 

Crystalline  3C-SiC  thin  films  were  successfully  grown  on  (100)  and  (111)  Si  substrates  by 
using  ArF  pulsed  laser  ablation  from  a  SiC  ceramic  target  combined  with  a  vacuum  annealing 
process.  X-ray  diffraction  (XRD)  and  Fourier  transform  infrared  spectroscopy  (FTIR)  were 
employed  to  study  the  effect  of  annealing  on  the  structure  of  thin  films  deposited  at  800°C.  It  was 
demonstrated  that  vacuum  annealing  could  transform  the  amorphous  SiC  films  into  crystalline 
phase  and  that  the  crystallinity  was  strongly  dependent  on  the  annealing  temperature.  For  the 
samples  deposited  on  (100)  and  (111)  Si,  the  optimum  annealing  temperatures  were  980  and 
920°C,  respectively.  Scanning  electron  microscope  (SEM)  micrographs  exhibited  different 
characteristic  microstructure  for  the  (100)  and  (111)  Si  cases,  similar  to  that  observed  for  the 
carbonization  layer  initially  formed  in  chemical  vapor  deposition  of  SiC  films  on  Si.  This  also 
showed  the  presence  of  the  epitaxial  relationship  of  3C-SiC[100]//Si[100]  and  3C- 
SiC[l  1 1]//Si[l  1 1]  in  the  direction  of  growth. 

1.  Introduction 

Silicon  carbide’s  excellent  physical  and  electrical  properties,  such  as  wide  band-  gap,  high 
thermal  conductivity,  high  breakdown  electric  field,  high  saturated  electron  drift  velocity  and 
resistance  to  chemical  attack,  provides  a  promising  material  for  high-temperature,  high-power 
and  high-frequency  electronic  devices  [1-2],  as  well  as  optoelectronic  devices  [3-4].  Cubic  SiC 
(3C-SiC)  is  attractive  owing  to  high  electron  mobility  and  high  saturation  velocity.  As  a  result, 
there  is  an  increasing  interest  in  the  growth  of  high  quality  3C-SiC  heteroepitaxial  films  on 
silicon.  Since  Matsunami  and  coworkers  pioneered  the  single  crystalline  growth  of  3C-SiC  films 
on  Si(100)  by  chemical  vapor  deposition(CVD)[5],  CVD  has  become  the  most  frequently  used 
method  for  growth  of  SiC  thin  films  [6-9].  In  a  typical  CVD  process,  reactants  consisting  of  a 
mixture  of  SifL  and  C3H8  diluted  in  H2  are  flowed  over  a  silicon  substrate  heated  to  1300°C  or 
above,  to  achieve  epitaxial  growth  of  SiC  films.  However,  this  method  suffers  from  high 
hydrogen  content  and  crystalline  lattice  defects  in  SiC  films  as  a  result  of  the  very  high  substrate 
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temperatures.  Although  epitaxial  3C-SiC  films  on  Si  have  been  reported  at  75UUC  UUJ,  the 
development  of  other  lower  temperature  methods  is  desirable. 

Recently  it  has  been  demonstrated  that  crystalline  SiC  films  can  be  grown  on  Si  substrates 
by  pulsed  laser  deposition  (PLD),  a  novel  and  powerful  thin  film  growth  technique  at  relatively 
low  temperature.  Rimai  [11,12],  Balloch  [13],  and  Capano  [14]  have  all  reported  preparation  of 
3C-SiC  films  on  silicon.  However,  the  former  employed  temperatures  of  1000°C  or  higher,  while 
the  crystallinity  of  the  SiC  films  reported  by  the  latter  two  was  poor.  In  this  study,  we  report 
oriented  SiC  films  on  (100)  and  (111)  Si  substrates  grown  by  pulsed  laser  deposition  (PLD)  at 
800°C  combined  with  a  vacuum  annealing  process.  The  purpose  is  to  investigate  the  effect  of 
annealing  on  PLD-deposited  SiC  films,  as  well  as  the  possibility  of  fabricating  well-crystallized 
SiC  thin  films  at  relatively  low  temperature  by  using  this  method. 

2.  Experimental 

The  SiC  thin  films  were  deposited  inside  a  stainless  steel  vacuum  chamber  evacuated  by  a 
turbomolecular  pump  to  a  base  pressure  of  2xl0'7  Torr  and  a  working  pressure  was  maintained  at 
5~6xl0‘6  Torr.  Radiation  from  an  ArF  excimer  laser  was  focused  to  a  spot  size  of  0. 1x0.4  cm  on 
a  rotating  sintered  SiC  target  at  an  angle  of  45°.  The  pulse  repetition  frequency  was  3  Hz  and  a 
pulse  energy  of  150-200  mJ  yielded  an  energy  density  of  2-4  J/cm2  on  the  target.  The  plume  of 
atoms  and  ions  emerged  in  a  cone  normal  to  the  target  and  impinged  on  the  substrate  with  the 
area  of  2x3  cm2.  P-type  (100)  and  (111)  Si  wafers  (20~35£2cm,  350  pm  thick)  substrates  cleaned 
with  a  standard  silicon  IC  procedure  were  located  about  3-5  cm  away  from  and  parallel  to  the 
surface  of  targets.  The  substrate  was  resistively  heated  up  to  800°C,  which  was  monitored  by  a 
thermocouple.  The  typical  average  growth  rate  of  SiC  films  with  the  energy  density  of  2-4  J/cm2 
was  about  -0.05  nm  per  pulse.  After  deposition,  the  samples  were  taken  out  and  cut  into  several 
slices,  and  then  annealed  in  a  vacuum  furnace  with  a  pressure  of  lxl0‘5  Torr  and  temperatures 
ranging  from  900~1050°C  for  30  min. 

The  crystal  structure  of  the  SiC  films  was  characterized  by  X-ray  diffraction  (XRD)  using 
Cu  Ka  radiation.  Fourier  transform  infrared  spectroscopy  (FTIR),  X-ray  photoelectron 
spectroscopy  (XPS)  and  scanning  electron  microscopy  (SEM)  were  used  to  investigate 
composition  and  surface  morphology. 

3.  Results  and  discussion 

The  XRD  analysis  of  the  SiC  films  deposited  on  Si(100)  and  Si(lll)  substrates  at  800°C 
for  30  min  could  not  detect  any  characteristic  SiC  diffraction  peaks,  indicating  that  the  films  were 
amorphous.  The  lack  of  crystallinity  in  the  SiC  films  appeared  to  be  related  to  the  low  growth 
temperature.  It  was  found  that  the  intensity  of  the  refraction  peaks  varied  as  a  function  of  the 
annealing  temperature  for  both  Si(100)  and  Si(lll)  cases,  suggesting  that  there  was  an  optimum 
annealing  temperature  in  order  to  obtain  well-crystallized  films.  The  optimum  temperatures  in  our 
experiment  were  980°C  and  920°C,  respectively.  The  lower  optimum  temperature  for  (lll)Si 
over  (100)  might  be  explained  by  the  lower  free  surface  energy  for  the  (111)  plane.  Fig.  1  shows 
the  XRD  patterns  of  the  SiC  films  annealed  in  a  vacuum  for  30  min,  with  the  annealing 
temperature  for  Si(100)  substrate  being  980°C,  and  920°C  for  the  Si  (111) .  For  films  on  Si(100), 
the  lines  corresponding  to  the  200  (20=41.5°)  reflections  are  observed,  whereas  the  111  reflection 
(20=35.6°)  is  absent.  The  reverse  is  true  for  films  on  Si(lll). 
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Fig.  1  XRD  patterns  of  PLD  deposited  SiC  films  (a)  on  Si(100)  annealed  at  980°C 
(b)  on  Si(l  11)  annealed  at  920°C. 

The  characteristics  of  infrared  active  modes  in  SiC  were  investigated  by  Fourier  transform 
infrared  spectroscopy.  In  the  FTIR  transmittance  spectra  of  SiC  films  annealed  in  a  vacuum  on 
both  (100)  and  (111)  Si  cases,  the  strong  phonon  absorption  peak  centered  at  800  cm'1  is 
observed,  which  corresponds  to  the  characteristic  phonon  mode  of  the  Si-C  bond  [10  ].  These 
phonon  modes  clearly  show  that  the  films  contain  pure  SiC  phase. 

Fig.  2(a)  and  2(b)  show  SEM  micrographs  of  the  SiC  films  on  Si(100)  and  Si(lll)  annealed 
in  a  vacuum  for  30  min,  respectively.  The  well-defined  oriented  arrangements,  rectangular 
morphology  for  the  (100)  case  and  triangular  morphology  for  the  (111)  case,  could  be  observed, 
which  was  similar  to  that  observed  for  the  carbonization  layer  initially  formed  in  chemical  vapor 
deposition  of  SiC  film  on  Si  and  was  viewed  as  the  indicative  of  the  epitaxial  growth  of  cubic  SiC 
films  and  the  presence  of  crystalline  films  [12,17].  Clearly,  the  epitaxial  relationship  was  3C- 
SiC[100]//Si[100]  and  3C-SiC  [1 1 1]//Si[l  1 1]  in  the  direction  of  the  growth.  It  is  possible  that 
these  patterns  originate  in  the  underlying  substrates  and  were  associated  with  the  SiC/Si  interface. 
The  pits  on  the  corresponding  substrates  diffused  into  the  upper  films  during  the  annealing,  and 
the  characteristic  geometric  patterns  came  into  being  gradually. 

Fig.  3(a)  and  3(b)  present  the  XPS  spectra  of  Si2p  and  Cls  of  the  SiC  film  on  Si(100), 
annealed  at  980°C.  As  is  evident  from  Fig.  3,  the  Si2p  and  Cls  exhibit  a  single  peak  at  100.2  eV 
and  283.3  eV,  respectively,  but  no  peaks  at  99.2  eV  (corresponding  to  pure  Si)  and  282.6  eV 
(corresponding  to  graphite).  This  result  also  indicated  the  formation  of  crystalline  SiC  and  the 
measured  binding  energies  of  the  Si2p  and  Cls  states  agreed  well  with  previous  reports  [15,16]. 
The  atomic  ratio  of  C/Si  using  the  ratio  of  peak  area  and  the  empirical  sensitivity  factors  [16] 
(0.87  for  Si  and  1.0  for  C)  was  1.16,  i.e.  nearly  stoichiometric. 
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Intensity  ( a.u. ) 


(a)  (b) 

Fig.  2  SEM  micrographs  of  the  SiC  films  on  (a)  Si(100)  annealed  at  980°C  and 
(b)  Si(l  1 1)  annealed  at  920°C 
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Fig.  3  XPS  spectra  of  the  SiC  film  deposited  at  800°C  on  Si(100)  and  annealed  in  vacuum 
at  980°C  for  30  min  (a)  Si  2p  (b)  C  Is 


4.  Conclusion 

Pulsed  excimer  laser  deposition  combined  with  a  vacuum  annealing  process  has  been 
developed  to  prepare  stoichiometric  crystalline  SiC  thin  films  on  Si(100)  and  Si(lll)  substrates. 
The  amorphous  SiC  films  deposited  at  800°C  could  be  transformed  into  crystalline  phase  after 
being  vacuum  annealed  for  30  min.  Both  for  the  samples  on  (100)  and  (lll)Si  substrates,  there 
were  an  optimum  annealing  temperature,  980  and  920°C,  respectively.  Different  characteristic 
microstructure  for  (100)  and  (111)  Si  cases  exhibited  in  SEM  observation  revealed  the  presence 
of  the  epitaxial  growth  relationship  of  3C-SiC[100]//Si[100]  and  3C-SiC[lll]//Si[lll]. 
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ABSTRACT 

3C-SiC/Si  structures  with  Ge  incorporation  are  elaborated  by  solid  source  molecular 
beam  epitaxy  (SSMBE).  A  comparison  of  the  flatness  of  the  SiC-surface  and  the  interface 
between  SiC  and  Si  by  comparing  the  deposition  with  and  without  Ge  is  made.  The  results  are 
analyzed  within  the  framework  of  a  theoretical  approach  based  on  the  theory  of  elasticity. 

INTRODUCTON 

Silicon  carbide  has  garnered  a  particular  attention  because  it  has  been  guessed  as  a 
promising  material  for  high-temperature  and  high-power  electronic  devices.  Sensors  based  on 
SiC  are  indeed  aimed  because  of  the  high  thermal,  chemical  and  mechanical  stability  of  this 
material.  The  elaboration  of  high  quality  epilayers,  which  can  be  used  as  an  efficient  active  part 
of  a  device,  is  strongly  dependent  on  substrate  surface  quality.  Among  others,  two  approaches 
of  SiC  film  epitaxial  growth  are  currently  considered.  The  investigation  of  the  state  of  art  of 
SiC  wafer  elaboration  shows  that  wafer  surface  crystalline  quality  suffers  from  the  existence  of 
extended  defects  as  dislocations  and  micropipes.  This  really  represents  a  serious  disadvantage 
of  homoepitaxial  growth  as  these  structural  defects  can  have  dramatic  consequences  on  device 
performance,  especially  because  of  their  replication  in  the  grown  SiC  active  layer. 

Another  alternative  is  afforded  by  heteroepitaxial  growth  of  SiC  on  Si  substrates.  The 
reasons  for  using  Si  is  that  large  area  of  Si  wafers,  cheaper  than  SiC  wafers,  can  be  elaborated 
with  a  high  surface  crystalline  quality.  However,  when  using  this  solution,  an  important  prob¬ 
lem,  related  to  the  lowering  of  residual  stress,  must  be  solved.  This  methodology  presents  in¬ 
deed  a  disadvantage  due  to  the  large  mismatches  of  lattice  parameters  and  thermal  expansion 
coefficient  respectively  equal  to  20  %  and  8  %.  Because  of  these  mismatches  and  beyond  layer 
critical  thickness,  extended  defects,  like  for  instance  dislocations,  can  be  favored  from  the 
formation  energy  point  of  view.  Moreover,  because  of  lattice  parameter  differences  separating 
SiC  and  Si,  stresses  can  not  be  fully  relaxed  by  the  dislocation  network  introduced  at  the  SiC/Si 
interface  during  the  carbonization  of  Si-substrate  surfaces.  As  extended  defects  play  a  vital  role 
in  the  quality  of  the  final  product,  it  is  then  worth  seeking  for  a  methodology  which  enables  to 
smooth  out  their  differences. 

Among  the  different  techniques  which  can  smooth  out  the  effect  of  large  lattice  mis¬ 
match,  the  buffer  layer  technique  has  been  widely  used  to  assist  heteroepitaxial  growth.  The 
carbonization  of  clean  Si  surface  using  hydrocarbon  radicals  is  generally  performed  at  the  early 
stage  of  the  growth  process.  Gas  source  molecular  beam  epitaxy  (GSMBE)  experiments  [1] 
have  shown  that  when  one  uses  (CHs^Gefy  (DMGe)  as  carbon  source,  the  morphology  of  the 
carbonized  surface  layer  improves  when  compared  with  the  one  without  Ge  (carbon  is  then 
provided  by  hydrocarbon  radicals  from  cracked  -C3H8).  The  thickness  of  the  smooth  carbon¬ 
ized  layer  is  ~  40  A  with  a  Ge  concentration  showing  a  saturation  around  0.4  %  ,  and  the  pur- 
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pose  of  using  DMGe  is  to  introduce  a  large  size  atom  at  the  heterointerface.  Similar  approaches 
were  also  carried  out  by  [2,  3]. 

In  this  work,  we  investigate  the  effect  of  the  incorporation  of  Ge  atoms  into  the  3C- 
SiC/Si  structure  grown  by  SSMBE  and  we  discuss  the  results  within  the  framework  of  a  theo¬ 
retical  approach  based  on  the  theory  of  elastic.  This  latter  approach,  which  we  have  recently 
developed  [4],  as  proved  itself  to  be  very  useful  in  many  aspects  of  the  physics  of  epitaxy. 

EXPERIMENT 

The  SiC  layers  were  deposited  on  on-axis  (1 1 1)  Si  substrate  by  using  solid  source  mo¬ 
lecular  beam  epitaxy.  For  the  deposition  of  the  300  nm  thick  SiC  layers  on  Si,  we  used  an 
UMS  500  Balzers  MBE  system  similar  to  the  technique  reported  in  [3].  The  deposition  proce¬ 
dure  was  similar  to  the  method  reported  in  [5]  and  consists  of  the  following  process  steps:  (1) 
silicon  wafer  cleaning,  described  in  detail  in  [6],  (2)  0-1  ML  Ge  deposition  on  the  7x7  recon¬ 
structed  Si  surface  at  325  °C  by  electron  beam  evaporation,  (3)  6  ML  carbon  deposition  on  the 
Si  substrate,  (4)  heating  up  the  Si  wafer  to  600  °C  for  3  minutes,  (5)  gradually  increase  of  die 
substrate  temperature  in  periods  of  2  minutes  by  50  °C  up  to  1050  °C,  (6)  the  SiC  deposition 
started  at  950  °C  with  a  growth  rate  of  lnm/min.  The  final  epitaxial  temperature  was  1050°C.~ 
The  deposition  process  was  monitored  by  in-situ  RHEED  and  in-situ  spectroscopic  ellipsome- 
try.  Ex-situ,  the  films  were  investigated  by  atomic  force  microscopy  (AFM).  The  interface 
width  was  determined  with  spectroscopic  ellipsometry  by  using  a  three  layer  model  consisting 
of  substrate-interface-silicon  carbide-surface. 

EXPERIMENTAL  RESULTS 

For  a  good  substitutional  incorporation  of  Ge  into  SiC  during  the  carbonization  process, 
it  is  necessary  to  prevent  the  formation  of  Ge  bonds  in  the  GexSii-x  surface  alloy.  For  this  rea¬ 
son  the  (7x7)-Ge  reconstruction  was  chosen.  The  (7x7)-Ge  on  (1 1  l)Si  surface  reconstruction  is 
stabilized  for  Ge  coverages  below  1-1.5  ML  [7]  or  for  a  GexSi].x  alloy  with  up  to  0.24  accor¬ 
ding  to  [8].  For  this  structure,  the  Ge  atoms  randomly  substitutes  the  sites  of  Si  atoms  [9].  Fur¬ 
thermore  the  Si  dangling  bonds  are  replaced  in  the  (7x7)-Ge  by  those  of  Ge  and  that  no  Ge-Ge 
bonds  are  formed  [10].  During  the  Ge  deposition  the  (7x7)-Ge  reconstruction  remains  un¬ 
changed  and  no  three  dimensional  islands  were  observed.  This  assumption  was  supported  by 
our  experiments  where  a  deterioration  of  the  SiC  nucleation  behavior  for  Ge  coverages  above  2 
ML  was  observed. 

The  deposition  of  carbon  onto  the  silicon  surface  is  an  effective  way  to  introduce  large 
carbon  concentrations  into  the  near  surface  region  [1 1].  For  this  reason  6  ML  carbon  were  de¬ 
posited  onto  the  (7x7)-Ge  (1 1  l)Si  surface  at  325°C.  To  relax  the  so  formed  compound  system, 
it  was  annealed  at  the  deposition  temperature  for  several  minutes.  The  following  step  wise  an¬ 
nealing  procedure  had  the  task  to  form  a  thin  initial  SiC  layer  and  to  stimulate  the  Ge  incorpo¬ 
ration  into  the  SiC  lattice.  During  the  subsequent  epitaxy,  no  significant  differences  were  found 
in  the  RHEED  pattern  for  the  different  Ge  coverages.  All  the  3C-SiC  layers  grown  on  these 
carbonized  pseudo-substrates  were  single  domain  and  show  only  two  dimensional  diffraction 
with  a  strong  (3x3)-Si  reconstruction  without  transmission  features.  For  that  reason,  the  in-situ 
spectroscopic  ellipsometry  was  used  to  achieve  information  on  the  interface  and  ex-situ  AFM 
investigations  were  used  to  characterize  the  morphology. 

The  experimental  results  of  terrace  width/grain  diameter,  surface  roughness  and  inter¬ 
face  width  obtained  after  the  growth  of  300  nm  SiC  on  Si  are  given  in  Table  I  for  several  Ge 
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coverages  ranging  from  0  up  to  1  ML,  where  ML  represents  the  number  of  monolayers  with 
respect  to  the  (1 1 1)  Si  surface. 

Table  I  Variation  of  geometric  surface  and  interface  features  in  function  of  Ge  coverages 


Ge  coverage 
(ML) 

Terrace  width/grain  diameter 
(nm) 

Surface  roughness,  rms 
(nm) 

Interface  width 
(nm) 

0 

133 

1.85 

1.2 

0.25 

145 

1.73 

0.5 

0.5 

192 

1.48 

1.1 

1 

169 

2.19 

6.1 

The  interface  width  given  in  Table  I  was  determined  after  the  growth  of  a  100  nm  thick 
layer  during  the  deposition  process.  This  was  done  to  have  information  about  the  near  starting 
conditions. 

As  can  be  seen,  Ge  incorporation  into  the  Si  surface  leads  to  an  improvement  of  the 
flatness  of  the  SiC  surface  and  to  an  increase  of  the  grain  size  during  conversion  process.  This 
might  be  an  indication  that  the  Ge  incorporation  into  the  Si  leads  to  a  decrease  of  the  sum  of 
the  surface  energy  of  the  SiC  nuclei  and  the  interface  energy.  Additionally,  the  Ge  incorpora¬ 
tion  improves  the  flatness  of  the  SiC-Si  interface.  From  the  obtained  results,  it  can  be  conclu¬ 
ded  that  under  our  experimental  conditions  the  largest  positive  effect  can  be  expected  for  Ge 
coverages  below  0.5  ML. 

THEORY 

The  lattice  misfit  between  two  materials  A  (substrate  Si)  and  B  (overlayer  SiCGe  mixed 
layer  or  3C-SiC)  is  related  to  the  difference  between  their  lattice  parameters  A=  |  aA-aB.  Fur¬ 
thermore,  we  assume  that  the  corresponding  periodicity  of  the  interface  unit  cell  must  match 
the  A  and  B  lattices  by  a  vernier  process.  If  aA<  as,  the  mathematical  expression  of  this 
matching  is  [12]  : 

(n,+l)aA=n,aB  (l.a),  with  ni=aA/(aB-aA)  (l.b) 

Eq.  (Lb)  holds  when  the  B  lattice  is  under  compression  and  the  A  lattice  under  extension.  It 
states  that  after  ni  jumps  on  the  B  lattice  and  (ni+1)  jumps  on  the  A  lattice,  we  may  find  in 
coincidence  two  interface  sites  belonging  respectively  to  A  and  B.  If  the  material  A  is  under 
compression  and  B  is  under  extension  (aA>aB),  the  geometric  approach  gives: 

ni=aB/(aA-aB)  (2) 

In  ref.  [13],  the  authors  have  developed  the  idea  of  material  phases  stabilized  by  epitaxial 
strains.  As  the  phase  determining  procedure  is  the  minimization  of  lattice  total  energy  as  a 
function  of  substrate  lattice  parameter  after  growth-axis  relaxation,  one  must  emphasize  the 
role  of  interface  conditions.  This  means  that  now  we  have  to  deal  with  in-heterostructure  mate¬ 
rial  physics  to  take  account  of  host  material  interactions.  For  cubic  materials,  the  following 
effective  elastic  constants  f(Cij),  for  longitudinal  phonon  modes  along  directions  [100],  [110] 
and  [1 1 1],  are  relevant  to  the  relaxation  energy  [13]: 

f(Cij)=C,i  (a),  f(Cij)=Cn+C12+2C44  (b),  f(Cij)=C,  ,+20,2+4044  (c)  (3) 

As  far  as  this  in-heterostructure  material  physics  is  aimed,  we  must  seek  for  relation¬ 
ships  analogous  to  Eqs.  1  and  2,  but  which  can  (i)  unify  existing  approaches  on  epitaxially  con¬ 
strained  interfaces  and  (ii)  provide  way  to  interface  optimization.  In  what  follows,  we  present 
the  methodolgy  which  enables  to  answer  questions  (i)  and  (ii). 
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To  tackle  these  problems,  a  good  starting  point  is  to  consider,  for  cubic  crystals,  the 
equations  of  the  elasticity  theory  [13]  which  relate  strain  to  lattice  dynamics  features: 


d2u  _ 

_  £n 

,+Si 

'deyy 

8e„ 

+  C„  f  8e,y 

deB] 

H - — 

dt2  ' 

P 

dx 

p 

^  dx 

dx 

p{dy 

dz  ) 

where  u  is  the  x  component  of  the  displacement,  p  is  the  density,  the  Cy  are  the  elastic  con¬ 
stants,  and  the  eaCT'  are  the  strain  components  (cr,<T-x,y,z).  Similar  equations  for  y  and  z  direc¬ 
tions  can  be  deduced  from  Eq.  4.  The  left  hand  side  of  this  equation  is  proportional  to  co2,  the 
square  of  the  angular  frequency  co.  Because  of  this  feature,  these  equations  may  be  considered 
as  the  signatures  of  a  strain-dynamics  correlation  via  the  S=f(Cy)/p  factor. 

In  the  case  of  periodic  lattices,  we  can  carry  out  a  Bloch  waves  analysis  of  ©  (g),  where 
g  represents  the  phonon  wave  vector  in  the  growth  plane,  say  g  (gx,  gy),  where  the  gx  and  gy 
belong  to  the  first  two  dimensional  Brillouin  zone  (2DBZ)  associated  with  the  interface  recip¬ 
rocal  lattice.  For  each  interface  configuration,  i.e.  for  a  specific  growth  plane,  the  dynamics 
equations  involve  effective  elastic  constants  f(Cy)  which  correspond  to  elastic  waves  propa¬ 
gating  along  the  principal  symmetry  directions  in  cubic  crystals.  The  expressions  of  f(Cy)  for 
the  longitudinal  and  transverse  modes  in  cubic  crystals  are  given  in  ref.  [14]. 

In  what  follows,  we  consider  the  case  of  a  system  constituted  of  two  host  materials  A 
(B)  representing  the  substrate  (overlayer)  with  a  lattice  parameter  aA  (aB)  and  an  S-factor  equal 
to  SA  (Sb).  The  extension  of  the  2DBZ  associated  with  the  surface/interface  lattice  is  scaled  by 
the  wavevector  components  gx~n/ma  and  gy~7r/na  where  a  is  the  lattice  parameter,  and  m  and  n 
are  integers  which  scale  the  corresponding  extension  of  the  unit  cell  associated  with  a  periodic 
lattice  network  (mxn).  Then  we  have: 

©2ocSG_1(a)  where  G=l/gxgyoc(mxn)a2  (b)  (5) 

If  we  write  down  such  a  relationship  for  each  host  material  A  and  B,  we  must  introduce 
the  following  quantities: 

SA,B=[f(Cy)/p]A,B(a) ;  GAcc(mxn)a2A(b)  andGBoc(pxq)a2B  (c).  (6) 

Ga  and  Gb  represent  the  geometric  factors  associated  with  A  and  B,  respectively.  If  we  match 
up  strain  gradient  components,  we  obtain  the  relationship  : 

Ga/Sa=Gb/Sb  .  (7) 

If  isotropic  geometric  conditions  are  assumed  for  the  MIS  (m=n  and  p=q)  and  if  we  apply  a 
vernier  procedure  to  both  A  and  B  lattices,  we  end  up  with  the  equation  : 

ns=aA(aB/  Vs  -aA)‘‘  (8) 

with  S=Sb/Sa  and  aB>aA  (A  is  under  extension  and  B  under  compression).  Eq.  8  means  that 
after  ns  jumps  on  lattice  B  and  (ns+l)  jumps  on  lattice  A,  both  lattices  are  in  coincidence.  If  the 
material  A  is  under  compression  and  B  is  under  extension  (S=Sb/Sa,  aA>aB),  we  obtain  : 
ns=aB/(aA-aB)  (9) 

Eqs.  8  and  9  are  analogous  to  Eqs.  1,  but  with  in  addition  a  lattice  parameter  renormalizing 
factor  (VS).  If  S=l,  one  can  see  that  ns=ni :  the  condition  S=1  implies  that  we  have  a  matching 
of  the  elastic  constant-density  ratios.  It  is  only  in  this  case  that  the  density  of  dislocations  pre¬ 
dicted  by  the  S-theory  is  equal  to  that  given  by  Eqs.  1.  If  the  heterosystem  is  formed  out  of 
three  host  materials  A  (substrate),  B  (buffer  layer)  and  C  (overlayer),  we  have  to  consider  two 
interfaces,  namely  B/A  (interface  1;  S=Si)  and  C/B  (interface  2  ;  S=  S2).  The  basic  equation  of 
the  interface  optimization  theory  with  respect  to  the  S  factors  is  the  continuity  of  Sj  through¬ 
out  the  heterosystem  [4]  : 

S,=S2  (10) 


APPLICATION  TO  THE  3C-SiC/Si  INTERFACE 


We  have  shown  that  during  the  Ge 
deposition,  the  (7x7)-Ge  surface  super¬ 
structure  remains  unchanged,  correspon¬ 
ding  to  a  stable  interface  symmetry.  We 
can  analyse  this  effect  within  the  frame¬ 
work  of  our  theory.  To  carry  out  this  § 
analysis,  we  use  Eqs.  7  and  8  to  calculate  g 
the  interface  superstructure  (pxq)  after  film  q 
deposition,  by  assuming  that  the  bare  (111)  § 

Si  surface  is  (7x7)  reconstructed.  We  are  0 
then  able  to  show  that,  in  terms  of  Ge  and  ^ 
C  composition,  there  exist  alloyed  Sij.y. 
xCyGex  phases  which  can  leave  unchanged 
the  (7x7)  reconstruction.  Moreover,  we 
find  that  Ge  plays  a  compensating  role  in 
respect  to  C:  when  the  C  composition  of 
the  alloy  increases,  we  must  increase  Ge 
incorporation  in  order  to  stabilize  the  sur¬ 
face  structure.  These  results,  depicted  on 
Fig.  1,  show  a  linear  variation  of  the  Ge 
composition  (x)  in  function  of  C  compo- 


C  COMPOSITION 

Fig.l  Variation  of  Ge  composition  vs  y 


sition  (y). 

Considering  the  use  of  buffer  layer  technique  for  3C-SiC/Si  heteroepitaxy,  we 
concentrate  on  two  approaches  in  SSMBE  experiments.  The  first  one  is  based  on  the 

elaboration  of  Sii_yCy  alloy  layers  deposited  on 


Ge  Composition  (x  %) 


Si  substrates.  The  second  one  concerns  the 
elaboration  of  Sii-y.xCyGex  as  buffer  layers 
aiming  to  improve  the  3C-SiC/Si  interface 
quality.  We  have  applied  our  theory  to  the 
system  3C-SiC/Sii.y.xCyGex/Si  (C/B/A)  where 
Sii-y.xCyGex  is  introduced  as  a  buffer  layer.  In 
this  case,  interfaces  1  (Si)  and  2  (S2)  correspond 
to  Si].y.xCyGex/Si  and  3C-SiC/Sii-y-xCyGex, 
respectively.  The  results  shown  on  Fig.  2 
demonstrate  that  the  continuity  condition  on  Sj 
can  be  fulfilled  for  Ge  composition  as  low  as 
0.4  %  in  agreement  with  experimental  results 
[1]  while  C  composition  corresponds  to  y=  5  %. 
This  latter  value  agrees  with  that  of  ref.  [15], 
One  must  bear  in  mind  that  the  C  composition  of 
the  buffer  layer  must  remain  low  (5  %  is  a 
reasonable  value)  because  of  the  distortions  in¬ 
troduced  by  C  in  the  Si  lattice.  Then,  a  gradual 


Fig  2  Variation  of  Sj  vs  x  increase  of  C  composition  must  be  attempted  in 

&  J  order  to  meet  the  conditions  of  a  pseudomorphic 


growth  of  3C-SiC  layer  [7].  The  incorporation  of  Ge  atoms  into  the  SiC  heterosystem  induces 
new  properties  which,  in  our  approach,  depend  on  lattice  parameter,  elastic  constants  and 
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density.  This  enables  to  achieve  a  better  matching  of  strain  gradient  factors  (Sj)  associated  with 
the  host  materials  involved  in  the  heterostructure.  The  agreement  between  experimental  and 
theoretical  results  demonstrate  the  relevance  of  Sj  for  heteroepitaxy  optimization  needs. 

CONCLUSION 

By  using  a  theoretical  approach  based  on  the  elasticity  theory,  namely  the  S-correlated 
theory  of  interface  optimization  and  its  continuity  condition,  we  have  determined  the  composi¬ 
tion  of  a  buffer  layer  formed  out  of  Si,  C  and  Ge  species  which  is  meant  to  improve  the  3C- 
SiC/Si  interface  quality.  The  calculated  composition,  i.e.,  Sio.944Co.052Geo.004  is  in  agreement 
with  the  experimental  results  [1].  Ge  is  probably  not  the  only  host  atom  which  can  improve  the 
3C-SiC/Si  heterointerface  and  several  alternatives  must  be  investigated.  In  our  approach,  the 
host  layer  thickness  is  not  introduced  as  an  explicit  parameter.  If  we  consider  the  parameters 
relevant  to  the  S-theory,  we  can  perform  the  following  analysis.  The  density  (p)  is  a  material 
property  and  it  should  not  depend  on  layer  thickness.  Lattice  parameters  depend  on  the  consi¬ 
dered  host  material  phase.  This  means  that  the  corresponding  layer  thickness  must  be  at  least 
that  for  which  bulk  structural  features  prevail.  Eventually,  elastic  constants  can  be  different  for 
very  thin  and  very  thick  layers,  although  in  this  work  we  have  used  bulk  values. 

The  theoretical  approach  could  be  verified  by  experimental  preparation  of  samples  with  diffe¬ 
rent  Ge  content  incorporated  into  the  Si-SiC  interface.  Ge  coverages  of  approximately  0.5  ML 
did  influence  the  properties  of  the  epitaxial  layers  positively.  Investigations  by  AFM  confirmed 
a  decrease  in  surface  roughness  and  an  increase  in  grain  size.  The  fit  of  in  situ  ellipsometric 
spectra  using  an  optical  model  consisting  of  four  layers  (surface  roughness,  3C-SiC  layer,  in¬ 
terface  width  and  Si  substrate)  determines  a  reduction  in  interface  width. 
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ABSTRACT 

We  have  obtained  single-crystal  3C-SiC  films  via  conversion  of  the  surface  region  of  Si  (1 1 1) 
and  (100)  wafers  at  970  °C  by  reaction  with  C2H4  in  an  MBE  reactor.  The  major  defects  in  the 
films  were  clusters,  voids,  and  misfit  dislocations.  Investigation  by  high  resolution  TEM  images 
showed  low  lattice  strains  in  the  epitaxial  layer  due  to  the  formation  of  1  misfit  dislocation  for 
every  4  to  5  regular  SiC  planes  that  are  bonded  to  Si  at  the  interface.  The  clusters  and  voids  often 
occurred  in  pairs.  A  model  for  forming  the  void-cluster  pairs  is  suggested. 

INTRODUCTION 

Heteroepitaxial  growth  of  3C-SiC  on  Si  has  been  difficult  due  to  the  large  mismatch  in  lattice 
parameters.  The  difficulty  has  been  partially  overcome  by  use  of  a  two-step  growth  process.  The 
process  involves  the  growth  of  a  buffer  layer  followed  by  the  growth  of  second  epitaxial  layer. 
The  buffer  layer  growth  is  considered  to  be  a  critical  step  for  the  successful  single-crystal  growth 
of  3C-SiC  on  Si.  The  first  and  most  common  method  for  growing  a  buffer  layer  has  been  via  the 
reaction  of  the  Si  substrate  with  propane  as  initially  described  by  Nishino  et  al.  [I,  2].  Propane 
was  introduced  into  an  epitaxial  reactor,  and  the  Si  substrate  was  heated  rapidly  from  room 
temperature  to  approximately  1360  °C  and  held  at  that  temperature  for  a  short  time  (<  5  minutes). 
Carbon  was  deposited  on  the  Si  substrate  from  the  decomposition  of  propane.  The  Si  top  surface 
was  converted  to  SiC  by  the  reaction  with  the  deposited  C  at  elevated  temperatures.  The  thin  SiC 
films  achieved  by  this  process  were  approximately  20  nm  thick  and  were  reported  as 
polycrystalline  3C-SiC.  A  single-crystal  SiC  buffer  layer  is  preferable  for  achieving  higher  crystal 
perfection  in  the  second  epitaxial  layer. 

The  growth  of  a  single-crystal  buffer  layer  has  been  pursued  by  Cheng  et  al.  [3]  using  a 
lower  temperature  (in  range  of  1000  °C  to  1 170  °C)  and  a  shorter  carbonization  time  (in  the  range 
of  5  to  30  seconds).  They  observed  that  the  films  started  to  grow  as  thin  circular  islands.  Lateral 
growth  of  the  islands  led  them  to  coalesce  and  finally  became  a  continuous  film  if  the  proper 
process  parameters  were  applied.  A  continuous  SiC  film  (approximately  18  nm  thick)  could  only 
be  obtained  under  a  narrow  process  window  that  was  at  1070  °C  for  15  seconds.  The  converted 
films  were  single  crystals  but  highly  defective.  High  concentrations  of  defects  were  observed  at 
the  islands  centers  where  nucleation  initiated.  The  defect  density  decreased  away  from  the  island 
centers.  However,  defects  such  as  stacking  faults  were  still  present.  In  addition,  the  films  were 
embedded  with  high  densities  of  etched  pits  which  were  created  during  the  Si-to-SiC  conversion 
process.  The  SiC  films  in  the  vicinity  of  the  pits  were  misoriented  and  contained  numerous 
stacking  faults. 
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Further  decreases  in  carbonization  temperatures  were  carried  out  by  Yoshinobo  et  al.  [4] 
with  MBE.  They  used  a  temperature  range  from  720  °C  to  830  °C  with  C2H2  as  the  carbon 
source.  Single  crystal  3C-SiC  layers  were  obtained  only  in  a  narrow  range  of  substrate 
temperatures  near  790  °C.  They  used  RHEED  to  confirm  the  growth  of  a  single-crystal  film.  No 
further  characterization  of  the  defects  in  the  films  was  conducted. 

In  this  study  we  carried  out  the  carbonization  using  gas-phase  MBE  similar  to  that  of 
Yoshinobo  et  al.  [4].  The  single-crystal  films  were  grown  at  970  °C  using  C2H4.  This  paper 
reports  the  characterization  of  these  films  deposited  under  this  condition.  The  mechanisms  for 
low  temperature  growth  of  the  converted  SiC  films  will  be  proposed  based  on  the 
characterization  data. 

EXPERIMENTAL 

The  conversions  of  Si  (1 1 1)  and  (100)  surfaces  to  SiC  were  achieved  simultaneously  using  a 
custom  MBE  reactor  designed,  constructed  and  commissioned  at  NCSU  for  the  growth  of  SiC 
thin  films  [5].  The  size  of  each  substrate  was  approximately  1cm  by  1cm.  They  were  (111)  and 
(100)  orientations  with  3  degrees  tilted  toward  the  <110>  flat  The  native  oxides  on  the  Si 
substrates  were  removed  by  dipping  the  substrates  in  a  buffered  HF  solution  prior  to  loading  into 
the  reactor.  After  evacuation  of  the  MBE  chamber,  the  1.8  seem  flow  of  C2H4  was  introduced  at 
room  temperature.  The  temperature  was  ramped  to  820  °C  with  a  ramp  rate  of  6  °C/min  and  then 
ramped  from  820  °C  to  970  °C  with  a  ramp  rate  of  3  °C/min.  At  970  °C  the  substrates  continued 
to  be  exposed  to  the  1.8  seem  flow  of  C2H4  for  60  minutes.  This  completed  the  conversion 
process. 

Scanning  electron  microscopy  (SEM)  was  used  to  evaluate  the  surface  defects  introduced  by 
the  carbonization.  High  resolution  transmission  electron  microscopy  (HREM)  was  used  to 
characterize  the  microscopic  defects.  The  film  thickness  was  evaluated  by  spectroscopic 
ellipsometry.  The  film  composition  and  carbon  bondings  were  evaluated  by  X-ray  photoelectron 
spectroscopy  (XPS). 

RESULTS 
1.  Film  defects 

The  converted  SiC  films  were  continuous  across  the  entire  surface  of  each  substrate. 
Investigation  via  SEM  showed  the  presence  of  scattered  clusters  in  the  films.  The  clusters  varied 
in  size.  The  largest  clusters  were  as  large  as  several  micrometers,  although  the  largest  size  shown 
in  Figure  1  is  only  hundreds  of  nm.  The  density  of  the  clusters  was  estimated  to  be  in  the  range 
of  4  xl04/cm2to  10  xl04/cm2.  The  clusters  contained  voids  between  the  film  and  the  Si  (111) 
substrate,  as  shown  in  Figure  2.  Each  cluster  was  the  aggregate  of  several  micro-clusters.  The 
micro-clusters  occurred  preferentially  along  the  edges  of  the  voids.  The  edges  of  small  voids  were 
bounded  by  (110)  crystallographic  planes  and  indicate  a  preferentially  etched  pattern.  The  large 
voids  became  more  rounded  and  were  not  crystallographically  oriented. 

Figure  3  is  a  plan  view  TEM  micrograph  showing  a  large  cluster  in  the  converted  SiC  film 
deposited  on  a  Si  (100)  substrate.  The  gray  white  contrast  regions  are  the  voids  underneath  the 
film  The  diameter  of  this  cluster  is  approximately  5  |im.  The  voids  along  the  edges  of  the  cluster 
are  significantly  larger  than  those  in  the  internal  region  of  the  cluster.  It  also  shows  that  the  edges 
of  small  voids  are  parallel  to  the  {1 10}  planes. 


220 


An  electron  diffraction  pattern  taken  from  the  cluster  is  shown  in  Figure  4.  The  diffraction 
spots  from  the  SiC  film  as  well  as  from  the  Si  substrate  are  observed.  The  major  crystal  planes 
are  assigned  and  shown  in  Figure  4.  It  shows  that  the  crystal  planes  of  the  SiC  film  align  with  the 
same  Miller  indices  as  the  Si  substrate.  This  confirms  the  epitaxial  relationship  and  the 
monocrystalline  character  of  the  SiC  film.  Extra  (or  satellite)  diffraction  spots  from  the  SiC 
planes  of  the  same  Miller  indices  are  also  present  in  the  pattern.  The  satellite  spots  result  from 
double  or  multiple  diffractions  but  not  from  twinning  in  the  film.  The  SiC  diffraction  spots  are 
distorted  from  circular  to  elliptical  shapes.  This  suggests  that  there  are  slight  mis-orientations  in 
some  parts  of  the  film.  It  is  likely  that  the  misorientations  reside  at  or  near  micro-clusters. 

High  resolution  electron  micrographs  (HREM)  did  not  reveal  polycrystalline  regions  and 
twinning  in  the  converted  SiC  film.  However,  high  densities  of  misfit  dislocations  were  observed. 
Figure  5  shows  the  lattice  image  of  the  SiC  film  and  the  SiC/Si  interface.  The  arrows  in  Figure  5 
show  the  points  of  misfit  dislocation  initiation.  These  points  are  only  several  atomic  spacings 
above  the  SiC/Si  interface.  This  micrograph  also  shows  that  there  is  approximately  one  misfit 
dislocation  (an  extra  SiC  plane  non-bonded  to  the  Si  substrate)  for  every  4  to  5  regular  SiC  planes 
that  are  bonded  to  Si  at  the  interface. 

Figure  5  also  reveals  that  the  boundary  (or  interface)  between  the  Si  substrate  and  the 
converted  SiC  is  diffuse  and  wavy.  The  diffuse  boundary  may  result  from  a  tilt  of  the  specimen 


Fig.  3  A  plane  viewed  TEM  shows  a  Figure  4.  Electron  diffraction  pattern  taken 

cluster  in  the  converted  SiC  (100)  surface.  from  the  cluster  shown  in  Figure  3. 
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surface  away  from  perpendicular  to  the  electron  beam.  Examination  of  several  interface  regions  of 
the  TEM  specimen  found  few  interfaces  sharper  than  that  shown  in  Figure  5.  It  suggests  that 
this  is  the  most  common  character  of  these  interfaces.  The  width  of  undulation  at  the  interface  is 
in  the  range  of  several  nm. 

2.  Lattice  strains  of  the  film  and  Si  substrate 

Lattice  strains  of  the  SiC  films  and  the  Si  near  the  interface  were  calculated  by  measuring  the 
change  in  lattice  parameters  from  their  theoretical  values.  The  inter-planar  distance  of  a  given 
family  of  crystallographic  planes  was  obtained  by  Fourier  transform  of  the  lattice  image.  The 
lattice  parameters  of  the  Si  substrate  further  away  from  the  interface  were  assumed  to  be  the 
same  as  die  bulk  Si  values  and  were  used  for  calibration  of  the  measurement  accuracy  taken  at  the 
vicinity  of  the  interface.  The  measured  results  together  with  the  calculated  strains  are  listed  in 
Tables  1  for  a  converted  SiC  film.  The  results  show  that  the  lattice  strains  of  the  SiC  film  are  less 
than  1.2  %.  We  also  evaluated  the  lattice  strains  of  substrate  in  the  vicinity  of  the  interface  and 
found  it  to  be  less  than  0.5%.  It  suggests  that  stresses  from  a  large  lattice  mismatch  are  totally 
alleviated  by  the  misfit  dislocation  formation  in  the  film.  This  agrees  with  the  misfit  dislocation 
density  evaluated  from  HREM  micrographs.  In  other  words,  approximately  20  %  of  the  film 
lattices  are  dislocated  in  the  misfit  manner.  This  accounts  for  the  disappearance  of  film  strain 
supposedly  caused  by  the  20%  lattice  mismatch  between  the  film  and  substrate. 

3.  Film  thickness  and  uniformity 

The  film  thickness  was  measured  using  a  spectroscopic  ellipsometer.  The  measured  optical 
spectra  fitted  fairly  well  with  a  layer  model  that  assumed  25%  voids  in  the  films.  The  optical 
constants  of  the  SiC  films  used  in  the  model  were  assumed  to  be  the  same  as  those  of  bulk  SiC. 
The  thickness  measured  from  the  model  was  48.8  A  and  48. lA  for  the  (100)  and  (111)  films, 
respectively. 


Figure  5.  A  cross-sectional  HREM 
micrograph  showing  the  initiation  points 
of  misfit  dislocation  generations. 


Figure  6.  XPS  spectra  of  the  converted 
SiC  films  showing  the  bonded  C  peak  at 
282.5  eV  and  the  free  C  peak  at  284.2  eV. 
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Table  1.  Measured  lattice  parameters  of  crystallographic  planes  and  calculated  lattice  strains. 


Atomic  plane 

SiC  on 
(100)Si 

1 

mil 

Lattice  strain 

ggggj5Jj5gjM|g 

1.53  A 

1.54  A 

film  (111),  + slant 

2.55  A 

2.52  A 

0.01190476 

2.54  A 

0.0079365 

film  (111),- or  zero 
slant 

2.55  A 

2.52  A 

0.01190476 

2.49  A 

-0.011905 

film  (200) 

2.15  A 

2.18  A 

-0.0137615 

The  thickness  of  the  converted  SiC  measured  by  XTEM  showed  a  large  variation  with 
location.  The  thickness  varied  in  the  range  of  30  to  60  A  for  the  regions  of  films  containing  no 
voids.  The  thickness  of  the  film  located  above  the  voids  is  considerable  higher.  This  was 
determined  by  obtaining  electron  diffraction  patterns  from  a  plan  view  TEM  sample.  The 
diffraction  pattern  was  visible  when  it  was  taken  from  a  cluster.  It  was  not  visible  when  the 
pattern  was  taken  from  a  smooth  area  because  it  was  too  thin.  The  cross-sectional  SEM 
micrographs  showed  that  the  film  was  extremely  rough  at  cluster  regions.  The  film  thickness  in 
these  regions  was  estimated  to  be  from  lto  6  times  of  that  at  the  smooth  areas. 

4.  Film  composition 

The  film  composition  was  analyzed  by  XPS.  A  high  resolution  spectrum  taken  using  C-ls 
was  analyzed  for  free  carbon  vs.  bonded  carbon.  Figure  6  shows  the  bonded  C  peak  at  282.5  eV 
and  the  free  C  peak  at  284.2  eV.  A  comparison  of  peak  intensities  suggests  that  about  half  of  the 
C  deposited  is  not  yet  converted  to  SiC.  It  also  shows  that  the  degree  of  the  conversion  is 
approximately  the  same  for  the  SiC  (111)  and  SiC  (100).  The  Si  2p  peak  at  100.5  eV  confirms 
little  difference  in  the  amount  of  conversion  from  (1 1 1)  and  (100)  Si  (not  shown). 

DISCUSSION 

Single-crystal  3C-SiC(lll)  and  3C-SiC(100)  films  have  been  obtained  via  conversion  of  the 
near-surface  region  of  Si  (1 1 1)  and  Si  (100)  at  970  °C  by  reaction  with  C2H4  in  a  MBE  reactor. 
The  major  defects  in  the  films  were  clusters,  voids,  and  misfit  dislocations.  The  clusters  and 
voids  often  occurred  in  pairs.  The  cluster-void  pairs  were  also  observed  in  3C-SiC  epitaxial  layers 
formed  by  carbonization  at  higher  temperatures  [3]  as  well  as  by  direct  gas-phase  MBE  growth 
without  any  carbonization  [6]. 

A  model  for  formation  of  the  cluster- void  pairs  has  been  proposed  by  Schmitt  et.  al.  [6].  In 
this  model  the  voids  (silicon  etch  pits)  were  assumed  to  be  formed  first  by  Si  evaporation.  The 
clusters  (referred  to  as  islands  in  Ref.  6)  subsequently  nucleated  and  grew  at  comers  of  the  voids. 
It  was  assumed  in  this  model  that  most  voids  were  unsealed  and  that  the  clusters  were  made  of 
polycrystalline  SiC. 

Examination  of  our  films  showed  no  unsealed  clusters  and  no  polycrystalline  SiC.  Therefore, 
a  more  suitable  model  for  forming  the  void-cluster  pairs  in  our  films  is  suggested  as  follows:  (1) 
deposition  of  a  thin  carbon  layer  on  the  substrate  surface,  (2)  conversion  of  the  carbon  in  contact 
with  Si  into  SiC,  (3)  diffusion  of  Si  underneath  the  Si/SiC  interface  into  the  free  carbon  and  the 
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formation  of  SiC,  and  (4)  continued  deposition  of  free  carbon  on  the  top  carbon  layer  and 
formation  of  voids  by  outdiffusion  of  Si  from  the  void  surfaces. 

Cheng  et  al.  [3]  observed  that  their  converted  SiC  films  were  grown  by  the  coalescence  of 
SiC  islands.  There  is  no  evidence  in  our  work  that  the  films  were  formed  by  this  mechanism.  It 
suggests  that  a  2-dimensional  growth  mechanism  is  dominant  over  a  3-dimensional  growth 
mechanism  at  970  °C. 

The  undulations  of  the  SiC/Si  interface  were  likely  caused  by  the  inter-diffusion  of  C  and  Si 
across  the  interface.  The  large  thickness  variation  in  the  films  resulted  from  locally  enhanced 
diffusion  of  Si.  The  Si  can  out-diffuse  faster  along  the  void  surfaces  than  through  the  bulk  of  the 
films. 

It  is  likely  that  the  deposited  carbon  layers  before  the  conversion  were  amorphous.  During 
the  conversion  process,  only  the  carbon  atoms  landing  on  top  of  Si  atoms  formed  epitaxial  SiC  on 
Si.  The  remaining  un-aligned  carbon  atoms,  landed  between  the  Si  lattice  planes,  were  also 
converted  by  inter-diffusions  and  formed  extra  planes  or  misfit  dislocations.  The  misfit 
dislocations  had  released  the  lattice  strain  in  the  films. 

The  XPS  analyses  showed  that  the  concentration  of  the  unreacted  C  is  fairly  high.  The  non- 
bonded  C  can  provide  a  driving  force  for  the  outdiffusion  of  Si.  The  excessive  out-diffusion  of  Si 
can  lead  to  the  void  formation  and  void  growth. 

The  concentrations  of  misfit  dislocations  and  the  degree  of  lattice  distortion  in  the  converted 
SiC  are  difficult  to  improve,  since  the  growth  is  not  pseudomorphic.  However,  the  voids  and 
clusters  may  be  reduced  by  optimizing  the  carbon  layer  thickness  such  that  it  is  sufficiently  thick 
to  encapsulate  the  Si  surface  and  prevent  evaporation  yet  sufficiently  thin  to  avoid  excessive  Si 
and  C  inter-diffusion.  It  is  desirable  to  have  a  process  condition  so  that  the  conversion  does  not 
start  before  complete  carbon  coverage  of  the  substrate  surface.  Moreover,  carbon  deposition 
should  not  be  continued  after  the  conversion. 
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Abstract 

Mg  doped  cubic  GaN  layers  were  studied  by  steady  state  and  time  resolved 
photoluminescence.  The  blue  emission  due  to  Mg  doping  can  be  decomposed  in  three 
bands.  The  decay  curves  and  the  spectral  shift  with  time  delays  indicates  donor-acceptor 
pair  behaviour.  This  can  be  confirmed  by  excitation  density  dependent  measurements. 
Furthermore  temperature  dependent  analysis  shows  that  the  three  emissions  have  one 
impurity  in  common.  We  propose  that  this  is  an  acceptor  level  related  to  the  Mg 
incorporation  and  the  three  deep  donor  levels  are  due  to  compensation  effects. 

Introduction 

GaN  is  found  to  exist  in  a  thermodynamically  stable  hexagonal  and  in  a 
metastable  cubic  phase  [1].  Substrates  for  the  cubic  material  are  much  easier  available, 
cleavage  is  less  complicated  and  due  to  the  higher  symmetry  superior  electronic 
properties  are  expected.  In  order  to  achieve  optoelectronic  devices  based  on  p-type  cubic 
GaN  it  is  important  to  study  its  fundamental  properties.  As  in  hexagonal  samples,  the 
basic  properties  like  recombination  channels  of  Mg  doped  cubic  GaN  samples  are  still 
not  completely  understood.  Lightly  and  moderately  doped  samples  show  besides  the 
excitonic  transitions  at  3.27eV,  the  donor-acceptor  pair  DAP  transition  at  3.I5eV  and  a 
Mg  related  DAP  recombination  at  3.04eV  [2].  For  heavily  doped  samples  ([Mg]>1018cm' 
3)  deep  Mg  related  transitions  are  observed.  In  this  work  these  deep  blue  emissions  are 
studied  by  steady  state  (SS)  and  time  resolved  (TR)  photoluminescence. 


Experiment 

The  cubic  GaN  layers  were  grown  by  plasma-assisted  molecular-beam  epitaxy  on 
semi-insulating  (100)  GaAs  substrates  at  a  substrate  temperature  of  720°C.  Details  of  the 
growth  procedure  were  reported  elsewhere  [3].  For  Mg  doping,  a  commercially  available 
effusion  cell  with  an  orifice  of  3mm  was  used.  The  thickness  of  the  GaN  layers  varies 
between  700  and  900nm.  Mg  concentration  and  depth  distribution  was  determined  by 
secondary  ion  mass  spectroscopy.  In  this  work  samples  with  Mg  concentration  from 
2.3*  1018  to  5*10I8citk  were  analysed.  Results  are  compared  with  an  non-intentionally 
doped  (nid)  sample. 

For  steady  state  (SS)  photoluminescence  PL  measurements  we  used  the  325nm 
line  of  a  HeCd  laser.  Excitation  intensity  was  varied  by  neutral  density  (ND)  filters.  Time 
resolved  (TR)  measurements  were  carried  out  with  a  pulsed  Xe  lamp  as  an  excitation 
source  and  a  boxcar  system  for  detection.  The  emission  was  dispersed  and  detected  in 
both  cases  by  a  monochromator  (lm,  1200/mm)  and  a  photomultiplier,  respectively.  The 
samples  were  cooled  down  to  1  OK  by  a  closed-cycle  He  cryostat.  The  temperature  could 
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be  varied  from  10K  to  room  temperature  by  a  heating  resistance.  The  temperature  was 
measured  by  a  thermocouple. 


Results  and  discussion 

Figure  1  shows  SSPL  spectra  of  a  heavily  Mg  doped  and  a  nid  sample.  In  the  md 
layer  there  is  a  strong  emission  at  3.27eV  and  3.I5eV  ascribed  to  excitonic  and  pair 
emission,  respectively.  In  the  heavily  Mg  doped  samples  the  PL  spectra  are  dominated  by 
a  broad  blue  band  composed  of  three  emissions.  The  3.27eV  and  3.15eV  emissions  are 
hardly  detectable  in  these  layers. 


Fig.  1 :  Low  temperature  (10K)  SSPL  spectra  of  Mg  doped  and  undoped  GaN 
sample 


The  exciton  recombination  at  3.27eV  and  the  DAP  emission  at  3.15eV  are 
quenched  and  recombination  takes  place  at  lower  energies.  Doping  cubic  GaN  layers 
with  Mg  introduces  alternative  recombination  channels. 

The  comparison  of  SS  and  TR  spectra  shows  a  shift  to  lower  energies  in  TR 
spectra  (figure  2).  Furthermore  the  low  energy  side  of  the  emission  is  less  quenched  than 
the  high  energy  side.  This  is  an  indication  for  an  energy  dependent  transition  probability. 
For  a  quantitative  analysis  the  SS  and  TR  spectra  for  various  time  delays  were  fitted  to 
three  Gaussian  curves.  In  the  SSPL  spectrum  the  three  Gaussians  are  peaked  at  2.968eV 
(FWHM:  173meV),  2.789eV  (FWHM:  239meV)  and  2.512eV  (FWHM:  318meV).  The 
energetic  distance  between  the  three  bands  were  maintained  when  fitting  the  spectra.  The 
three  bands  shift  to  lower  energies  with  increasing  time  delay  (TD).  The  maximal  shift 
(79meV)  is  reached  at  a  TD  of  10ms.  Further  increase  of  the  TD  does  not  result  in  a 
further  shift.  The  shift  to  lower  energies  is  accompanied  by  a  very  small  narrowing  of  the 
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bands.  The  energetic  distance  between  the  three  bands  could  be  maintained  which  means 
that  all  three  bands  show  the  same  shift. 

Decay  curves  were  determined  at  various  energies  of  the  spectrum  (figure  3). 
They  all  follow  a  power  law  l(l)  ~  fa  rather  than  exponential  decays.  The  exponent  a  is 
increasing  from  1.00  to  1.43  with  increasing  energy  position.  This  is  a  sign  for  slower 
emission  at  the  low  energy  side.  This  behaviour  is  typical  for  distant  DAP  recombination. 


Energy  /  eV 


Fig.  2:  SS  and  TR  PL  spectra  of  a  heavily  doped 
GaN:Mg  sample 


Fig.  3:  Decay  curves  at  various  energies. 


The  recombination  energy  of  a  DAP  is  [4]: 

hv=£g-CEA+£D)+e2/4jte0£/?  (1) 

where  ED  and  EA  are  the  donor  and  acceptor  ionisation  energies  and  R  is  the 
distance  between  the  donor  and  the  acceptor.  The  recombination  energy  decreases  with 
the  distance  between  the  impurities  and  so  does  the  overlap  of  their  wavefunctions. 
Therefore  the  recombination  probability  is  lower  for  more  distant  pairs  and  thus  the 
decay  time  is  longer.  Calculating  the  exact  decay  curves  is  rather  complicated  but  it  has 
been  shown  [5]  that  the  decay  follows  approximately  a  power  law  with  exponents 
between  1  and  2. 

In  figure  4  the  spectra  are  shown  for  3  different  excitation  intensities.  With  higher 
excitation  intensity  the  whole  band  shifts  to  higher  energies  and  the  high  energy  side 
increases  in  intensity.  The  shift  rate  amounts  approximately  to  7meV  per  decade  of 
excitation  intensity.  The  increase  of  emission  intensity  with  excitation  density  follows  a 
power  law: 
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PL  Intensity  /  a.u. 


(2) 


Asniission^C5*  1  excitation 

with  b  showing  values  of  1.0  (2.95eV  band),  0.9  (2.75eV  band  and  0.8  (2.5eV 
band),  typical  for  recombinations  at  impurities  (DAP  or  deep  defects)  [6].  Excitonic 
recombinations  would  behave  superlinearily  (b>  1).  The  shift  to  higher  energies  of  the 
peak  positions  with  increasing  excitation  intensity  can  also  be  explained  with 
recombinations  at  DAPs.  With  increasing  excitation  intensity,  the  very  distant  (low 
energy)  pairs  get  saturated  and  the  recombination  takes  place  at  closer  (high  energy) 
pairs. 
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Fig.  4:  PL  spectra  for  various  excitation  densities  Fig.  5:  Emission  Intensity  as  a  function  of  excitation 

intensity  for  the  three  bands 


Temperature  dependent  spectra  show  that  there  is  hardly  any  change  in  lineshape 
of  the  emission  (figur  6).  There  is  a  shift  of  all  three  bands  to  lower  energies  with 
increasing  temperature.  The  shift  follows  exactly  the  temperature  dependence  of  the  band 
gap  of  cubic  GaN  [7].  The  energetic  distance  between  the  bands  is  maintained.  The  shift 
is  24meV  between  10K  and  165K.  Above  165K  the  emission  is  very  poor  and  a 
quantitive  assessment  is  not  possible  anymore.  DAP  emissions  are  expected  to  behave 
like  this  because  both  donor  and  acceptor  levels  maintain  their  energetic  distance  to  the 
corresponding  band. 

Usually  the  temperature  dependence  of  DAP  show  exponential  dependency  of  the 
following  form: 

/(T)=I(/[l+Ci*exp(-Eai/kBT)+C2*exp(-£,a2/kBT)]  (3) 
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C|  and  C2  are  two  temperature  independent  constants  and  ke  is  the  Boltzmann  constant. 


Energy  /  eV 

Fig.  6:  SSPL  spectra  for  various  temperatures 


Fig.  7:  PL  intensity  of  the  three  bands  as  a  function  of 


All  three  bands  show  a  similar  behaviour  with  Eai  ~50meV  for  the  3  bands  andEa2 
varying  between  4  and  6meV  (figure  7).We  could  propose  a  recombination  model  with 
one  common  impurity  for  the  3  transitions.  Mg  on  the  Ga  site  is  supposed  to  introduce  an 
acceptor  level  in  the  band  gap  which  however  might  be  compensated  by  three  donor 
levels.  Such  a  compensation  mechanism  was  already  found  in  hexagonal  GaN  [10]. 
Evidence  for  additional  3  donor  levels  is  given  by  As  et  al.  [11].  However  since  the 
activation  energy  of  50meV  cannot  be  directly  related  to  any  energy  level  of  impurities 
mentioned  in  literature  it  is  very  likely  that  a  more  complicated  quenching  mechanism  is 
present  as  proposed  by  Brandt  [9].  No  further  information  about  the  energy  levels  can  be 
obtained  from  the  data  as  the  bands  are  broad  and  structureless  and  probably  a 
superposition  of  unresolved  single  pair  emissions  and  vibronic  coupling. 
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Conclusions 

We  studied  cubic  GaN  samples  heavily  doped  with  Mg.  The  results  of  SSPL  and 
TRPL  measurements  depending  on  excitation  density  and  temperature  are  all  consistent 
with  three  DAP  emissions.  Since  these  emissions  appear  only  in  Mg  doped  samples  we 
conclude  that  Mg  doping  introduces  levels  in  the  band  gap  which  result  in  DAP 
recombination.  At  the  moment  we  cannot  determine  the  impurity  levels  with  certainty. 
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ABSTRACT 

We  measured  the  ellipsometric  response  from  0.7-5 .4  eV  of  c-axis  oriented  AIN  on  Si  (111) 
grown  by  molecular  beam  epitaxy.  We  determine  the  film  thicknesses  and  find  that  for  our  AIN 
the  refractive  index  is  about  5-10%  lower  than  in  bulk  AIN  single  crystals.  Most  likely,  this 
discrepancy  is  due  to  a  low  film  density  (compared  to  bulk  AIN),  based  on  measurements  using 
Rutherford  backscattering.  The  films  were  also  characterized  using  atomic  force  microscopy  and 
x-ray  diffraction  to  study  the  growth  morphology.  We  find  that  AIN  can  be  grown  on  Si  (111) 
without  buffer  layers  resulting  in  truely  two-dimensional  growth,  low  surface  roughness,  and 
relatively  narrow  x-ray  peak  widths. 

INTRODUCTION 

AIN,  like  all  group-III  nitrides,  has  recently  received  much  attention  because  of  its  potential 
applications  in  high-power  and  high-frequency  electronics,  optoelectronics,  electronic  packaging, 
and  deep-UV  lithography.  The  resulting  flurry  of  activities  in  this  area,  however,  does  not  mean 
that  AIN  is  a  new  material.  Publications  on  the  physical  properties  of  AIN  go  back  more  than  35 
years  [1].  Much  of  the  early  results  are  based  on  pioneering  work  by  Slack,  who  synthesized 
high-purity  AIN  single-crystals  and  studied  their  properties,  particularly  the  high  thermal  con¬ 
ductivity  [2,3].  Recent  interest  in  AIN  has  shifted  to  thin  films  prepared  on  different  substrates 
(Si,  SiC,  sapphire)  using  a  variety  of  techniques,  such  as  molecular  beam  epitaxy  (MBE),  che¬ 
mical  vapor  deposition  [4],  and  RF  sputtering  [5]. 

The  optical  properties  of  AIN,  i.e.,  the  refractive  index  n  and  extinction  coefficient  k,  have 
recently  been  reviewed  by  Loughin  and  French  [3].  Below  the  band  gap  of  about  6.1  eV,  the 
material  is  essentially  transparent,  allowing  the  determination  of  n  using  bulk  crystals.  Such  mea¬ 
surements  are  usually  carried  out  employing  the  minimum-deviation  prism  method  with 
extremely  high  accuracy,  not  achieveable  on  thin  films.  Bulk  measurements  are  not  affected 
much  by  surfaces  and  interfaces,  although  the  chemical  composition  is  important.  It  is  generally 
assumed  that  the  crystals  grown  by  Slack  contain  a  very  little  oxygen  or  other  impurities  [3]. 

Therefore,  the  purpose  of  our  work  is  not  to  determine  the  refractive  index  of  AIN,  but  rather 
to  compare  the  refractive  index  of  AIN  thin  films  grown  by  MBE  with  that  of  bulk  crystals  and  to 
draw  conclusions  about  the  properties  of  the  film.  Our  work  is  similar  to  that  of  Jones  et  al.  [5], 
except  that  their  films  were  prepared  by  RF  sputtering.  Our  AIN  films  were  grown  using  MBE  on 
low-resistivity  Si  (111),  cut  3°  off  towards  (110),  at  860°C  with  ammonia  as  the  nitrogen  source, 
therefore  they  might  contain  some  hydrogen  or  silicon,  which  tend  to  reduce  n.  Because  of  the 
high  affinity  of  AIN  for  oxygen,  contamination  with  oxygen  is  a  possibility  [4],  which  would  also 
reduce  the  value  of  n.  Infrared  transmission  measurements  of  AIN  on  high-resistivity  two-side 
polished  Si  are  planned  to  determine  the  impurity  content.  Two  films  were  studied  here,  one 
displaying  predominantly  2-D  growth  (#1,  nominal  thickness  1500  A),  the  other  mixed  2-D  and 
3-D  growth  (#2,  nominal  thickness  2000  A). 
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AIN  FILM  PROPERTIES  BY  X-RAY  DIFFRACTION,  RUTHERFORD 
BACKSCATTERING,  AND  ATOMIC  FORCE  MICROSCOPY 

Since  the  AIN  films  are  grown  on  Si  (1 1 1),  the  crystal  structure  template  defined  by  the  sub¬ 
strate  encourages  growth  of  wurtzite  AIN  with  the  hexagonal  axis  along  the  growth  direction. 
This  is  confirmed  by  a  9-29  x-ray  diffraction  scan  using  a  D-MAXB  single-axis  goniometer  with 
a  Rigaku  RU-200BH  rotating-anode  x-ray  generator,  see  Fig.  2  (a).  Because  of  the  substrate 
miscut,  which  cannot  be  compensated  by  our  experimental  arrangement,  the  Si  (111)  peak  is 
broad  and  weak.  The  AIN  (0002)  peak  for  film  #1  is  found  at  29=36.05°  corresponding  to  a 
lattice  constant  c=4.98  A,  in  agreement  with  the  literature  for  bulk  AIN  [1].  Therefore,  the  strain 
in  the  film  due  to  the  lattice  mismatch  between  AIN  and  Si  is  completely  relaxed  by  misfit  dis¬ 
locations.  The  width  of  the  20  peak  is  0.3-0.40,  slightly  larger  than  the  instrumental  resolution  of 
0.2°.  A  rocking  curve  with  the  detector  fixed  at  29=36.05°  shows  a  peak  at  16.2°,  indicating  a  tilt 
between  the  c-axis  of  the  film  and  the  surface  normal  because  of  the  substrate  miscut.  The 
magnitude  of  the  tilt  cannot  easily  be  determined  with  our  goniometer.  The  width  of  the  AIN 
(0002)  rocking  curve  peak,  see  Fig.  2  (b),  is  slightly  less  than  1°,  giving  an  estimate  of  the  mosaic 
spread  due  to  dislocations.  The  width  of  the  AIN  (0004)  rocking  curve  peak  is  0.86°  (not  shown). 
Film  #2  shows  similar  x-ray  diffraction  results. 

Atomic  force  microscopy  (AFM)  analysis  of  the  AIN  films  were  carried  out  on  a  Dimension 
3000  instrument  in  tapping  mode.  The  surface  roughness  of  the  two  AIN  films  was  substantially 
different.  Whereas  the  film  #2  with  mixed  2-D  and  3-D  growth  mode  had  a  surface  roughness  of 
about  142  A,  film  #1  with  2-D  growth  mode  was  much  smoother  and  had  surface  roughness  of 
about  10  A.  Shown  in  Fig.  1  is  a  perspective  view  AFM  image  of  the  AIN  film  #1  evidencing  the 
high  growth  quality.  The  film  exhibits  a  clear  terrace  and  step  structure  that  is  typical  of  films 
with  layer-by-layer  2-D  growth  on  tilted  substrates.  The  angle  subtended  by  the  terraces  with  the 
average  film  surface  is  about  2°.  Assuming  that  the  terraces  are  the  AIN  (0001)  planes  the  miscut 
angle  for  AIN  would  be  2°  which  compares  favorably  with  the  intended  miscut  of  the  Si 
substrate  of  3°.  The  average  step  height  measured  by  AFM  is  greater  than  30  A.  Since  the 
thickness  of  1  ML  of  AIN  is  2.49  A,  the  AFM  results  show  that  there  is  significant  step  bunching 
during  AIN  growth  resulting  in  steps  that  are  greater  than  10  MLs  high. 

Rutherford  backscattering  (RBS)  finds  that  the  density  of  the  AIN  film  #1  is  3.0  g/cm3,  about 
10%  lower  than  the  published  density  of  3.26  g/cm3  [1].  For  film  #2,  the  density  is  2.9  g/cm3,  i.e., 
somewhat  lower.  Most  likely,  the  differences  in  density  are  due  to  hydrogen  (possibly  saturating 
dangling  bonds  at  structural  defects)  or  other  impurities  (such  as  oxygen)  propagating  along 
dislocations  or  other  growth  defects  (particularly  in  film  #2).  There  is  also  a  very  small  RBS 
yield  due  to  a  contaminant  with  a  mass  similar  to  that  of  Ga  (less  than  0.1%  by  composition), 
which  is  not  expected  to  have  a  measureable  influence  on  the  optical  properties. 

ELLBPSOMETRY  MEASUREMENTS 

Ellipsometry  measurements  were  carried  out  using  a  Woollam  variable-angle  ellipsometer 
with  compensator  in  the  0.74  to  5.4  eV  spectral  range  at  three  angles  of  incidence  <j)=65°,  70°, 
and  75°.  We  obtained  the  ellipsometric  angles  \j /  and  A,  which  are  defined  by  rp/rs=tan\|/exp(iA), 
where  rp  and  rs  are  the  complex  Fresnel  reflection  coefficients  (amplitude  and  phase)  for  p-  and 
s-polarized  light.  The  finite  bandwidth  of  our  monochromator  (about  1.5  nm)  leads  to  a 
depolarization  with  an  amplitude  of  no  more  than  6%.  There  is  no  additional  depolarization  due 
to  thickness  nonuniformities,  which  is  also  evident  by  the  uniform  coloration  of  the  films  across 
the  wafer  surface.  The  ellipsometric  angles  for  film  #1  are  shown  in  Fig.  3  (dashed  lines). 
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Figure  1:  Perspective  view  atomic  force  microscopy  image  of  AIN  film  #1  with  2-D  growth  by 
the  terrace  and  step  structure  of  the  film. 


We  describe  our  data  using  a  four-layer  (ambient/surface/AIN  film/substrate)  model.  An 
interface  layer  between  the  AIN  film  and  the  substrate  does  not  improve  the  agreement  between 
the  data  and  the  model.  (In  contrast  to  the  work  described  in  [4],  no  buffer  was  grown  between 
the  substrate  and  the  AIN  film.)  We  first  ignore  the  birefringence  of  AIN  and  describe  n  with  a 
Cauchy  equation  n=A+B/X+CIX2,  where  X  is  the  wavelength.  (Similar  results  are  obtained  with  a 
Sellmeier  equation  or  using  a  Lorentz  oscillator.)  The  extinction  coefficient  k  of  the  film  is 
assumed  to  be  given  by  an  exponential  Urbach  tail.  The  absorption  in  the  film  is  very  small  and 
might  be  located  at  the  AIN/Si  interface.  The  surface  layer  is  modeled  within  the  Bruggeman 
effective  medium  theory  as  a  50/50  mix  of  AIN  and  voids.  (An  oxide  with  properties  similar  to 
those  of  Si02  or  A1203  gives  a  similar  description.)  Our  model  thus  contains  five  parameters  for 
the  optical  constants  of  the  film  plus  the  thicknesses  of  the  film  and  the  surface  layer.  These  eight 
parameters  are  varied  using  the  Marquardt-Levenberg  algorithm  to  minimize  the  least-square 
deviation  between  the  data  and  the  model.  The  calculated  ellipsometric  angles,  shown  by  the 
solid  lines  in  Fig.  3,  are  in  good  agreement  with  the  measured  data.  This  agreement  can  be 
improved  slightly  by  taking  into  account  the  small  difference  An  between  the  ordinary  and 
extraordinary  refractive  index  of  wurtzite  AIN,  also  described  with  a  Cauchy  model.  The 
anisotropy  effects  are  small,  on  the  order  of  2%  of  n,  see  Ref.  [3]. 
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Figure  2:  X-ray  diffraction  results  of  AIN  on  Si  (1 1 1),  film  #1.  (a)  0-20  scan,  (b)  Rocking  curve 
of  the  AIN  (0002)  peak.  Data  for  film  #2  are  essentially  the  same. 

For  film  #1  (see  data  in  Fig.  3),  we  obtain  thicknesses  of  the  surface  and  AIN  layers  equal  to 
17  A  and  1500  A,  respectively,  and  a  refractive  index  n=2.05  at  2  eV  for  AIN  with  a  probable 
error  on  the  order  of  2%.  AIN  film  #2  (data  not  shown)  is  found  to  have  a  thickness  of  2026  A,  a 
surface  layer  thickness  of  124  A,  and  n=1.98  at  2  eV,  slightly  smaller  than  for  #1,  which  we 
would  expect  due  to  the  slightly  smaller  density  found  from  RBS.  The  rms  surface  roughness 
found  by  AFM  is  10  A  for  film  #1  and  142  A  for  film  #2,  in  reasonable  agreement  with  the 
ellipsometry  results. 

DISCUSSION  OF  OPTICAL  CONSTANTS 

In  Fig.  4,  the  ordinary  refractive  index  determined  from  the  Cauchy  parameters  and  the 
extinction  coefficient  from  the  Urbach  tail  of  the  AIN  film  #1  are  given  by  solid  and  the  dash- 
double  dotted  lines,  respectively.  By  fixing  the  thicknesses  to  their  values  determined  in  the 
model  and  solving  the  ellipsometric  angles  for  n  at  each  wavelength  without  any  assumption 
about  the  dispersion  model,  we  obtain  n  given  by  the  dotted  line,  which  is  basically  the  same  as 
in  the  Cauchy  model.  This  confirms  that  the  Cauchy  description  for  n  is  adequate  in  our  spectral 
range.  The  figure  also  shows  the  extraordinary  refractive  index  found  by  the  model  (dashed  line). 
We  compare  our  results  with  the  data  of  Ref.  [3]  for  bulk  AIN  and  of  Refs.  [6-7]  for  thin  films, 
given  by  the  symbols.  The  refractive  index  for  the  AIN  film  #2  is  3%  lower  (not  shown). 

DISCUSSION  AND  SUMMARY 

It  was  shown  that  the  refractive  index  of  our  AIN  films  grown  on  Si  (111)  by  MBE  is  about 
5-10%  lower  than  that  of  bulk  AIN  single  crystals  [3].  Since  RBS  finds  a  density  of  our  films  that 
is  about  10%  lower  than  the  density  of  bulk  AIN  [1],  the  difference  in  density  is  the  most  likely 
culprit  for  the  low  n.  Impurities  in  the  film  (oxygen,  hydrogen,  or  silicon)  are  also  a  possible 
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Figure  3:  Ellipsometric  angles  for 
AIN  on  Si  (111)  grown  by  MBE 
(film  #1).  The  dashed  lines  show  the 
experimental  data  at  three  angles  of 
incidence.  The  solid  lines  are  the 
results  of  a  calculation,  based  on  (i)  a 
Cauchy  model  with  an  Urbach  tail 
for  absorption  to  describe  the  AIN 
layer,  (ii)  a  thin  surface  layer  due  to 
surface  roughness  or  a  native  oxide, 
(iii)  optical  anisotropy  due  to  the 
wurtzite  crystal  structure  of  GaN,  (iv) 
finite  bandwidth  of  the  monochro¬ 
mator  (1.5  nm). 


Figure  4:  Ordinary 
(solid)  and  extra¬ 
ordinary  (dashed)  re¬ 
fractive  index  n  and 
extinction  coeffi¬ 
cient  k  (double  dot- 
dashed)  of  AIN  film 
#1  based  on  the  data 
and  model  calcula¬ 
tion  from  Fig.  3.  The 
dotted  line  shows  n 
calculated  at  each 
wavelength  from  the 
ellipsometric  angles, 
without  assuming  a 
specific  model  for 
the  dispersion  of 
AIN.  Data  from  the 
literature  are  given 
for  comparison. 
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explanation,  although  their  presence  has  not  been  demonstrated.  The  different  refractive  index 
between  two  films  is  also  due  to  density  differences,  as  shown  by  RBS. 
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ABSTRACT 

Thermal  admittance  spectroscopy  was  used  to  characterize  the  shallow  dopants  in  chemical 
vapor  deposition  (  CVD)  grown  thin  films  and  in  sublimation  sandwich  method  (  SSM  ) 
grown  4H-SiC  layers.  The  values  of  the  activation  energy  levels  of  Ec  -  0.054  eV  for 
Nitrogen  at  the  hexagonal  site  and  of  Ec  -  0.10  eV  for  Nitrogen  at  the  cubic  site  were  indices 
of  comparison.  The  net  carrier  concentrations  (  N0  -  Nv )  of  the  films  were  determined  by 
capacitance- voltage  measurements.  The  net  carrier  concentrations  for  the  SSM  films  ranged 
from  2  x  1017  to  7  x  1017  cm'3.  The  two  Nitrogen  levels  were  observed  in  the  CVD  films. 
Hopping  conduction  with  an  activation  energy  of  Ec-  0.0058  eV  was  observed  in  one  SSM 
sample  having  ND  -  Nv  =  7  x  1017  cm'3. 

INTRODUCTION 

It  is  well  known  that  silicon  carbide  sublimates  when  heated  above  1800°C  producing 
Si,  SiC2,  and  Si2C  vapors.  Sublimation  of  silicon  carbide  is  the  comer  stone  in  the  growth  of 
bulk  silicon  carbide  single  crystals.  In  the  modified  Lely  technique  or  the  physical  transport 
( PVT )  method,  these  vapors  are  physically  transported  through  the  growth  chamber  onto  a 
cooler  seed  where  they  condense  to  form  single  crystals.  The  sublimation  process  has  also 
been  successfully  applied  to  the  growth  of  thin  epitaxial  layers.  In  the  so  called  “  sandwich” 
method  (  SSM ),  the  source  (  polycrystalline  )  is  separated  from  the  substrate  by  a  small  gap 
of  about  1  mm.  The  source  and  the  substrate  are  heated  so  that  a  temperature  gradient  of  about 
10°  C  exists.  It  is  claimed  that  the  conditions  are  near  equilibrium  conditions  which  allow  the 
growth  to  be  carried  out  in  wider  ranges  of  temperature  and  pressure.  Sublimation  etching  can 
also  be  carried  out  before  thin  film  deposition.  This  is  accomplished  under  reverse 
temperature  gradient — this  time  the  substrate  is  at  a  higher  temperature.  However,  this  leaves 
the  surface  deficient  of  silicon  and  is  carbon  rich.  Epitaxial  layers  of  1-  20  pm  of  6H-  and  4H- 
SiC  samples  with  residual  impurity  concentration  of  less  than  1016  cm'3  and  density  of 
dislocations  less  than  100  cm'2  have  been  reported1,2.  Chemical  vapor  deposition  (  CVD  )  is 
the  more  general  method  of  growing  thin  films  on  substrates. 

Nitrogen,  which  is  incorporated  into  the  crystalline  lattice  during  growth,  substitutes 
for  carbon  atoms  at  the  hexagonal  (  h )  and  cubic  (  k )  sites  in  4H-  SiC.  Nitrogen  at  the  two 
inequivalent  sites  leads  to  two  nitrogen  activation  energy  levels.  These  have  been  determined 
to  at  Ec  -  0.054  eV  and  at  Ec-  0.10  eV  for  hexagonal  and  cubic  sites  respectively3,4. 

In  this  paper,  we  report  the  results  of  comparative  studies  of  CVD  and  SSM  grown 
samples.  The  activation  energy  levels  of  nitrogen  levels  in  4H-SiC  are  the  main  indices  of 
comparison. 
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EXPERIMENTAL  DETAILS 


The  six  samples  used  in  this  study  are  listed,  with  their  net  doping  concentrations  and 
their  growth  methods,  in  Table  I. 


Table  I.  List  of  samples  with  their  net  doping  concentration  and  growth  methods. 


Sample  # 

Nd  -  Na  (  x  1017  cm'3 ) 

Growth  method 

5500 

0.0015 

CVD 

5635 

0.0015 

CVD 

5722 

2.0 

SSM 

5929 

4.0 

SSM 

5930 

7.0 

SSM 

5931 

4.0 

SSM 

Samples  5500  and  5635  were  grown  by  chemical  vapor  deposition  and  obtained  from  Cree 
Research  Inc.  and  from  Northrop-Grumman  Science  and  Technology  center  respectively.  The 
other  four  samples  were  SSM  grown  4H-SiC  and  obtained  from  the  Institute  of 
Semiconductors,  Kiev,  Ukraine.  After  the  usual  cleaning  in  RCA  solutions,  Ni  was  sputtered 
onto  the  back  side  of  the  samples  and  annealed  at  900°  C  to  form  the  ohmic  contact.  Circular 
Schottky  diodes  were  then  fabricated  on  the  thin  films  as  described  elsewhere5.  Capacitance- 
voltage  (  C-V )  measurements  were  made  with  a  1  MHz  capacitance  meter.  The  net  doping 
concentrations  listed  in  Table  I  were  determined  from  the  C-V  data.  The  thermal  admittance 
spectroscopy  (  TAS  )  is  described  in  detail  in  reference  6.  In  this  experiment,  the  conductance 
and  the  capacitance  are  measured  as  functions  of  frequency  and  temperature.  TAS 
measurements  were  made  at  frequencies  ranging  from  100  Hz  to  1  MHz,  and  a  temperature 
range  of  5  K  to  300  K. 


RESULTS  AND  DISCUSSION 


Figure  1 .  The  two  conductance  peaks  are  due  to 
excitation  from  N  at  hexagonal  and  cubic  sites. 


The  thermal  admittance  spectrum 
of  sample  5635  is  shown  in  figure  1.  The 
two  conductance  maxima  or  the  two 
inflections  in  the  capacitance  curve 
correspond  to  emissions  from  nitrogen  at 
the  hexagonal  and  cubic  sites 
respectively.  The  activation  energies 
were  obtained  from  the  plots  of  ln(en/T2) 
versus  1/kT.  The  activation  energies  so 
determined  are  Ec-0.054  eV  and 
Ec-0.101  eV. 

Figure  2  shows  TAS  of  sample 
5929.  The  device  was  first  connected  to 
the  grid  ( planar )  and  TAS  data 
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taken  at  20  kHz.  However,  an  identical  spectrum  was  obtained  when  the  device  was 
connected  to  the  ground  (  front  to  back  )  thereby  involving  the  substrate  in  the  measurements. 
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Figure  3  is  the  plot 
of  In  (  e/T2)  versus  1/kT; 
the  slope  of  the  straight  line 
through  the  data  points 
gives  the  activation  energy 
of  thedefect.  The  value  is 
Ec-0.073  eV.  The  emission 
of  nitrogen  from  the 
hexagonal  site  was  not 
observed,  due  to  the 
position  of  the  Fermi  level 

Figure  4  shows  the 
TAS  of  sample  5930 
(  Nd-Na  =  7  x  1017  cm'3 ) 
taken  at  two  frequencies 
(  1  MHz  and  80  kHz  ).  The 


Figure  2.  Thermal  admittance  spectroscopy  of  sample  5929. 
Only  one  conductance  peak  is  observed. 


conductance  maximum 
occurs  at  much  lower 
temperatures  than  those  in 


figures  1  and  2.  The  Arrhenius  plot  of  the  TAS  data  yielded  an  activation  energy  of 


Ec-  0.0058  eV.  This  is  clearly 
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an  activation  energy  for 
hopping  conduction.7 
Normally  hopping 
conduction  in  silicon  carbide 
does  not  commence  til  the 
background  doping  is  in  the 
range  of  4  x  1018  cm'3.  As 
expected  emission  from  N 
into  the  conduction  band  was 
not  observed. 

The  devices  of  sample  593 1 
were  first  connected  to  the 
grid  so  the  measurements 
were  planar,  not  involving 
the  substrate.  Figure  5  shows 


the  TAS  of  sample  593 1  at 


Figure  3.  Arrhenius  plot  of  TAS  for  sample  5929.  The  slope 
of  the  line  fitted  to  the  data  yield  the  thermal  activation 
energy. 


the  measuring  frequency  of 
50  kHz.  The  activation 
energy  determined  from  the 
plot  of  ln(en/T2 )  versus  1/kT 


is  Ec  -0.055  eV.  This  is  the  N  level  at  the  hexagonal  site.  However,  when  the  devices  were 
connected  to  the  ground  to  involve  the  substrate  in  the  measurements,  an  additional  peak 


appeared  in  the  spectrum.  This  is  shown  in  figure  6.  The  additional  conductance  peak  at  130 
K  must  be  due  to  the  interface  between  the  SSM  film  and  the  substrate.  A  SIMS  analysis  of  a 
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a  silicon  carbide  specimen  annealed  at  1900°  C  showed  that  the  surface  was  carbon  rich.  So 
the  secondary  peak  in  the  spectrum  may  due  a  carbon  complex  at  the  interface.  The  devices  in 

the  SSM  film  in  sample 
593 1  were  stripped  off  and 
after  thorough  cleaning,  a 
new  set  of  diodes  were 
fabricated  on  the  substrate. 
The  TAS  obtained  was 
identical  to  that  in  figure  5. 
It  was  not  possible  to 
deplete  the  substrate  to  the 
interface  in  order  to 
observe  the  second 
conductance  maximum  of 
figure  6. 

The  TAS  of  sample  5722  ( 
Nd  -Nv  =  2  x  1017  cm'3 )  is 
identical  to  that  of  sample 
5635  shown  in  figure  1. 
However,  the  activation 
energies  were  found  to  be  Ec-0.033  eV  and  Ec-  0.080  eV  respectively 


TEMPERATURE  (  K  ) 

Figure  4.  The  TAS  of  sample  3930  at  two  different  frequencies 
of  20  kHz  and  1  MHz.  The  activation  energy  for  hopping 
conduction  is  58  meV. 


20  40  60  80  100  120  140 

TEMPERATURE  (  K ) 

Figure  5.  TAS  of  sample  5931;  the  devices  were  connected  to  the  grid 
without  involving  the  substrate  in  the  measurements.  The  activation  energy 
is  Ec- 0.055  eV. 
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TEMPERATURE  (  K ) 

Figure  6.  The  TAS  of  sample  5931  when  the  device  was  wired  to  ground  through  the 
substance.  The  second  peak  is  defect  at  the  interface  between  the  SSM  film  and  the 
substrate. 


CONCLUSION 


Thermal  admittance  spectroscopy  has  been  used  to  determine  the  nitrogen  activation 
energy  in  two  CVD  grown  samples  and  four  SSM  grown  samples.  The  two  N  levels  were 
observed  in  samples  5500  (  CVD  ),  5635  (  CVD  )  and  5722  ( SSM  ).  Two  SSM  samples 
5929  and  5931,  even  though  they  have  the  same  net  doping  concentration  (  4  x  1017  cm'3 ) 
behaved  quite  differently.  Nitrogen  at  the  hexagonal  site  (  Ec-  0.054  eV  )  was  observed  in 
sample  5931  while  a  deeper  level  Ec-  0.073  eV  was  observed  in  sample  5929.  The  degree  of 
compensation  is  the  difference  between  these  samples.  The  fact  that  hopping  conduction  took 
place  in  sample  5930  is  another  indication  that  the  SSM  samples  are  compensated.  The  SSM 
samples  behaved  more  like  bulk  silicon  carbide  than  the  traditional  epitaxial  layers  grown  by 
CVD. 
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ABSTRACT 

SiC  is  an  important  wide  bandgap  semiconductor  material  for  high  temperature  and  high 
power  electronic  device  applications.  Purity  improvements  in  the  growth  environment  has 
resulted  in  a  two-fold  benefit  during  growth:  (a)  minimized  inconsistencies  in  the  background 
doping  resulting  in  high  resistivity  (>5000  ohm-cm)  wafer  yield  increase  from  10-15%  to  70- 
85%,  and  (b)  decrease  in  micropipe  formation.  Growth  parameters  play  an  important  role  in 
determining  the  perfection  and  properties  of  the  SiC  crystals,  and  are  extremely  critical  in  the 
growth  of  large  diameter  crystals.  Several  aspects  of  growth  are  vital  in  obtaining  highly  perfect, 
large  diameter  crystals,  such  as:  (i)  optimized  furnace  design,  (ii)  high  purity  growth 
environment,  and  (iii)  carefully  controlled  growth  conditions.  Although  significant  reduction  in 
micropipe  density  has  been  achieved  by  improvements  in  the  growth  process,  more  stringent 
device  requirements  mandate  further  reduction  in  the  defect  density.  In-depth  understanding  of 
the  mechanisms  of  micropipe  formation  is  essential  in  order  to  devise  approaches  to  eliminate 
them.  Experiments  have  been  performed  to  understand  the  role  of  growth  conditions  and 
ambient  purity  on  crystal  perfection  by  intentionally  introducing  arrays  of  impurity  sites  on  one 
half  of  the  growth  surface.  Results  clearly  suggest  that  presence  of  impurities  or  second  phase 
inclusions  during  start  or  during  growth  can  result  in  the  nucleation  of  micropipes.  Insights 
obtained  from  these  studies  were  instrumental  in  the  growth  of  ultra-low  micropipe  density  (less 
than  2  micropipes  cm*2)  in  1 .5  inch  diameter  boules. 

INTRODUCTION 

To  effectively  compete  as  a  viable  semiconductor  material  suitable  for  commercial  and 
military  technologies,  SiC  crystal  perfection  and  diameter  of  SiC  substrates  must  approach  at 
least  GaAs-like  specifications.  Silicon  Carbide  (SiC)  crystals  are  of  special  interest  compared  to 
other  contemporary  high  frequency  semiconductors,  such  as  Si  and  GaAs,  because  of  its  unique 
properties  for  high  power  density  microwave  generation,  for  high  power  switching,  and  for  high 
temperature  and  radiation  tolerant  operation.  As  shown  in  Table  I,  SiC  exhibits  a  higher  thermal 
conductivity  (k,.),  a  higher  critical  breakdown  field  (Eh),  and  a  saturated  velocity  (VM1)  equal  to 


Table  I  --  Comparison  of  fundamental  properties  of  Si,  GaAs,  and  SiC 
for  device  applications 


Ep(eV) 

Eh(MV/cm) 

yMt(ioWs) 

K^W/cmK) 

e 

Si 

1.12 

0.6 

1.0 

1.5 

11.8 

GaAs 

1.42 

0.6 

2.0 

0.5 

11.8 

6H-SiC 

3.2 

2.0 

3.0* 

10.0 

4H-SiC 

3.26 

3.0 

2.0 

3.0* 

9.7 
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GaAs  at  high  fields  desirable  for  high  power  devices.  As  a  consequence,  solid-state  SiC 
electronics  are  having  a  pervasive  impact  on  advanced  DOD  systems,  as  well  as  on  commercial 
applications,  ranging  from  passively  cooled  high  power  and  high  voltage  switches,  satellite 
communications,  and  cellular  phones,  to  nuclear  instrumentation,  where  high  temperature  and 
radiation  tolerant  SiC  properties  offer  major  advantages  over  silicon-based  circuits.  However, 
the  success  of  the  various  commercial  and  military  applications  depend  on  the  availability  of 
large  diameter,  low  defect,  high  purity  SiG-substrates  at  affordable  prices.  Contemporary  SiC 
crystals  are  limited  in  the  purity,  and  have  increasing  residual  stresses  with  an  increase  in 
diameter.  In  addition,  the  physical  vapor  transport  process  is  relatively  an  inefficient  growth 
process  resulting  in  low  yield  and  high  cost  of  the  wafers.  Increase  in  wafer  diameter  (up  to  4") 
and  reduction  in  microstructural  defect  density  is  necessary  for  widespread  use  of  this  unique 
semiconductor  material. 

PVT  SiC  CRYSTAL  GROWTH 

Bulk  SiC  crystals  are  mainly  grown  by  the  physical  vapor  transport  technique  (or  the 
modified-Lely  approach)  [1-4].  Growth  is  achieved  by  the  sublimation  of  the  SiC  source  onto  a 
SiC  seed.  A  schematic  of  the  PVT  growth  technique  is  shown  in  Figure  1.  By  appropriately 
controlling  the  temperature  gradient  between  the  source  and  the  seed,  the  gas  pressure  inside  the 
growth  chamber,  and  the  orientation  and  quality  of  the  seed  crystal,  the  growth  rate  and  the 
poly  type  of  the  of  the  SiC  crystal  is  defined.  While,  the  baseline  process  at  Northrop  Grumman  is 
the  growth  of  35  mm  diameter  SiC  boules,  with  less  than  100  micropipes  cm’2,  single  polytype 
crystals,  we  have  previously  demonstrated  two-  and  three-inch  diameter  growth.  The  current 
focus  is  on  the  growth  of  50  mm  diameter  (2  inch)  whose  properties  are  similar  to  the  baseline 
crystals,  and  on  the  development  of  three  inch  diameter  crystals.  Emphasis  is  to  increase  wafer 
yield  by  accurate  control  over  their 
electrical  properties  and  minimize  defect 
density,  and  towards  this  several  aspects 
are  being  investigated  which  include: 

(1)  SiC  Purity:  The  limitation  to  SiC 
purity  arises  from  the  lack  of 
commercially  available  high  purity 
SiC  sources.  As  clearly  evident  in 
Table  II,  glow  discharge  mass 
spectroscopy  (GDMS)  and  calibrated 
SIMS  analysis  indicates  that  most 
sources  are  high  in  metallics, 
transitional  metals,  or  in  nitrogen. 

Most  of  these  impurities  are 
electrically  active  and  result  in  a  high 
degree  of  variability  in  the  electrical 
properties  of  the  crystal  [5-6].  For 
example,  boron  and  aluminum  are 
common  shallow  acceptor  impurities 
in  SiC,  while  nitrogen  and  vanadium 
are  shallow  and  deep  donors 
respectively.  Hence,  depending  on 
the  type  of  dominant  impurity,  the 
growth  could  result  in  p-type  or  n- 


o 
o 

o 

o 

o 
o 
o 

o 

Figure  1  -  Schematic  of  conventional 
PVT  SiC  furnace 
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type  doping  respectively.  In  addition,  this  work  has  clearly  shown  that  presence  of 
impurities  can  also  result  in  the  nucleation  of  micropipes,  and  significantly  affect  device 
yield. 

(2)  Microstructural  defects:  The  presence  of  microstructural  defects  such  as  micropipes  (which 
are  almost  unique  to  SiC),  edge  boundaries  and  cracks,  and  high  dislocation  densities,  has 
limited  the  rapid  commercialization  of  SiC  technology.  Micropipes  are  micron  or  submicron 
sized ,  tube-like  voids  present  in  PVT-grown  SiC,  which  degrade  epitaxial  layer  morphology 
and  are  detrimental  to  device  performance  and  yield.  Significant  strides  in  the  reduction  of 
microstructural  defects  (to  <30  micropipes  cm'2)  and  increase  in  wafer  diameter  (up  to  2” 
diameter)  has  resulted  in  the  fabrication  of  practical  SiC  devices  such  as  MESFETs  [7],  static 
induction  transistors  (SITs)  [8],  and  MOSFETs  [9],  opening  the  door  for  the  economic 
exploitation  of  this  semiconductor.  Currently,  the  wafers  fabricated  in  our  laboratory  are  low 
in  micropipe  densities  (ranging  on  average  from  <30  to  about  300  micropipes  cm'2,  with  a 
best  effort  of  <2  cm'2),  and  the  dislocation  densities  are  in  the  range  of  103  to  10s  cm'2. 
However,  to  benefit  power  device  fabrication  (for  example,  devices  with  25mm2  footprint 
size  or  greater),  and  to  provide  a  viable  alternative  for  direct  fabrication  of  devices  on  the 
substrate,  further  reduction  in  micropipe  and  dislocation  densities  are  needed. 

There  are  several  factors  or  combination  of  factors  that  can  result  in  the  formation  of 
micropipes  [10].  For  example,  initial  growth  conditions  favoring  inhomogeneous  nucleation  and 
growth  of  the  crystals,  constitutional  supercooling,  poor  seeding  technique,  impurities  in  the 
growth  ambient,  and  lack  of  process  control  can  result  in  the  formation  of  micropipes  or  other 
microstructural  defects  such  as  second  phase  inclusions,  boundaries,  and  dislocations. 

SiC  PURITY 

The  focus  of  this  study  was  (1)  to  improve  the  background  crystal  purity  by  raising  the 
source  purity  and  the  purity  of  the  growth  environment  and  thereby  improve  crystal  yield,  and 
(2)  optimize  growth  conditions  to  fabricate  large  diameter  SiC  crystals,  while  simultaneously 
striving  to  reduce  the  defect  density.  Towards  improving  the  crystal  purity,  effort  was  focussed 
on  evaluating  and  improving  the  source  purity,  and  purity  of  the  growth  ambient 

Source  Purity 

Various  commercially  available  and  in-house  sources  were  analyzed  to  define  the 


Table  II-  GDMS  analysis  of  SiC  source  used  for  PVT  crystal  growths. 
Impurities  in  ppm  by  weight,  nitrogen  content  measured  by  calibrated 
SIMS. 


Source 

N 

B 

mm 

Ti 

Reacted  Powder-1 

- 

5 

Reacted  Powder-2 

_ 

65 

42 

CVD  Source-1 

- 

8 

2 

2 

5 

CVD  Source-2 

- 

8 

2 

3 

8 

CVD  Source-3 

l.OxlO18 

1.5 

0.1 

0.001 

0.013 
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concentrations  of  various  (known)  electrically  active  impurities.  Subsequently,  N+  and  semi- 
insulating  4H-SiC  crystals  grown  from  these  sources  were  also  analyzed  to  obtain  insights  into 
the  segregation  behavior  of  the  impurities.  Earlier  work  clearly  reveals  the  detrimental  role  of 
boron  and  nitrogen  in  the  growth  of  high  resistivity  6H-SiC  crystals  [6],  this  study  considers  the 
growth  of  N+  and  semi-insulating  4H-SiC  crystals,  and  their  potential  role  in  the  nucleation  of 
micropipes.  Glow  discharge  mass  spectroscopy  (GDMS)  and  secondary  ion  mass  spectroscopy 
(SIMS)  measurements  conducted  on  a  variety  of  starting  source  materials,  see  Table  II,  reveals 
the  presence  of  acceptor  impurities  such  as  boron  and  aluminum  in  addition  to  a  host  of  other 
metallics  such  as  titanium  and  vanadium.  However,  CVD  sources  (as  seen  in  Table  II)  have  a 
significantly  lower  impurity  concentrations  and  hence  more  suitable  for  SiC  crystal  growth.  In 
addition  to  the  impurity  incorporation  from  the  starting  source  material,  the  carbon  components 
inside  the  growth  chamber  are  a  source  of  high  contamination  as  shown  in  Table  III. 

Fortunately,  as  is  evident,  stringent  high  temperature  halogen  cleaning  procedures  can  reduce  the 
impurity  concentrations  by  over  an  order  of  magnitude. 

Crystal  Purity 

High  power  switching  devices,  such  as  thyristors,  operating  at  high  temperatures  require 
high  purity  SiC  substrates,  while,  MESFET  devices  operating  at  microwave  frequencies  require  a 
highly  resistive  (or  semi-insulating)  substrate.  Sources  with  little  or  no  boron,  nitrogen,  or 
aluminum  is  critical  to  consistently  grow  highly  resistive  substrates;  however.  Tables  II  and  III 
clearly  indicate  the  presence  of  these  impurities  in  the  source  and  in  the  carbon  components  used 
in  the  growth  chamber.  It  is  hypothesized  that  similar  to  6H-SiC  crystals,  nitrogen  is  a  shallow 
donor  in  4H-SiC  and  hence  compensates  any  residual  acceptors  that  might  be  present  in  the 
crystal  such  as  boron  and  aluminum.  Consequently,  using  ultra-pure  CVD  sources  of  SiC  with 
low  background  impurities  in  a  high  purity  growth  environment,  crystals  were  successfully 
grown  with  greater  than  5000  ohm-cm,  p-type  resistivity. 

The  ability  to  have  a  consistently  pure  starting  material  and  a  high  purity  growth 
environment  has  significant  impact  in  the  growth  of  low  defect,  semi-insulating  4H-SiC  crystals. 
Using  a  baseline  approach  similar  to  that  used  in  the  development  of  6H-SiC  crystals,  semi- 
insulating  completely  4H-SiC  crystals  with  room  temperature  resistivities  in  the  10 15  ohm-cm 
range  have  been  grown.  To  consistently  grow  semi-insulating  4H-SiC,  vanadium  is  used  to 
compensate  for  any  additional  acceptor  level  impurities  such  as  boron  present  in  the  growth 
ambient  either  in  the  source  or  in  the  carbon  components.  Since  vanadium,  as  an  impurity,  forms 
a  deep  level  close  to  the  mid  bandgap  of  4H-SiC  similar  to  6H-SiC,  it  compensates  for  any 

Table  III  -  High  temperature  purification  of  carbon  parts  significantly 

reduces  impurity  concentrations 


B 

AL 

V 

Ti 

Fe 

Ni 

Zn 

S 

Untreated  Carbon  1 

1.7 

<2 

6.1 

20 

80 

19 

35 

160 

Treated  Carbon  1 

0.3 

<2 

0.07 

6 

<2 

8 

5 

120 

Untreated  Carbon  2 

7.6 

10 

380 

21 

450 

580 

87 

8900 

Treated  Carbon  1 

3 

<2 

0.1 

18 

<2 

10 

9 

11 
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additional  acceptor  impurities  that  might  be  present. 


0  0.5  1.0  0 

Boule  Length 


0.5  1.0 

Boule  Length 


(a) 


(b) 


Figure  2-  Variation  of  resistivity  along  length  of  crystal  boule  in  vanadium 
doped  crystal;  (a)  non  optimized  growth,  and  (b)  optimized  growth  in  high 
purity  environment 


The  variability  in  the  resistivity  of  the  grown  crystals  is  attributed  to  the  variability  in  the 
contamination  levels  of  the  various  impurities,  and  has  been  one  of  the  main  aspects  for  poor 
yield  of  semi-insulating  wafers.  As  shown  in  Figure  2,  the  yield  of  semi-insulating  wafers 
increased  from  about  25%,  as  shown  in  Figure  2(a),  to  about  85%,  as  seen  in  Figure  2(b)  due  to 
improvements  in  source  and  growth  environment  purity,  and  due  to  the  improved  growth 
conditions. 

MICROSTRUCTURAL  DEFECTS 

To  understand  the  origin  and  mechanisms  of  micropipe  formation  various  aspects  of 
nucleation  and  growth  have  been  carefully  evaluated.  Significant  insights  have  been  obtained  in 
understanding  the  mechanisms  of  micropipe  formation;  recent  results  strongly  suggest  the 
dominant  role  of  impurities,  initial  crystal  nucleation,  and  non-stoichiometric  growth  conditions 
as  the  potential  causes  for  micropipe  formation.  Result  from  the  crystal  nucleation  experiments 
and  effect  of  impurities  on  micropipe  formation  are  presented. 

Nucleation  Effect 

It  is  clear  that  initial  nucleation  conditions  are  critical  in  the  growth  of  highly  perfect 
crystals;  as  shown  in  Figure  3,  a  high  quality  seed  is  a  necessary  but  not  sufficient  condition  for 
the  growth  of  low  defect  boules.  A  transmission  optical  micrograph  of  a  longitudinal  section  of 
the  boule  clearly  reveals  the  seed-crystal  interface.  Although  the  seed  had  a  very  low  micropipe 
density  (approx.  20  micropipes  cm'2),  the  ensuing  crystal  resulted  in  the  formation  of  over  1000 
micropipes  cm  2.  It  is  hypothesized  that  perturbations  at  the  growth  interface,  droplet  formation, 
and/or  presence  of  second  phase  inclusions  can  result  in  the  formation  of  micropipes;  dark 
second  phase  inclusions  are  clearly  seen  in  the  micrograph. 


249 


Figure  3 — Presence  of  droplets  and/or  second  phase  inclusions  can  result  in 
the  formation  of  micropipes  as  clearly  seen  in  the  transmission  optical 
micrograph  of  a  longitudinal  section  near  the  seed-crystal  interface 

Impurity  Effect 

Impurities  or  second  phase  inclusions  can  also  result  in  the  nucleation  of  micropipes.  For 
example,  one  factor  limiting  the  yield  of  semi-insulating  wafers  is  the  presence  of  high 
micropipe  densities.  It  is  rationalized  that  the  increased  density  of  micropipes  is  a  result  of 
vanadium  addition,  which  if  not  added  in  precise  concentrations  to  compensate  for  the  acceptor 
impurities  can  result  in  the  formation  of  precipitates  or  second  phase  inclusions  resulting  in  the 
nucleation  of  micropipes.  Transmission  optical  micrograph  (see  Figure  4),  verified  by  energy 
dispersive  x-ray  analysis,  clearly  reveals  the  presence  of  vanadium  silicide  and  vanadium  carbide 
precipitates  formed  in  the  crystals  during  growth,  as  shown  in  Figure  4(a).  The  second  phase 
inclusions  act  as  nucleation  centers  for  the  micropipes  as  evident  in  Figure  4(b). 

To  verify  the  hypothesis  that  droplet  formation  or  presence  of  second  phase  particles 
during  growth  results  in  the  formation  of  micropipes,  controlled  sites  for  nucleation  of 
micropipes  were  created  by  patterning  a  series  of  impurity  ‘dots’  (1000  angstroms  thick)  on  one 
half  of  the  seed  face,  see  Figure  5.  The  dots  varied  in  size  from  2  to  50  jim  in  diameter,  so  as  to 
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Figure  4 — Presence  of  vanadium  silicide  and  vanadium  carbide 
precipitates/inclusions  can  cause  the  nucleation  of  micropipes;  (a) 
cluster  of  precipitates  visible,  and  (b)  nucleation  of  micropipes  from 
the  inclusions  clearly  visible 
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encompass  a  wide  range  of  nucleation  sites.  The  transmission  optical  micrograph  of  the  ensuing 
crystal  revealed  the  nucleation  of  a  set  of  micropipes  precisely  at  the  location  of  the  initial  dots 
or  impurity  locations.  Although  these  results  are  not  complete,  it  clearly  demonstrates  a  strong 
correlation  between  the  presence  of  second  phase  inclusions  on  the  growth  surface  and  the 
nucleation  of  micropipes. 

Considering  various  other  models  for  micropipe  formation  mechanisms,  and  our  own 


Figure  5 — Micropipes  emanating  from  each  of  the  artificial  nucleation  site 
created  on  the  seed  surface 


experimental  results,  we  have  steadily  reduced  the  micropipe  density  in  the  4H-SiC  crystals. 

Large  diameter  Crystals 

The  current  focus  of  our  work  is  to  develop  2”  diameter  completely  4H  polytype  wafers 
as  the  baseline  with  less  than  30  micropipes  cm'2,  in  addition  to  demonstrating  three-inch 


Figure  6 — Highly  transparent  1.5”  diameter  wafers  and  2”  boules  grown  under 
optimized  growth  conditions  and  in  a  high  purity  environment  are  representative  of 
the  current  progress 
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diameter  growth.  Simultaneously,  finite  element  analysis  modeling  is  providing  insights  to 
minimize  stresses  in  the  crystals  so  as  to  reduce  dislocation  density  and  eliminate  cracking. 
Highly  transparent  1.5”  diameter  wafers  and  2”  diameter  boules,  grown  in  our  laboratories,  are 
clearly  seen  in  Figure  6. 

CONCLUSIONS 

Large  diameter  (up  to  50  mm  diameter)  4H-SiC  crystals  grown  by  the  PVT  technique  today 
exhibit  average  micropipe  densities  near  100  cm'2,  with  the  best  being  <2  cm'2.  Focus  is  on  the 
development  of  highly  perfect  two-  and  three-inch  diameter  wafers.  The  results  obtained  thus  far 
can  be  rationalized  as  follows: 

1 .  Residual  impurities  play  a  critical  role  in  improving  the  yield  of  high  resistivity  SiC  crystals. 
Results  suggest  that  sources  of  contamination  are  from  the  SiC  source  powder  and  from  the 
growth  environment.  Therefore,  it  is  critical  to  perform  high  temperature  halogen  treatment 
of  the  carbon  components  in  the  growth  environment,  while  improving  the  purity  of  the  SiC 
source  powder.  Further  improvements  in  purity  are  still  necessary. 

2.  Improvements  in  purity  of  the  growth  environment  and  in  the  growth  process  has  resulted  in 
yield  improvements  from  10-25%  to  70-85%  of  high  resistivity  (>  5000  ohm-cm)  4H-SiC 
crystal  and  is  attributed  to  the  improvements  in  the  source  and  growth  environment  purity. 

3.  Impurities  also  aid  in  the  nucleation  of  micropipes.  Our  studies  suggest  that  the  presence  of 
second  phase  inclusions,  precipitates,  or  droplets  during  growth  can  result  in  the  nucleation 
of  micropipes.  Addition  of  vanadium  as  a  deep  donor  for  semi-insulating  growth  can  result 
in  the  formation  of  precipitates  which  can  nucleate  micropipes. 
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ABSTRACT 


Vanadium  is  an  important  dopant  in  SiC  because  it  gives  rise  to  donor  levels  near  the 
middle  of  the  bandgap  which  can  be  used  to  make  the  material  semi-insulating,  and  semi- 
insulating  material  has  many  applications  as  a  substrate  material  for  high-power  electronics. 
However,  conventional  means  of  characterizing  electronic  levels  in  the  bandgap  of  the  material 
require  very  high  temperatures,  in  the  neighborhood  of  650-800  °C,  in  order  to  move  the 
Fermi  level  to  midgap  and  cause  ionization  of  the  V  donors.  The  technique  of  Optical 
Admittance  Spectroscopy  permits  the  ionization  of  the  midgap  donors  using  light  of  the 
appropriate  energy,  and  thus  avoids  the  need  for  high  temperatures.  Using  this  technique  we 
have  examined  several  specimens  of  V-doped  and  high-resistivity  4H-SiC.  We  have  identified 
levels  previously  associated  with  V,  and  new  levels  we  attribute  to  Ti.  Pinning  of  the  Fermi 
level  in  some  specimens  was  verified  by  high-temperature  Hall  effect  measurements.  SIMS 
measurements  were  used  to  determine  impurity  concentrations.  IR  absorption  measurements 
were  correlated  with  the  Ti,  V,  and  Cr  concentrations  determined  by  SIMS. 


INTRODUCTION 


High-power ,  high-temperature  applications  of  semiconductors  require  a  stable 
platform  or  substrate.  This  substrate  should  be  able  to  conduct  heat  very  well  and  conduct 
electricity  very  poorly.  Semi-insulating  4H-SiC  is  such  a  material.  SiC  can  be  made  semi- 
insulating  by  very  close  compensation  of  residual  impurities,  or  by  intentionally  adding 
elements  that  give  rise  to  electrical  levels  near  the  middle  of  the  bandgap  in  quantities  sufficient 
to  pin  the  Fermi  level  there.  One  of  the  most  popular  elements  for  this  purpose  is  vanadium. 
However,  it  is  almost  impossible  to  add  just  V  because  there  are  usually  impurities  present  in 
the  graphite  parts  of  the  growth  chamber  comprised  of  other  transition  metals  (e.g.  Ti,  Cr,  Zr). 
If  their  concentration  is  small  enough,  they  are  of  little  consequence,  but  if  their  concentration 
becomes  large,  it  may  be  the  impurities  that  affect  the  electrical  characteristics  of  the 
semiconductor  as  much  as  the  intentional  dopant.  For  the  most  part  these  impurities  have  been 
assumed  to  be  electrically  insignificant,  even  though  Ti  has  been  determined  to  give  rise  to  an 
isoelectronic  center  in  SiC,  as  well  as  forming  Ti-N  pairs.1,2 
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It  is  difficult  to  determine  the  position  in  the  bandgap  of  energy  levels  that  are  near 
midgap  because  of  the  extremely  high  temperatures  that  are  required  to  ionize  these  elements 
in  conventional  thermal  characterization  experiments.  What  is  needed  is  a  technique  that  does 
not  require  high  temperatures.  One  such  technique  is  Optical  Admittance  Spectroscopy 
(OAS).  This  technique  utilizes  the  response  of  a  Schottky  diode  to  the  excess  charge  created 
when  electrons  are  excited  from  either  the  valence  band  to  an  acceptor,  or  from  a  donor  to  the 
conduction  band.  Other  transitions  are  possible  depending  on  the  charge  state  of  the  impurity, 
but  the  technique  requires  a  free  carrier  to  change  the  conductance  of  the  Schottky  diode.  The 
technique  has  been  described  in  detail  elsewhere.3,4 

In  this  paper,  we  describe  the  results  of  using  OAS  measurements  to  characterize  SiC. 
The  OAS  spectra  of  several  specimens  of  4H-SiC  were  compared  in  the  range  from  200  nm 
(6.2  eV)  to  1300  nm  (0.95  eV).  The  specimens  were  also  characterized  by  SIMS 
measurements  to  determine  the  concentration  of  transition  metal  impurities,  principally  Ti,  V, 
and  Cr.  High-temperature  Hall  effect  measurements  were  used  to  determine  the  position  of  the 
Fermi  level.  IR  absorption  data  were  correlated  with  the  SIMS  data  to  determine  the  effect  of 
varying  Ti,  V,  and  Cr  concentrations  on  the  amplitudes  of  peaks  at  9682  and  6380  nm  which 
are  normally  attributed  to  vanadium. 

An  attempt  was  made  to  determine  if  there  is  a  correlation  between  the  magnitude  of 
vanadium  optical  absorption  lines  and  the  concentration  of  vanadium.  Optical  absorption 
spectra  were  obtained  using  a  Bomem  DA-3  spectrometer  fitted  with  an  InSb  detector.  The 
specimen  was  cooled  to  10  K  in  a  Cryo  Industries  continuous  flow  cryostat.  The  temperature 
stability  was  better  than  ±0.03  K.  It  has  been  reported  that  the  V  absorption  lines  exhibit  an 
increase  in  absorption  following  exposure  to  intense  broad-band  illumination  from  a  quartz- 
halogen  source;5,6  therefore,  a  globar  source  was  used  to  illuminate  the  specimens. 

The  V  concentration,  as  well  as  the  concentrations  of  Ti  and  Cr,  were  measured  by 
SIMS.  A  total  of  16  different  specimens  were  examined.  Some  of  the  specimens  exhibited 
very  high  resistivity  and  accumulated  charge  during  the  SIMS  measurements,  while  others  did 
not.  The  charging  of  the  specimen  in  the  course  of  the  measurement  probably  affected  the 
value  of  the  concentration  in  a  way  for  which  we  can  not  correct.  4H-  and  6H  specimens  were 
used,  and  some  mixed  polytype  specimens  as  well,  were  measured. 


RESULTS  and  DISCUSSION 


Table  I  lists  the  specimens  in  ascending  order  of  V  concentration  as  determined  by 
SIMS.  Also  listed  are  the  concentrations  of  Ti,  Zr,  and  Cr.  It  is  the  purpose  of  this  paper  to 
show  that  Ti,  at  least,  has  an  electrical  transition  that  is  detectable  using  OAS. 
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Table  I.  Specimens  used  in  this  study  sorted  by  V  concentration.  Concentration  was 
determined  by  SIMS. 


Specimen 

N  (V) 

N  (Ti) 

N  (Zr) 

N  (Cr) 

6147 

9.00E+14 

1.50E+16 

ND 

ND 

5724 

5.00E+15 

1.50E+16 

>lel7 

>lel6 

6129 

2.30E+16 

1.90E+16  , 

3.90E+15 

2.30E+17 

5723 

3.00E+16 

6.10E+16 

3.00E+16 

>3.0eI6 

5633 

6.00E+16 

ND 

ND 

ND 

5631 

4.30E+17 

6.00E+17 

ND 

ND 

5713 

4.30E+17 

6.30E+17 

ND 

ND 

5630 

ND 

7.00E+17 

1.40E+17 

3.80E+17 

6130 

1.10E+17 

ND 

ND 

7.40E+17 

ND  =  Not  Detected 


We  determined  where  the  Fermi  level  was  pinned  in  the  high-resistivity  specimens  by 
high-temperature  Hall  effect  measurements.  This  was  critical  in  order  to  determine  the  nature 
of  the  compensation.  OAS  can  detect  transitions  from  ionized  acceptors  in  n-type  material  as 
well  as  from  neutral  donors.  Furthermore,  in  /?-type  material  transitions  from  the  valence  band 
to  neutral  acceptors,  and  ionized  donors  can  be  detected.  Which  center  is  giving  rise  to  the 
transition  can  not  be  determined  unless  the  energy  coincides  with  thermal  energy  differences, 
or  compensation  rules  out  one  or  the  other.  Therefore  it  was  important  to  know  whether  the 
specimen  was  n-  or  />-type  at  high  temperature,  though  semi-insulating  at  room  temperature. 

Figure  1  is  an  optical 

10  -  admittance  spectrum  for 

specimen  5723  which,  from 

8  •  Table  I,  it  can  be  seen,  had  a 

w  IV  V  concentration  of  3.0  x 

w  II  l()16cm'3,  and  aTi 

|  *  flj  concentration  of  at  least  6  x 

&  I  l()16cm'3.  Also  present  in 

.g  4  ■  i  \  non-negligible  amounts  were 

§  I  V*  Zr  and  Cr.  The  unusual 

^  2  ■  /  \  feature  of  this  spectrum  is  the 

large  triplet  peak  in  the 

_ _ t _  1  middle  of  the  spectrum  at  560 

200  400  600  800  1000  1200  1400  ^  ^  ^ 

800  nm  ( 1 .54  e V)  is  known 

Wavelength  (nm)  from  previous  experiments  to 

o  be  attributable  to  the  V 

Figure  1.  OAS  spectrum  of  specimen  5723  containing  3  x  .  _  ,  t  , 

ini6  -3 •  /  ,,*i6  -3  rp-  donor.  The  abrupt  edge  at 

10  cm  V,  and  containing  6  x  10  cm  Ti.  ___  F,  * 

850  nm  corresponds  to  a 

photon  energy  of  1 .45  e V 


l 


Energy  (eV) 


Figure  2.  Optical  admittance  spectrum  of  4H-SiC  in  which  the 
Fermi  level  was  shown  to  be  pinned  at  1. 1  eV  below  the 
Conduction  band. 


Figure  3.  Comparison  of  OAS  spectra  of  specimens  5633  and 
5724.  Both  are  4H-SiC  considered  to  be  semi-insulating,  but 
only  5724  had  detectable  Ti  impurities. 

confirms  the  reality  of  the  defect  and  its  donor  nature.  However, 


which  agrees  with  the  high- 
temperature  Hall  effect 
determination  of  the  Fermi 
level  position.  Another 
specimen  (57 1 3)  indicated  a 
Fermi  level  position  of  1. 1 
eV;  this  was  also  verified  by 
the  abrupt  edge  in  the  OAS 
spectrum.  This  result  is 
shown  in  figure  2. 

We  were  the  first  to 
report  the  presence  of  a  deep 
level  at  1 . 1  eV  below  the 
conduction  band  in 
1993. [refs.  3,4]  At  that  time 
we  suggested  that  this  peak 
seen  in  the  OAS  spectrum 
was  related  to  a  complex 
defect  involving  vanadium  or 
titanium.  The  defect  had  not 
been  observed  by  any  other 
techniques.  The  specimens 
cited  above  are  the  first 
incidence  of  the  1 . 1  c  V 
defect  being  observed  in  SiC 
by  Hall  effect  measurements. 
Very  recent  SIMS 
measurements  have  revealed 
the  presence  of  oxygen  in  the 
specimens  of  SiC  which  had  a 
Hall  effect  energy  of  1 . 1  eV, 
however,  the  carrier 
concentration  of  the  1.1  eV 
level  did  not  scale  with  the 
oxygen  concentration,  thus 
ruling  out  oxygen  or  O 
complexes  as  the  source  of 
this  level.  From  Table  I  it  is 
clear  that  we  can  rule  out  Cr 
and  Zr  as  sources  for  the 
prominent  peaks,  as  they 
were  not  detected  in 
specimen  5713,  but  Ti  was. 
The  fact  that  the  pinning  of 
the  Fermi  level  is  seen  in  the 
‘edge’  of  the  OAS  response 
both  of  these  specimens 
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these  specimens  contain  V  and  Ti  according  to  SIMS  measurements  making  identification  with 
either  species  difficult. 

The  OAS  spectrum  of  specimen  5633  is  shown  in  figure  3  compared  to  the  spectrum  of 
another  SI  4H-SiC  specimen  (5724).  The  most  striking  difference  is  the  absence  of  a  multi- 
component  peak  at  about  2.2  eV.  Fitting  the  spectrum  of  specimen  5633  in  the  region  of  2.2 
eV  results  in  a  three-component  peak  having  component  energies  of  2.09  eV,  2.20  eV,  and 
2.30  eV.  Since  we  know  from  Hall  effect  data  that  the  Fermi  level  was  pinned  at  the  midgap  V 
donor,  the  defect  from  which  these  peaks  arise  must  have  electrons  residing  on  the  center  to  be 
excited  to  the  conduction  band  by  the  incident  light.  Subtracting  the  excitation  energy  from 
the  bandgap  energy  of  3.026  eV  yields  an  energy  difference  of  Ev  +  0.94  eV,  Ev  +  0.83  eV, 
and  Ev  +  0.73  eV  respectively.  This  means  that  the  defect  responsible  for  the  triplet  of  peaks 
is  either  a  very  deep  donor  with  component  energies  approximately  two  eV  below  the 
conduction  band,  or  a  compensated  acceptor  with  component  energies  about  0.8  eV  above  the 
valence  band.  Further  scrutiny  of  the  spectra  in  figure  3  reveals  that  another  peak  centered 
near  2.9  eV  is  also  inverted.  Virtually  all  other  features  of  these  spectra  are  the  same.  As  can 
be  seen  from  Table  I,  the  only  difference  between  these  specimens  is  the  presence  of  Ti  in  one, 


and  its  absence  in  the  other. 

Dalibor,  et  al.,  [ref.  1]  have  attributed  deep  acceptors  with  energies  of  EC  -  0.1 17  eV 
and  EC  -  0. 1 60  eV  to  Ti  in  4H-SiC.  They  assigned  these  levels  to  the  ionized  Ti  acceptor 
residing  at  the  hexagonal  and  cubic  sites,  respectively.  In  the  n-type  specimens  into  which  the 
transition  metal  impurities  were  implanted,  Dalibor  could  not  have  detected  acceptors  close  to 
the  valence  band  via  the  DLTS  measurements  that  they  performed,  nor  would  TAS 
measurements  have  revealed  acceptors  close  to  the  valence  band.  We  suggest  that  there  may 

be  Ti-related  energy  levels  in  the 
SiC  bandgap  near  the  valence 
band.  Such  a  level  has  been  seen 
by  us  in  p- type  SiC  in  Optical 
Admittance  Spectroscopy 
experiments.7  We  reported  a 
deep  level  at  Ev  +  1.1  eV  in 
1994.  At  that  time,  we  could 
not  assign  this  level  to  any 
known  impurity.  However,  it 
appears  that  Ti,  or  a  Ti-related 
defect  may  have  been 
responsible  for  this  line  in  the 
OAS  spectra.  Further  work  with 
SIMS  and  Hall  effect  will  be 


2.00E+017  4.00E+017  8.00E+017  8.00E+017 

Titanium  concentration  [cm  3] 


i.ooe+010  used  to  examine  those  early 
specimens  for  Ti. 

For  the  Cr  ion,  no 

Figure  4.  Correlation  of  Optical  Absorption  peak  intensity  correlation  was  seen  with 
with  Ti  concentration.  concentration  for  any  of  the 

absorption  lines  for  any  of  the  specimens.  For  the  V  ion,  a  clear  trend  was  observed  in  the  four 
specimens  which  had  both  sides  polished  and  in  which  no  charging  was  observed.  The  peaks 
examined  were  those  at  0.9200  eV,  0.9196  eV,  0.9460  eV,  0.9474  eV,  and  0.9481  eV.  The 
trend  is  monotonically  increasing  to  apparent  saturation  at  the  maximum  V  concentration.  For 
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Ti,  all  4H  specimens  exhibit  a  step-wise  increase  in  absorption  at  a  threshold  concentration  of 
5  x  1017  cm'3.  The  maximum  Ti  concentration  available  was  5  x  1018  cm'3. 

CONCLUSIONS 


We  have  concluded  that  a  peak  in  the  OAS  spectra  of  4H-SiC,  comprised  of  at  least 
three  components,  is  related  to  the  presence  of  Ti  in  the  SiC  lattice  that  produces  an 
electrically  active  site(s).  Ti  is  present  in  most  specimens  that  have  been  doped  with  transition- 
metal  species  in  order  to  produce  semi-insulating  material,  however,  in  at  least  one  case,  Ti 
was  not  added  with  the  other  impurities.  In  this  specimen,  the  above  mentioned  peak  was 
absent.  The  source  of  the  metal  impurities  was  not  determined,  however,  the  specimens  were 
intentionally  doped  with  V.  Correlation  of  optical  absorption  peaks  with  V  and  Ti 
concentration  was  observed  in  all  specimens.  The  correlation  of  the  V  concentration  was 
monotonically  increasing,  whereas  the  correlation  with  the  Ti  concentration  was  step-wise  with 
a  threshold  at  5  x  1017  cm’3. 
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ABSTRACT 

An  advanced  method  based  on  x-ray  imaging  is  presented  which  allows  us  to  visualize  the 
ongoing  processes  during  physical  vapor  transport  (PVT)  growth  of  SiC.  Using  a  high  resolution 
and  high  speed  x-ray  imaging  detector  based  on  image  plates  and  digital  recording  we  are  able  to 
follow  the  SiC  bulk  single  crystal  growth  as  well  as  the  evolution  of  the  SiC  powder  source 
inside  the  inductively  heated  graphite  crucible  on-line  and  quasi-continuously. 

INTRODUCTION 

SiC  bulk  crystals  used  to  fabricate  substrates  for  commercial  device  applications  are  presently 
prepared  by  the  physical  vapor  transport  (PVT)  method  (so  called  modified  Lely  process)  [1-4] 
at  high  temperatures  (T=2100°C  ...  2400°C).  This  growth  technique  and  the  extreme  thermal 
conditions  impose  up  to  now  intrinsic  limitations  to  the  visual  control  of  SiC  growth  taking  place 
inside  a  graphite  crucible.  In  order  to  improve  the  understanding  of  the  PVT  SiC  growth  process 
and  hence  the  crystal  quality  it  would  be  highly  advantageous  to  monitor  the  evolution  of  both, 
the  SiC  crystal  and  the  SiC  source  material  during  the  whole  process  time.  We  have  developed 
an  advanced  method  based  on  x-ray  imaging  which  allowed  us  to  visualize  the  ongoing 
processes  during  PVT  growth  of  SiC.  Using  a  high  resolution  and  high  speed  x-ray  imaging 
detector  based  on  image  plates  and  digital  recording  [5]  [6]  we  were  able  to  follow  the  crystal 
growth  inside  the  inductively  heated  graphite  crucible  quasi-continuously.  Analyzing  the 
digitized  x-ray  images  of  the  graphite  crucible  taken  during  the  growth  we  have  (i)  monitored  the 
evolution  of  the  SiC  crystal  and  (ii)  investigated  the  degradation  of  the  SiC  source  powder  (i.e. 
graphitization)  with  increasing  process  time.  In  this  paper  we  will  introduce  our  new  on-line  x- 
ray  imaging  method  of  SiC  growth  and  we  will  discuss  its  feasibility  by  showing  several  shots  of 
the  high  temperature  SiC  vapor  growth  process. 

EXPERIMENT 

6H  and  4H  SiC  bulk  single  crystals  have  been  prepared  by  the  PVT  technique  in  an 
inductively  heated  graphite  crucible  at  elevated  temperatures  of  T  =  2100°C  ...  2300°C  (figure 
1).  The  temperature  has  been  monitored  at  the  seed  end  and  at  the  source  end  of  the  crucible 
using  optical  pyrometers.  Argon  has  been  used  as  carrier  gas  at  a  system  pressure  of  p  =  5mbar ... 
40mbar.  As  a  specialty  of  our  setup,  the  induction  coil  can  be  moved  electrically  in  vertical 
direction  giving  rise  to  a  wide  range  of  geometrical  configurations  and  the  possibility  of  an  in¬ 
stationary  growth  process  with  increasing  growth  time.  As  seeds  we  have  used  (0001)  oriented 
30mm  ...  40mm  SiC  crystals  grown  by  PVT  in  our  laboratory.  The  micropipe  density  varied 
between  200cm'2 ...  500cm'2.  At  defined  times  nitrogen  was  added  for  lOmin  to  the  argon  carrier 
gas  in  order  to  introduce  doping  striations  revealing  the  shape  of  the  growth  interface  [3].  The 
source  material  (SiC  powder)  was  synthesized  from  elemental  Si  and  C.  A  typical  growth  run 
can  be  divided  in  three  parts:  (i)  Heating  up  is  performed  under  an 
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Figure  1.  PVT  setup  for  the  growth  of  SiC  bulk  crystals.  The  inductively  heated  graphite  crucible  (loaded  with  a 
SiC  seed  crystal  (top)  and  a  SiC  powder  source  (bottom))  is  imbedded  in  a  graphite  like  insulation  inside  a  quartz 
ampoule.  Using  a  x-ray  tube  and  an  image  plate  based  detector  and  scanner,  shots  of  the  ongoing  processes  inside 
the  graphite  crucible  were  taken  online  during  the  growth  process. 

argon  atmosphere  (p  =  800mbar).  (ii)  At  the  beginning  of  the  growth  (defined  as  Oh)  the  argon 
pressure  is  lowered  to  5mbar ...  40  mbar  giving  rise  to  a  physical  vapor  transport  of  various  SiC 
species  from  the  SiC  source  to  the  colder  SiC  seed,  (iii)  At  the  end  of  the  growth  run  (typically 
after  72h)  the  inductive  heating  is  switched  off. 

In  order  to  visualize  the  ongoing  processes  inside  the  graphite  crucible  during  growth  we  have 
applied  a  x-ray  imaging  system  (x-ray  tube,  image  plate  detector  and  scanner)  to  the  PVT  setup 
(figure  1).  During  x-ray  exposure  by  the  x-ray  tube  an  image  of  the  graphite  crucible  interior 
(SiC  seed/crystal  and  SiC  source  material)  is  transferred  to  the  x-ray  detector.  While  the  x-ray 
source  is  a  conventional  x-ray  tube  for  medical  care  (y-energy  =  60keV,  I=7mA),  a  high  speed, 
high  resolution  and  high  dynamic  range  x-ray  detector  based  on  image  plates  and  digital 
recording  was  used. 

An  overview  on  the  physics  of  image  plate  detectors  and  technical  data  of  the  image  plate 
scanner  FASTSCAN  can  be  found  elsewhere  [5][6].  In  short:  x-rays  produce  radiation  defect 
centers  in  x-ray  storage  phosphors  (in  our  case  a  BaFBr:Eu  based  Fuji  HR-V  image  plate)  which 
give  rise  to  fluorescence  under  light  excitation  of  proper  wavelength  (in  our  case  X  =  635nm). 
The  intensity  of  the  so  called  “photo-stimulated  luminescence”  is  proportional  to  the  x-ray  dose. 
Thus,  by  scanning  the  image  plate  with  a  focused  readout  light  beam  one  can  extract  the  x-ray 
image  by  monitoring  the  photo-stimulated  luminescence  point  by  point.  The  image  plate  is 
recycled  by  exposure  to  intense  light.  Readout  and  recycling  is  done  using  the  image  plate 
scanner  FASTSCAN  [6].  FASTSCAN  has  a  maximum  scanning  size  of  30cm  x  20cm  at  a 
resolution  of  up  to  850dpi.  The  image  readout  time  is  40sec  for  an  image  of  3500  x  5000  pixels. 
In  practice  the  resolution  is  limited  by  the  image  plate  and  is  about  100pm  x  100pm. 

There  are  several  advantages  of  the  digital  x-ray  detector  over  conventional  film  techniques: 
The  fast  digital  image  capture  (t  =  40sec)  without  time  consuming  developing  stage  allows  an 
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Figure  2.  x-ray  images  of  the  hot  graphite  crucible  (T=2270°C)  (a)  with  a  fixed  induction  coil  during  x-ray  exposure 
and  (b)  with  a  moving  induction  coil  during  x-ray  exposure. 

online  monitoring  of  the  crystal  growth  process  with  the  option  of  online  process  control.  Due  to 
the  large  dynamic  range  (106  for  image  plates  versus  10" ...  101  for  conventional  x-ray  films)  and 
high  sensitivity  the  choice  of  a  matching  x-ray  dose  is  uncritical.  By  computer  processing  of  the 
digitized  image  a  large  contrast  of  the  graphite  crucible  interior  can  be  obtained. 

X-ray  and  y-ray  techniques  have  been  used  in  the  past  to  study  the  solid-liquid  interface 
during  crystal  growth  from  the  melt  (see  for  example  [7-9]).  However,  the  experimental 
challenge  in  the  case  of  an  inductively  heated  crucible  as  in  our  case  is  the  large  x-ray  absorption 
coefficient  of  the  induction  coil:  The  absorption  of  the  x-ray  beam  is  about  104  times  larger  in  the 
copper  coil  as  compared  to  the  graphite  parts  of  the  crucible,  the  SiC  crystal  and  the  SiC  source. 
Dark  stripes  are  introduced  on  the  x-ray  detector  by  the  induction  coil  (figure  2a).  Although 
digital  image  processing  could  partly  uncover  hidden  parts  of  the  digitized  image  of  the  crucible 
interior,  we  have  developed  a  hardware  solution  to  get  rid  of  the  unwanted  perturbation  by  the 
copper  coil.  While  moving  the  induction  coil  in  vertical  direction  for  at  least  1/2  period  (period  is 
defined  as  the  distance  between  two  turns  of  the  coil,  in  our  case  2cm)  we  expose  the  x-ray 
detector  continuously  (typical  time  period  =  3s).  Hereby  every  part  of  the  crucible  interior  will 
be  captured  by  the  image  plate  once,  resulting  in  a  stripe  free  image.  Instead  of  a  continuous 
exposure  also  a  stepwise  exposure  (for  example  16  steps)  has  been  applied  (figure  2b).  After 
finishing  the  exposure  the  coil  will  be  moved  back  to  the  starting  position.  The  whole  process 
takes  about  10s  to  a  few  minutes.  The  temperature  displays  of  the  top  and  bottom  pyrometers 
indicate  that  the  thermal  conditions  inside  the  graphite  crucible  do  not  change  during  coil 
movement.  Temperature  changes  of  1°C  ...  2°C  were  observed  after  about  10  minutes  if  the  coil 
was  not  moved  back  to  the  starting  position  after  x-ray  illumination. 

RESULTS 

Figure  3  shows  a  series  of  x-ray  transmission  shots  of  the  hot  graphite  crucible  (T=2270°C)  at 
the  beginning  (Oh,  figure  3a),  8h  (figure  3b)  and  22h  after  the  beginning  (figure  3c)  of  the 
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a)  t  =  Oh 


b)  t  =  8h 


c)  t  =  22h 


Figure  3.  x-ray  images  of  the  hot  graphite  crucible  (T=2270°C)  (a)  at  the  beginning  of  the  growth  process  (Oh),  (b) 

8h  and  (c)  22h  after  the  beginning  of  the  growth  process. 

growth.  One  can  clearly  distinguish  the  SiC  crystal,  the  SiC  source  material  and  parts  of  the 
graphite  crucible.  The  image  resolution  is  about  lOOjim. 

At  the  beginning  of  the  growth  (Oh,  figure  3a)  the  seed  SiC  crystal  is  visible  as  a  dark  stripe  in 
the  x-ray  image.  The  flat  surface  of  the  seed  and  the  thickness  of  1mm  is  well  reproduced 
indicating  that  the  x-ray  imaging  system  (x-ray  source,  detector  and  scanner)  creates  only  minor 
image  distortions.  After  8h  and  22h  of  growth  the  SiC  crystal  has  reached  a  length  of  4.6mm  and 
8.4mm  (figure  3b  and  3c),  respectively.  The  shape  of  the  growth  interface  is  well  resolved  in  the 
x-ray  image.  The  growth  interface  has  a  convex  shape  in  the  central  part  (d<35mm);  single 
crystal  growth  of  high  quality  and  low  micropipe  density  has  been  observed.  In  the  outer  part 
(d>40mm)  -  at  a  diameter  larger  than  the  original  seed  crystal  -  a  concave  growth  interface 
occurs.  In  this  area  polycrystalline  growth  and  the  formation  of  various  polytypes  have  been 
observed.  The  SiC  source  material  (figure  4)  gives  rise  to  a  homogeneous  contrast  in  the  x-ray 
image  at  the  beginning  of  the  growth.  However,  after  8h  (figure  4b)  and  22h  (figure  4c)  of 
growth  graphitization  of  the  source  material  is  observed  in  the  vicinity  of  the  hot  graphite 
crucible.  Due  to  its  low  density  the  residual  graphite  powder  of  the  SiC  source  material  is  almost 
transparent  for  x-rays  and  gives  rise  to  a  light  contrast  in  the  x-ray  image.  The  contrast  of  the 
core  part  has  become  darker  indicating  a  compression  of  the  SiC  source  powder  due  to 
sublimation  in  the  hotter  outer  parts  (close  to  the  hot  graphite  crucible)  and  recrystallisation  in 
the  colder  central  part. 
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a) 


b) 


c) 


Figure  4.  x-ray  images  of  the  SiC  source  material  inside  the  hot  graphite  crucible  (T=2270°C)  (a)  at  the  beginning  of 
the  growth  process  (Oh),  (b)  8h  and  (c)  22h  after  the  beginning  of  the  growth  process. 


CONCLUSIONS 

Digital  x-ray  imaging  turns  out  to  be  a  useful  tool  for  a  routine  control  of  SiC  bulk  crystal 
growth.  The  length  of  the  SiC  crystal  and  the  status  of  the  SiC  source  material  can  be  monitored 
online.  The  clear  distinction  between  available  and  consumed  (graphitization  area)  SiC  source 
material  (figure  4)  opens  a  way  to  optimize  the  yield  (number  of  SiC  wafers  per  crystal)  for  each 
growth  run.  For  a  continuous  process  control  the  growth  rate,  the  growth  interface  as  well  as  the 
consumption  of  the  SiC  source  could  be  monitored  online  using  automated  digital  image 
processing.  Through  a  feedback  loop  the  whole  growth  could  be  supervised  by  a  computer 
controlling  the  inductive  heating  power  (Pcoi]),  the  coil  position  and/or  the  argon  pressure, 
respectively. 

Digital  x-ray  imaging  is  as  well  a  useful  tool  for  understanding  the  physical  vapor  transport 
process  of  SiC  from  a  research  and  development  point  of  view.  The  growth  rate  and  the  shape  of 
the  growth  interface  can  be  studied  without  using  demarcation  doping  striations  by  intermittently 
introducing  nitrogen  gas  during  the  growth  [3].  The  shape  of  the  SiC  crystal  growth  interface  can 
be  determined  with  an  accuracy  better  than  100|Am  (see  figure  2  and  3).  The  study  of  the  time 
evolution  of  the  SiC  source  material  is  another  crucial  point  for  understanding  the  thermal 
conditions  and  underlying  growth  process.  The  graphitization  which  reflects  the  consumption  of 
the  source  material  the  process  of  SiC  powder  compression  due  to  sublimation  and 
recrystallisation  play  an  important  role.  Especially  at  the  beginning  of  the  growth  (first  10  hours) 
the  SiC  powder  changes  its  properties  giving  rise  to  a  change  of  growth  velocity  and  change  of 
incorporated  defects  into  the  growing  crystal.  A  detailed  discussion  of  the  time  evolution  of  the 
SiC  source  and  its  impact  on  the  growth  process  will  be  given  in  a  forthcoming  paper. 

In  summary  we  have  for  the  first  time  presented  a  digital  x-ray  imaging  technique  which 
enable  us  to  follow  the  SiC  PVT  process  online  during  growth.  We  have  introduced  the 
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underlying  measurement  procedure  and  shown  various  x-ray  images  of  the  growing  SiC  crystal 
and  of  the  SiC  source  material  inside  the  hot  graphite  crucible.  Digital  x-ray  imaging  is  a 
powerful  tool  to  study  the  processes  going  on  during  PVT  of  SiC.  In  addition  digital  x-ray 
imaging  can  be  used  for  process  control  in  the  industrial  growth  of  SiC. 
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ABSTRACT 

Reproducible  growth  of  4H-SiC  with  good  crystalline  quality  has  been  obtained  in  a  temperature 
interval  around  2350°C  and  on  4H-SiC  C-face  seeds.  It  has  been  observed  that  morphological 
instability  may  appear  at  the  initial  stage  of  growth,  causing  formation  of  defects.  Experimental 
evidence  has  been  found  that  supersaturation  and  surface  kinetics  are  responsible  for  the  polytype 
stability,  while  growth  front  and  growth  mode  address  defect  reduction.  An  explanation  of  the 
findings  has  been  suggested.  It  has  been  shown  that  starting  the  growth  with  a  relatively  low 
growth  rate  ( ~  100  jim/h )  can  be  beneficial  for  the  crystal  quality. 

INTRODUCTION 

Silicon  Carbide  (SiC)  is  a  material  of  expectation  for  high  temperature  power  switching  and  high 
frequency  power  generation.  While  SiC  may  offer  an  exclusive  combination  of  physical  and 
electronic  properties  for  many  applications,  the  high  temperature  and  chemical  stability  of  this 
material,  as  well  as  the  variety  of  stacking  sequence  along  the  c-direction  in  the  close-packed 
structure  of  SiC,  cause  difficulties  for  growth  of  device  quality  crystals,  especially  of  large  single 
crystals. 

Among  different  crystallographic  modifications  of  SiC,  4H  polytype  is  the  most  interesting  for 
power  device  applications.  However  due  to  the  low  stacking  fault  energy  it  is  difficult  to  restrict 
syntaxy  (parasitic  polytype  formation)  during  bulk  crystal  growth  and  thus  to  grow  a  single 
polytype  material.  Another  well  known  problem  is  the  large  number  of  structural  defects  such  as 
micropipes,  mosaicity  and  dislocations.  Moreover,  these  problems  are  interrelated  to  a  large 
extent;  defects  easily  result  in  polytype  disturbances  [1],  while  polytype  inclusions  may  lead  to 
defect  formation  [2].  However,  little  is  known  about  the  kinetics  and  thermodynamics  of  poly  type 
formation,  growth  stability,  and  also  the  mechanism  that  produces  the  periodic  sequences.  As 
discussed  in  Reference  [3]  3C-SiC  may  be  the  initial  polytype  that  forms  at  virtually  all  growth 
temperatures  and  thus  acts  as  a  necessary  precursor  for  the  phase  transformation  to  other 
polytypes.  Several  growth  parameters,  such  as  the  growth  temperature  [4,5],  supersaturation 
[3,4],  vapor  phase  stoichiometry  and  impurities  [3,6]  and  polarity  of  seed  surface  [7]  have  been 
discussed  to  influence  the  polytype  stability. 

Seeded  sublimation  growth  has  been  the  most  successful  method  to  date  for  growth  of  large  4H- 
SiC  boules  that  can  be  sliced  into  wafers.  4H  wafers  of  50  mm  diameter  are  commercially 
available  and  35  mm  wafers  with  7  micropipes  (0.7  cm'2)  have  been  reported  [8].  Generally,  it  is 
more  difficult  to  grow  4H  polytype  in  comparison  with  6H-SiC,  considering  the  size  of  crystals 
and  the  yield.  On  a  large  scale,  the  problem  with  micropipes,  dislocation  networks  and  stress  in 
the  crystals  still  remains  [9].  Although  significant  progress  has  been  made  in  the  polytype  control 
and  defect  reduction  in  SiC  crystals,  all  mechanisms  governing  these  processes  have  not  been 
completely  understood. 

This  paper  describes  a  study  of  the  influence  of  the  early  stage  of  4H-SiC  crystal  formation  on  the 
poly  type  uniformity  and  defect  occurrence  in  the  subsequently  grown  crystals.  An  attempt  has 
been  made  to  reveal  the  role  of  growth  characteristics  such  as  seed  surface  polarity, 
supersaturation  distribution  and  temperature  for  the  morphological  stability. 
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EXPERIMENTAL 

The  growth  experiments  were  performed  with  seeded  sublimation  technique  in  an  Epigress  SB50 
sublimation  system  [10]  with  inductively  heated  graphite  crucible  and  movable  RF-coil.  Rigid 
graphite  insulation  was  used  for  thermal  shielding  and  the  reactor  outer  walls  were  air-cooled.  The 
temperature  was  monitored  both  at  the  top  and  the  bottom  of  the  crucible  with  two-color 
pyrometers.  The  growth  was  performed  in  the  temperature  range  of  2300-2450°C  measured  at  the 
bottom  of  the  crucible  (Tb)  and  maintained  constant  during  the  growth  run.  The  top  temperature 
was  used  only  as  a  reference  when  different  runs  were  compared.  Growth  took  place  at  a  reduced 
Ar  pressure  ranging  5-30  mbar  depending  on  the  growth  temperature.  The  SiC  source  powder 
was  purified  and  sintered  before  growth  to  prevent  contamination  of  the  seed  crystal  at  the  initial 
stage  of  the  growth  process.  As  seeds  we  employed  4H  polytype  crystals  produced  via 
sublimation  technique,  (0001)  well  oriented  or  misoriented  to  the  [1120]  direction.  Growth  was 
performed  on  both  Si-  and  C-terminated  face.  This  variety  of  seeds  was  particularly  necessary  in 
order  to  investigate  the  seed  influence  on  the  polytype  uniformity  and  structural  quality.  When  the 
growth  temperature  was  reached  under  nearly  an  atmospheric  pressure  the  growth  was  initiated  by 
applying  a  controlled  pressure  reduction.  In  order  to  vary  the  starting  supersaturation  we  used  two 
different  pressure  reduction  schemes  following  an  exponential  decay  of  200  sec  and  15  min.  The 
supersaturation  was  changed  also  by  changing  the  temperature  gradient  when  keeping  constant  Tb. 
We  examined  two  groups  of  samples.  First,  we  studied  as-grown  surfaces  after  6  hours  of 
growth,  referred  to  as  early  stage  of  growth.  This  allowed  observation  of  the  growth  morphology 
after  nucleation  had  been  completed  and  the  crystal  habit  had  been  founded.  The  second  group  of 
samples  comprised  wafers  cut  from  boules  and  properly  processed  to  permit  structural  and 
polytypic  uniformity  evaluation.  The  grown  material  was  investigated  using  an  optical  microscope 
with  Nomarski  interference  contrast  and  crossed  polarizers,  as  well  as  by  high  resolution  X-ray 
diffraction  (HRXRD).  Etching  in  molten  KOH  at  500°C  for  different  times  was  also  performed. 
The  optical  investigations  are  suitable  to  observe  micropipes  and  domain  boundaries  on  bare  or 
KOH  etched  surfaces,  while  HRXRD  was  used  to  assess  domain  misorientation  and  strain  in  the 
crystal  by  recording  ©  rocking  curves  and  20/©  diffraction  curves.  X-ray  diffraction 
measurements  were  utilized  to  determine  the  polytype.  Computer  simulation  was  used  to  better 
understand  temperature  and  supersaturation  distributions  near  the  growth  interface. 


RESULTS 

Growth  results  showing  conditions  for  4H 
crystal  polytype  occurrence  and  stability  are 
summarized  in  Table  I.  Stable  4H  growth  with 
good  structural  quality  is  achieved  within  a 
narrow  temperature  range,  2350°C-2375°C  and 
only  on  C-face.  The  pressure  of  the  process  gas 
is  5  mbar  but  we  did  not  observe  an  effect  of  the 
pressure  and  pressure  reduction  rate  on  the 
polytype  formation.  Similarly  the  type  of  source 
material  did  not  affect  the  polytype.  The  growth 
rate  is  about  100  (Xm/h  in  the  beginning  and  it 
reaches  0.5  mm/h  approximately  after  1  mm  of 
growth.  Depending  on  crucible  geometry  the 
crystal  shape  is  either  cylindrical  or  slightly 
conical  while  the  growth  front  is  nearly  flat  or 
slightly  convex.  The  largest  diameter  of  the 
crystals  is  38  mm.  The  thickness  of  the 
polycrystal  ring  around  the  monocrystal  area 
does  not  exceed  5  mm. 


Fig.  1.  A  typical  pattern  on  as-grown 
surface  of  4H  SiC,  C-face. 
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Table  I.  4H  polytype  occurrence  at  different  temperatures  and  4H  seed  orientations. 


Growth 

temperature 

[°C] 

Surface 

orientation 

Seed  surface 
polarity 

Remarks 

2350-2375 

on-axis  { 
off-axis  { 

Si-face 

C-face 

C-face 

Si-face 

IBM 

}  spiral  growth  competition 

i  single  spiral  with  preferred 
J  lateral  growth  in  [1120] 

<2350 

low  crystal  quality 

>2375 

polytype  conversion  4H  =>  6H 

Fig.  2  (a)  Non-uniform  growth  morphology  manifesting  growth  instability;  (b)  stable  growth 
morphology  with  one  growth  center. 


Morphologies  of  as-grown  surfaces  on  C-terminated  faces  of  4H  SiC  seeds  at  early  stage  of 
growth  showed  patterns  (Fig.  1),  which  have  been  previously  reported  [11].  Typically,  C-face 
exhibits  a  small  pseudo-flat  area  (mesa)  with  six  ridges  emerging  in  the  six  equivalent  directions 
<11 20>.  Often  polygonized  spiral  can_be  distinguished  on  the  mesa.  Microsteps  are  observed  in 
between  the  ridges,  running  along  <11 00>  directions  and  thus  the  pattern  reflects  the  six-fold 
crystal  symmetry.  Morphological  stability  at  early  stage  of  growth  is  an  important  characteristique, 
which  was  found  to  affect  4H  polytype  stability  and  defect  formation.  Fig.  2  displays  uneven 
growth  morphology  (2a)  and  regular  morphology  (2b)  in  case  of  two  different  supersaturations 
over  the  growing  surface  when  the  other  process  parameters  are  the  same.  In  the  first  case  one  can 
observe  several  misoriented  growth  centers  with  an  enhanced  growth  at  the  edges.  After  several 
millimeters  of  growth  the  growth  front  acquired  a  concave  shape,  resulting  in  formation  of  domain 
boundaries,  micropipes  and  dislocations.  At  some  defective  areas  15R  inclusions  were  found. 
Fig.  3  depicts  calculated  temperature  at  the  axis  and  inner  cmcible  walls  at  different  coil  positions, 
provided  Tb  is  fixed.  From  this  and  our  temperature  measurements  it  was  estimated  that 
temperature  gradient  can  be  tuned  from  4-5°C/cm  to  15-20  °C/cm.  Large  values  of  the  temperature 
gradient  resulted  in  morphological  instabilities  (Fig.  2a).  To  avoid  this  we  used  a  low  temperature 
gradient  (4-5°C/cm)  corresponding  to  a  growth  rate  of  approximately  100  pm/h.  When  growth 
conditions  are  properly  selected  there  is  only  one  growth  promoting  center  (Fig.  2b)  from  which 
steps  spread  out  over  the  whole  growing  surface  in  the  course  of  the  crystal  growth.  We  examined 
the  as-grown  surface  of  the  top  wafer  of  a  4H  SiC  boule.  An  optical  micrograph  taken  under 
crossed  polarizers  is  shown  in  Fig.  4.  There  is  strain-associated  contrast  located  at  the  growth 
center.  A  wafer  from  the  region  just  below  the  top  surface  was  polished  and  subjected  to  structural 
investigations.  Fig.  5  represents  images  taken  in  reflection  light  (5a)  and  crossed  polarizers  (5b) 
modes  from  1  cm2  area  of  the  wafer  after  KOH  etching.  It  was  possible  to  trace  the  growth 
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Fig.  3.  Calculated  temperature  at  the  axis  and 
inner  crucible  walls  (dashed  line)  at  four 
different  RF-coil  positions  when  the  bottom 
temperature  is  constant. 


Fig.  4.  Optical  micrograph  under  crossed 
polarizers  of  the  as-grown  surface  of  a  4H- 
boule. 


promoting  center  and  observe  rows  of  dislocations  along  the  six  symmetrical  ridges.  Strains  are 
still  seen,  however  no  micropipes  are  visible  exactly  in  the  spiral  center.  The  two  large  hexagonal 
etch  pits  outside  the  spiral  center  do  not  appear  to  be  micropipes.  The  sample  was  “mapped”  by 
utilizing  0)  rocking  curves.  Fig.  6  gives  two  representative  co-scans  from  two  areas  of  the  sample, 
A  and  B,  with  a  spot  size  of  2x14  mm.  The  peaks  over  a  large  part  (A)  of  the  sample  (not 
illustrated)  are  sharp  and  symmetric  with  high  intensity  and  FWHM  value  of  14”.  On  the  area  with 
defects  (B),  corresponding  to  Fig.  5,  the  rocking  curves  show  peak  broadening,  asymmetry  and 
lower  intensity.  The  26/co-scan,  taken  with  a  large  spot  of  10x14  mm,  shows  a  sharp  peak  with 
FWHM  of  17”  and  an  intensity  of  40  000  counts  per  second. 


DISCUSSION 

Polytype  stability 

From  our  results  it  follows  that  the  occurrence  and  stability  of  4H  polytype  depend  on  the 
temperature  and  the  type  of  seed.  Similar  findings  have  been  reported  in  Ref.  [4,5]  and  [7], 
respectively.  The  temperature  range  of  4H  stability  is  different  in  different  studies.  Commonly  the 
temperatures  are  lower  than  for  the  growth  of  6H-SiC.  The  upper  limit  in  our  experiments  is 
2375°C  above  which  4H  polytype  tends  to  convert  to  6H,  while  below  2350°C  the  crystal  quality 
is  the  limiting  factor  (Table  I).  The  authors  of  Reference  [12]  suggest  that  SiC  polytypes  are 
kinetically  determined  metastable  phases  rather  than  true  thermodynamic  phases  and  therefore  a 
well  defined  temperature  stability  range  for  each  polytype  can  not  be  expected.  Note  that  in  our 
experiments  the  pressure  is  not  effective  in  determining  the  polytype.  As  to  the  effect  of  the  face 
polarity  of  the  seed,  one  can  speculate  that  the  low  surface  free  energy  of  the  C-face  facilitates  the 
nucleation  of  4H  polytype  which  otherwise  is  more  difficult  to  form  due  to  the  higher  formation 
enthalpy  than  that  of  6H-SiC.  Consequently,  other  polytype  inclusions  can  occur  when  growing 
on  the  Si-face.  4H  polytype  maintains  stable  growth  in  two  modes  depending  on  the  seed 
orientation.  On  on-axis  seeds  the  growth  takes  place  via  spiral  competition  ending  with  a  dominant 
center  in  the  middle  of  the  crystal.  The  growth  proceeds  with  layer-spiral  mechanism.  On  off-axis 
seeds  the  growth  center  is  at  the  seed  edge  and  the  lateral  step  growth  is  more  pronounced  in  the 
tilt  direction.  Both  situations  allow  growth  of  single  polytype  material. 
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Fig.  5.  Optical  micrographs  taken  from  an  etched  (0001)  4H  sample  with  defects  under 
(a)  reflection  light  and  (b)  crossed  polarizers;  random  lines  are  polishing  scratches. 


Morphological  stability 

Non-uniform  growth  illustrated  in  Fig.  2a  can  be  discussed  in  terms  of  a  morphological  instability 
due  to  an  enhanced  nucleation  at  the  edges  of  the  seed.  This  is  known  to  appear  in  case  of 
polyhedral  crystal  growth  when  the  supersaturation  exceeds  some  critical  value  [13].  The  solution 
of  the  diffusion  equation  yields  a  non-uniform  supersaturation  over  the  growing  face,  being 
largest  at  the  comers  and  smallest  at  the  centers  of  faces  [14].  Therefore  growth  in  diffusion 
limited  sublimation  growth  is  favored  at  the  seed  edges.  Two  consequences  may  be  expected  then: 
(i)  many  growth  centers  with  different  orientations,  respectively  domains  forming  grain 
boundaries  with  defects  [2]  and  (ii)  non-uniform  growth  rate  leading  to  non-uniform  material 
properties,  e.g.  inclusions.  On  the  other  hand,  surface  kinetics  may  smooth  the  growing  surface 
by  adjusting  the  density  of  growth  steps.  This  can  happen  if  the  surface  kinetics  is  fast  enough 
and  supersaturation  is  not  too  high.  We  have  shown  that  by  decreasing  the  supersaturation  (low 
growth  rate)  and  increasing  the  seed  temperature, 
growth  can  start  with  a  stable  morphology  (Fig. 

2b).  The  described  instabilities  are  more 
pronounced  in  4H  growth  due  to  a  lower  surface 
diffusion  coefficient  and  higher  supersaturation 
over  the  growing  surface  in  comparison  with  6H 
growth.  To  confirm  that  growth  favored  at  the 
edges  of  the  seed  is  not  due  to  an  incorrect 
crucible  design,  we  performed  growth  on  two 
adjacent  seeds.  The  results  have  clearly  indicated 
that  this  is  not  the  case.  These  experiments  are 
described  in  Reference  [14].  There  could  be 
several  other  solutions  to  the  discussed  problem. 

One  is  to  use  a  large  area  seed.  Our  tests  indicated 
that  growth  can  proceed  in  an  uniform  way  once 
the  tendency  of  many  center  growth  is 
suppressed.  Similarly,  morphologically  stable 
growth  can  be  achieved  if  diffusion  mass 
transport  is  replaced  by  Stefan  flow  mass 
transfer.  Finally,  we  simulated  a  particular 
temperature  profile  over  the  seed,  which  may  lead 
to  an  even  growth  rate  at  each  point  of  the  seed 
[15]. 


-0.02 


Aco[degrees] 


Fig.  6.  Two  representative  co-scans  from 
area  B  shown  in  Fig.  5  and  a  good  quality 
area  A. 
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Defects 

The  probability  of  defect  formation  during  growth  increases  with  increasing  the  number  of  growth 
centers.  This  motivates  the  importance  of  starting  boule  growth  with  only  one  growth  center. 
According  to  our  results  a  large  number  of  dislocations  penetrating  the  growing  surface  may  be 
formed  in  the  vicinity  of  the  growth  promoting  center.  These  are  not  dislocations  associated  with 
the  spiral  growth  mechanism  since  we  do  not  observe  spirals  emerging  from  them.  They  are  found 
at  the  ridges  spreading  in  six  equivalent  <112  0>  directions,  Fig.  5a.  We  suggest  an  explanation 
of  the  defect  origin  based  on  the  anisotropy  of  the  step  distribution  from  the  growth  center  e.g.  the 
step  velocity  is  different  in  the  <1 1 20>  and  <1 1 00>  directions.  Furthermore,  because  of  six-fold 
symmetry  of  (0001)  SiC  face  the  steps  undergo  transitions  at  the  <1 1 20>  directions  to  the 
adjacent  facet.  This  may  lead  to  strain  accumulation,  which  later  relaxes  in  dislocation  formation. 
The  shape  of  the  rocking  curves  indicates  that  in  the  defective  area  there  are  domains  that  are 
slightly  misoriented  only  but  do  not  form  a  mosaic  structure.  In  addition,  by  optical  examination 
of  the  etched  sample  we  did  not  observe  imperfect  domain  boundaries.  It  is  worth  noting  that  die 
average  micropipe  density  in  this  sample  is  170  cm'2  which  corresponds  to  the  micropipe  density 
in  the  seed  crystal.  It  seems  that  our  growth  regimes  do  not  provide  conditions  for  creating  new 
micropipes  by  opening  hollow  cores  of  giant  screw  dislocations.  The  average  density  of  randomly 
distributed  dislocations  is  about  15  000  cm'2. 


CONCLUSION 

4H  polytype  ciystals  have  been  grown  having  a  single  polytype  structure  and  micropipe  density 
comparable  with  the  seed.  By  controlling  morphological  stability,  growth  defects,  such  as 
micropipes  and  mosaicity,  can  be  reduced.  Concerning  4H  polytype  growth  stability,  surface 
kinetics  plays  an  important  role  most  probably  due  to  the  lower  surface  diffusion  coefficient  and 
lower  equilibrium  vapor  pressure  compared  with  6H.  We  propose  to  start  the  growth  with  a 
relatively  low  growth  rate  compared  with  the  following  boule  growth,  which  limits  defect 
formation  and  ensures  polytype  uniformity. 
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ABSTRACT 

For  the  growth  of  2"  6H-SiC  a  sublimation  growth  process  was  developed.  By  different 
means  of  characterization  crystal  quality  was  evaluated.  Higher  defect  densities,  mainly  in 
the  periphery  of  the  crystals  were  found  to  be  correlated  to  unfavourable  process  conditions. 
Improvement  of  thermal  boundary  conditions  lead  to  a  decreased  defect  density  and  better 
homogeneity  over  the  wafer  area. 

INTRODUCTION 

During  the  last  years  silicon  carbide  has  attracted  more  and  more  attention  in  many  fields  of 
semiconductor  research.  A  rising  number  of  companies  choose  silicon  carbide  as  a  substrate 
for  device  processing.  The  production  of  the  blue  Light  Emitting  Diodes  based  on  6H-SiC 
has  already  started.  Mass  production  is  first  of  all  a  question  of  yield.  Thus  the  prerequisites 
for  silicon  carbide  are  size  and  quality  of  the  wafers.  In  the  case  of  6H  silicon  carbide  the 
minimum  diameter  desired  is  2".  It  is  inevitable,  that  wafers  have  to  fullfill  the  quality 
requirements  not  only  in  a  selected,  but  on  a  large  fraction  of  their  area.  Achieving 
homogeneous  material  properties  is  one  of  the  major  tasks  at  the  present  stage  of  SiC  crystal 
growth. 

CRYSTAL  GROWTH  AND  CHARACTERIZATION 

Growth  of  semiconductor  grade  silicon  carbide  by  sublimation  was  first  reported  by  Lely  [1] 
in  1955.  Another  breakthrough  in  bulk  growth  was  marked  by  Tairov  and  Tsvetkov  [2],  who 
used  single  crystalline  material  as  seeds.  During  the  following  years  the  sublimation 
technique  for  silicon  carbide  has  been  further  improved  [3,  4].  Our  growth  experiments  for 
6H-SiC  are  based  on  the  principles  of  the  above  mentioned  technique.  Evaluation  of  material 
properties  was  performed  by  different  means  of  characterization,  as  described  in  the 
following:  Optical  microscopy  of  grown  surfaces  and  wafers  was  carried  out.  The  utilization 
of  crossed  polarizers  enables  stress  birefringency  images  of  the  area  under  observation. 
Micropipe  densities  (MPD)  were  determined  by  focussing  through  the  complete  sample 
thickness.  For  a  selected  amount  of  samples  also  KOH  etching  (10  minutes  at  600  °C)  and 
scanning  electron  microscope  investigations  were  conducted.  No  additional  micropipes 
could  be  detected  by  these  methods,  but  other  defects  like  grain  boundaries,  cracks, 
dislocations  and  inclusions  could  be  revealed.  To  determine  the  composition  of  inclusions, 
scanning  auger  spectroscopy  was  applied.  From  rocking  curves  (XRD-analysis)  the  full 
width  at  half  maximum  (FWHM)  value  of  the  (0006)  reflexion  was  determined.  The 
broadening  of  the  FWHM-value  by  a  superposition  of  indivual  peaks  could  be  interpreted  as 
existence  of  slightly  misoriented  grains  [5].  Measuring  the  sheet  resistance  (induction  of 
eddy  currents),  which  is  a  comfortable  and  non-distructive  technique,  allows  the  calculation 
of  the  specific  electrical  resitivity.  A  combination  of  resistivity  and  Hall-measurements  gives 
the  correlation  between  specific  electrical  resistance  and  net  doping  concentration  Nd-Na. 
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RESULTS 


The  micropipe  density  is  an 
important  value  to  determine  the 

material  quality  of  the  grown 
crystals.  After  upscaling  of  boule 
diameter  we  found  out,  that  there 
was  a  strong  variation  of  the  MPD 
over  the  2"-wafer.  In  all  cases  the 
MPD  at  the  periphery  was 
significantly  higher  than  in  the  center 
of  the  wafer.  Figure  1  illustrates,  how  Figure  1:  Determination  of  average  micropipe  densities  (MPD) 
average  micropipe  densities  were  ■+■+□  =  2";  ■+□=  1,625  ";  □=1,4" 

determined,  taking  into  account 

different  diameters  for  the  area 

under  observation.  Applying  this  [ —  ' 

method  to  our  2"-wafers  we  found,  j-=. 

that  for  a  "virtual"  diameter  of  up  to  35°-  -jr  :  . 

1,625"  the  average  MPD  was  below  ;T  3ool  ij  \  x 
200  cm'2  (see  Figure  2,  series  I).  For  2jo; 

the  whole  wafer  ("real"  diameter  of  q 

2")  the  average  MPD  was  up  to  380  200 '  \\D . . 

cm'2.  These  growth  experiments  of  g>  iso-  T[j[  I  \ 

series  I  also  showed  a  poor  S  ioq_  *-• — — J 

crystalline  quality  according  to  the 

rocking  curves  of  X-ray  diffraction.  50f  " 

Additionally  stress  birefringency  I - ^ ^ ^ ^ — 

images  of  wafers  cut  from  these 

boules  were  made,  to  reveal  the  wafer  diameter  (inch) 

lateral  variation  of  stress  contrast.  „  „  ^  r  .  .  .  .. 

_  .  ,  .  .  ,  .  Figure  2:  Dependence  of  average  micropipe  density 

One  typical  image  is  illustrated  in  (MPD)  on  wafer  area  under  observation 

Fig.  3a.  Areas  with  low  stress  for 2"  6H-SiC  wafers 

contrast  are  restricted  to  a  small 

central  region  of  the  wafer.  Most  of  the  wafer  area  has  a  high  contrast  in  the  stress 
birefringency.  Both,  micropipe-distribution  and  stress  birefringency  show,  that  the  desired 
aim  of  homogeneity  of  crystal  quality  over  the  whole  wafer  was  not  achieved  so  far. 


wafer  diameter  (inch) 

Figure  2:  Dependence  of  average  micropipe  density 
(MPD)  on  wafer  area  under  observation 
for  2"  6H-SiC  wafers 
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Figure  3a:  Stress  birefringency  image 
of  a  2"  6H-SiC  wafer  with  a 
high  stress  contrast  over  a 
large  area. 


Figure  3b:  Stress  birefringency  image 
ofa2"6H-SiC  wafer  with 
a  nearly  contrast-free 
central  region. 
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For  the  investigation  of  the  influence  of  different  process  conditions  on  the  crystal  quality, 
two  comparable  wafers  from  the  same  boule  were  selected.  Therefore  the  influence  of  seed 
quality  can  be  neglected.  These  samples  showed  nearly  identical  micropipe  densities  and 
micropipe  distribution,  stress  birefringency  images  and  FWHM-values.  From  these  two 
seeds  two  6H-SiC  crystals  were  grown  under  different  thermal  conditions.  The  results  can  be 
seen  in  Figure  4.  High  temperature  gradients  (indicated  by  T)  lead  to  a  poorer  crystalline 
quality  (Al),  while  more  moderate  thermal  boundary  conditions  (indicated  by  4)  resulted  in 
smaller  FWHM-values  (Bl).  By  using  wafers  from  the  boules  Al  and  B1  as  seeds  for  the 
subsequent  growth-runs,  the  two  experimental  series  A  and  B  were  carried  out.  In  all 
experiments  the  achieved  crystalline  quality  could  be  correlated  with  the  applied  thermal 
conditions.  Based  on  these  results  a  significant  improvement  of  wafer  quality  became 
possible.  From  Figure  2  (series  II)  one  can  see  a  reduction  of  average  micropipe  densities 
below  the  level  of  200  cm'",  over  the  whole  wafer  area.  A  comparision  between  Figures  3a 
and  3b  shows  an  obvious  stress  reduction. 

In  addition  inclusions  in  silicon  carbide  were  examined  with  auger  electron  spectroscopy. 
These  inclusions  could  generate  micropipes  and  are  so  far  ascribed  to  graphite  [7,  8]. 


Figure  5a:  SEM-image  of  an 
inclusion,  exposed  after 
successive  sputtering. 


Figure  5b:  AES-image  for 
Carbon-Mapping 


Figure  5c:  AES-image  for 
Silicon-Mapping 


Fig.  5a  shows  inclusions,  that  were  exposed  on  the  surface  of  silicon  carbide  samples  after 
successive  sputtering  with  a  scanning  auger  microscope.  Silicon-  and  carbon-sensitive  auger- 
mappings  of  this  surface  showed  that  these  inclusions  have  a  high  carbon  and  a  low  silicon 
content,  relative  to  the  surrounding  silicon  carbide  matrix  (Fig  5b,  5c).  Carbonization  due  to 
unfavourable  process  conditions  could  be  the  origin  of  these  inclusions.  The  reduction  of  the 
inclusion  content  could  contribute  to  a  further  lowering  of  MPD. 

Besides  crystal  quality  and  its  lateral  distribution,  the  homogeneity  of  electrical  properties  of 
wafers  is  also  of  great  importance.  The  results  of  a  typical  specific  electrical  resistivity 
mapping  is  shown  in  Fig.  6.  The  resistivity  lies  between  0.0382  Qcm  and  0.0496  Qcm,  with 
an  average  value  of  0.0451  Qcm  and  a  standard  deviation  of  0.0028  Qcm.  The  average  value 
for  the  resitivity  corresponds  to  a  net  doping 


concentration  Nd-Na  of  3,3*1018  cm'3 


SUMMARY  AND  OUTLOOK 


V 


We  have  shown  that  the  enlargement  of  crystal 
diameter  can  lead  to  a  decreased  crystal  quality, 
especially  in  the  periphery  of  the  crystals.  By 
improving  process  conditions  we  succeeded  in 
growing  boules  with  significantly  reduced  defect 
densities  and  improved  homogeneity.  For  further 
investigations,  concerning  the  connection  between 
process  conditions  and  crystal  quality,  additional 
quality  criteria  like  dislocation  density,  grain 


Figure  6:  Mapping  of  specific  electrical 
resistivity  of  a  nitrogen-doped 
2"  6H-SiC  wafer. 
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boundaries,  etc.  have  to  be  taken  into  account.  The  calculation  of  the  temperature 
distribution  inside  the  growth  reactor  by  means  of  numerical  modelling  will  also  contribute 
to  a  better  understanding  of  the  interactions  of  the  growth  process. 
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ABSTRACT 

The  electrical  properties  of  nitrogen  doped  n-type  6H-  and  4H-SiC  bulk  crystals  grown  by 
the  Lely-  or  modified  Lely-method  have  been  characterized  by  Hall-measurements.  The 
doping  densities  were  determined  by  a  fit  of  the  neutrality  equation  to  the  experimental 
data,  accounting  for  in-equivalent  lattice  sites  and  the  temperature  dependence  of  the  ef¬ 
fective  density-of-  states-mass  extracted  from  recent  results  of  ab-initio-calculations  of  the 
6H-  and  4H-SiC  bandstructure  [1].  The  theoretical  analysis  of  the  Hall-mobility  is  based 
on  an  extended  form  of  the  Rode-Nag  iteration  algorithm  [2].  The  calculation  scheme  con¬ 
siders  all  relevant  elastic  and  inelastic  scattering  mechanisms,  the  anisotropy  of  the  crystal 
modifications  and  the  possible  effect  of  spatial  inhomogeneities  in  the  distribution  of  donors, 
acceptors  or  in  the  related  electron  system.  Within  these  concepts  it  is  possible  to  achieve 
a  quantitative  agreement  between  theoretical  and  experimental  mobility  data  in  4H-  and 
6H-SiC  over  the  whole  temperature  range  of  band  conduction.  New  values  for  the  acoustic 
deformation  potentials  Eac  [15.0±0.5eV  (6H),  14.8±0.5eV  (4H)]  and  the  coupling  constants 
for  intervalley  phonon  scattering  D{nt  [2.3  ±  0.1  x  10 9  eV/cm  (6H),  2.6  ±  0.1  x  10  eV/cm 
(4H)]  are  given. 

INTRODUCTION 

For  the  understanding  of  the  limiting  factors  of  the  electron  mobility  in  SiC  a  detailed  analysis 
of  the  scattering  mechanisms  is  essential.  A  principal  problem  for  early  scientific  approaches 
to  this  subject  [3,  4,  5]  was  the  lack  of  critical  material  parameters  of  SiC  at  that  time. 
Recent  theoretical  results  of  ab-initio-calculations  of  the  6H-  and  4H-SiC  bandstructure  [1] 
and  experimental  data  for  the  effective  electron  masses  [6,  7,  8]  provide  the  basis  for  a  quan¬ 
titative,  theoretical  mobility-analysis  of  these  polytypes.  Until  now  a  detailed  calculation  of 
the  electronic  mobility  of  SiC  without  the  relaxation  time  approximation  was  only  performed 
for  the  cubic  modification  (3C-SiC)  [9].  Smitrar  go  tins  work  the  mobility-analysis  of  n-type 
6H-  and  4H-SiC  bulk  crystals  grown  by  the  Lely-  or  modified  Lely-method  presented  in  this 
study  is  based  an  extended  version  of  the  Rode-Nag  iteration  method  [2],  but  modified  to 
account  for  the  specific  conductivity-anisotropy  [10]  of  these  hexagonal  polytypes. 

EXPERIMENT 

The  investigated  nitrogen  doped  n-type  6H-  and  4H-SiC  samples  (typical  dimensions: 
5  x  5  X  0.5  mm3  with  the  orientation  of  the  basal  plane  perpendicular  to  the  crist allographic 
c-axis)  were  cut  from  crystals  grown  by  the  Lely-  (L)  or  modified  Lely-method  (ML).  Fur¬ 
ther  details  of  the  SiC  sublimation  growth  at  the  Materials  Science  Institute  VI  (Erlangen, 
Germany)  can  be  found  in  [11].  Ohmic  contacts  at  the  four  corners  of  the  samples  were 
prepared  by  vaporization  of  titanium,  followed  by  an  annealing  step  at  900 °C  for  10  min 
in  vacuum.  For  the  measurement  of  the  electrical  conductivity  <r  and  the  Hall-constant  Rh 
at  an  magnetic  field  B  of  0.42  T  the  van  der  Pauw  [12]  method  was  used:  The  electron 
density  n  =  rf{/(e\Rif\)  and  the  Hall-mobility  fiH  =  cr(B  =  0)ji?//|  were  calculated  with 
the  simplified  assumption  of  the  Hall-scattering  factor  th  =  1-  Based  on  the  number  of 
hexagonal  and  cubic  lattice  sites  the  donor  concentration  ratios  ND{h)  :  ND{k)  for  4H-  and 
6H-SiC  are  1  :  1  and  1  :  2,  respectively.  Hereby  the  energetic  difference  of  the  two  cubic 
sites  (kuk2)  in  6H-S1C  is  too  small  to  be  seperated  by  Hall-measurement.  The  donor  con¬ 
centration  Nd  -  No{h)  -f  No{k),  the  compensating  acceptor  concentration  Acomp  and  the 
ionization  energies  (AE(/i),  A.E(k))  were  determined  by  direct  numerical  fitting  of  the  neu¬ 
trality  equation  to  the  n(T)  data.  In  the  neutrality  equation  the  temperature  dependence 
of  the  effective  density  of  states  mass  [1]  was  considered  and  the  valley-orbit  splitting  of  the 
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nitrogen  ground-state  [13,  14,  15]  was  taken  into  account  by  modifying  the  spin  degeneracy 
factor  accordingly  [16].  The  numerical  fitting  results  for  the  samples  of  Fig.l  and  Fig.2  are 
summarized  in  the  following  table: 


polytype 

sample 

Nd  (cm  3] 

Ncomp  [cm  3] 

A E(h)  [meV] 

A E(k)  [meV] 

6H 

ML1 

2.3  x  1017 

2.9  x  1016 

94 

119 

LI 

3.2  x  10ia 

4.0  x  101V 

77 

112 

L2 

7.8  x  10i8 

1.4  x  10lts 

72 

101 

4H 

ML4 

1.5  x  1017 

6.7  x  1016 

51 

109 

ML5 

3.8  x  101* 

1.1  x  1018 

53 

98 

The  dependency  of  the  activation  energies  from  the  doping  concentrations  can  be  understood 
within  the  theory  of  the  formation  and  broadening  of  a  donor  impurity  band  [17].  Due  to  the 
comparatively  high  donor  binding  energies  in  SiC  the  mechanism  of  Hopping-conductivity 
[17]  becomes  important  at  relatively  high  temperatures  of  40-75K,  depending  on  doping  and 
compensation.  Connected  to  this  is  the  high  temperature  dependence  of  fijj  (Fig.l  and  Fig.2) 
in  this  temperature  regime  [18],  where  the  theoretical  interpretation  within  the  formalism  of 
the  Boltzmann-e quation  used  in  the  following  chapter  is  not  valid. 

From  the  Hall-analysis  of  a  series  of  n-type  bulk  4H-  and  6H-SiC  samples,  typically  an 
increase  of  Ncomp  was  found  with  increasing  iV#,  despite  the  fact,  that  in  the  low  temperature 
photoluminescence  of  the  ML-samples  no  donor-acceptor  pair  spectrum  was  visible  in  the 
blue  spectral  region.  This  is  to  be  expected  for  the  presence  of  flat  acceptors  like  Al  [19]. 
The  photoluminescence  spectrum  is  dominated  by  a  broad  emmission  at  1.8  eV  (6H)  and 
2.1  eV  (4H),  which  can  be  correlated  to  the  presence  of  deep  intrinsic  acceptors  [20]  and  the 
possible  mechanism  of  self-compensation  [21]. 


THEORY 

The  presented,  theoretical  analysis  of  the  Hall-mobility  is  based  on  the  linearized  Boltzmann- 
equation.  In  the  underlying  coordinate  system  the  2-axis  is  by  definition  parallel  to  the 
c-axis  of  the  hexagonal  unit  cell  of  SiC,  while  the  y-axis  is  parallel  to  one. of  primitive 
basis-vectors  a\  of  the  hexagon  and  the  rr-axis  perpendicular  to  the  corresponding  face.  For 
the  Hall-geometry  under  investigation  with  the  electrical  current  density  j  ±  c-axis  and 
the  magnetic  field  B  =  (0,0,  Bz)  |j  c-axis  the  electrical  field  is  without  loss  of  generality 
defined  by  £  =  (£r,0,0).  The  results  of  bandstructure  calculations  show,  that  due  to 
the  low  symmetry  ((72t,)  of  the  fe-vector  in  the  M  —  L  direction  of  the  Brillouin-zone ,  the 
tensor  of  the  effective  electron  mass  for  4H-  und  6H-SiC  has  3  independent  components 
[1].  In  the  parabolic  approximation  for  6H-  and  4H-SiC  there  are  respectively  6  and  3 
equivalent  conduction  band  minima  with  ellipsoidal  surfaces  of  constant  energy  described 
by  the  effective  masses  parallel  to  the  principal  axis  (mi  (||  M  —  T),  m2  (j|  M  —  A),  m3 
[M  —  L ))  have  to  be  considered.  Using  the  Herring- Vogt  Transformation  [2]  the  ellipsoidal 
energy  surface  in  fe-space  can  be  transformed  to  a  spherical  surface  in  the  new  w-space  with 
the  energy  dispersion  Ew  =  A2u?2/2m(7.  (mff:  arbitary  normalization  factor).  The  definition 
of  effective  field  intensities  finally  leads  to  an  equivalent  description  of  the  carrier  transport 
by  the  Boltzmann-e  quation  as  in  the  case  of  an  isotropic  effective  electron  .mass.  After 
linearization  the  coupled  equations  for  the  calculation  of  the  electronic  relaxation  functions 
(f>x  and  (j>y  (not  to  be  confused  up  with  relaxation  times)  are  given  by  [2] 

Lc4>x  ~  vz(f)y  =  1  (1) 

ujzcf)x  +  Lc4>y  =  0  (2) 


with  l oz  =  eBa/(mim2)1/'2  and  the  collision  operator 
r  ,  vc  (m1m2m3)l/2  f  1  -  fo(E') 

Lc*‘=<2^  ^ —Jdw  T=mTw‘ 


Wi 


(3) 
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(/0:  Fermi-Dirac  distribution,  TWV}r.  transition  probability,  E  =  Ew,  E'  =  Ew/).  After 
the  back-transformation  from  w-space  to  k- space,  taking  into  account  the  configuration  of 
the  equivalent  conduction  band  minima,  the  conductivity  tensor  for  4H-  and  6H-SiC  for  the 
special  configuration  B  ||  c-axis  is: 


/  < Tn  <712  0  \ 

a=  ~<Ji2  <TU  0  (4) 

\  0  0  <t33  / 


with 


and 


(7u  = 


ne2  ((<}>x}  (<f>x) 


+ 

mi  m2 


(5) 


9  00  00 

<&)  =  -\f  dE<kE*  /  f  dEf0Ei 


(6) 


In  this  case  the  Hall-constant  and  Hall-mobility  are  connected  to  the  components  of  the 
electrical  conductivity  tensor  by: 


Rh  =  v n  [Bg  (<tJi  +  <rj2)]  1  ,  pH  =  o’n(O)  \Rh\  (7) 

Within  the  existing  accuracy  of  the  mobility  measurements  and  the  lack  of  accurate  data  for 
electron-phonon  coupling  constants  in  4H-  and  6H-SiC  the  extensive  calculations  involved 
in  an  exact  evaluation  of  (3)  cannot  be  justified.  Therefore  in  this  work  the  transition 
probability  Tw  w/  is  approximated  as  an  isotropic  process  with  the  effective  density  of  states 

mass  rrid  =  ^  which  is  exact  for  randomising  scattering.  The  anisotropy  of  the 

conductivity  is  then  primarily  connected  to  the  superposition  of  the  different  contributions 
to  the  conductivity  expressed  in  (5).  All  collision  integrals  in  (3)  for  the  elastic  and  inelastic 
scattering  processes  [2,  22]  were  calculated  by  numerical  integration.  No  approximations 
(like  e.g.  the  Brooks-H erring  formula  to  describe  impurity  scattering)  were  used,  as  this 
turned  out  to  be  critical  for  the  accuracy  of  the  results.  It  has  also  to  be  stressed,  that  due 
to  the  relatively  high  LA-  (6H:  76.5 meV,  4H:  76.6meV  [23])  and  LO-  (6H:  119.98 meV , 
4H:  119.73  meV  [7])  phonon  energies  involved  in  the  inelastic  electronic  scattering  processes 
in  SiC  (inter-valley  scattering:  LA,  non-polar  and  polar  optical  phonon  scattering:  LO) 
theoretical  results  based  on  the  relaxation  time  approximation  [24]  are  strictly  speaking  not 
valid.  Therefore  in  this  work  the  calculations  are  based  the  Rode~Nag ^ iteration  method  [2], 
which  was  extended  to  account  for  several  inelastic  processes  at  one  time.  It  was  shown  by 
Tsukioka  [9],  that  for  the  explanation  of  mobility  data  of  3C-SiC  in  addition  to  the  scattering 
by  isolated  ionized  impurities  it  was  necessary  to  introduce  the  concept  of  dipole-scattering 
[22]  to  the  theoretical  mobility  analysis,  accounting  for  inhomogeneities  in  tfte  impurity  or 
related  electron  configuration.  Also  for  a  consistent  mobility-analysis  of  n-type  bulk  4H-  and 
6H-SiC  it  turned  out  to  be  necessary  to  split  the  concentration  of  ionized  impurities  into 

Ndtpole  —  % dipole  '  ~  %  dipole  '  A A  (®) 

N*tu,d  =  K  +  N2  -  2 NdipoU  *n  +  2NA(l  - 1***)  (9) 

with  the  fraction  xjipou  of  the  acceptors  (density:  NA)  forming  dipoles  of  a  length  <4„„ie 
with  donors  (density:  Nd )■  Possible  reasons  for  this  may  be  attributed  to  the  already 
tioned  self-compensation  mechanisms  or  the  preferencial  formation  of  so  called  ’’l-complexes” 
in  a  impurity  band  [17].  The  considered  elastic  scattering  processes  additionally  included 
acoustical  deformation  potential  (Eac)  scattering,  while  piezoelectric-  and  neutral  impurity 
scattering  were  ineffective  for  the  investigated  samples  in  the  temperature  regime  of  band 
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conduction.  Eac ,  xdipoie,  ddipoie  and  Dint  (coupling  constant  for  intervalley-scattering)  were 
used  as  fitting  parameters  for  the  calculations.  The  coupling  constant  Dnpo  of  the  negligible 
non-polar  optical  phonon  scattering  (Hlolo  >  hw la !)  cannot  be  extracted  by  the  fitting 
process.  Thus  Dnpo  =  Ant  was  defined.  Within  these  concepts,  for  the  first  time  a  con¬ 
sistent,  quantitative  agreement  between  theory  and  experiment  (Fig.l  and  Fig.2)  could  be 
achieved  within  the  entire  range  of  band  conduction.  An  increase  of  xdipoie  is  found  with 
increasing  donor  concentrations.  The  fitting  results  correspond  well  to  the  parameters  found 
by  Tsukioka  [9]  for  3C-SiC: 


polytype 

Eac  leV] 

Dint  [eV/cm] 

ddiPole  [U77z] 

X  dipole 

3C  [9] 

14 

WMEBEMM 

100%  (postulate) 

6H 

15  ±  0.5 

variable 

4H 

14.8  ±  0.5 

0.7  ±0.05 

variable 

The  temperature  dependence  of  the  Hall-factor  th(T)  also  resembles  the  principal  depen¬ 
dence,  recently  measured  for  4H-SiC  samples  [25].  By  correcting  from  some  examples  the  free 
electron  concentration  n(T )  with  the  theoretical  results  of  r#(T )  ^  1  the  following  values 
are  found  after  a  new  fit  of  the  neutrality  equation: 


polytype 

sample 

Nd  [cm'3] 

Ncomp  [cm  3] 

A£(/i)  [meV] 

A E{k)  [meV] 

6H 

ML1 

96 

135 

L2 

fTTTTH 

61 

98 

4H 

ML4 

nQTjUi 

mriTT 

53 

116 

ML5 

4.1  x  1018 

1.3  x  1018 

47 

97 

The  deviations  from  the  previous  fitting  results  with  ru  —  1  are  within  the  limits  given  by 
the  accuracy  of  the  underlying  experimental  data  and  the  parameters  usea  lor  t-ne  fitting 
procedure.  It  is  therefore  important  to  note,  that  the  given  analysis  justifies  the  use  of 
th  =  1  for  the  evaluation  of  SiC-Hall-data  for  practical  purposes.  Only  by  this  fact  it  can  be 
understood,  that  it  was  possible  to  achieve  a  quantitative  aggreement  between  the  described 
theory  and  experimental  data  at  all.  Otherwise  a  far  more  complex  iteration  procedure 
between  the  mobility  calculation  and  correcting  the  experimental  data  with  the  theoretical 
rH(T )  values  would  have  been  necessary. 

CONCLUSIONS 

The  doping  densities  and  ionization  energies  of  n-type  bulk  6H-  and  4H-SiC  samples  were 
extracted  from  Hall-measurements  considering  recent  results  of  ab-initio  bandstructure  cal¬ 
culations  [1].  The  theoretical  analysis  of  the  Hall-mobility  is  based  on  an  extended  version 
of  the  Rode-Nag  iteration  algorithm  [2]  taking  into  account  all  relevant  elastic  and  inelastic 
scattering  mechanisms.  In  order  to  achieve  a  consistent,  quantitative  agreement  to  experi¬ 
mental  data  the  concept  of  dipole  scattering  has  to  be  introduced  into  the  analysis  to  account 
for  possible  spatial  inhomogeneities  in  the  impurity-  or  related  electron-system.  The  given 
fitting  parameters  for  the  acoustic  deformation  potentials  and  the  inter-valley  coupling  con¬ 
stants  are  close  to  recently  published  values  extracted  from  high-field  transport  Monte  Carlo 
simulations  for  4H-  and  6H-SiC  [26].  The  results  also  justify  the  use  of  rjj  —  1  for  practical 
purposes  of  Hall-data  evaluation.  By  transfering  the  presented  theoretical  concept  of  dipole¬ 
scattering  for  the  interpretation  of  Hall-data  of  SiC  epi-layers  one  has  to  keep  in  mind,  that 
the  Hall  measurements  in  this  case  may  be  strongly  influenced  by  the  conductive  substrate 
and  as  the  growth  conditions  for  epi-layers  are  typically  quite  different  from  SiC  bulk  growth, 
this  may  particulary  influence  selfcompensation  effects  and  the  spatial  distribution  of  donors 
and  acceptors. 
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T  [K]  T  [K] 

Figure  1.  Theoretical  and  experimental  Hall-mobility  in  6H-SiC:  a)  scattering  mechanisms,  b) 
Hall-mobility  /x#  and  Hall-factor  ru  for  different  samples  [x dipole-  ML1(0%),  LI  (40%),  L2(70%)] 


T  [K]  T  [K] 


Figure  2.  Theoretical  and  experimental  Hall-mobility  in  4H-SiC:  a)  scattering  mechanisms,  b) 
Hall-mobility  /x//  and  Hall-factor  r#  for  different  samples  [ Xdipoie •  ML4(0%),  ML5(15%)] 
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MID  INFRARED  PHOTOCONDUCTIVITY  SPECTRA  OF  DONOR 
IMPURITIES  IN  HEXAGONAL  SILICON  CARBIDE 

R.  J.  LINVILLE,  G.  J.  BROWN,  W.  C.  MITCHEL,  A.  SAXLER  AND  R.  PERRIN 
Air  Force  Research  Laboratory,  Materials  &  Manufacturing  Directorate  (AFRL/MLPO) 

3005  P  ST,  Wright-Patterson  AFB,  OH  4533-7707 

ABSTRACT 

Mid-infrared  photoconductivity  (PC)  is  a  useful  technique  for  identifying  and  investigating 
donor  and  acceptor  centers  in  many  semiconductors.  This  is  especially  true  when  the  PC  results 
are  combined  with  other  measurements  such  as  Hall  Effect  and  DLTS.  We  report  on  the  first 
Fourier  Transform  Infrared  (FTIR)  photoconductivity  spectra  for  n-type  6H  and  4H-SiC.  The 
samples  studied  had  temperature  dependent  Hall  activation  energies  around  45  meV  and  85  meV 
in  the  4H  samples,  and  a  single  activation  energy  of  106  meV  in  the  6H.  For  the  4H  samples,  the 
PC  spectra  showed  an  increase  in  photoresponse  between  40  and  47  meV,  with  another  sharp 
increase  at  120  meV.  In  the  6H-SiC,  the  photoresponse  also  had  a  rapid  increase  at  120  meV,  and 
at  77  meV  in  one  sample.  The  photoresponse  spectra  of  the  n-type  4H  and  6H-SiC  samples 
were  distinctly  different  in  the  mid-infrared. 

INTRODUCTION 

SiC  has,  in  comparison  with  Si,  superior  properties  regarding  high-power,  high-frequency  and 
high-temperature  electronics.  The  material  has  high  thermal  conductivity,  can  withstand  high 
electric  fields  before  breakdown  and  also  high  current  densities.  The  wide  bandgap  results  in  a 
low  leakage  current  even  at  high  temperatures.  The  bandgap  of  SiC  depends  on  the  polytype  and 
ranges  from  2.4eV  (3C-SiC,  T=4.2K)  to  3.3eV  (2H-SiC,  T=4.2K).1  Nitrogen  is  the  main  donor 
impurity  in  all  the  polytypes  of  SiC2  and  dominates  the  electrical  properties  of  n-type  SiC  since 
it  has  shallow  levels  in  the  upper  half  of  the  forbidden  gap.  Nitrogen  substitutes  for  carbon  in  the 
SiC  lattice.2  The  activation  energy  of  the  nitrogen  levels  depends  on  the  polytype  and  the 
substitutional  lattice  site  involved.  In  recent  years,  there  have  been  several  studies  on  identifying 
the  nitrogen  levels  in  6H  and  4H  silicon  carbide. 

One  technique  that  has  not  been  used  previously  to  study  these  energy  levels  is  mid-infrared 
photoconductivity.  The  only  reported  photoconductivity  spectra  for  SiC  are  for  deep  levels 
observed  at  energies  higher  than  0.5  eV.  Mid-infrared  photoconductivity  (0.025  to  0.5  eV)  can  be 
a  sensitive  technique  for  identifying  both  defect  levels  and  impurities  in  semiconductors.3,4 
Typically  the  optical  activation  energies  identified  in  photoconductivity  spectra  agree  well  with 
the  thermal  activation  energies  measured  by  temperature  dependent  Hall  effect  for  samples  from 
the  same  wafer.  In  this  study  we  compare  the  results  from  Hall  effect  and  Fourier  transform 
infrared  spectral  photoconductivity  for  several  samples  of  6H  and  4H  n-type  SiC. 

EXPERIMENTAL 

The  4H-SiC  and  6H-SiC  samples  have  been  grown  by  physical  vapor  transport.  All  of  the 
samples  were  found  to  be  of  the  n-type  conductivity  by  Hall  effect  measurements.  The 
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investigated  samples  were  cut  from  (0001)  wafers  of  SiC  crystals  which  were  either  vicinal  or  on- 
axis.  For  the  Hall  effect  measurements  we  used  samples  ~1  cm2  dimensions.  The  ohmic  contacts 
were  fabricated  in  the  four  comers  of  the  samples  (Van  der  Pauw  geometry)  by  evaporating 
Ni/Au  contacts  (n-type  samples)  and  by  subsequent  annealing  in  forming  gas  at  925°  C  for  5  min. 
The  resistivity  and  Hall  constant  at  a  magnetic  field  of  5-8  Kilogauss  were  measured  in  the 
temperature  range  of  10-1000  K. 

The  photoresponse  measurements  were  made  using  a  Bio-Rad  FTS-6000  Fourier  Transform 
spectrometer  with  a  wavelength  range  from  2  to  50  microns.  The  samples  was  mounted  on  the 
coldfmger  of  a  closed  cycle  refrigerator  allowing  the  sample  temperature  to  be  varied  from  10  K 
to  290  K.  The  sample  was  mounted  in  series  with  a  load  resistor  and  voltage  biased  in  a  range 
from  10  to  1000  volts,  depending  upon  signal-to-noise  requirements.  The  spectral  resolution  was 
varied  between  4  cm'1  to  1  cm'1  with  the  higher  resolution  reserved  for  samples  with  initially  high 
signal-to-noise  ratios.  For  the  photoresponse  studies,  the  samples  were  8mm  x  6mm  x  0.5mm 
dimensions  with  two  Ni/Au  strip  contacts  covering  all  but  a  1  mm  strip  down  the  center  of  the 
sample’s  top  surface.  Gold  wires  were  attached  to  the  contacts  with  indium  solder. 

6H-SiC  RESULTS 

Figure  1  shows  the  measured  free-electron  carrier  concentration  (ri)  versus  inverse  temperature 
for  a  n-type  6H-SiC  sample  in  the  concentration  range  from  10 10  to  1017  cm'3  as  a  function  of  the 
reciprocal  temperature.  The  free-electron  concentration  was  determined  from  the  experimental 
Hall  constant  R/,  and  given  by: 


n  =  UeRH. 


(1) 


The  carrier  concentration  versus  inverse  temperature  data  are  fit  by  the  least  squares  method  to 
the  multi-donor  charge  balance  equation: 


n  +  Na 


X 


Ndi 

\  +  ,kT 
Nc 


(2) 


Here  n  is  the  carrier  concentration,  Ndi  is  the  concentration  of  the  ith  donor  level  with  activation 
energy  Eai  and  degeneracy  factor  gj,  Na  is  the  concentration  of  compensating  acceptors,  and  the 
density  of  states  in  the  conduction  band  is: 

Nc  =  2Mc(27tm*kT/h2)3/2  (3) 

where  Mc  is  the  number  of  conduction  band  minima  and  m*  is  the  electron  effective  mass.  For 
6H-SiC  Mc  =  6  and  m*  =  0.588.  For  4H-SiC,  Mc  =  3  and  m*  =  0.390. 

The  fitting  results  for  both  6H  and  4H-SiC  samples  are  given  in  Table  I.  This  table  shows 
donor  concentration,  Hall  activation  energies,  as  well  as  the  standard  accepted  energy  levels, 
based  on  IR  absorption  data,  for  the  nitrogen  donor  in  both  SiC  polytypes.  The  fits  for  the 
sample  in  Fig.  1  indicated  only  one  donor  level  with  an  activation  energy  of  106.5  meV.  The 
other  6H  sample  was  highly  resistive  and  the  Hall  data  indicated  a  poorly  defined  deep  level. 
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FIG.  1 .  Measured  electron  carrier  concentration  versus  reciprocal  temperature  as  obtained  form 
Hall  Effect  measurement  of  n-type  6H-SiC. 
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FIG.  2.  Fourier  Transform  Infrared  photoresponse  of  n-type  6H-SiC  samples.  Sample  4 
(dashed  line)  is  the  same  as  shown  in  the  Hall  data.  Sample  3  (solid  Line)  shows  response  from 
the  shallower  nitrogen  level  of  6H-SiC 
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TABLE  I.  SiC  Donor  Activation  Energies 


Sample 

Nd  (atoms/cm3) 

Eac{  (IR  Abs.) 
(meV) 

Eact  (Hall) 
(meV) 

Eact  (PC) 
(meV) 

1(4H) 

1.2xl017 

52a 

46.8 

47.1 

7.7xl016 

92a 

87.0 

120 

2(4H) 

1.9xl017 

52a 

44.6 

40.9 

1.8xl017 

92a 

83.8 

120 

3  (6H) 

- 

81b 

— 

77 

138,142b 

120 

4(6H) 

8.4xl017 

— 

106.5 

120 

a)  W.  Gotz,  A.  Schoner,  G.  Pensl,  W.  Suttrop,  W.  J.  Choyke,  R.  Stein  and  S.  Leibenzeder, 

J.  Appl.  Phys.  73,  3332  (1993). 
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Figure  2  shows  two  FTIR  photoresponse  spectra  of  n-type  6H-SiC  material.  The  spectrum 
for  sample  4,  in  the  wavelength  range  50-300  meV,  shows  a  rapid  increase  in  the  photoresponse 
at  120  meV  with  no  lower  energy  states  observed,  probably  due  to  the  high  compensation  level  in 
this  sample.  A  rapid  increase  in  the  photoconductivity  occurs  when  the  photon  energy  is  greater 
than  the  energy  required  to  optically  excite  a  donor  electron  from  its  ground  state  to  the 
conduction  band.  The  energies  determined  from  the  photoresponse  onset  are  generally  accurate 
measures  of  the  optical  activation  energy  of  the  impurity  or  defect  levels  in  the  material.  The  120 
meV  activation  energy  is  between  the  value  from  the  Hall  fitting  and  the  expected  standard  value. 
The  sample  3  spectrum  shows  two  distinct  photoresponse  onsets  at  77  and  120  meV. 

The  mobilities  for  each  of  the  above  are  less  than  10  cm2/Vs  at  low  temperature.  These  low 
mobilities  required  high  electric  fields  to  be  applied  between  the  contacts  and  a  very  narrow 
optical  area  between  the  contacts.  The  6H  samples  had  an  applied  bias  voltages  from  45.1  volts 
to  1000  volts.  To  obtain  measurable  photoresponse,  sample  3  had  an  applied  voltage  of  45.1  at 
9.0K  and  sample  4  had  an  applied  voltage  from  500  volts  to  1000  volts  at  9.0K. 

4H-SiC  RESULTS 

Hall  effect  results  for  one  of  the  4H  samples  is  shown  in  Fig.  3.  The  data  for  both  samples 
were  fit  to  eq.  2  with  the  4H  parameters.  Both  samples  had  two  donors  levels  near  the  accepted 
values  for  the  hexagonal  and  cubic  sites  of  nitrogen  and  the  results  are  given  in  Table  I.  The  4H- 
SiC  samples  had  lower  concentration  levels  approximately  1017  cm*3  and  higher  mobilities  on  the 
order  of  150  cm2/ Vs  at  low  temperature  (~30  K).  For  both  4H-SiC  crystals  a  maximum  value  of 
1000  cm2/V s  at  T=100  K  was  obtained. 

The  low  temperature  photoconductivity  spectra  for  two  n-type  4H  SiC  samples  are 
compared  in  Fig.  4.  The  two  spectra  are  nearly  identical  in  shape  throughout  the  mid-infrared. 
Both  spectra  show  strong  increases  in  the  photoresponse  around  40  meV  and  at  120  meV.  The 
two  samples  show  two  slightly  different  energies  for  the  onset  of  the  shallow  nitrogen  level,  40 
and  47  meV.  As  previously  reported  in  DLTS  studies,  the  activation  energy  of  nitrogen  at  the 
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FIG.  3.  Measured  electron  carrier  concentration  versus  inverse  temperature  as  obtained  from  the 
Hall  measurement  of  n-type  4H-SiC  sample  1 . 
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FIG.  4.  Photoresponse  spectra  of  n-type  4H-SiC.  Sample  1  (solid  line)  is  the  same  as  shown  in 
the  Hall  data.  Sample  2  (dashed  line)  has  a  higher  donor  sample  concentration  than  sample  1. 
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hexagonal  site  decreases  with  donor  concentration.5  The  120  meV  level  is  higher  in  energy  than 
expected.  As  shown  in  Table  I,  the  theoretical  energy  for  nitrogen  on  a  cubic  site  is  92  meV. 

The  other  influence  on  the  SiC  photoresponse  spectrum  is  the  strong  absorption  bands  due  to 
the  excitation  of  lattice  vibrational  modes.  This  process  generates  no  electrons  and  hence  no 
additional  photoresponse  signal.  Instead,  these  phonon  modes  compete  with  any 
photoexcitation  processes  for  the  available  photons  at  selected  wavelengths  and  create  drops  in 
the  background  photoresponse.  The  influence  of  the  SiC  lattice  absorption  is  clearly  seen  in  the 
4H  spectra  in  the  region  from  95  mev  to  220  meV. 

CONCLUSIONS 

Another  powerful  optical  technique  for  examining  impurity  states  in  SiC  has  been 
demonstrated.  The  mid-infrared  photoconductivity  spectra  revealed  the  optically  active 
impurity  states  in  n-type  6H  and  4H-SiC.  These  photoionized  impurity  transitions  are  most 
likely  related  to  the  nitrogen  states  known  to  be  common  in  these  materials.  The  photoresponse 
spectra  from  6H  and  4H-SiC  are  observed  to  be  distinctly  different  in  many  respects.  However, 
all  the  spectra  show  very  strong  photoresponse  onsets  at  120  meV.  In  principle,  the  6H  and  4H 
polytypes  should  have  different  activation  energies  for  substitutional  nitrogen  on  the  cubic  lattice 
sites. 

If  only  the  6H  results  are  considered,  the  agreement  between  the  energies  determined  from 
photoresponse,  77  and  120  meV,  are  in  good  agreement  with  Hall  results  in  the  literature,  85  and 
125  meV.  When  the  4H  spectra  are  considered  however,  the  assignment  of  the  120  meV  onset  to 
an  optical  activation  energy  may  be  in  doubt.  In  4H  the  nitrogen  energy  for  the  cubic  sites  should 
be  closer  to  100  meV.  One  factor  maybe  the  strong  optical  phonons  known  to  occur  between 
98.7  meV  (Ei  TO)  and  1 19.9  mev  (A!  LO).  Further  work  will  be  done  on  thinned  SiC  samples  to 
reduce  the  intensity  of  these  lattice  absorptions  to  see  if  any  photoresponse  is  revealed  below  the 
120  meV  limit. 

The  agreement  for  the  activation  energies  of  substitutional  nitrogen  on  the  hexagonal  sites  in 
both  polytypes  determined  from  the  photoresponse  was  excellent.  The  4H-SiC  spectra  revealed 
a  shallow  nitrogen  level  at  47  meV  for  Nd=  1.2E17  cm'3  and  41  meV  for  Nd=1.9E17  cm'3.  This 
shift  with  donor  concentration  has  been  observed  by  other  researchers.  There  are  sharper 
features  in  the  photoresponse  spectra  of  4H-SiC  related  to  nitrogen  donor  excited  states  that  will 
be  published  at  a  later  date. 
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ABSTRACT 

This  paper  analyses  the  influence  of  the  sapphire  substrate  on  stress  in  GaN 
epilayers  in  the  temperature  range  between  4K  and  600K.  Removal  of  the  substrate  by 
a  laser  assisted  liftoff  technique  allows,  for  the  first  time,  to  distinguish  between  stress 
and  other  material  specific  temperature  dependencies.  In  contrast  to  the  prevailing 
assumption  in  the  literature,  that  the  difference  in  the  thermal  expansion  coefficients  is 
the  main  cause  for  stress  it  is  found  that  the  substrate  has  a  rather  small  influence  in 
the  examined  temperature  range.  The  measured  temperature  dependence  of  stress  is 
in  contradiction  to  the  published  values  for  the  thermal  expansion  coefficients  for 
sapphire  and  GaN. 


INTRODUCTION 

In  recent  years,  GaN  and  related  compounds  have  attracted  a  lot  of  academic  as 
well  as  commercial  interest.  This  is  due  to  the  potential  applications  for  UV-based  opto¬ 
electronic  applications  as  well  as  high-temperature  electronics  [Kahl].  Very  bright  blue 
and  green  InGaN  single  quantum  well  diodes  light-emitting  diodes  have  been  developed 
and  commercialized  [Nakll,  and  a  laser  diode  consisting  of  4  InGaN  multi  quantum 
wells  has  been  reported  to  have  a  room  temperature  cw-operational  lifetime  of  more 
than  10.000  hrs  [Nak2]. 

Since  large-scale  GaN  substrates  are  not  available,  epitaxial  layers  of  GaN  are 
deposited  for  the  most  part  on  foreign  substrate  materials  like  sapphire  and  SiC.  These 
materials  are  known  to  result  in  stress  in  the  GaN  main  layer  which  can  reach  values  of 
up  to  1.2  GPa  IKrul],  either  compressive  or  tensile.  It  is  commonly  argued  that  the 
lattice  mismatch  between  layer  and  substrate  and  the  difference  in  thermal  expansion 
coefficient  (TEC)  are  the  main  causes  of  stress  in  the  GaN  layer  at  room  temperature. 
Consequently,  considerable  efforts  have  been  spent  on  the  exploration  of  alternative 
substrate  materials.  These  have  been  either  focused  on  matching  the  lattice  constant 
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(Si,  GaAs,  ZnO,  LLAIO3)  or  matching  the  thermal  expansion  coefficient  (Ge  [Siel]).  As 
to  date,  however,  best  results  for  GaN  are  still  achieved  for  growth  on  sapphire. 
Though  methodologies  have  been  empirically  developed  to  control  stress  to  some  extent, 
very  little  fundamental  understanding  of  the  exact  causes  of  stress  has  been  gained. 

Based  upon  the  linear  thermal  expansion  coefficients  for  GaN  (a  =  5.59  x  10'6/K), 
for  sapphire  (ot=  7.5  x  lO^/K),  and  for  SiC  (a  =  4.2  x  lO^/K),  all  values  are  measured  at 
room  temperature  [Lanl],  GaN  crystals  grown  on  sapphire  should  be  compressively 
stressed,  whereas  crystals  grown  on  SiC  should  be  under  tensile  stress.  This  statement 
assumes  that  stress  caused  by  the  mismatch  of  the  lattice  constants  is  completely 
relaxed.  For  most  reported  characterization  studies,  this  assumption  certainly  holds, 
though  it  has  been  recently  shown  that  an  adequate  buffer  layer  design  allows  to  grow 
GaN  in  tension  on  sapphire  [Krull  and  compressively  stressed  GaN  on  SiC  [Edwl].  Up 
to  this  point,  however,  no  publication  is  able  to  quantitatively  explain  the  influence  of 
the  substrate  on  the  amount  of  stress  in  the  GaN  main  layer.  Due  to  experimental 
constraints,  it  is  unfortunately  difficult  to  determine  stress  in-situ  during  growth  and 
subsequent  cooling  down.  Therefore,  in  most  cases,  post-growth  attempts  to  monitor 

the  temperature  dependence  of  stress 
are  limited  to  the  range  between  4  K  and 
800  K.  Extrapolation  of  stress  data  taken 
by  Raman  spectroscopy  between  300  K 
and  750  K  [Agel]  reveal  a  discrepancy 
between  the  expected  absolute  amount  of 
stress  and  actual  measured  stress  values 
for  MOCVD  and  MBE  grown  samples. 
This  effect  was  explained  by  the 
assumption  of  onset  of  plastic  flow 
releasing  stress  during  cool-down  to  an 
unknown  amount,  [Kiel].  On  the 
contrary,  S.Hearne  et.al.  [Heal]  have 
recently  shown  by  in-situ  stress 
/.  t  ^  ,T  measurements  that  GaN  tends  to  grow 

Figure  1:  SEM  image  of  a  free-standing  GaN  under  tensile  stress  that  plastic 

membrane  lifted  off  from  sapphire.  relaxation  during  cool-down  is  negligible. 

Stress  can  be  most  conveniently  determined  by  photoluminescence  at  cryogenic 
temperatures.  It  is  known  to  shift  the  PL  transition  of  the  donor  bound  exciton  (DX) 
spectrum  by  27meV/GPa  with  the  stress-free  position  located  at  3.467  eV,  [Kiel]. 
Besides  being  subject  to  built-in  stress  at  a  given  temperature,  near  band  gap  transitions 
are  also  temperature  dependent,  as  they  follow  the  temperature  dependence  of  the 
bandgap.  For  the  last  25  years,  numerous  publications  have  attempted  to  determine  and 
explain  the  bandgap  temperature  dependence  of  hetero-epitaxially  grown  GaN.  The 
huge  differences  in  the  observed  dependencies  have  been  ascribed  to  various  material 
and  growth  parameters,  such  as  the  growth  method,  post-growth  cooling  down  rate, 
sample  thickness,  to  name  a  few.  None  of  these  publications,  however,  is  in  the  position 
to  sort  out  one  particular  parameter  and  to  describe  or  even  explain  its  influence  on  the 
GaN  bandgap  temperature  dependence. 

This  study  now  takes  an  entirely  new  approach  to  the  described  problems. 
Removal  of  the  sapphire  substrate  via  a  laser-assisted  liftoff  technique  [Wonl]  provides 
a  reference  sample  which  allows  studying  exclusively  the  temperature  dependence  of 
stress.  For  the  first  time,  it  is  therefore  possible  to  distinguish  between  intrinsic  and 
material  specific  effects  of  the  band  gap  temperature  dependence  on  the  one  hand  and 
stress  effects  caused  by  the  thermal  mismatch  between  sapphire  substrate  and  GaN 
layer  on  the  other  hand.  To  prove  the  general  applicability  of  the  described  findings, 
HVPE  and  MOCVD  grown  samples  are  analyzed. 
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EXPERIMENTAL 

All  GaN  samples  used  in  this  study  were  grown  on  sapphire.  The  samples  grown 
by  Metal-Organic  Chemical  Vapor  Deposition  (MOCVD)  were  supplied  by  Cree 

Research  and  represent  commercially 
available  state-of-the-art  material. 
The  n-type  carrier  density  was 
specified  as  in  the  low  1017cm‘3;  the 
sample  thickness  was  2  pm.  The 
Hydride  Vapor  Phase  Epitaxy  (HVPE) 
grown  samples  were  about  25  pm 
thick.  Growth  details  are  described  in 
[Moll]. 

For  each  set  of  samples,  a 
reference  sample  was  produced  by 
removing  its  sapphire  substrate  by  a 
recently  developed  laser-assisted  lift¬ 
off  technique  [Wonl].  This  method  is 
3.450  3.455  3.460  3.465  3.470  3.475  3.480  3.485  3.490  known  to  preserve  the  optical  and 
Energy  [eV]  structural  qualify  of  the  GaN  film,  see 

Figure  2:  Low-temperature  PL  spectra  of  a  free-  figure  2. 

standing  and  a  GaN  film  still  attached  to  its  Photoluminescence  was  excited 

sapphire  substrate.  by  a  50mW  HeCd  laser,  diffracted  by  a 

0.85m  double  grating  monochromator 
and  detected  by  an  UV-sensitive  photo-multiplier.  Special  attention  was  spent  to  keep 
the  excitation  density  constant  for  all  samples.  Further,  with  neutral  density  filters  the 
excitation  density  was  sufficiently  reduced  to  exclude  any  warming  effects.  For 
temperatures  between  15  K  and  320  K  a  closed  cycle  refrigerator  was  used, 
temperatures  between  300  K  and  600  K  were  achieved  by  using  a  hot  plate.  Sample 
mounting  with  vacuum  grease  warranted  a  stress-free  sample  fixture  and  sufficient 
thermal  contact  with  the  copper  holder. 


0  100  200  300  400  500  600 


Temperature  [K] 

Figure  3:  Temperature  dependence  of  free 
exciton  line  full  width  at  half  maximum. 


RESULTS 

Comparison  between  the  low- 
temperature  PL  spectra  of  the  MOCVD 
grown  GaN  layer  still  attached  to  its 
substrate  and  the  free-standing  layer  shows 
a  red  shift  of  the  donor  bound  exciton 
transition,  figure  2.  The  energetic 
difference  indicates  a  stress  release  of  0.4 
GPa,  according  to  the  calibration  provided 
by  [Kiel].  In  particular,  it  is  found  that  the 
stress  gradient  across  the  cross  section  of 
the  HVPE  grown  layer  which  can  be  as 
much  as  0.8  GPa,  [Sie2],  has  been 
completely  relaxed,  too.  The  energetic 
positions  of  the  PL  spectra  excited  from  the 
top  and  the  former  interface  side  are 
identical. 

The  near  band  gap  PL  signal  at 
cryogenic  temperatures  is  comprised  of 
three  transitions:  the  donor  bound  exciton 
DX  =  3.466eV,  the  free  exciton  A  FX(A)  = 
3.472eV,  and  the  free  exciton  B  FX(B)  = 
3.479eV;  energetic  positions  are  given  for 
the  free-standing  sample.  For  the  whole 
temperature  range  between  4  K  and  600  K 
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the  entire  near  band  gap  spectrum  could  be 
perfectly  simulated  by  combination  of  these 
lines  under  the  assumption  of  a  Lorentzian 
line  type.  This  finding  proves  that  the 
nature  of  the  luminescing  transition  does 
not  change  over  the  whole  range.  In 
particular  it  should  be  noted  that  the  free 
excitonic  transition  is  traceable  for  the 
whole  temperature  range  and  no 
contribution  from  band-to-band  transitions 
has  been  noticed,  in  agreement  with 
[Herl].  For  most  samples,  the  donor  bound 
exciton  has  been  visible  for  temperatures 
up  to  150  K.  The  free  exciton  B  is  clearly 
visible  up  to  260  K.  Due  to  the  rapidly 
increasing  line  width  (fig.4)  and  small 
energetic  distance  to  the  free  exciton  A,  it 
can  not  be  resolved  anymore  for  higher 
temperatures.  As  expected,  the  energetic 
spacing  between  these  transitions  are 
temperature-independent,  the  found 
energetic  differences  are:  (FX(A)  -  DX  = 

5.5meV,  FX(B)  -  FX(A)  =  6.5  meV)  Figure  4:  Varshni  plot  of  the  energetic  position 

Y  of  the  free  exciton  A  for  both  the  free-standing 

r  =  r0  +  yphT+  explfav^i'l-  1  <•"<*  ‘he  GaN  film  on  sapphire. 

The  temperature  dependence  of  the  line  width  can  be  broken  down  into  three 
major  regimes,  figure  3.  At  cryogenic  temperatures,  the  line  width  is  dominated  by 
interface  roughness,  the  exciton-exciton  interaction,  and  exciton  scattering  by 
impurities,  [Visl].  The  intermediate  region  is  given  by  the  coupling  strength  of  the 
interaction  between  excitons  and  acoustical  phonons.  For  temperatures  above  240K, 
the  line  width  is  entirely  dominated  by  the  exciton  interaction  with  longitudinal  optical 
phonons.  We  find  the  following  parameters:  Fo  =  13  meV,  yPh  ==  31±2  (leV,  and  Tlo  = 
500±25  jieV.  These  values  are  in  agreement  with  a  previous  publication  [Visl]. 

Figure  4  shows  the  temperature  dependence  of  the  free  exciton  transition 

energy  FX(A)  for  both  the  layer  on 
sapphire  and  its  free-standing  reference 
sample.  It  should  be  noted,  that  the  GaN 
band  gap  energy  is  by  27  meV  [Buyl] 
larger  than  the  free  exciton  energy;  the 
difference  accounts  for  the  free  exciton 
binding  energy.  Since  this  paper  is  only 
concerned  about  relative  changes  in  the 
band  gap  energy,  the  given  values  are  not 
corrected  for  this  energy. 

For  most  semiconductors  the 
variation  of  the  band  gap  with  temperature 
can  be  described  by  the  semi-empirically 
found  Varshni  formula  [Varlj: 

E(T)  =  E(T=0)  — 

For  both  the  free-standing  and  the 
layer  still  attached  to  its  sapphire 
substrate,  we  find  the  same  parameters 
Table  1:  Comparison  of  Varshi  parameters  within  the  experimental  error,  table  1. 
determined  for  various  GaN  materials.  This  is  very  remarkable,  since  the  values 
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reported  in  the  literature  scatter  considerably;  for  instance,  the  parameter  p  which  is 
proportional  to  the  specific  heat  Debye  temperature  [Manl]  has  been  found  to  vary 
between  p  =  -996  K  [Monl]  and  P  =  3690  K  [Shall.  This  clearly  proves  that  the 

parameters  a  and  p  are  strongly  sample 
dependent  and  comparison  of  results  taken 
from  different  authors  on  different 
samples  is  less  meaningful.  We  argue  that 
this  is  due  to  the  differing  amount  of  point 
and  extended  defects  which  certainly 
influences  the  Debye  temperature.  As  the 
results  of  this  study  prove,  stress  caused  by 
thermal  mismatch  with  the  substrate  plays 
only  a  minor  role  at  this  scale. 

It  is  more  illustrative  to  analyze  the 
temperature  dependence  of  the  difference 
in  the  FX(A)  position  between  the  sample 
on  sapphire  and  its  respective  free¬ 
standing  reference  sample,  figure  5.  This 
should  follow  the  temperature  dependence 
of  stress  in  the  GaN  main  layer. 
Apparently,  with  decreasing  temperature 
also  the  difference  decreases  indicating 
that  the  GaN  layer  is  less  compressively 
stressed.  This  finding  is  surprising  and  in 
contradiction  to  the  prevailing 


Temperature  [K] 

Figure  5:  Difference  in  energetic  position  of  the 


ffeeexcitonA  between  GaN  film  on  sapphire  and  understanding  in  the  literature.  Since  the 
the  free-standing  reference  sample.  TEC  of  sapphire  is  higher  than  the  TEC  of 

GaN,  the  GaN  main  layer  should  be  increasingly  compressively  stressed  with 
decreasing  temperature  -  provided  that  the  TECs  are  temperature-independent.  Conse¬ 
quently,  the  energetic  difference  between  the  PL  spectrum  of  the  free-standing  layer 
and  the  layer  still  attached  to  the  substrate  should  increase.  Strikingly,  the  opposite 
tendency  is  experimentally  observed. 


DISCUSSION 

The  unexpected  temperature  behavior  of  stress  in  GaN  hetero-epitaxially  grown 
on  sapphire  is  the  most  interesting  aspect  of  this  study.  Our  results  clearly  indicate  that 
the  influence  of  the  thermal  mismatch  between  sapphire  and  GaN  epilayer  on  the  GaN 
band  gap  temperature  dependence  between  4  and  600  K  is  much  less  than  generally 
assumed  in  the  literature.  Monemar  et.al.  [Mon2],  for  instance,  have  found  that  the  PL 
spectra  of  GaN  grown  on  sapphire  and  on  SiC  differ  in  their  energetic  positions  by  more 
than  30meV  when  cooled  down  to  helium  temperatures.  If  this  difference  was  solely 
due  to  stress,  the  two  different  substrates  would  result  in  a  difference  of  thermal  stress 
of  more  than  1  GPa! 

Assuming  a  (temperature-independent)  Young  modulus  of  E  =  200  GPa  [Kiel] 
and  a  Poisson  ratio  of  v  =  0.27  [Kiel],  one  estimates  for  a  change  of  temperature  from 
300K  to  4  K  the  stress  for  GaN  on  sapphire  to  be  a  =  -0.16  GPa.  This  difference  should 
result  in  a  blue  shift  of  the  PL  spectrum  by  4.3  meV.  This  should  be  clearly  visible  but  is 
experimentally  not  observed. 

Two  possible  explanations  for  the  findings  of  this  study  should  be  discussed: 
First,  the  variation  of  stress  in  GaN  grown  on  sapphire  in  the  respective  temperature 
range  is  not  governed  by  the  thermal  mismatch  between  GaN  and  sapphire.  The  second 
and  more  likely  cause  is  given  by  the  uncertainty  of  published  thermal  expansion 
coefficients  for  both  sapphire  and  GaN,  [Lanl,  Lesl].  The  reported  values  differ  by  a 
factor  of  two,  even  when  only  values  taken  at  room  temperature  are  compared.  The 
TEC  temperature  dependence  is  even  less  known  so  that  one  may  speculate  that  an 
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unanticipated  temperature  behavior  of  these  parameters  might  be  responsible  for  the 
here  observed  stress  dependence. 

On  the  other  hand  it  should  be  noted  that  stress  is  usually  determined  by 
photoluminescence  at  cryogenic  temperatures,  whereas  strain  is  almost  always  assessed 
by  X-ray  diffraction  at  room  temperature  [Kiel].  Our  results  prove  that  the  difference 
in  measurement  temperature  does  not  translate  into  an  inconsistency  between  the  two 
methods,  the  maximum  deviation  is  about  0.1  GPa  which  falls  into  the  range  of 
experimental  error  of  most  methods. 

The  results  of  this  work,  however,  strongly  suggest  to  measure  the  temperature 
dependence  of  the  a  and  c  lattice  parameter  by  X-ray  diffraction.  Preliminary  studies 
are  already  available  [Heil,  Lesl],  but  their  results  are  not  conclusive  yet. 
Measurements  of  a  lifted-off  GaN  film  will  provide  the  best  basis  for  a  solid  data 
collection. 


SUMMARY 

This  paper  analyses,  for  the  first  time,  the  temperature  dependence  of  stress  m 
MOCVD  and  HVPE  grown  GaN  films  on  sapphire  in  respect  to  a  free-standing 
reference  GaN  film  which  has  been  lifted  off  from  its  substrate.  The  measured 
temperature  dependence  of  stress  in  the  temperature  range  between  4  and  600  K  is  in 
contradiction  to  the  published  values  for  the  thermal  expansion  coefficients  for  sapphire 
and  GaN. 
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SAPPHIRE  ON  DEFECT  FORMATION  IN  THE  GaN  MAIN  LAYER 
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Transmission  electron  microscopy  was  employed  to  study  the  effect  of  N/Ga  flux  ratio  in  the 
growth  of  GaN  buffer  layers  on  the  structure  of  GaN  epitaxial  layers  grown  by  molecular-beam- 
epitaxy  (MBE)  on  sapphire.  The  dislocation  density  in  GaN  layers  was  found  to  increase  from 
lx1010  to  6x10ro  cm’2  with  increase  of  the  nitrogen  flux  from  5  to  35  seem  during  the  growth  of  the 
GaN  buffer  layer  with  otherwise  the  same  growth  conditions.  All  GaN  layers  were  found  to  contain 
inversion  domain  boundaries  (IDBs)  originated  at  the  interface  with  sapphire  and  propagated  up  to 
the  layer  surface.  Formation  of  IDBs  was  often  associated  with  specific  defects  at  the  interface  with 
the  substrate.  Dislocation  generation  and  annihilation  were  shown  to  be  mainly  growth-related 
processes  and,  hence,  can  be  controlled  by  the  growth  conditions,  especially  during  the  first  growth 
stages.  The  decrease  of  electron  Hall  mobility  and  the  simultaneous  increase  of  the  intensity  of 
"green"  luminescence  with  increasing  dislocation  density  suggest  that  dislocation-related  deep 
levels  are  created  in  the  bandgap. 

1.  INTRODUCTION. 

Epitaxial  GaN  is  a  promising  material  for  electronic  applications  such  as  visible  light-emitting 
diodes  (LEDs)  [1-4],  blue  lasers  [3,4]  and  metal-semiconductor  field-effect  transistors  [5].  Device 
quality  GaN  on  sapphire  has  been  successfully  achieved  by  metal-organic  vapor  phase  epitaxy  using 
low  temperature  (LT)  GaN  or  AIN  buffer  layers  [6].  The  LT  buffer  layer  provides  a  high  density  of 
nuclei  for  growth  of  the  main  GaN  layer  at  high  temperature  and  promotes  lateral  growth  of  GaN 
[6].  The  growth  and  subsequent  coalescence  of  GaN  islands  finally  leads  to  quasi-two-dimensional 
(2D)  growth  [7].  The  structural  quality  of  the  GaN  layer  appears  to  depend  on  growth  evolution. 
Because  dislocations  in  the  GaN  have  a  low  mobility  [8]  there  is  a  low  probability  for  their 
interaction  and  annihilation  compared  to  other  III-V  materials  such  as  GaAs.  The  defect  density  in 
GaN  layers  can  be  significantly  reduced  by  optimization  of  growth  conditions,  especially  at  initial 
growth  stages.  Thus,  the  structure  of  a  LT  buffer  may  significantly  effect  the  dislocation  density  in 
the  GaN  epilayer. 

The  LT  buffer  layer  was  found  to  transform  during  the  temperature  ramp/anneal  with  an 
increase  of  its  average  grain  size  and  root-mean-square  (rms)  roughness  [9-11].  The  growth 
evolution  can  be  affected  by  a  number  of  parameters  including  the  thickness  of  the  LT  buffer,  the 
temperatures  for  LT  and  HT  growth,  growth  rate,  Ga/N  flux  ratio,  gas  ambient,  etc  [12-19]. 
However,  the  effect  of  the  Ga/N  flux  ratio  in  the  growth  of  the  LT  buffer  layer  has  not  yet  been 
studied  in  detail.  Here  we  report  the  results  of  a  TEM  study  of  the  effect  of  the  N/Ga  flux  ratio 
during  growth  of  GaN  buffer  layers  on  defect  formation  in  epitaxial  GaN  layers  grown  by  MBE  on 
(0001)  sapphire. 


295 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  572  ®  1999  Materials  Research  Society 


2.  EXPERIMENT. 


GaN  epitaxial  layers  were  grown  by  molecular  beam  epitaxy  (MBE)  on  (0001)  sapphire 
substrates  using  a  Riber  1000  system.  Growth  details  are  described  elsewhere  [20].  After  cleaning 
and  nitridation  of  the  sapphire  substrate  (700  °C,  10  min),  a  LT  GaN  buffer  layer  was  deposited 
(500  °C,  5  min)  followed  by  the  growth  of  a  2  pm-thick  GaN  epilayer  (725  °C,  4  h).  A  set  of  4  GaN 
layers  were  grown  under  various  nitrogen  flow  rates  (5,  15,  25  and  35  seem)  during  the  buffer 
deposition  with  a  fixed  N  flux  rate  of  35  seem  for  the  main  layer.  The  Ga  cell  temperature  was  kept 
constant  at  880  °C  during  the  growth.  TEM  studies  were  carried  out  on  Topcon  002B  and  JEOL 
200CX  microscopes  operated  at  200  kV  and  on  an  ARM  microscope  operated  at  800  kV.  Cross- 
sectional  specimens  were  prepared  for  TEM  study  by  dimpling  followed  by  ion  milling. 

Atomic  force  microscopy  (AFM)  was  employed  to  determine  the  surface  morphology  of  GaN 
layers  as  well  as  LT  buffer  layers  with  and  without  annealing  at  high  temperature.  Electrical 
properties  of  GaN  layers  were  evaluated  by  Hall  effect  measurements  at  room  temperature.  X-ray 
diffraction  was  performed  on  a  Siemens  D-5000  diffractrometer  to  determine  the  crystalline  quality 
of  GaN  layers  using  both  symmetric  and  asymmetric  Bragg  reflection. 

3.  RESULTS  AND  DISCUSSION. 

TEM  indicated  that  all  layers  contained  a  high  density  of  threading  dislocations  and  inversion 
domain  boundaries  (IDBs).  Growth  parameters  and  structural  characteristics  of  the  GaN  layers  are 
shown  in  Table  1 . 


Table  1.  Growth  and  structural  parameters  of  GaN  layers. 


Sample 

N  flux 

(buffer), 

seem 

N  flux 

(epi-layer), 

seem 

Buffer 

roughness, 

nm 

Dislocation 

density, 

cm'2 

FWHM  of 

symmetric 

(0002) 

reflection, 

aremin 

FWHM  of 

asymmetric 

(0002) 

reflection, 

aremin 

A 

5 

35 

1.1 

1.8X1010 

2.3 

16 

B 

15 

35 

1.1 

0.5X10IU 

3.5 

15 

C 

25 

35 

- 

1.0X101U 

7.0 

17 

D 

35 

35 

1.3 

5.6X1010 

8.5 

34 

Figure  1  shows  two  plan  view  TEM  images  of  the  same  area  taken  under  different  diffraction 
conditions  where  either  dislocations  (a)  or  IBDs  (b)  were  visualized.  Dislocations  were  often  lying 
within  IDBs  which  form  closed  domains  of  15-30  nm  in  diameter  [Fig.  1  (b)]. 

Threading  dislocations  were  usually  arranged  in  small  angle  boundaries  with  both  tilt  and 
twist  components  dividing  the  epitaxial  layer  into  columnar  grains.  Diffraction  analysis  shows  that  a 
majority  of  the  threading  dislocations  are  edge  dislocations  with  b=a/3<ll  20>  lying  in  the  c-plane. 
Therefore,  grains  were  mainly  misoriented  around  the  c-axis  being  almost  perfectly  oriented  in  the 
c-plane.  As  a  result,  the  full  width  at  half  maximum  (FWHM)  for  a  symmetric  (0002)  x-ray  rocking 
curve  from  the  GaN  layer  is  typically  much  smaller  than  that  of  an  asymmetric  x-ray  rocking  curve 
(see  Table  1). 

Many  dislocations  and  all  IDBs  originated  at  the  interface  with  the  sapphire  and  propagated  up 
to  the  layer  surface.  Some  dislocations  form  half  loops  near  the  interface  and  don’t  propagate 
further  into  the  GaN  layer. 
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Fig.  1,  a-b.  Plan-view  TEM  images  of  GaN  layer  (the  same  area)  taken  at  different  g. 

The  GaN/sapphire  interface  is  almost  atomically  abrupt,  but  contains  steps  of  about  1-2 
monolayer  height.  Formation  of  IDBs  was  often  associated  with  specific  defects  at  the  interface 
with  a  substrate  (Fig.2).  Fig  2  (b)  shows  an  IDB  associated  with  an  atomic  step  at  the  interface.  The 
white  contrast  at  the  interface  might  indicate  the  presence  of  a  thin  AIN  layer  between  the  GaN  and 
sapphire.  A  one  to  two  monolayer  thick  AIN  layer  is  expected  to  form  during  the  nitridation  of  the 
sapphire.  This  AIN  layer  may  reduce  the  possible  deterioration  of  sapphire  and,  hence,  the  interface 
roughening.  As  a  result,  it  leads  to  a  reduction  of  threading  dislocation  density  and  dislocation 
rearrangement  in  both  GaN  buffer  and  epi  layer. 


Fig.  2.  Cross-sectional  TEM  (a)  and  HREM  (b)  images  of  GaN  epitaxial  layer 

A  white  contrast  often  appears  under  the  IDBs  (see  e.g.  Fig.  2.)  suggesting  that  AIN  might 
locally  change  the  polarity  and  give  rise  for  the  formation  of  IDBs.  Therefore,  IDBs  are  expected  to 
originate  at  the  earliest  growth  stage,  during  the  buffer  layer  deposition.  IDBs  were  observed  in  the 
GaN  buffer  layer  before  and  after  the  high  temperature  ramp/anneal.  Fig.  3  shows  a  typical  HREM 
image  of  a  LT  GaN  buffer  layer  after  the  high  temperature  anneal  to  725  °C.  The  buffer  layer  has  a 
hexagonal  structure  and  contains  a  high  density  of  IDBs  originating  at  the  interface.  Before 
annealing  the  buffer  layer  often  contained  a  fraction  of  the  cubic  phase  (not  shown)  that  transforms 
into  the  hexagonal  structure  during  the  high  temperature  ramp/anneal.  LT  GaN  in  Fig.  3  has 
relatively  rough  surface  and  smaller  grains  compared  to  the  AFM  data  in  Table  1.  The  small  grains 
(<  50  nm  in  diameter)  were  not  visible  on  AFM  images  because  they  were  buried  under  a  thin 
amorphous-like  layer  (not  shown).  The  nature  of  this  layer  is  unknown. 
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Fig.  3.  Cross-sectional  HREM  image  of  LT  GaN  buffer  layer  after  thermal  anneal  at  725  °C. 

Initial  growth  of  the  GaN  layer  proceeds  in  three  dimensional  (3D)  fashion  due  to  a  high 
mismatch  in  lattice  parameters  between  GaN  and  sapphire.  The  GaN/sapphire  interface  contains  a 
high  density  of  misfit  dislocations  which  accommodate  almost  all  the  misfit  between  their 
crystalline  lattices  at  growth  temperature  during  the  first  growth  stages.  The  orientation  relationship 
between  GaN  and  sapphire,  (0001)GaN//(0001)Ai2O3,  [liOO]GaN//[ll  2OU1203,  provides  the  best 
match  between  their  crystalline  lattices,  but  mismatch  still  remains  high.  The  orientation 
relationship  results  in  a  6  to  7  “magic”  ratio  between  crystalline  lattices  of  GaN  and  sapphire: 
every  6  planes  ([llOO]  or  [II2O])  of  GaN  fits  to  7  planes  ([11  2O]  or  [1100],  respectively)  of 
sapphire  with  an  error  of  about  2  %  (Fig.  4).  The  period  of  1.7  nm  for  the  contrast  oscillations 
observed  at  the  GaN/sapphire  interface  fits  well  to  this  “magic”  value.  The  atomic  structure  of  this 
GaN/sapphire  interface  suggests  formation  of  a  high  density  of  small  coherent  hexagonal  nucleai  as 
the  first  stage  of  the  growth  and,  then,  their  coalesce  into  larger  incoherent  GaN  islands  with  misfit 
dislocations  at  the  interface.  Threading  dislocations  in  GaN  appear  at  points  where  the  misfit 
dislocation  network  is  disturbed,  for  example,  by  the  presence  of  atomic  steps  at  the  interface  or  at 
merging  points  of  adjacent  islands. 
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Fig.  4.  Coincidence  site  lattice  (a)  for  adjacent  Ga  (or  AI) 
layers  (two-dimensional  lattices  of  Ga  (or  Al)  atoms)  in 
crystalline  lattices  of  GaN  (or  AIN)  and  sapphire,  and  GaN 
(AlN)/sapphire  interface  (b). 


The  dislocation  density  is  high  in  the  GaN  buffer  layer  and  then  drastically  decreases  over  0.2 
pm  toward  the  GaN  top  surface  (Fig.2).  This  dislocation  distribution  being  typical  for  many  GaN 
samples  indicates  that  most  of  threading  dislocations  originate  and  annihilate  during  the  early  stages 
of  growth.  Because  of  low  dislocation  mobility  at  the  growth  temperature  [8],  the  dislocation 
distribution  in  the  GaN  layer  is,  to  a  large  extent,  frozen  after  the  layer  growth  and,  hence,  reflects 
the  growth  process  itself.  Dislocation  generation  and  annihilation  are  mainly  growth-related 
processes  and,  hence,  can  be  controlled  by  the  growth  conditions,  especially  during  the  first  growth 
stages. 
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Formation  of  dislocation  half  loops  near  the  interface  can  be  caused  by  lateral  overgrowth  of 
GaN  islands  at  high  temperature.  The  growth  conditions  for  various  grains  are  locally  different 
because  the  islands  differ  in  their  initial  size  and  strain  distribution  within  each  island.  Therefore, 
larger  islands  with  lower  strain  will  grow  faster  than  others.  As  a  result,  these  islands  will  laterally 
overgrow  the  others  leaving  them  buried  near  the  interface. 

Threading  dislocations  that  accommodate  the  misfit 
forced  by  this  lateral  overgrowth  to  bend  into  basal 
planes,  interact  with  other  dislocations  and  often 
annihilate.  Schematically  it  is  shown  in  Fig.  5.  This 
process  results  in  the  formation  of  many  half  loops  in 
the  buffer  and  in  the  first  0.2  pm  of  the  GaN  and  in  the 
decrease  of  overall  dislocation  density  in  the  growing 
GaN  layer. 

Fig.  5.  Lateral  overgrowth  of  islands  during  the  early  growth 
stages. 

The  efficiency  of  this  process  depends  on  both  thickness  and  structure  of  the  buffer  layer,  and 
on  the  growth  conditions.  This  suggests  that  the  structure  of  the  buffer  layer  may  effect  the  defect 
formation  and  annihilation  in  the  GaN  epilayer.  The  roughness  of  LT  buffer  layer  is  highest  at  N 
flux  of  35  seem  (Table  1)  while  the  average  grain  size  of  about  60  nm  (measured  by  AFM)  doesn’t 
change  with  the  N  flux.  Accordingly  the  dislocation  density  in  GaN  layers  also  increases  up  to 
6x10ro  cm*2  for  N  flux  of  35  seem  during  the  growth  of  the  GaN  buffer  layer.  The  increase  of  the 
dislocation  density  from  l.OxlO10  to  6.0x1 010  cm'2  corresponds  to  a  decrease  in  a  grain  size  of  the 
main  GaN  layer  from  100  nm  to  40  nm.  This  suggests  that  the  lateral  overgrowth  during  the 
deposition  of  the  main  GaN  layer  may  be  affected  by  a  “micro-roughness”  of  the  LT  buffer  layer. 


threading 


Fig.  6.  (a)  An  increase  of  the  residual  stress  at  room  temperature  due  to  partial  stress  relaxation  of  the  LT  buffer 
at  high  temperature,  (b)  Electron  Hall  mobility  and  threading  dislocation  density  of  GaN  epitaxial  layers  as  a  function  of 
nitrogen  flow  rate  during  the  buffer  layer  growth. 

The  changes  in  the  dislocation  density  with  N  flux  are  similar  to  those  for  the  FWHM  of 
asymmetric  x-ray  rocking  curves  (see  Table  1).  This  agrees  well  with  the  result  of  diffraction 
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analysis  showing  that  the  majority  of  threading  dislocations  is  of  edge  type.  FWHM  of  a  symmetric 
(0002)  x-ray  rocking  curve  is  more  sensitive  to  misorientations  in  c-plane  so  that  its  increase  with  N 
flux  during  the  buffer  layer  growth  may  indicate  on  the  increasing  fraction  of  mixed  dislocation  in 
the  GaN  layer.  Residual  compressive  stress  in  the  GaN  layer  decreases  with  N  flux  during  the  buffer 
layer  growth  according  to  the  absorption  spectroscopy  measurements.  A  shift  in  the  absorption  edge 
has  been  observed  in  absorption  spectra  due  to  the  residual  stress  in  the  GaN  layer.  An  increase  of 
the  residual  stress  at  room  temperature  for  the  layer  grown  on  a  "Ga-rich"  buffer  can  be  associated 
with  partial  stress  relaxation  of  the  LT  buffer  during  the  high  temperature  anneal.  Schematically  it  is 
shown  in  Fig.  6  (a). 

The  decrease  of  electron  Hall  mobility  from  85  to  12  cm2/Vs  [Fig.  6  (a)]  and  the  simultaneous 
increase  of  the  intensity  of  "green"  luminescence  (not  shown)  with  increasing  dislocation  density 
suggests  that  dislocation-related  deep  levels  are  created  in  the  band-gap. 

In  conclusion,  a  decrease  of  the  dislocation  density  in  GaN  layers  was  observed  for  “Ga-rich” 
LT  GaN  buffer  layers  when  the  nitrogen  flux  was  below  25  seem  during  the  growth  of  the  GaN 
buffer  layer  under  otherwise  the  same  growth  conditions.  All  GaN  layers  were  found  to  contain 
IDBs  originating  at  the  interface  with  the  sapphire  and  propagating  up  to  the  layer  surface. 
Dislocation  generation  and  annihilation  were  shown  to  be  mainly  growth-related  processes  and, 
hence,  can  be  controlled  by  the  growth  conditions,  especially  during  the  early  growth  stages.  The 
decrease  of  electron  Hall  mobility  and  the  simultaneous  increase  of  the  intensity  of  "green" 
luminescence  with  increasing  dislocation  density  suggest  that  dislocation-related  deep  levels  were 
created  in  the  band-gap. 

This  study  was  supported  by  the  Director,  Office  of  Energy  Research,  U.S.  Department  of 
Energy  under  Contract  No.  DE-AC03-76SF00098.  The  use  of  the  facilities  at  National  Center  for 
Electron  Microscopy  and  assistance  of  W.  Swider  for  sample  preparation  are  appreciated. 
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ABSTRACT 

GaN  films  have  been  grown  on  silicon-(OOl)  substrate  with  specially  designed  composite 
intermediate  layers  consisting  of  an  ultra-thin  amorphous  silicon  layer  and  a  GaN/AlxGai.xN 
(x=0.2)  multilayered  buffer  by  metal-organic  chemical  vapor  deposition  and  characterized  by 
photoluminescence  and  x-ray  diffraction  spectroscopy.  It  was  found  that  the  GaN  films  grown  on 
the  composite  intermediate  layers  gave  comparable  or  slightly  stronger  optical  emission  than 
those  grown  on  sapphire  substrate  under  identical  reactor  configuration.  Moreover,  the  full  width 
at  half  maximum  for  the  GaN  band-edge-related  emission  is  40  meV  at  room  temperature.  This 
fact  indicates  that,  by  using  the  proposed  composite  intermediate  layers,  the  crystalline  quality  of 
GaN-based  nitride  grown  on  a  silicon  substrate  can  be  significantly  improved. 

INTRODUCTION 

Recently  there  has  been  successful  demonstration  of  commercially  available  blue  and  green 
light-emitting  diodes  (LEDs)1  and  long  life-time  laser  diodes  (LDs)2  fabricated  from  group-III 
nitrides  which  are  generally  grown  on  sapphire  substrate.  However,  besides  the  large  difference 
in  lattice  constant  and  thermal  expansion  coefficient  between  the  group-III  nitride  and  sapphire 
substrate,  sapphire  is  an  insulating  material  and  extremely  rigid.  Therefore,  it  is  not  easy  to 
fabricate  a  group-III  nitride-based  semiconductor  device  on  a  sapphire  substrate.  Silicon  is  one  of 
the  proposed  substrate  materials  to  overcome  this  shortcoming  because  of  its  high  crystal  quality, 
large  area  size,  low  manufacturing  cost,  and  the  potential  application  in  integrated  opto¬ 
electronic  devices.  However,  due  to  the  even  larger  differences  in  lattice  constant  and  thermal 
expansion  coefficient  between  the  group-III  nitride  and  silicon  as  compared  with  sapphire,  it  is 
really  difficult  to  grow  high  quality  epitaxial  layer  of  group-III  nitride  on  a  silicon  substrate. 
Attempts  have  been  made  to  grow  group-III  nitrides  on  silicon  substrates  in  the  past  decade  using 
various  kind  of  materials  as  the  intermediate  layer  between  group-III  nitride  and  silicon  substrate. 
These  include  AIN, 3’ 4  carbonized  silicon,5,  6  nitridized  GaAs,7  oxidized  AlAs,8  and  y-A1203.9 
In  particular,  by  using  AIN  thin  film  as  the  intermediate  layer,  ultraviolet  and  violet-light 
emitting  diodes  of  group-III  nitride  have  been  fabricated  on  a  silicon  substrate  by  molecular  beam 
epitaxy  (MBE)  recently.3  However,  the  turn-on  voltages  as  well  as  the  brightness  of  these  diodes 
do  not  approach  the  performance  levels  of  the  corresponding  devices  grown  on  a  sapphire 
substrate  by  metal-organic  vapor  phase  deposition  (MOCVD).  Therefore,  both  the  constitution  of 
the  intermediate  layer  and  the  growth  method  for  it  need  to  be  further  optimized  in  order  to 
enhance  the  crystallinity  of  the  group-III  nitrides.  In  this  letter,  we  report  the  growth  of  high 
quality  GaN  epitaxial  layers  on  a  silicon  substrate  by  MOCVD  using  the  specially-designed 
composite  intermediate  layers  (CILs). 
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EXPERIMENT 

GaN  epitaxial  layers  were  grown  on  silicon-(OOl)  substrates  by  low  pressure  (100+2  Torr) 
MOCVD  in  an  EMCORE  D125  vertical  reactor.  Trimethylgallium  (TMGa),  Trimethylaluminium 
(TMA1),  and  high  purity  ammonia  (NH3)  were  used  as  Ga,  Al,  and  N  precursors,  respectively, 
and  hydrogen-diluted  silane  (  SiH4  )  was  employed  for  depositing  thin  amorphous  silicon  film. 
As  shown  in  Fig.  1,  after  a  chemical  cleaning  process,  the  silicon-(OOl)  substrate  was  heated  to 
1,030  °C  under  hydrogen  ambient  for  10  min  in  order  to  produce  a  clean,  oxide-free  surface.  The 
silicon  substrate  was  then  cooled  down  to  525  °C,  and  an  ultra-thin  (less  than  5  nm)  amorphous 
silicon  film  was  deposited  onto  the  surface  of  the  silicon-(OOl)  substrate  by  flowing  the 
hydrogen-diluted  silane  to  form  a  “soft”  buffer.  Subsequently,  a  three  period  GaN/AlxGai-xN 
(x=0.2)  multilayered  buffer  (MLB)  was  grown  on  the  top  of  the  formed  ultra-thin  amorphous 
silicon  film  to  constitute  the  CILs.  The  details  for  the  growth  of  GaN/AlxGai.xN  (x=0.2)  MLB 
has  been  described  elsewhere.10, 11  Finally,  the  temperature  was  raised  to  1,000  °C  and  a  1  (im- 
thick  unintentionally  doped  GaN  epitaxial  layer  was  grown  on  the  surface  of  the  formed  CILs 
consisting  of  the  ultra-thin  amorphous  silicon  film  and  the  MLB.  No  cap  layer  was  deposited  on 
the  top  of  GaN  epitaxial  layers.  For  the  purpose  of  comparison,  undoped  GaN  films  have  also 
been  grown  over  a  conventional  25  nm-thick  GaN  single  layer  buffer  on  sapphire  substrates. 

After  the  growth,  room-temperature  photoluminescence  (PL)  and  x-ray  diffraction  (XRD) 
measurements  were  carried  out  in  order  to  characterize  the  crystalline  quality  of  the  grown 
undoped  GaN  epitaxial  layers.  The  optical  properties,  more  specifically,  the  intensity  and 
linewidth  of  the  PL  emission  and  XRD  peaks  of  the  undoped  GaN  samples  grown  on  silicon 
substrates  using  the  newly-developed  CILs  were  compared  with  those  grown  on  sapphire 
substrate  using  the  conventional  GaN  single  layer  buffer. 


Undoped  GaN  crystal 


GaN/AlxGa^N  (x=0.2) 
multilayered  buffer 
Amorphous  silicon  film 


Silicon-(OOI)  substrate 


AlxGa,.xN 

5  nm 

GaN 

3  nm 

■9 

GaN 

3  nm 

AlxGa^N 

5  nm 

GaN 

3  nm 

FIG.  1 .  Schematic  sectional  view  showing  an  undoped  GaN  crystal  grown  over  the  composite 
intermediate  layers  (CILs)  consisting  of  an  ultra-thin  (less  than  5  nm)  amorphous  silicon  film  and 
a  three  period  GaN/AlxGai.xN  (x=0.2)  multilayered  buffer  on  a  silicon-(OOl)  substrate. 
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RESULTS  AND  DISCUSSION 


As  shown  in  Fig.  2,  the  PL  intensity  of  the  dominant  emission  peak  around  3.4  eV  which  is 
attributed  to  the  band-edge-related  transition  in  wurtzite  GaN  epitaxial  layer  grown  over  the  CILs 
on  a  silicon  substrate  (in  solid  line),  is  comparable  or  even  slightly  stronger  than  that  for  the 
undoped  GaN  sample  grown  over  a  conventional  GaN  single  layer  buffer  on  a  sapphire  substrate 
(in  dotted  line)  under  identical  experimental  configuration.  The  defect-related  yellow-band 
emission  centered  at  2.35  eV  is  much  weaker  as  compared  with  the  dominant  GaN  band-edge 
emission.  Although  it  is  impossible  for  us  to  compare  the  PL  intensity  with  the  results  reported 
by  other  research  groups  of  the  GaN  samples  grown  over  different  intermediate  layers  on  silicon 
substrates,  we  can  still  evaluate  some  conclusions  by  focusing  on  the  PL  linewidth  at  room 
temperature,  which  is  known  to  be  nearly  independent  on  the  measurement  conditions,  such  as 
the  power  density  of  the  excitation  laser  beam.  The  full  width  at  half  maximum  (FWHM)  of  the 
dominant  GaN  band-edge-related  emission  peak  for  the  GaN/Si(001)  sample  shown  in  Fig.  2,  for 
example,  was  measured  to  be  approximately  40  meV.  This  value  is  38  %  narrower  than  the  best 
result  achieved  so  far  for  GaN  film  grown  on  a  silicon  substrate,  65  meV  which  was  recently 
reported  by  Osinsky  et  al.A,  and  quite  comparable  to  that  for  the  low-doped  GaN  film  grown  on  a 

j2 

sapphire  substrate.  This  fact  indicates  that  the  crystal  quality  of  GaN-based  nitrides  grown  on 
silicon  substrate  can  be  significantly  improved  by  using  the  CILs  technique. 
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FIG.  2.  The  300  K  PL  spectra  for  undoped  GaN  film  grown  over  the  CILs  on  a  silicon  substrate 
(solid  line)  and  that  grown  over  a  conventional  GaN  buffer  on  a  sapphire  substrate  (dotted  line) 
under  identical  experimental  configuration.  The  full  width  at  half  maximum  (FWHM)  of  the 
band-edge-related  emission  peak  at  3.4  eV  is  40  meV  which  is  38  %  narrower  than  the  narrowest 
value  reported,  65  meV,  for  an  undoped  GaN  film  grown  on  a  silicon  substrate. 
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FIG.  3.  X-ray  diffraction  profile  and  its  rocking  curve  of  the  (0002)  reflection  for  an  undoped 
GaN  film  grown  over  the  CILs  on  Si(001)  substrate.  The  dominant  diffraction  peak  at  34.6  arc- 
degrees  with  a  FWHM  of  40  arc-minutes  is  attributed  to  the  (0002)  diffraction  of  the  wurtzite 
GaN,  and  is  much  stronger  than  the  signal  from  the  silicon  substrate. 


On  the  other  hand,  the  XRD  measurement  result  is  illustrated  in  Fig.  3,  showing  a  x-ray 
diffraction  profile  and  its  rocking  curve  of  the  (0002)  reflection  for  an  undoped  GaN  epitaxial 
layer  grown  over  the  CILs  on  a  Si(001)  substrate.  Compared  with  the  diffraction  peak  from  the 
silicon  substrate  at  69.3  arc-degrees,  Si(004),  the  dominant  diffraction  peak  at  34.6  arc-degrees  is 
much  more  intense,  and  identified  as  the  (0002)  diffraction  from  the  wurtzite  GaN  crystal.  The 
weak  diffraction  peak  near  73  arc-degrees  is  attributed  to  the  (0004)  diffraction  of  the  wurtzite 
GaN,  and  no  diffraction  peak  from  the  zinc-blende  (cubic)  GaN  is  observed.  The  FWHM  for  the 
dominant  GaN  (0002)  diffraction  peak  was  measured  to  be  as  narrow  as  1 1  arc-minutes  which  is 
much  better  than  the  corresponding  value  (108  arc-minutes)  recently  reported  by  Wang  et  al. 
who  employed  a  thin  Y-AI2O3  film  as  the  intermediate  layer.  These  facts  reveal  once  again  that 
the  crystal  quality  of  GaN-based  nitrides  can  be  greatly  improved  by  using  the  proposed  CILs. 

It  is  clear  that  as  the  temperature  is  raised  from  a  relatively  low  temperature  of  525  °C  to  a 
high  temperature  of  1 ,000  °C,  both  the  ultra-thin  amorphous  silicon  film  and  the  amorphous  or 
poly-crystalline  GaN/AlxGa].xN  MLB  formed  at  525  °C  will  completely  or  partially  change  to 
mono-crystalline  or  poly-crystalline  due  to  the  recrystallization.  In  fact,  they  serve  as  the  seed 
crystals  for  the  subsequent  growth  of  the  GaN-based  nitrides.  Compared  with  the  conventional 
low-temperature-grown  AIN  intermediate  layer,  the  CILs  in  this  study  turned  out  to  be  able  to 
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accommodate  the  strain  arising  from  the  lattice  mismatch  between  the  group-III  nitrides  and  the 
silicon  substrate,  and  to  form  the  seed  crystals  more  effectively.  In  other  words,  because  the 
strain-accommodating  and  recrystallizing  effects  are  of  crucial  importance  in  improving  the 
crystal  quality  of  the  group-III  nitrides,  and  they  seem  to  be  more  profound  in  the  CILs  than  in 
the  conventional  intermediate  layers,  the  crystal  quality  of  the  group-III  nitrides  has  been 
significantly  improved  by  utilizing  the  CILs,  as  confirmed  by  the  strong  and  shaip  GaN-related 
PL  and  XRD  signals  described  above. 

Note  that  the  optimal  values  in  total  layer  thickness  and  solid  composition  for  the  CILs 
apparently  depend  on  the  selection  of  the  constituent  materials  in  the  CILS  as  well  as  the 
subsequently  grown  group-III  nitrides.  At  the  present  time,  however,  since  the  physical  origin  of 
the  CILs  is  unfortunately  not  very  clear,  it  is  truly  difficult  to  theoretically  determine  or  predict 
the  optimal  layer  thickness  of  CILs  for  a  specific  material  combination.  In  other  words,  the 
optimal  value  for  a  specific  material  combination  can  now  only  be  determined  by  experiment. 
However,  the  existence  of  the  optimal  layer  thickness  for  the  CILs  can  be  interpreted 
qualitatively  as  follows.  Generally  an  intermediate  layer  grown  at  a  low  temperature  provides 
seed  crystals  which  act  as  nucleation  sites  with  low  orientational  fluctuation  to  promote  the 
lateral  growth  of  the  group-III  nitrides.  The  CILs  in  this  study  consisting  of  an  ultra-thin 
amorphous  silicon  film  and  a  MLB  provide  more  seed  crystals  and  interfaces  than  a  conventional 
single  intermediate  or  buffer  layer  to  accommodate  the  strain  and  to  terminate  the  misfit 
dislocations.  However,  if  the  CILs  are  too  thin,  they  may  neither  provide  sufficient  amount  of 
seed  crystals  necessary  for  the  subsequent  growth  of  the  group-III  nitrides  nor  effectively 
accommodate  the  strain  and  terminate  the  misfit  dislocations.  On  the  other  hand,  if  the  CILs  are 
too  thick,  they  tend  to  bring  about  excessive  amount  of  the  seed  crystals  with  high  orientational 
fluctuation.  Therefore,  there  should  be  an  optimal  value  for  the  total  layer  thickness  of  the  CILs. 

CONCLUSIONS 

We  have  grown  high  quality  GaN  films  on  silicon  substrates  using  a  novel  CILs  technique 
by  low-pressure  MOCVD.  The  CILs  consist  of  an  ultra-thin  (<5  nm)  amorphous  silicon  film  and 
a  three-period  GaN/AlxGai.xN  (x=0.2)  superlattice-like  MLB.  Based  on  the  detailed  study  of  PL 
and  XRD  spectroscopy,  the  GaN  films  grown  over  CILs  on  the  Si(001)  substrates  were  verified 
to  be  nearly  pure  wurtzite  crystals,  which  gave  comparable  or  even  slightly  stronger  PL  emission 
than  those  grown  over  a  conventional  GaN  single  layer  buffer  on  a  sapphire  substrate  under 
identical  reactor  configuration.  Moreover  the  FWHM  for  the  GaN  band-edge-related  PL  peak  is 
measured  to  be  as  narrow  as  40  meV  at  room  temperature,  which  is  the  narrowest  value  ever 
reported.  This  fact  indicates  that  by  using  the  proposed  CILs  technique,  the  crystalline  quality  of 
GaN-based  nitride  grown  on  a  silicon  substrate  can  be  significantly  improved. 
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ABSTRACT 

Pendeo-epitaxial  lateral  growth  (PE)  of  GaN  epilayers  on  (0001)  6H-siIicon  carbide  and 
(111)  Si  substrates  has  been  achieved.  Growth  on  the  latter  substrate  was  accomplished  through 
the  use  of  a  3C-SiC  transition  layer.  The  coalesced  PE  GaN  epilayers  were  characterized  using 
scanning  electron  diffraction,  x-ray  diffraction  and  photoluminescence  spectroscopy.  The 
regions  of  lateral  growth  exhibited  -0.2°  crystallographic  tilt  relative  to  the  seed  layer.  The  GaN 
seed  and  PE  epilayers  grown  on  the  3C-SiC/Si  substrates  exhibited  comparable  optical 
characteristics  to  the  GaN  seed  and  PE  grown  on  6H-SiC  substrates.  The  near  band-edge 
emission  of  the  GaN/3C-SiC/Si  seed  was  3.450  eV  (FWHM  ~  19  meV)  and  the  GaN/6H-SiC 
seed  was  3.466  eV  (FWHM  ~  4  meV). 

INTRODUCTION 

Prior  to  the  advent  of  the  lateral  growth  techniques,  heteroepitaxial  gallium  nitride  films 
typically  contained  threading  defect  densities  that  exceeded  109/cm2.  These  defects  seriously 
compromised  the  properties  of  subsequently  fabricated  devices.  New  growth  techniques  leading 
to  low  defect-density  nitride  films  were  required  to  achieve  commercialization  of  viable 
optoelectronic  and  microelectronic  devices. 

The  advancement  of  lateral  epitaxial  overgrowth  (LEO)  as  a  technique  capable  of 
producing  GaN  epilayers  with  defect  densities  reduced  to  105/cm2  has  recently  been 
demonstrated  by  several  research  groups.1,2,3,4  The  significance  of  lateral  overgrowth  was 
immediate  as  Nichia  Chemical  reported  in  1997  that  use  of  LEO  aided  in  increasing  the  lifetime 
of  their  blue  laser  diode  from  a  few  hundred  hours  to  over  10,000  hrs,5  and  then  subsequently 
introduced  the  first  commercially  available  GaN  blue  laser  diode.6  However,  to  benefit  from  this 
reduction  in  defects,  the  placement  of  devices  incorporating  LEO  technology  is  confined  to 
regions  on  the  final  GaN  device  layer  that  are  located  over  the  masked  regions  and  not  over  the 
window  regions  of  the  GaN  seed  layer.  Figure  1  shows  a  scanning  electron  microscopy  (SEM) 
cross-sectional  image  of  GaN  grown  using  the  LEO  technique. 

The  authors  are  currently  investigating  another  lateral  growth  technique  for  GaN,  namely, 
pendeo-epitaxy, 7,8,9,10,11  as  a  process  route  to  resolve  the  aforementioned  alignment  problem. 
Pendeo-epitaxy  (from  the  Latin:  pendeo — to  hang,  or  to  be  suspended)  incorporates  mechanisms 
of  growth  used  by  the  conventional  LEO  process  by  using  masks  to  prevent  vertical  propagation 
of  threading  defects,  and  extends  the  phenomenon  to  employ  the  substrate  as  a  pseudo-mask. 
Pendeo-epitaxy  (PE)  differs  from  conventional  LEO  in  that  growth  does  not  initiate  through 
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open  windows  but  begins  on  sidewalls  etched  into  the  GaN  seed  layer.  As  the  lateral  growth 
from  the  sidewalls  continues,  vertical  growth  of  GaN  begins  and  results  in  the  eventual  lateral 
overgrowth  of  the  masked  seed  form.  Pendeo-epitaxial  growth  ultimately  results  in  coalescence 
over  and  between  seed  forms,  producing  a  continuous  layer  of  GaN,  as  shown  in  Figure  2. 


Figure  1.  Cross-sectional  SEM 
micrograph  of  LEO  GaN  on  SiC. 


Figure  2.  Cross-sectional  SEM 
micrograph  of  PE  GaN  on  SiC. 


Although  both  LEO  and  PE  research  have  led  to  low  defect-density  GaN  material  on  two-inch 
SiC  and  sapphire  substrates,  the  use  of  this  substrate  does  not  resolve  the  problem  of  achieving 
low-cost,  large  area  GaN  films  necessary  for  commercialization  of  microelectronic  devices. 
Meeting  this  objective  has  renewed  interest  in  using  Si(lll)  substrates  as  an  alternative  to  SiC 
and  sapphire.  Several  recent  demonstrations  of  lateral  growth  process  routes  achieving  growth 
of  (OOOl)GaN  on  (1 1  l)Si  have  been  reported.8,12,13  In  this  paper  we  report  on  the  process  steps 
for  and  characterization  of  PE  GaN  epilayers  grown  on  both  (0001)  6H-SiC  and  (111)  Si 
substrates. 


EXPERIMENTAL  PROCEDURES 

GaN  Seed  Layers 

(000  n  6H-SiC  on-axis  substrates:  The  initial  500nm  thick  GaN  seed  layers  were  grown 
on  lOOnm  thick  high-temperature  AIN  buffer  layers  previously  deposited  on  the  substrates  via 
metalorganic  vapor  phase  epitaxy  (MOVPE),  as  detailed  in  Ref.  14. 

(1  lllSilicon  substrates:  500nm  thick  (11  l)3C-SiC  transition  layers  were  initially  grown 
on  very  thin  (lll)3C-SiC  layers  produced  by  conversion  of  Si  substrate  surfaces  via  reaction 
with  C3H8  entrained  in  H2.  Both  the  conversion  step  and  SiC  film  deposition  were  achieved 
using  atmospheric  pressure  chemical  vapor  deposition  (APCVD),  as  detailed  in  Ref.  15.  The 
500nm  thick  GaN  seed  layers  were  subsequently  deposited  on  100  nm  thick  AIN  buffer  layers  in 
the  manner  used  for  the  6H-SiC  substrates  as  noted  above. 

Pendeo-epitaxial  growth  of  GaN 

A  100  nm  silicon  nitride  growth  mask  was  deposited  on  the  seed  layers  via  plasma 
enhanced  CVD.  A  150  nm  nickel  etch  mask  was  subsequently  deposited  using  e-beam 
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evaporation.  Patterning  of  the  nickel  mask  layer  was  achieved  using  standard  photolithography 
techniques  and  Ar-plasma  sputtering.  The  final,  tailored  microstructure  consisting  of  silicon 
nitride  masked  GaN  seed  forms  was  fabricated  via  inductively  coupled  plasma  (ICP)  etching  of 
portions  of  the  silicon  nitride  growth  mask,  the  GaN  seed  layer  and  the  AIN  buffer  layer.  The 

seed-forms  used  for  this  study  were  raised  rectangular  stripes  oriented  along  the  <lI(X)> 
direction.  Various  seed  form  widths  and  separation  distances  were  employed.  Pendeo-epitaxial 
growth  of  GaN  was  achieved  within  the  temperature  range  of  1050-1 100°C  and  a  total  pressure 
of  45  Torr.  The  precursors  (flow  rates)  of  triethylgallium  (26.1  pmol/min)  and  NH3  (1500  seem) 
were  used  in  combination  with  a  H2  diluent  (3000  seem).  Additional  experimental  details 
regarding  the  pendeo-epitaxial  growth  of  GaN  and  AIxGaj.xN  layers  employing  6H-SiC 
substrates  are  given  in  Refs.  7-11. 

The  morphology  and  defect  microstructures  have  been  investigated  using  scanning 
electron  microscopy  (SEM)  (JEOL  6400  FE),  transmission  electron  microscopy  (TEM) 
(TOPCON  0002B,  200KV)  and  X-ray  diffraction  (XRD)  (Philips  X’Pert  MRD  X-ray 
diffractometer).  Optical  characterization  was  performed  using  a  He-Cd  laser  (k=325  nm). 

RESULTS  AND  DISCUSSION 

GaN  Seed  Layers 

The  pendeo-epitaxial  phenomenon  is  made  possible  by  using  growth  and  mask 
mechanisms  similar  to  conventional  LEO  techniques  and  by  using  the  substrate  itself  as  a 
pseudo- mask,  i.e.  the  GaN  does  not  nucleate  on  the  exposed  SiC  surface  when  higher  growth 
temperatures  are  employed  to  enhance  lateral  growth.  The  Ga-  and  N-containing  species  more 
likely  either  diffuse  along  the  surface  or  evaporate  (rather  than  having  sufficient  time  to  form 
GaN  nuclei)  from  this  substrate.  Since  the  newly  deposited  laterally  grown  GaN  is  suspended 
above  the  SiC  substrate,  there  are  no  defects  associated  with  the  mismatches  in  lattice  parameters 
between  the  PE  GaN  and  the  SiC  substrate. 

Pendeo-epitaxial  techniques  can  be  applied  in  general  to  other  substrates  as  long  as  they, 
or  a  transition  layer  deposited  on  the  substrate,  act  similarly  as  a  pseudo-mask.  As  demonstrated 
above,  silicon  carbide  meets  this  requirement.  Therefore,  by  using  a  transition  layer  of  3C-SiC, 
silicon  can  be  successfully  used  as  a  substrate  for  PE  growth.  In  addition  to  acting  as  a  pseudo¬ 
mask,  the  3C-SiC  performs  two  other  key  functions.  Firstly,  deposition  on  (1 1  l)Si  results  in  the 
growth  of  (1 1  l)3C-SiC.  The  atomic  arrangement  of  the  (1 1 1)  plane  is  equivalent  to  the  (0001) 
plane  of  6H-SiC;  thus  it  facilitates  the  sequential  deposition  of  a  high  temperature  (0001)  2H- 
A1N  buffer  layer  of  sufficient  quality  needed  for  the  GaN  seed  layer.  Secondly,  since  the  AIN 
buffer  does  not  act  as  a  pseudo-mask,  it  must  also  be  removed  from  the  areas  between  the  GaN 
seed  forms  to  prevent  the  undesired  nucleation  of  ‘defective’  GaN  in  these  areas.  Without  the 
presence  of  an  AIN  buffer  or  other  transition  layer,  the  silicon  substrate  is  exposed  to  the  growth 
environment  and  consequent  effects  resulting  from  the  reaction  of  Si  atoms  with  the  Ga  and  N 
species.  Therefore  the  3C-SiC  transition  layer  acts  as  a  reaction/diffusion  barrier  between  the  Si 
substrate  and  the  GaN. 

Figure  3  shows  a  SEM  micrograph  of  a  500  nm  (111)  3C-SiC  transition  layer  deposited 
on  an  on-axis  (lll)Si  substrate.  A  typical  high  resolution  DCXRD  scan  is  shown  in  Figure  4. 
Although  the  quality  of  the  3C  transition  layer  is  less  than  optimal,  as  indicated  from  the 
relatively  rough  morphology  visible  in  Figure  3,  and  typical  XRD  FWHM  values  of  0.5°,  it  is  of 
sufficient  quality  for  the  deposition  of  2H-A1N  and  2H-GaN  seed  layers. 
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The  surface  morphology  of  the  GaN  seed  layers  deposited  on  the  (111)  3C-SiC  transition 
layers  were  comparable  to  GaN  seed  layers  deposited  on  (0001)  6H-SiC  substrates,  and  had  very 
smooth  surfaces.  Low  temperature  (14K)  photoluminescence  analysis  of  GaN  seed  layers  grown 
on  both  6H-SiC  and  3C-SiC/Si  substrates  are  shown  in  Figure  5. 


15  15.5  16  16.5  17  17.5  18 

XRD  Diffraction  Angle,  0)  (degrees) 


Figure  3.  Plane-view  SEM 
of  a  0.5  micron  thick  3C-SiC 
transition  layer  on  (1 1  l)Si. 


Figure  4.  X-ray  rocking  curve  of 
the  1 1 1  diffraction  of  a  0.5  micron 
thick  3C-SiC  transition  layer. 


The  near  band-edge  emission  was  357.7  nm  (3.466  eV,  FWHM  ~  4meV)  and  359.4  nm 
(3.450  eV,  FWHM  ~  19  meV),  respectively,  and  has  been  attributed  to  an  exciton  bound  to  a 
neutral  donor  (X-D°).  These  results  show  that  the  quality  of  the  GaN  seed  layers  deposited  on 
3C-SiC/Si  substrates  is  approaching  the  optical  quality  of  GaN  grown  on  6H-SiC  substrates. 


Pendeo-Epitaxial  Growth: 

Figure  2  shows  an  SEM  micrograph  of  a  PE  grown  GaN  using  a  6H-SiC  substrate  with  a 
1  micron  thick  GaN  seed  layer  and  a  lOOnm  thick  silicon  nitride  mask.  The  seed  microstructure 

was  comprised  of  3  pm  wide  posts  and  1.5  pm  wide  trenches  oriented  in  the  <1100>  direction. 
Analysis  of  Figure  2  reveals  coalescence  between  and  above  the  seed  structures  resulted  forming 
a  continuous  epilayer  of  GaN. 
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Figure  5.  Low  temperature  (14  K) 
PL  spectra  of  GaN  seed  layers  grown 
on  6H-SiC  and  3C-SiC/Si  substrates. 


Figure  6.  Room  temperature 
PL  spectrum  of  coalesced  PE 
GaN  on  a  3C-SiC/Si  substrate. 


310 


Figure  6  shows  the  room  temperature  PL  spectrum  for  a  coalesced  GaN  PE  epilayer 
grown  on  a  3C-SiC/Si  substrate.  A  band-edge  emission  of  363.6  nm  (3.41  eV)  was  observed  and 
indicates  the  PE  GaN  on  silicon  is  under  tensile  stress. 

Figures  7  and  8  show  SEM  micrographs  of  PE  grown  GaN  using  3C-SiC/Si  substrates. 

The  seed  microstructures  were  2  pm  wide  posts  and  3  pm  wide  trenches  oriented  in  the  <1 100  > 
direction.  The  sample  shown  in  Figure  7  employed  a  200  nm  silicon  nitride  mask  on  top  of  the 
seed  forms.  Analysis  of  this  sample  revealed  void  formation  and  poor  coalescence  over  the 
‘thick’  seed  mask.  Void  formation  in  the  trench  regions  is  also  visible;  however  this  does  not 
appear  to  effect  the  quality  of  the  coalesced  GaN  above  the  trench.  This  is  typical  of  PE  GaN 
grown  under  nonoptimized  conditions.  The  sample  in  Figure  8  is  a  maskless  PE  GaN  epilayer. 
PE  GaN  grown  using  this  seed  microstructure  configuration  is  the  equivalent  of  LEO  techniques, 
such  that  vertical  propagation  of  threading  defects  from  the  original  GaN  seed  is  not  prevented. 
Analysis  of  Figure  8  reveals  the  same  void  formation  at  the  coalescence  point  in  the  trench 
regions. 

Although  the  cause  of  these  voids  is  not  yet  fully  understood,  it  is  believed  that 
optimization  of  the  initial  seed  microstructure,  including  post-trench  ratio,  seed  thickness,  etch 
quality  and  mask  thickness,  result  in  their  elimination.  Preliminary  results  suggest  that 
minimization  of  the  trench  width  reduces  the  void  formation  in  the  trench  region.  Also, 
minimizing  the  seed  mask  thickness  helps  to  eliminate  void  formation  in  and  poor  coalescence  of 
GaN  grown  over  the  mask.  Research  optimizing  all  of  the  process  and  fabrication  parameters  is 
ongoing. 

Figure  9  shows  a  typical  X-ray  rocking  curve  for  a  PE  GaN  sample  grown  on  a  3C-SiC/Si 
substrate.  Similar  to  the  case  of  GaN  grown  using  LEO  techniques,  there  is  ~  0.2°  tilting  of  the 
laterally  grown  GaN  compared  to  that  of  the  seed  layer,  in  the  <1120>  direction  (i.e. 
perpendicular  to  the  seed  form  orientation).  However,  unlike  the  LEO  technique,  it  is  difficult  to 
determine  if  the  PE  material,  the  LEO  material,  or  both  are  tilted  since  there  is  both  pendeo- 
epitaxial  growth  between  and  LEO  growth  above  the  original  seed  forms.  Work  is  in  progress  to 
make  this  determination. 


Figure  7.  45°  SEM  view  of  PE  GaN  Figure  8.  45°  SEM  view  of  maskless 

grown  on  a  3C-SiC/Si  substrate.  PE  GaN  grown  on  a  3C-SiC/Si  substrate. 
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(H-B)  iClJSTOJm 


Figure  9.  DCXRD  rocking  curves  of  the  0002  diffraction  of  PE  GaN  grown  on  3C-SiC/Si 
substrates. 


CONCLUSIONS 

The  pendeo-epitaxy  process  route  has  been  developed  as  an  alternative  to  the 
conventional  GaN  LEO  technique  and  as  a  means  of  confining  all  the  vertically  threading 
defects,  stemming  from  the  GaN/ AIN  and  AlN/SiC  interfaces,  within  the  seed  forms.  This 
results  in  the  growth  of  a  more  uniform  low  defect-density  GaN  epilayer.  Incorporation  of 
silicon  nitride  masks  and  SiC  pseudo- masks  (either  as  the  6H-SiC  substrate  or  a  3C-SiC 
transition  layer)  combined  with  etched  sidewalls  of  GaN  seed  forms  has  allowed  the 
achievement  of  PE  GaN  films  with  low  dislocation  densities  over  the  entire  GaN  epilayer 
surface.  The  quality  of  GaN  seed  layers  grown  on  3C-SiC/Si  substrates  was  shown  to  be 
comparable  to  GaN  layers  grown  on  6H-SiC.  Investigations  regarding  the  optimization  of  the 
PE  growth  technique,  including  determination  of  the  ideal  GaN  seed  thickness,  ideal  seed 
microstructure  geometry  (e.g.  post  width,  trench  width,  etc.)  and  ideal  seed  mask  material,  is 
ongoing,  Additionally,  optimization  of  fabrication  steps  for  the  PE  GaN  seed  forms  (e.g., 
photolithography,  mask  alignment,  ICP  etching  process,  etc.)  is  underway. 
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ABSTRACT 

We  demonstrate  a  technique  of  lateral  epitaxial  overgrowth  (LEO)  of  GaN,  termed 
‘maskless’  LEO,  in  which  no  mask  is  deposited  prior  to  LEO  regrowth.  Instead,  a  bulk  (>  2  pm) 
GaN  layer  on  sapphire  is  selectively  dry  etched,  leaving  ~5  pm- wide  stripe  mesas  oriented  in  the 
<101 0>GaN  direction,  with  a  20  pm  period.  These  stripes  serve  as  seeds  for  LEO  GaN  growth, 
which  proceeds  from  the  tops  of  the  stripes  and  expands  laterally,  resulting  in  a  ‘T\  or  overhang, 
morphology.  As  for  LEO  over  an  Si02  mask,  significant  defect  reduction  (from  ~109  cm'2  to 
~l(r  cm'2)  is  observed  in  cross-sectional  transmission  electron  microscopy  (TEM).  Atomic  force 
microscopy  of  the  top  surface  of  the  LEO  GaN  reveals  that  no  threading  dislocations  with  screw 
component  terminate  at  the  surfaces  of  laterally  overgrown  regions.  X-ray  diffraction 
measurements  reveal  that  the  wings  exhibit  a  crystallographic  tilt  away  from  the  seed  regions  in 
an  azimuth  perpendicular  to  the  stripe  direction;  the  tilt  angle  (~0.4  -  0.5°)  is  relatively 
independent  of  growth  temperature  and  wing  aspect  ratio. 

INTRODUCTION 

The  technique  of  lateral  epitaxial  overgrowth  (LEO)  involves  regrowth  on  a  selectively 
masked  epilayer,  such  that  the  regrown  material  emerges  from  unmasked  areas  and  overgrows 
the  mask.  Through  blocking  and/or  redirection  of  threading  dislocations,  the  overgrown  material 
has  a  lower  residual  defect  density  than  the  seed  material.  Significant  extended  defect  density 
reduction  has  been  demonstrated  in  GaN  films  grown  by  metalorganic  chemical  vapor  deposition 
(MOCVD)  and  hydride  vapor  phase  epitaxy  (HVPE)  on  sapphire,1-8  SiC,9-11  and  Si(lll).5 
Reductions  in  threading  dislocation  density  (TDD)  have  led  to  direct  benefits  in  device 
performance  such  as  long-lifetime  C-W  blue  lasers,12-14  low  reverse-bias  leakage  current 
LED’s15’16  and  p-n  junctions,17  low  gate  leakage  current  AlxGai-xN/GaN  FET’s,18  and  low  dark 
current,  sharp  cutoff  AlxGai.xN-based  solar-blind  photodetectors.19 

Much  of  the  recent  work  in  the  LEO  of  GaN  has  utilized  dielectric  masks  such  as  Si02  and 
SiNx,  patterned  with  periodic  arrays  of  stripes  or  holes.  The  use  of  Si02  in  particular  presents 
difficulties  in  controlling  the  background  carrier  concentration  of  the  LEO  GaN,  since 
outdiffusion  of  Si  and  O  may  occur  at  the  elevated  temperatures  of  regrowth  (e.g.,  1050°C). 
Such  autodoping  of  the  LEO  GaN  limits  its  usefulness  for  devices  which  require  an  insulating 
base  layer,  such  as  field  effect  transistors.  In  the  effort  to  obtain  semi-insulating  LEO  GaN,  one 
approach  is  to  eliminate  the  mask  altogether,  while  still  benefitting  from  extended  defect 
reduction.  The  present  technique,  termed  ‘maskless’  LEO,  has  the  potential  of  achieving  this  by 
regrowing  on  GaN  stripes  that  are  separated  by  the  sapphire  upon  which  the  seed  layer  was 
grown.  It  is  expected  that  the  chemical  and  physical  stability  of  the  sapphire  as  well  as  the 
regrowth  morphology  will  lead  to  LEO  GaN  with  lower  unintentional  impurity  incorporation. 
Thus  maskless  LEO  has  potential  advantages  over  related  techniques  that  yield  similar 
morphologies  but  use  a  dielectric  mask.20  In  this  paper  we  present  the  structural  and 
morphological  characterization  of  maskless  LEO  GaN  grown  under  various  conditions. 
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EXPERIMENT 


Bulk  (>2pm)  GaN  layers  were  grown  on  sapphire  using  a  standard  two-step  process.21 
These  layers  were  coated  with  photoresist  (PR)  and  patterned  using  standard  UV 
photolithography,  such  that  5  pm  wide  PR  stripes  were  formed,  with  20  pm  period  and  oriented 
in  the  <10  1  0>g3n  direction.  Samples  were  etched  using  CI2  reactive  ion  etching,  resulting  in  all 
GaN  being  removed  except  the  material  beneath  the  PR  stripes.  Etching  in  this  manner  resulted 
in  stripes  with  some  etch  damage  on  the  upper  surfaces,  and  occasionally  areas  between  stripes 
where  material  (‘grass’)  remained  on  the  sapphire.  Examples  of  both  of  these  features  are  shown 
in  Fig.  1 .  It  has  been  found  in  the  present  study  that  the  selectivity  of  the  LEO  growth  is  not 
affected  by  the  features  in  Fig.  1(b). 


Figure  1 .  Scanning  electron  micrographs  of  as-processed  GaN  stripes,  showing  (a)  etch 
damage  on  upper  comers  of  stripe;  (b)  ‘grass’,  or  post-etch  residual  material. 


The  LEO  GaN  was  deposited  at  76  Torr  in  a  H2  carrier,  with  an  NH3  flow  fixed  at  1.77 
slpm.  Two  trimethylgallium  (TMG)  flows  (52  and  104  pmol/min)  and  three  surface 
temperatures  (1015°C,  1060°C,  and  1 100°C)  were  studied.  The  approximate  surface  temperature 
was  calibrated  using  an  optical  pyrometer.  Growth  durations  of  15  min  and  30  min  were  used  for 
frMG  =  104  pmol/min  and  52  pmol/min,  respectively,  to  supply  equimolar  amounts  of  Ga  to  both 
series  of  samples.  Uncoated  samples  were  characterized  in  cross  section  by  scanning  electron 
microscopy  (SEM)  using  a  JEOL  6300F  field  emission  microscope  operating  at  15  kV. 
Specimens  for  transmission  electron  microscopy  (TEM)  were  prepared  by  wedge  polishing 
followed  by  standard  Ar+  ion  milling  and  images  were  recorded  on  a  JEOL  2000FX  microscope 
operated  at  200  kV.  Atomic  force  microscopy  (AFM)  of  LEO  GaN  surface  morphology  was 
carried  out  on  a  Digital  Instruments  D3000  scanning  probe  microscope.  X-ray  diffraction  was 
performed  using  four-bounce  Ge(220)-monochromated  Cu-Ka  radiation  in  a  four-circle 
diffractometer  operating  in  receiving  slit  mode,  with  a  1.0  mm  slit  on  the  detector  arm. 
Specifically,  rocking  curves  of  the  GaN  0002  peak  were  measured,  with  the  scattering  plane 
perpendicular  to  the  stripe  direction.  In  this  orientation,  the  rotation  (rocking)  axis  is  parallel  to 
the  stripe  direction. 

RESULTS 

The  maskless  LEO  stripe  morphologies  that  result  from  15  min  of  growth  at  a  TMG  flow  of 
104  pmol/min  (nominal  V/III  =  750)  are  shown  in  Fig.  2.  At  the  lowest  temperature,  the  LEO 
GaN  is  bound  by  the  (0001)  basal  plane  and  both  inclined  {11  2n}_(where  n  «  2)  and  vertical 
{1120}  sidewalls.  As  the  growth  temperature  is  increased,  the  {11  20}  sidewalls  dominate  and 
the  lateral  growth  rate  increases,  which  has  been  observed  previously  on  LEO  over  an  Si02 
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mask.7  At  all  three  temperatures  studied,  the  LEO  GaN  grows  vertically  and  laterally  from  the 
upper  part  of  the  ‘seed’  GaN  stripe,  and  not  from  the  base  of  the  {112  0}  seed  sidewalls.  This  is 
believed  to  be  due  to  etch  damage  such  as  shown  in  Fig  1(a),  which  would  cause  the  LEO  GaN 
to  start  growing  on  the  top  surfaces  of  the  stripes,  and  then  expand  laterally.  Subsequently, 
downward  expansion  of  the  LEO  ‘wings’  also  occurs,  the  extent  of  which  increases  with 
temperature.  This  implies  that  the  growth  rate  of  not  only  the  {1120}  sidewalls  but  also  the 
(000  T)  plane  increases  with  temperature. 


Figure  2.  SEM  micrographs  of  as-cleaved  LEO  stripe  cross  sections,  grown  for  15  min  with 

104  (imol/min  TMG  at  (a)  1015°C,  (b)  1060°C,  and  (c)  1 100°C.  Bar  length  is  1  pm. 


When  the  TMG  flow  is  set  at  52  pmol/min  (nominal  V/III  =  1500),  the  LEO  stripe 
morphologies  shown  in  Fig.  3  result.  The  same  temperature  dependence  of  facet  formation  as 
seen  above  is  observed,  with  the  inclined  {11  2n}  facets  disappearing  at  higher  temperatures. 
However,  since  the  V/III  ratio  is  higher  in  this  case,  the  extent  of  lateral  growth  is  also  higher,  as 
observed  for  LEO  over  an  Si02  mask.22  At  the  highest  temperature,  the  LEO  wings  have 
expanded  downward  to  such  an  extent  that  they  are  in  contact  with  the  sapphire  substrate.  This 
morphology  is  facilitated  by  the  enhanced  growth  rates  of  the  (000 1 )  and  {112  0}  facets,  which 
could  be  directly  dependent  on  the  NH3  partial  pressure.  If  it  assumed  that  the  decomposition  of 
NH3  is  incomplete  in  the  temperature  range  studied  and  the  active  nitrogen  species  have  a  short 
residence  time  on  the  growing  facets,  then  the  ‘local’  V/III  ratio  in  the  immediate  vicinity  of  the 
stripe  increases  with  increasing  temperature.  The  relation  between  the  ideal  surface  atomic 
structures  of  the  facets  and  their  stability  is  discussed  in  more  detail  elsewhere  22 


Figure  3.  SEM  micrographs  of  as-cleaved  LEO  stripe  cross  sections,  grown  for  30  min  with  52 
pmol/min  TMG  at  (a)  101 5°C,  (b)  1060°C,  and  (c)  1 100°C.  Bar  length  is  1  pm. 


Although  the  LEO  stripes  shown  in  Figs.  2  and  3  have  (initially)  suspended  wings,  it  has 
also  been  observed  in  the  present  study  that  the  wings  may  be  contact  with  the  sapphire  from  the 
onset  of  regrowth.  This  growth  mode  affects  the  dislocation  density  in  the  wings,  as  discussed 
below.  We  believe  that  variations  in  the  degree  of  etch  damage  on  the  seed  sidewalls  may  alter 
the  manner  in  which  LEO  GaN  initially  grows  on  the  seed. 

Cross-sectional  TEM  micrographs  of  the  stripes  in  Figures  2(a)  and  (c)  are  shown  in  Fig.  4. 
The  bright-field  image  in  Fig.  4(a)  reveals  that  some  dislocations  with  edge  component  have 
been  redirected  into  the  wing,  which  is  expected  when  { 1 1  2  n}  facets  are  present.  The  weak- 
beam  images  in  Figures  4(b)  and  (c)  reveal  that  the  dislocations  with  screw  and  edge  component. 
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respectively,  have  significantly  lower  density  in  the  LEO  wings  than  the  seed  regions.  However, 
the  small  wing  volume  in  these  samples  precludes  accurate  estimation  of  the  TDD  at  this  time. 


Figure  4.  TEM  micrographs  of  LEO  stripes  grown  with  104|j.mol/min  TMG:  (a)  bright-field 
cross-section;  (b),(c)  weak-beam  images  with  two  different  diffraction  conditions. 

When  the  LEO  wings  are  in  contact  with  the  sapphire  while  expanding  laterally,  an  overall 
reduction  in  defect  density  to  ~106  cm'2  is  observed,  as  shown  in  Fig.  5(a).  However,  vertical 
arrays  of  edge  dislocations  with  line  directions  parallel  to  the  stripe  and  Burgers  vector  b  = 
1/3<1 1  2  0>  are  visible  at  various  locations  in  the  wings.  These  vertical  arrays,  highlighted  by 
arrows,  would  be  expected  to  give  rise  to  crystallographic  tilt,  since  they  are  essentially  low- 
angle  tilt  boundaries.  Additionally,  in  Fig.  5(b)  mixed-character  threading  dislocations  generated 
at  the  interface  between  the  wing  and  the  sapphire  are  highlighted  with  arrows. 


Figure  5.  Bright  field  TEM  micrographs  of  (a)  seed  region  and  LEO  wing  in  contact  with 
sapphire  (arrows  highlight  vertical  edge  dislocation  arrays),  (b)  close-up  of  LEO 
wing  /  sapphire  interface,  with  TDs  highlighted  by  arrows. 


The  threading  dislocation  density  reduction  observed  in  cross-sectional  TEM  is  also  evident 
in  atomic  force  microscopy  (AFM)  micrographs  of  the  top  surfaces  of  the  stripes,  an  example  of 
which  is  shown  in  Fig.  6.  The  right  end  of  the  micrograph  is  the  LEO  GaN  located  directly 
above  the  seed,  whereas  the  remainder  is  the  wing  region.  The  absence  of  step  terminations  in 
this  area  indicates  that  there  are  no  threading  dislocations  with  a  screw  component  emerging  at 
the  surface,  since  their  intersection  with  a  free  surface  necessitates  termination  of  two  steps  or  a 
single  paired  step.4  Step  pairing  as  well  as  preferential  orientation  step  orientation  (dictated  by 
the  in-plane  symmetry  of  the  wurtzitic  crystal  structure)  is  seen  in  the  wing  regions,  as  they  are 
unconstrained  by  step  terminations. 
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Figure  6.  Montage  of  AFM  images  for  a  stripe  in  contact  with  sapphire,  showing  ‘wing’ 
(overgrown)  region  on  left,  and  seed  region  on  right.  The  total  z-range  is  2  nm. 

Note  that  vertical  lines  are  scan  artifacts. 

The  x-ray  diffraction  rocking  curves  of  the  GaN  0002  peak  in  Fig.  7(a)  reveal  that  for  the 
f(TMG)  =  104  pmol/min  series,  the  LEO  wings  have  a  crystallographic  tilt  with  respect  to  the 
seed  regions.  This  tilt,  -0.4-0. 5°  for  all  three  growth  temperatures,  is  only  observed  in  an 
azimuth  perpendicular  to  the  stripe  direction;  no  tilt  is  discemable  along  the  <10 1 0>GaN  stripe 
direction.  The  same  is  true  for  LEO  GaN  stripes  grown  at  f(TMG)  =  52  pmol/min,  which  have 
tilts  in  the  same  range,  as  shown  in  Fig.  7(b).  The  fact  that  tilt  is  independent  of  aspect  ratio 
(which  depends  on  temperature  and  V/III  ratio)  for  these  suspended  morphologies  may  indicate 
that  it  emerges  at  the  onset  of  LEO.  In  contrast,  LEO  wings  which  grow  in  contact  with  an  Si02 
mask  exhibit  tilts  that  increase  progressively  with  extent  of  lateral  overgrowth.23 


Figure  7.  X-ray  diffraction  rocking  curves  of  LEO  stripes  grown  with  (a)  104  pmol/min  for 
15  min  and  (b)  52  pmol/min  for  30  min. 


CONCLUSIONS 

We  have  demonstrated  a  novel  GaN  lateral  overgrowth  technique,  termed  maskless  LEO,  in 
which  selective  regrowth  is  achieved  without  the  need  for  mask  deposition.  For  the  range  of 
growth  conditions  studied,  morphologies  with  suspended  wing  (LEO  GaN)  regions  largely  result. 
It  is  believed  that  RIE  etch  damage  on  the  seed  GaN  stripes  is  the  cause  of  this  ‘T’  morphology. 
TDD  reduction  has  been  observed  in  both  TEM  and  AFM  of  LEO  wing  regions.  The  wings 
exhibit  crystallographic  tilts  away  from  the  seed  region,  which  are  relatively  independent  of  wing 
aspect  ratio.  The  origin  of  this  tilt  is  the  subject  of  ongoing  study,  as  it  is  important  in 
determining  the  nature  of  the  merge  front  when  two  wings  coalesce. 
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REACTORS®  FOR  THE  GROWTH  OF  GaN  BASED  MATERIALS 
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Production  scale  MOVPE  reactors  such  as  the  AIXTRON  2000HT  Planetary  Reactor®  offer 
unique  possibilities  to  fabricate  highly  efficient  GaN  based  devices  at  a  low  cost  of  ownership.  The 
scope  of  this  investigation  is  to  understand  the  dependence  of  wavelength,  thickness  and  doping 
uniformity  on  parameters  such  as  total  gas  flow,  temperature  distribution  in  the  reactor  and  purity 
of  the  precursors.  Wafer  to  wafer  uniformity  in  the  7x2"  wafer  configuration  as  well  as  run  to  run 
reproducibility  will  be  discussed.  We  obtained  a  wafer  to  wafer  standard  deviation  of  2.7%  for  the 
sheet  resistance  of  Si-doped  GaN/InGaN/GaN  double  heterostructures.  The  wafer  to  wafer 
standard  deviation  of  the  main  PL  emission  wavelength  at  412.3  nm  is  1.8  nm.  The  run  to  run 
reproducibility  of  the  main  emission  wavelength  is  <3  nm.  We  obtained  reproducible  resistivities  of 
GaN:Mg  layers  of  less  than  1  flcm  which  corresponds  to  5-10x1 017cm'3.  Statistical  data  of  p-type 
doping  taking  20  runs  into  account  gave  an  average  hole  concentration  of  5.5xlOncm'3.  Together 
with  the  wafer  to  wafer  thickness  uniformity  of  <1%  the  most  sensitive  layer  properties  are  well 
controlled  to  allow  a  cost-effective  mass  production  process.  Structures  such  as  SQW  and  MQW 
structures  were  grown  to  understand  the  performance  of  a  production  system  with  respect  to 
interface  properties. 

1.  Introduction 


The  market  potential  of  blue,  green,  amber,  red  and  even  white  LEDs  based  on  GaN 
heterostructures  will  increase  dramatically.  Since  the  profit  margin  of  a  LED  is  small,  cost  saving 
production  processes  with  a  low  consumption  of  expensive  precursors  and  a  high  device  yield  is 
essential  [1,  2].  Therefore  we  developed  the  AIXTRON  multiwafer  Planetary  Reactor®  for  the 
growth  of  GaN-based  material.  This  paper  discusses  reproducibility  and  uniformity  issues  under 
production  aspects. 


2.  Experimental  results 

Undoped  GaN  layers  were  grown  at  TD  =  1 160  -  1 180°C  using  a  total  pressure  between  100  -  500 
mbar.  A  typical  V/III  ratio  for  undoped  GaN  is  -1000.  These  parameters  result  in  a  GaN  growth 
rate  of  about  2  pm/h  and  an  efficiency  of  the  Ga  precursor  of  20%.  Higher  growth  rates  of  3  pm/h 
and  Ga  precursor  efficiencies  up  to  25%  were  also  achieved.  The  typical  background  carrier 
concentration  of  undoped  GaN  is  1  x  1016  cm'3.  Depending  on  the  ammonia  purity  and  on  layer 
thickness  background  carrier  concentrations  as  low  as  5  x  1015  cm'3  and  mobilities  as  high  as  600 
cm2/Vs  were  achieved.  The  thickness  uniformity  on  one  single  wafer  without  edge  exclusion 
measured  by  white  light  interference  can  be  tuned  to  -1%.  The  wafer  to  wafer  thickness  uniformity 
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in  one  growth  run  is  well  below  1%.  Silicon  doping  of  GaN  was  achieved  by  using  SiFU.  Fig.  1 
shows  the  sheet  resistivity  maps  of  four  GaN  layers  grown  in  one  run.  The  average  value  of  the 
wafer  is  76.4  Q/CJ.  The  standard  deviation  on  each  wafer  is  ~1%.  The  wafer  to  wafer  standard 
deviation  is  <3%.  Lines  of  constant  sheet  resistance  are  concentric  circles  on  the  wafer.  This 
indicates  a  linear  depletion  of  the  gas  phase  across  the  wafer  together  with  a  very  uniform 
temperature  profile.  Single  and  multiple  quantum  well  structures  of  InGaN/GaN  were  grown  and 
investigated.  The  interface  switching  sequence,  the  growth  temperature,  total  pressure  for  the 
InGaN  growth  and  the  carrier  gas  for  InGaN  play  an  important  role.  We  used  in-situ  reflectometry 
measurements  to  optimize  the  growth  step  at  the  interfaces. 


std.  dev.  1.10  % 


av.  value:  76.2  ohm/sq 
std.  dev.  0.68  % 


wafer-to-wafer  standard  deviation:  2.7% 

Fig.  1 :  Wafer-to-wafer  uniformity  of  Si-doped  GaN/InGaN/GaN-DHS 
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Switching  the  precursor,  ramping  the  pressure  to  the  appropriate  elevated  pressure  for  InGaN  and 
the  transition  from  H2  to  N2  carrier  gas  was  done  in  that  way  that  the  reflectivity  of  the  grown 
layer  did  not  drastically  decrease  and  that  additional  high  quality  GaN  (as  indicated  by  oscillation 
of  the  reflectometry)  can  be  grown  on  top  of  the  quantum  well.  This  growth  technology  was 
developed  to  enable  growth  of  high-quality  LED  structures. [3,  4].  Due  to  GaN  specific  design  of 
the  temperature  control  system,  the  low  thermal  mass  of  the  heated  parts  and  the  RF  heating 
system,  fast  heating  and  cooling  cycles  are  possible.  Fig.  2  shows  the  normalized  emission 
intensity  as  a  function  of  emission  wavelength  at  room  temperature  for  seven  satellite  positions  of 
an  InGaN/GaN  multiple  quantum  well. 


Fig.  2:  Normalized  emission  intensity  as  function  of  emission 
wavelength  for  seven  satellite  positions 


The  emission  wavelength  of  all  layers  is  at  460  nm  as  indicated.  Photoluminescence  spectra 
measured  with  a  higher  resolution  show  that  the  wafer  to  wafer  difference  is  less  than  ±  1  nm. 
Sometimes  Fabry-Perot  oscillations  are  superimposed  on  the  PL  making  a  precise  evaluation  of  the 
peak  wavelength  more  difficult.  Fig.  3  shows  a  PL  wavelength  mapping  of  one  single  wafer.  The 
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average  wavelength  is  462.7  nm  and  the  standard  deviation  is  1.9  nm.  This  result  is  in  good 
agreement  with  the  conclusions  of  the  measurements  shown  in  Fig.  1  and  in  Fig.  2.  To  achieve 
these  data,  an  extremely  uniform  temperature  profile  across  the  reactor  is  required.  Similar 
structures  were  grown  emitting  at  lower  wavelength  e.g.  394  nm.  The  standard  deviation  was  1.2 
nm  across  one  two  inch  wafer.  Wafer  to  wafer  standard  deviations  of  less  than  2  nm  were  already 
achieved  for  structures  emitting  at  412  nm.  To  achieve  InGaN  quantum  well  structures  emitting  at 
longer  wavelength,  tuning  of  the  process  parameters  was  necessary.  Emission  wavelengths  up  to 
520  nm  were  achieved. 


Peak  Wavelength  Mapping 


Average  Wavelength:  462.7  nm 

Standard  Deviation:  1.9  nm 


Fig.  3:  InGaN  MQW  structure  grown  on  AIX  2000HT 


In  addition  high  temperature  lasing  experiments  were  carried  out  using  these  InGaN/GaN  MQWs 
under  photo-excitation.  Laser  action  was  achieved  up  to  585K.  The  peak  wavelength  and  the 
FWHM  of  the  lasing  spectrum  at  300  K  were  423.2  nm  and  9  meV,  respectively.  The  laser 
oscillation  appeared  near  one  of  the  peaks  of  the  stimulated  emission  with  increasing  excitation 
intensity.  Lasing  thresholds  at  T  =  78  K,  300  K,  585  K  were  24  kW/cm2,  95  kW/cm2,  555 
kW/cm2,  respectively.  A  characteristic  temperature  of  164K  was  derived  from  the  temperature 
dependence  of  the  lasing  threshold.  This  is  in  agreement  with  the  value  of  162  K  reported  by 
others[5,  6],  Further  details  will  be  presented  elsewhere  [7]. 
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3.  Conclusion 


Optimized  growth  conditions  for  a  GaN-based  structures  containing  InGaN/GaN  MQWs  require 
the  use  of  different  carriers  gases,  growth  temperature  and  growth  pressure.  Our  specially 
designed  MOCVD  systems  were  able  to  achieve  the  results  discussed  here  by  precise  control  of 
thermal  and  flow  conditions.  The  high  group  III  precursor  efficiency,  low  V/III  ratio  and  excellent 
uniformity  obtained  will  enable  the  low-cost  production  of  GaN-based  layers  for  LED  fabrication. 
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ABSTRACT 

Synchrotron  white  beam  x-ray  topography  techniques,  in  section  and  large-area  transmission 
modes,  have  been  applied  to  the  evaluation  of  ELOG  GaN  on  A1203.  Using  the  openings  in  100  nm 
thick  Si02  windows,  a  new  GaN  growth  took  place,  which  resulted  in  typical  overgrowth  thicknesses 
of  6.8  pm.  Measurements  on  the  recorded  Laue  patterns  indicate  that  the  misorientation  of  GaN  with 
respect  to  the  sapphire  substrate  (excluding  a  30°  rotation  between  them)  varies  considerably  along 
various  crystalline  directions,  reaching  a  maximum  of  a  -0.66°  rotation  of  the  (0001)  plane  about  the 
[01*1]  axis.  This  is  ~3%  smaller  than  the  misorientation  measured  in  the  non-ELOG  reference, 
which  reached  a  maximum  of  0.68°.  This  misorientation  varies  measurably  as  the  stripe  or  window 
dimensions  are  changed.  The  quality  of  the  ELOG  epilayers  is  improved  when  compared  to  the  non- 
ELOG  samples,  though  some  local  deviations  from  lattice  coherence  were  observed.  Long  range  and 
large-scale  (order  of  100  pm  long)  strain  structures  were  observed  in  all  multi  quantum  well 
epilayers. 

INTRODUCTION 

Epitaxial  lateral  overgrowth  (ELOG)  holds  out  the  potential  for  significant  reductions  in 
threading  dislocation  densities  for  mismatched  hexagonal-GaN  on  sapphire  epitaxy  [1-3].  Using 
openings  in  a  relatively  thick  Si02  mask  a  new  MOVPE  GaN  growth  is  carried  out.  After  an  initial 
phase  of  vertical  growth  upward  through  the  mask  window,  the  growth  then  proceeds  laterally  over 
the  mask  itself.  It  is  thought  that  a  significant  reduction  in  threading  dislocation  densities  can  be 
achieved  via  mask  blocking  of  vertically  propagating  dislocations  and  via  a  redirection  of  the 
propagation  of  some  dislocations  at  the  growth  front  [4-5].  Studies  have  shown  that  the  ELOG 
technique  can  result  in  dislocation  densities  almost  three  orders  of  magnitude  lower  than  in  the  non- 
ELOG  case,  wherein  typical  densities  of  ~1  x  1010  cm'2  are  often  observed  [3].  GaN-based  opto-  and 
electronic  devices  are  expected  to  benefit  from  this  reduction  in  dislocation  density  and  this 
technique  has  recently  been  applied  to  GaN  blue  laser  production  [6-7].  However,  an  understanding 
of  the  processes  active  during  the  ELOG  procedure,  and  their  impact  on  strain  and  dislocation 
generation,  is  still  far  from  complete.  In  this  study,  synchrotron  white  beam  x-ray  topography,  in 
section  and  large-area  transmission  [8-9]  modes,  have  been  applied  to  the  evaluation  of  ELOG  GaN 
on  A1203. 
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EXPERIMENTAL 


The  measurements  were  performed  at  the  Hamburger  Synchrotronstrahlungslabor  at  the 
Deutsches  Elektronen-Synchrotron  (HASYLAB  am  DESY,  beamline  FI),  Hamburg,  Germany, 
utilising  the  continuous  spectrum  of  synchrotron  radiation  from  the  DORIS  III  storage  ring  bending 
magnet.  The  ring  operated  at  a  positron  momentum  of  4.45GeV/c  and  at  typical  currents  of  80- 
I50mA.  The  Laue  patterns  of  topographs  were  recorded  either  on  Kodak  High-Resolution  SO-343  or 
SO-181  Professional  X-ray  film  having  an  emulsion  grain  size  of  about  0.05  pm.  Transmission 
topographic  techniques  were  employed  in  producing  these  topographs  [8-9].  For  transmission  section 
topography,  the  incoming  beam  is  collimated  into  a  narrow  ribbon  by  a  slit  typically  15-20  pm  in 
width.  When  a  single  crystal  is  immersed  in  a  white  X-ray  beam  a  number  of  lattice  planes  (hkl) 
select  out  of  the  continuous  spectrum  the  proper  wavelengths  to  be  reflected  according  to  Bragg's 
Law.  Due  to  the  low  divergence  of  the  synchrotron  radiation  beam  (nominally  0.06  mrad  FWHM), 
each  spot  of  this  particular  Laue  pattern  is  itself  a  high-resolution  topograph  Thus,  a  set  of  Laue  case 
section  topograph  images  of  sample  cross-sections  are  produced  and,  provided  that  the  Bragg  angle  is 
not  too  small,  the  image  gives  detailed  information  about  the  energy  flow  within  the  crystal  and 
direct  depth  information  on  the  defects  present  in  a  particular  crystal  slice.  For  large-area 
transmission  topographs  the  collimating  slits  are  opened  to  provide  an  incoming  beam  whose 
dimensions  are  ~  3  mm  x  4mm. 

The  lattice  mismatch  between  hexagonal  wurtzite  a-phase  GaN  and  the  underlying 
rhombohedral  (hexagonal)  a-Al203  can  achieve  values  as  high  as  13.9%  [10]  and  standard  epitaxial 
deposition  of  GaN  on  sapphire  leads  to  very  high  threading  dislocation  (TD)  densities.  However,  as 
stated  earlier,  the  implementation  of  ELOG  leads  to  significant  reductions  in  TD  densities  from  ~10 
cm'2  to  ~107  cm'2.  The  epitaxial  lateral  overgrowth  of  GaN  was  carried  out  in  a  vertical  rotating  disk 
MOVPE  (Metal  Organic  Vapor  Phase  Epitaxy)  reactor  manufactured  by  Thomas  Swan  &  Co., 
operated  at  a  pressure  of  100  Torr.  Trimethylgallium  (TMG),  trimethylindium  (TMI)  and  ammonia 
(NH3)  were  used  as  Ga,  In  and  N  precursors  respectively.  At  first,  a  0.85-1.2  pm  GaN  epilayer  was 
grown  on  top  of  a  low  temperature  thin  (33-50  nm)  GaN  buffer  layer  on  a  c-plane  sapphire  substrate. 
Growth  conditions  of  these  layers  are  described  elsewhere  [11].  Afterwards  100-150  nm  thick  Si02 
stripes  were  deposited  using  plasma  enhanced  chemical  vapor  deposition  (PECVD)  followed  by 
conventional  photolithography  and  dry  etching.  Stripe  widths  (L)  of  2  and  3  pm  were  applied, 
whereas  the  window  openings  (W)  varied  between  3  and  5  pm.  These  stripes  were  oriented  in  the 
<ll00>  direction  in  order  to  obtain  large  lateral  growth  rates.  The  resulting  structure  was  then  re¬ 
entered  into  the  reactor  after  a  5  sec  dip  into  a  HF:H20  solution  (1:4)  to  remove  surface  oxide.  The 
actual  ELOG  growth  took  place  at  temperatures  ranging  from  1060°C  to  1080°C,  using  H2  as  the 
carrier  gas.  The  thickness  of  the  ELOG  layer  varied  between  4.8  and  6.8  pm.  Typical  flow  rates  for 
TMG  and  NH3  were  23.7  pmol/min  and  5  1/min  respectively.  When  Multi-Quantum  Well  (MQW) 
structures  were  implemented  they  were  grown  in  N2  at  865°C  and  contained  5  periods  of  3  nm  thick 
In0.2Gao.8N  wells  and  6  nm  thick  GaN  barriers.  Flow  rates  in  this  case  consisted  of  3  pmol/min  for 
TMG  and  9.6  pmol/min  for  TMI.  A  diagram  of  the  ELOG  scheme  used  in  this  study  is  shown  in 
Figure  1.  The  wafers  were  divided  into  four  regions,  each  with  a  differing  fill  factor,  i.e.  the  ratio  of 
W  to  the  total  mask  period,  W+L.  This  information  is  given  in  Table  1. 
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GaN  epilayer 
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Figure  1 

-  ELOG  structure 
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HUB 

a 

5 

3 

0.625 

b 

4 

3 

0.571 

c 

4 

2 

0.667 

d 

3 

3 

0.500 

Table  1  -  ELOG  Mask  Dimensions 


RESULTS 

Figure  2(a)  shows  the  Laue  pattern  taken  from  a  complete  film  of  Region  a  of  the  ELOG 
GaN  on  A1203  material.  The  sample  to  film  distance  (D)  was  50  mm.  The  major  flat  of  the  ELOG 
GaN  wafer  is  oriented  in  the  [1120]  direction  of  the  GaN,  so  that  means  that  the  stripes  on  the 
sample  run  along  the  [1  1  00]  direction,  which  is  perpendicular  to  the  flat.  Concerning  the  non-ELOG 
sample,  the  shortest  straight  edge  has  the  [1 1 00]  orientation,  the  other  one  is  oriented  in  the  [1 1 20] 
direction.  Please  note  that  all  the  aforementioned  directions  are  for  the  GaN.  There  exists  a  30° 
rotation  between  the  crystallographic  orientations  of  the  GaN  and  the  sapphire  substrate,  which 
means  that  the  major  flat  of  the  wafer  is  one  of  the  <1  1 00>  directions  for  the  sapphire.  The  direction 
normal  to  the  surface  is  the  [0001]  direction,  so  the  surface  is  the  so-called  c-plane,  or  the  (0001) 
plane. 

The  images  of  the  substrate  and  epilayer  are  separated  from  each  other  in  certain  diffraction 
directions,  e.g.  the  11*3  A1203  and  the  01*1  GaN  reflections.  A  small  separation  between  certain 
reflections  of  the  substrate  and  epilayer  is  expected,  since  there  exists  a  30°  rotation  between  the 
substrate  and  epilayer.  A  magnified  image  of  the  highlighted  reflections  is  given  in  Figure  2(b)  and 
the  two  stripe  images  are  the  section  transmission  topographs  for  the  substrate  (uppermost)  and  the 
ELOG  GaN  (lower  image).  The  expected  separation  of  the  two  reflections,  based  solely  on  the 
designed  30°  mutual  rotation,  is  indicated  by  2A<]>.  However,  the  measured  separation,  2A0,  is  much 
greater.  Therefore  it  must  be  concluded  that  the  observed  misorientation  between  the  substrate  and 
ELOG  GaN  is  mainly  due  to  lattice  dilatation  or  rotation.  In  the  case  of  strained  layer  GaN  epitaxy, 
the  perpendicular  component  of  the  lattice  parameter  will  change  while  the  parallel  components 
remain  unchanged.  This  results  in  a  distortion  of  the  relative  positions  of  the  lattice  planes  in  the 
epilayer  with  respect  to  the  substrate.  Thus,  along  directions  where  the  diffraction  vector  (g)  and 
distortion  vector  running  normal  to  the  distortion  (h)  are  mostly  parallel  (i.e.  any  region  where  g.h  f 
0)  there  will  be  an  observed  shift  in  the  position  of  the  diffracted  image  of  the  epilayer  with  respect  to 
the  remainder  of  the  crystal,  i.e.  the  substrate. 
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It  was  found  that  the  A0max  for  non-ELOG  GaN  epilayers  was  -0.68°,  while  the  A0max  for  the 
ELOG  GaN  was  -0.66°,  representing  a  combination  of  rotation  of  the  (0001)  plane  about  a  [01*1] 
axis  or  lattice  dilatation.  Further  experimentation  will  be  required  to  determine  which,  if  either, 
mechanism  is  dominant.  In  particular  SXRT  may  be  sensitive  to  tilting  of  the  c-planes  in  the  ELOG 
GaN  with  respect  to  the  seed  material.  The  quality  of  the  sapphire  substrate  appears  to  be  rather 
good.  However,  one  can  see  that  the  image  of  the  epilayer  is  severely  broadened  and  appears  to  be 
almost  as  thick  as  the  substrate  itself.  This  effect  is  most  likely  due  to  the  fact  that  the  quality  of  the 
epilayer  is  far  from  perfect  and  this  manifests  itself  via  local  deviations  from  lattice  coherence 
throughout  the  epilayer.  Various  regions  in  the  epilayer,  each  slightly  misorientated  with  respect  to 
its  neighbour,  though  still  generally  macroscopically  aligned,  will  each  contribute  to  a  topographic 
image.  However,  each  of  these  regions  will  produce  images  at  slightly  different  locations  on  the  film. 
If  it  is  assumed  that  these  deviations  are  symmetrically  distributed  around  the  nominal 
crystallographic  plane  positions,  the  measured  broadening  of  the  epilayer  image  in  the  section 
topograph  is  given  by  2A\\f.  For  the  example  shown  here  we  find  these  local  lattice  misorientational 
deviations  to  give  values  of  A\j/=±0.07°  =  ±250  arcsec  across  an  8.5  mm  length  of  epilayer. 
Significant  differences  between  this  non-ELOG  sample  and  the  ELOG  wafers  are  observed. 

For  the  non-ELOG  wafer  the  overall  dilatational  misorientation  (A0max)  reaches  a  larger 
maximum  of  a  0.68°  rotation  of  the  (0001)  plane  about  the  [01*1]  axis.  This  is  >3%  larger  than 
previously  recorded  for  the  ELOG  wafers.  The  local  variations  from  coherence  within  the  epilayer 
are  much  larger  and  values  of  A\\f  are  as  large  as  A\|/=±0.12°  across  an  8.5  mm  length  of  epilayer. 
This  is  principally  due  to  the  apparent  growth  of  highly  misorientated  features  within  the  epilayer 
(arrows  B  and  C  in  Figure  3).  These  features  correspond  to  highly  misorientated  features  on  the 
substrate.  The  epitaxial  replication  of  defects  in  the  substrate  is  not  observed  for  the  ELOG  samples. 
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It  was  also  observed  that  the  misorientation  varies  as  a  function  of  the  window/stripe 
separation.  This  was  especially  apparent  when  comparing  two  regions  on  the  ELOG  mask  with 
greatly  differing  fill  factors.  An  example  of  this  is  shown  in  Figure  4,  which  is  a  01  •  1  transmission 
section  topograph  as  before.  The  image  is  left  in  its  original  orientation  on  the  recording  film,  i.e.  the 
substrate  image  would  appear  above  the  epilayer  image. 


Figure  4  -  Misorientation  across  two  regions  of  the  ELOG  mask 


In  this  case  the  beam  scanned  two  regions  simultaneously,  i.e.  Regions  c  and  d  as  indicated 
on  the  figure.  In  region  d  large  spikes  are  observed  -  indicated  by  arrows  A-  (similar  features  are  also 
seen  in  Figure  2(b))  and  could  be  caused  by  a  build-up  of  strain/misorientation  at  the  Si02  stripe 
edges.  Since  the  stripes  in  this  region  are  dose  to  the  threshold  of  resolution  for  SXRT  (ca.  1.7  pm  at 
HASYLAB),  it  is  difficult  to  discern  individual  windows.  However,  this  argument  is  supported  by 
the  fact  that  these  features  are  not  easily  seen  for  Region  c,  wherein  the  stripe  widths  are  reduced  by 
33%.  There  is  a  clear  shift  in  the  separation  of  the  two  regions  of  the  epilayer  with  respect  to  the 
substrate.  Region  d  displays  a  slightly  greater  misorientation  than  Region  c.  This  difference  is 
indicated  on  Figure  4  by  the  angle  Aco,  and  measurements  yield  a  value  of  A(D=0.015°.  Figures  2,  3 
and  4  indicate  that  the  epilayer  signals  from  the  seed  GaN  and  the  ELOG  and  non-ELOG  GaN 
epilayers  cannot  be  easily  distinguished.  This  is  most  likely  due  to  the  fact  that  the  seed  layer  is  much 
thinner  than  subsequent  layers  and  cannot  be  easily  separated  on  the  topographic  images. 
Nevertheless,  the  clearly  distinguishable  "kink"  in  the  epilayer  image  of  Figure  4  suggests  that  an,  as 
yet  unconfirmed,  strain/relaxation  effect  impacts  on  the  observed  relative  misorientation. 

Figure  5  is  a  1 1  •  3  (substrate)/01*  1  (epilayer)  large-area  transmission  topograph  (LAT)  of  a 
sample  upon  which  MQW  structures  have  been  fabricated.  The  LAT  image  covered  two  regions, 
namely  MQWs  on  ELOG  GaN  epilayer  and  MQWs  on  a  non-ELOG  GaN  epilayer.  Again,  due  to  the 
inherent  misorientation  of  the  sapphire  substrate  with  respect  to  the  GaN-based  materials,  the  images 
of  the  substrate  and  epilayers  are  conveniently  separated.  There  is  a  slight  overlap  where  the 
substrate  and  epilayer  images  meet.  Thus,  the  topographic  images  of  the  epilayers  are  unambiguously 
not  contaminated  by  substrate  contributions.  The  topographic  images  of  the  sapphire  substrate  are 
identical  for  both  cases.  However,  clear  differences  emerge  in  the  topographs  of  the  epilayers.  The 
MQW  structures  fabricated  on  the  ELOG  side  of  the  wafer  contains  strain  features,  which  are  not 
observed  on  the  non-ELOG  side.  These  features  manifest  themselves  as  an  extra  "orange  peel" 
roughening  of  the  image  as  seen  on  the  bottom  left  hand  side  (LHS)  of  Figure  5.  These  features  are 
of  the  order  of  100  Jim  in  size  and  their  origins  are  uncertain  and  were  only  observed  for  MQW 
fabrication  on  ELOG  material. 
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Figure  5  -  Large  area  transmission  topograph  of  MQW  structures 
CONCLUSION 


SXRT  was  used  to  monitor  the  improvement  in  the  quality  of  ELOG  GaN  on  sapphire  when 
compared  to  non-ELOG  material.  Some  local  deviations  from  lattice  coherence  were  observed.  In  the 
best  ELOG  epilayers,  section  topographic  measurements  yielded  misorientational  deviations  of  up  to 
±0.07°  across  an  8.5mm  length  of  epilayer.  Topographic  measurements  also  revealed  variations  in 
ELOG  epilayer  quality  as  stripe/window  dimensions  changed,  though  the  non-ELOG  layers  were 
invariably  worse.  The  fabrication  of  MQW  structures  on  ELOG  GaN  produces  an  "orange  peel" 
strain  structure  in  the  epilayers,  whose  dimensions  are  of  the  order  of  100  pm. 
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ABSTRACT 

As  a  member  of  the  III-V  nitride  semiconductor  family,  AIN,  which  has  a  direct  energy- 
gap  of  6.2eV,  has  received  much  attention  as  a  promising  material  for  many  applications. 
However,  despite  the  promising  attributes  of  AIN  for  various  semiconductor  devices,  research 
on  AIN  has  been  limited  and  n-type  conducting  AIN  has  not  been  reported.  The  objective  of 
this  research  was  to  understand  the  factors  impacting  the  conductivity  of  AIN  and  to  control  the 
conductivity  of  this  material  through  intentional  doping.  Prior  to  the  intentional  doping  study, 
growth  of  undoped  AIN  epilayers  was  investigated.  Through  careful  selection  of  substrate 
preparation  methods  and  growth  parameters,  relatively  low-temperature  molecular  beam 
epitaxial  growth  of  AIN  films  was  established  which  resulted  in  insulating  material.  Intentional 
Si  doping  during  epilayer  growth  was  found  to  result  in  conducting  films  under  specific  growth 
conditions.  Above  a  growth  temperature  of  900°C,  AIN  films  were  insulating,  however,  below 
a  growth  temperature  of  900°C,  the  AIN  films  were  conducting.  The  magnitude  of  the 
conductivity  and  the  growth  temperature  range  over  which  conducting  AIN  films  could  be 
grown  were  strongly  influenced  by  the  presence  of  a  Ga  flux  during  growth.  For  instance, 
conducting.  Si-doped,  AIN  films  were  grown  at  a  growth  temperature  of  940°C  in  the  presence 
of  a  Ga  flux  while  the  films  were  insulating  when  grown  in  the  absence  of  a  Ga  flux  at  this 
particular  growth  temperature.  Also,  by  appropriate  selection  of  the  growth  parameters, 
epilayers  with  n-type  conductivity  values  as  large  as  0.2  fT'cm'1  for  AIN  and  17  LT'cm'1  for 
Alo.75Gao.25N  were  grown  in  this  work  for  the  first  time. 

INTRODUCTION 

Research  on  the  III-V  nitride  materials  system  (AIN,  GaN,  InN,  and  their  ternaries)  has 
been  one  of  the  hottest  issues  in  current  materials  research.  Ever  since  the  successful 
fabrication  of  the  first  highly  efficient  blue-light-emitting  diodes  [1]  and  blue-diode  lasers  [2], 
enormous  attention  has  been  given  to  the  III-V  nitrides.  The  III-V  nitride  materials  are  not  only 
good  candidates  for  optoelectronic  devices,  but  also  promising  materials  for  high  temperature, 
high  frequency,  and  high  power  electronic  device  applications  [3]-[6]. 

Among  the  III-V  nitrides,  AIN  has  recently  drawn  attention  due  to  its  potential  for  use 
in  many  device  application  areas.  AIN  displays  high  thermal  conductivity,  high  temperature 
stability  and  a  large  direct  band-gap  of  6.2eV  and  has  attractive  piezoelectric  properties,  which 
render  it  suitable  for  surface  acoustic  wave  device  applications  [7].  AIN  (and  high  A1  content 
AlGaN)  is  also  of  particular  interest  due  to  its  negative  electron  affinity  [8],  which  can  be 
exploited  for  cold  cathode  applications  in  high  power  vacuum  electronics  and  flat  panel 
displays. 

Despite  these  promising  attributes,  however,  progress  in  the  development  of  AlN-based 
devices  has  been  limited  due  to  difficulties  encountered  in  doping  the  material.  Attempts  to 
dope  AIN  have  been  made  by  several  researchers  [9]-[ll],  however,  all  of  these  attempts  have 
resulted  in  the  production  of  highly  resistive  material  (p  >  1000  Q-cm). 
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The  work  described  in  this  paper  was  motivated  by  the  need  to  develop  methods  of 
producing  low  resistivity  AIN  and  high  Al-content  AlGaN,  aided  by  an  understanding  of  the 
mechanisms  that  have  prevented  such  an  achievement  thus  far.  The  objectives  of  this  work 
were  to  develop  ways  to  obtain  conducting  intentionally  doped  n-type  AIN  and  to  understand 
how  it  is  possible  to  produce  such  material. 

EXPERIMENT 

The  samples  in  this  work  were  grown  by  molecular  beam  epitaxy  employing  the 
previously  reported  rf  plasma  discharge,  nitrogen  free-radical  source  [12]-[14].  In  order  to 
minimize  hydrogen  effect  during  intentional  doping  of  silicon,  N2  gas  was  introduced  to  the 
free-radical  source  instead  of  NH3  gas.  Also,  standard  effusion  cells  were  used  for  gallium, 
aluminum  and  silicon.  First,  sapphire  (0001)  surfaces  were  etched  in  H2S04  :  H3PO4  (3:1) 
solution  at  160°C  for  90  minutes,  after  which  gives  smooth  (5pm  x  5pm  AFM  RMS  value  of 
1.0 A)  and  featureless  (free  of  polishing  damage)  surface.  The  etched  sapphire  samples  were 
further  cleaned  in  the  MBE  growth  chamber  by  heating  up  to  940°C  for  60  minutes  followed  by 
2-hour  nitridation.  The  rf  power  used  for  nitridation  was  250W  and  a  nitrogen  flux  was  lxlO'5 
torr. 

Three  types  of  buffer  layers  were  attempted,  namely,  GaN,  low  temperature  AIN 
(Tsubstrate  =  750°C),  and  high  temperature  AIN  (Tsubstrate  =  900°C).  A  lpm-thick  GaN  epilayer 
was  grown  at  750°C  after  each  type  of  buffer  layer  was  grown.  From  the  room  temperature 
Hall-effect  measurements  of  the  GaN  epilayers,  the  high  temperature  AIN  buffer  layer  was 
chosen  to  perform  the  growth  and  Si-doping  of  AIN  epilayers  since  only  the  GaN  layer  grown 
on  high  temperature  AIN  buffer  was  insulating.  Furthermore,  intentionally  Si-doped  GaN 
layers  grown  on  high  temperature  AIN  buffer  layer  exhibits  higher  room  temperature  free- 
electron  mobility  (-200  cmV’s'1  at  1016  <  n  <  1017  cm'3)  than  the  values  of  the  layers  grown 
on  the  other  buffer  layers. 

Three  sets  of  0.4- 1.0pm  thick  undoped  and  Si-doped  AIN  epilayers  were  prepared  on 
previously  mentioned  high  temperature  AIN  buffer  layers.  First,  a  series  of  undoped  and  Si- 
doped  AIN  films  was  deposited  at  various  substrate  temperatures  (850,  880,  and  940°C)  under  a 
fixed  m/V  ratio  to  2.7  x  10'3.  The  second  set  of  samples  was  grown  at  the  same  series  of 
conditions  with  additional  0.1pm  thick  undoped  GaN  buffer  layers.  Finally,  the  conditions 
used  in  second  series  of  samples  were  used  except  an  additional  Ga  flux  of  7.0  x  10'8  Torr  was 
included  during  growth.  In  all  cases,  the  Si  effusion  cell  temperature  was  1280°C,  which 
resulted  in  a  Si  doping  concentration  of  mid  1019  cm'3  in  GaN  grown  using  a  similar  growth 
rate  (-0.1  pm/hr).  The  samples  were  analyzed  using  several  analytical  techniques,  namely, 
reflection  high  electron  energy  diffraction  (RHEED),  Hall-effect  measurement,  secondary  ion 
mass  spectrometry  (SIMS),  AFM,  cross-sectional  secondary  electron  microscopy  (SEM),  and 
electron  microprobe. 

RESULTS  AND  DISCUSSION 

Figure  la  -  lc  is  the  AFM  images  of  sapphire  (0001)  surface  change  before  and  after 
various  etching  times.  As  the  etching  progressed,  polishing  damage  was  observed  (Figure  lb) 
which  was  removed  after  90  minutes  (Figure  lc). 

All  undoped  AIN  and  high  A1  content  AlGaN  epilayers  were  insulating.  RHEED 
pattern  during  growth  showed  that  most  of  the  samples  were  weakly  (2x2)  reconstructed.  At  a 
lower  growth  temperature,  it  was  more  difficult  to  see  or  maintain  the  reconstruction  during 
growth.  The  first  set  of  Si-doped  samples,  directly  grown  on  high  temperature  AIN  buffer 
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layer,  was  all  insulating  while  the  second  set  of  Si-doped  samples,  grown  on  additional  GaN 
buffer  layer,  showed  a  temperature  dependence  of  resistivity  (Figure  2). 


(a)  (b)  (c) 


Figure  1.5x5  pm  AFM  images  of  (a)  as-received  sapphire  (0001)  surface  (RMS  =  3.32A), 
(b)  after  30-minute  etching  (RMS  =  2. 34 A)  and 
(c)  after  90-minute  etching  (RMS  =  1 . 1 5 A)  in  H2SO4  :  H3PO4  (3:1)  solution  at  160°C. 

The  figure  indicates  that  above  the  growth  temperature  of  900°C,  AIN  films  were 
insulating,  however,  below  the  growth  temperature  of  900°C,  the  AIN  films  were  conducting. 


810  840  870  900  930 


Growth  Temperature  (°C) 

Figure  2.  Resistivity  data  obtained  from  Si-doped  AIN  films  grown 
at  various  substrate  temperatures  with  and  without  a  GaN 
buffer  layer. 

Even  though  n-type  conduction  was  observed  from  Hall-effect  measurement,  the  Hall  voltage 
was  fluctuating  greatly  making  it  difficult  to  determine  either  carrier  mobility  or  concentration. 
Figure  3a  ~  3b  is  the  SIMS  result  of  the  Si-doped  samples.  Due  to  the  interference  of  N2  or  CO 
signal,  isotope  29Si  signal  was  used  to  compare  the  Si  dose.  The  result  indicates  that  regardless 
of  the  growth  temperature  the  amount  of  Si  in  the  film  was  about  the  same.  Therefore,  it  seems 
that  the  compensation,  not  Si  incorporation,  is  the  reason  for  these  resistivity  changes. 
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Figure  3.  SIMS  depth  profile  of  a  Si-doped  AIN  film  grown  at  (a)  850°C,  (b)  880°C 

and  (c)  940°C 


Further  reduction  in  resistivity  was  achieved  from  the  samples  grown  with  a  fixed 
additional  Ga  flux  of  7.0  x  10'8  Torr  (Figure  4).  Fraction  of  the  Ga  flux  was  incorporated  after 
electron  microprobe  analysis  for  the  samples  grown  at  880  and  850°C.  However,  no  evidence 
of  Ga  incorporation  was  detected  on  the  sample  grown  at  940°C  even  after  SIMS  analysis.  The 
SIMS  results  of  the  samples  grown  at  940°C  with  Ga  flux  and  without  Ga  flux  were  compared 
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Figure  4.  Resistivity  data  obtained  from  AlsGalxN  films  grown 
at  various  substrate  temperatures  with  and  without  the 
presence  of  a  Ga  flux.  Temaiy  compositions  were 
determined  by  microprobe  analysis. 


Sputter  time  (seconds) 

Figure  5.  Si  profiles  obtained  by  SIMS  analysis  in  Si-doped  AIN 
films  grown  with  and  without  the  presence  of  a  Ga  flux 
at  a  substrate  temperature  of  940°C. 
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in  Figure  5,  and  an  order  of  magnitude  increase  in  Si  dose  was  observed  from  the  sample  with 
Ga  flux. 

CONCLUSIONS 

In  this  study,  n-type  conducting  (conductivities  as  high  as  17  ST1 -cm'1)  AlxGai.xN  (x  > 
0.75)  epilayers  were  produced  for  the  first  time  by  Si-doping.  The  influence  of  growth 
parameters,  such  as  growth  temperature,  and  the  addition  of  a  Ga  flux,  on  the  conductivity  was 
studied.  Conductivity  values  increased  with  decreasing  growth  temperature  and  also  with  the 
addition  of  a  Ga  flux. 
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ABSTRACT 

To  determine  the  effect  of  growth  conditions  on  AIN  film  morphology,  we  investigated 
several  AIN  films  grown  on  sapphire  by  MOCVD  with  various  V/III  ratios.  Transmission 
electron  microscopy  was  used  to  characterize  the  film’s  crystalline  quality  and  defect 
morphology.  TEM  results  show  that  the  resulting  film  morphology  depends  on  the  V/III  ratio. 
Films  grown  with  NH3  flow  rates  below  170  seem  have  high  crystalline  quality.  In  contrast,  we 
observe  columnar  growth  and  secondary  interfaces  in  films  grown  with  NH3  flow  rates  at  or 
above  170  seem.  The  secondary  interfaces  are  likely  to  be  inversion  domain  boundaries  (IDBs) 
and  may  be  associated  with  strain  relaxation.  We  discuss  the  V/III  ratio’s  effect  on  crystalline 
quality,  surface  roughness,  and  IDB  and  columnar  structure  formation. 

INTRODUCTION 

Because  of  its  large  energy  gap,  AIN  is  a  good  candidate  for  the  fabrication  of  high 
temperature  semiconductor  devices  and  as  the  dielectric  material  in  high  power,  high  frequency 
devices  operating  at  high  temperatures.  However,  the  quality  of  AIN  films  still  needs  to  improve 
before  this  material  can  be  used  in  practical  applications.  Due  to  the  large  lattice  mismatch,  AIN 
films  grown  on  sapphire  tend  to  grow  three  dimensionally,  leading  to  a  high  defect  density  and  in 
many  instances,  a  columnar  structure.  In  order  to  reduce  the  lattice  mismatch  from  35%  to  an 
effective  mismatch  of  13%,  AIN  films  grown  on  sapphire  have  a  30°  in  plane  rotation  with 
respect  to  the  substrate.  Three  dimensional  growth  negatively  affects  the  optical  and  electrical 
properties  of  AIN,  therefore  inhibiting  its  potential  for  high  power,  high  frequency,  and  high 
temperature  applications.  The  goal  of  this  experiment  was  to  determine  which  growth  parameters 
result  in  the  highest  quality  films.  In  a  previous  study,  we  have  obtained  the  optimum  growth 
temperature  range  (1110°C  -  1150°C)  for  high  quality  AIN  films.  In  this  study,  we  obtain  the 
optimum  V/III  ratio  for  this  temperature  range. 

EXPERIMENT 

Several  AIN  films  were  grown  on  (0001)  sapphire  in  a  low  pressure  MOCVD  reactor.  All 
of  the  films  were  grown  for  15  minutes  and  at  a  pressure  of  10  Torr.  Samples  were  grown  at  four 
different  temperatures  ranging  from  1110°  C  -  1160°  C.  The  growth  precursors, 
trimethylaluminum  (TMA),  and  ammonia,  the  hydrogen  flow  rate  and  the  temperature  were  held 
constant  during  the  growth  of  each  individual  sample.  Various  NH3  flow  rates,  ranging  from  130 
-190  seem,  were  used  for  different  samples.  Since  the  TMA  flow  rate  was  15  seem  for  each 
sample,  an  increase  in  the  ammonia  flow  results  in  an  increased  V/III  ratio. 
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Cross-sectional  TEM  samples  were  prepared  using  a  tripod  polishing  and  ion  milling,  and 
were  examined  in  a  JEOL  4000FX  TEM  operated  at  300  KV.  The  film’s  surface  was  examined 
with  atomic  force  microscopy  (AFM)  and  initial  crystallinity  was  assessed  with  in-situ  RHEED 
at  the  end  of  the  growth. 

RESULTS 

Sample  A  is  typical  of  the  high  quality  AIN  films  we  have  grown  and  is  shown  in  Figs.  1- 
2.  Figure  1  shows  that  the  film  is  single  crystalline  and  has  a  relatively  low  density  of  threading 
dislocations.  High  resolution  images  (Fig.  2)  show  that  the  interface  in  this  sample  is  sharp  and 
that  the  film  is  of  high  crystalline  quality.  The  film  does  not  show  the  columnar  structure  that  is 
often  observed  in  AIN/Sapphire  films.  The  white  and  dark  bands  seen  near  the  interface  are  due 
to  strain  contrast,  as  typically  observed  in  highly  mismatched  systems.  Sample  A  was  grown 
with  a  low  ammonia  flow  of  150  seem.  AFM  results  show  that  sample  A  has  a  very  smooth 
surface. 


Fig.  1  (0002)  Dark  field  image  (DF)  of  sample  A 


Sapphire 

Fig.  2.  High  resolution  image  of  sample  A.  The  s  subscript  in  the  diffraction  pattern  indices 


denote  the  substrate  spots.  The  zone  axes  are  (1210)  s/ (10 1 0)  f. 


Several  of  the  AIN  samples  have  an  interface  within  the  film,  which  lies  18  -  20  nm 
above  the  AIN/Sapphire  interface.  These  films  were  grown  with  NH3  flow  rates  at  or  exceeding 
170  seem.  One  such  film  is  shown  in  Figs.  3  and  4,  and  will  be  referred  to  as  sample  B  in  this 
paper.  The  upper  interface  was  not  expected  since  the  growth  was  carried  out  under  constant 
conditions  and  with  no  interruptions.  The  (0002)  dark  field  image  (DF)  shown  in  Fig.  3  clearly 
shows  the  second  interface.  High  resolution  images  and  diffraction  patterns  (Fig.  4)  indicate  that 
the  film  consists  of  the  2H  polytype  on  both  sides  of  this  interface.  The  interface  may  be  an 
inversion  domain  boundary,  which  is  caused  by  Al-Al  or  N-N  atomic  bonding.  IDBs  have  been 
observed  by  TEM  in  AIN  films  in  previous  experiments1'2.  The  lower  AIN  layer  is  single 
crystalline,  as  seen  in  Fig  4.  The  upper  AIN  layer  is  crystalline  near  the  interface,  but  becomes 
polycrystalline  as  the  film  thickness  increases.  The  diffraction  pattern,  shown  as  inset  to  Fig  4, 
was  taken  from  the  film  and  substrate  using  a  large  selected  area  aperture.  The  pattern  shows  the 
superposition  of  the  (0110)  pattern  for  the  sapphire  substrate,  the  (1210)  pattern  from  the 
single  crystalline  AIN  layer,  and  several  spots  in  a  ring  pattern  representing  the  polycrystalline 
portion  of  the  film.  Fig  3.  shows  that  the  film,  especially  die  upper  layer,  is  highly  defective.  The 
upper  layer  is  columnar  and  contains  many  regions  of  Moire  fringes,  which  arise  due  to  the 
film’s  polycrystallinity.  AFM  results  show  that  sample  B  has  a  rougher  surface  than  sample  A, 
and  contains  several  small  grains. 


Figure  4.  High  resolution  image  of  sample  B.  The  zone  axes  are  (0 1 10)  s/(l  2 1 0)f. 


341 


Another  example  of  a  sample  showing  a  second  interface  is  shown  in  Figs.  5-6,  and  will 
be  referred  to  as  sample  C.  This  sample  was  grown  with  a  high  ammonia  flow  of  190  seem.  The 
second  interface  is  not  as  sharp  as  seen  in  sample  B,  and  appears  to  consist  of  several 
dislocations  and  stacking  faults.  The  film  is  crystalline  2H  AIN  on  both  sides  of  the  interface 
and  throughout  the  entire  film.  The  (0002)  DF  image  in  Fig.  5.  shows  that  this  film  is  columnar, 
but  does  not  contain  Moire  fringes  as  seen  in  sample  B.  AFM  results  show  that  sample  C  has 
small  grains  and  is  slightly  rougher  than  sample  B. 


Figure  5.  (0002)  DF  image  of  sample  C 


Figure  6.  High  resolution  TEM  image  of  sample  C.  The  zone  axes  are  (0 1 10)  s/(l  2 1 0)  f. 

Fig.  7  is  a  high  resolution  image  of  sample  D,  which  contains  a  second  and  third 
interface.  This  film  was  grown  with  an  ammonia  flow  rate  below  170  seem,  but  at  a  higher 
temperature  than  all  of  the  other  films  grown  in  this  experiment.  The  secondary  interface  is 
located  18  nm  from  the  film/substrate  interface,  similar  to  samples  B  and  C.  High  resolution 
images  show  that  the  film  below  the  interface,  labeled  region  1  in  Fig.  7,  consists  of  the  2H  AIN 
polytype.  The  region  above  the  interface  (region  2)  shows  a  markedly  different  atomic 
arrangement  than  the  one  seen  in  the  film  below  the  interface.  This  region  may  consist  of  6H 
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AIN.  The  diffraction  pattern  (inset  to  Fig.  7),  shows  the  superposition  of  the  (0110)  pattern  for 
the  substrate,  the  (1 2l0)  pattern  for  the  film,  and  several  extra  spots.  Microdiffraction  confirms 
that  these  extra  spots  come  from  the  region  between  the  second  and  third  interfaces.  The  film 
above  the  third  interface  (region  3)  consists  of  the  2H  polytype.  We  do  not  currently  know  why 
our  growth  conditions  would  lead  to  the  film  morphology  seen  in  this  sample.  Further 
investigation,  including  photo  luminescence  and  x-ray  analysis,  are  needed  to  identify  the 
structure  seen  in  region  2.  AFM  images  show  that  the  surface  of  sample  D  consists  of  several 
large  grains  and  is  approximately  3  times  rougher  than  sample  B  or  sample  C. 


Fig.  7.  High  resolution  TEM  image  of  sample  D,  The  zone  axes  are  (0 1 10)  s/(l  2 1 0)f. 
DISCUSSION 

Secondary  interfaces,  which  we  believe  may  be  inversion  domain  boundaries,  were  seen 
in  several  samples,  such  as  those  represented  by  samples  B  and  C.  The  IDBs  were  consistently 
located  between  18  and  20  nm  from  the  substrate.  In  a  similar  experiment  with  AlN/6H-SiC 
films,  we  observe  IDBs  consistently  located  at  100  nm  from  the  film/substrate  interface.  It  is 
possible  that  the  location  of  the  IDB  is  related  to  the  degree  of  film/substrate  lattice  mismatch, 
which  is  in  turn  related  to  the  threading  dislocation  density.  The  DF  images  of  samples 
containing  IDBs  indicate  that  there  is  a  higher  density  of  threading  dislocations  below  the  IDB 
than  above  it.  Also,  the  majority  of  the  dislocations  are  not  continuous  across  the  IDB.  Since 
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dislocations  cannot  end  inside  a  crystal,  the  threading  dislocations  must  bend  on  the  plane  of  the 
IDB.  Despite  the  reduction  in  dislocation  density  above  the  IDB,  the  film  quality  generally 
degrades  above  the  IDB  as  the  film  becomes  columnar. 

All  of  the  higher  quality  films  we  have  observed,  such  as  sample  A,  were  grown  with 
ammonia  flow  rates  below  170  seem  and  at  temperatures  ranging  from  1 1 10°  to  1150°  C.  These 
films  do  not  have  the  columnar  structure,  IDBs,  or  Moire  fringes  commonly  observed  in 
AIN/Sapphire  films,  such  as  samples  B  and  C. 

Sample  D,  which  was  grown  with  an  ammonia  flow  rate  of  130  seem  but  at  a  higher 
temperature  of  1160°  C  showed  regions  of  mixed  polytype.  We  do  not  currently  now  why  these 
growth  parameters  would  induce  a  polytype  transformation.  Further  experiments  are  planned  to 
determine  which  MOCVD  reactor  conditions  would  cause  the  structure  seen  in  sample  D  to 
arise.  Other  than  sample  D,  which  was  grown  at  the  higher  temperature  than  all  of  die  other 
samples  in  this  study,  we  did  not  find  a  correlation  between  small  temperature  deviations  and  the 
film  morphology. 

Films  grown  with  ammonia  flows  above  170  seem  and  within  the  temperature  range 
1110°C  -  1150°C  such  as  samples  B  and  C,  contain  a  high  density  of  defects  and  secondary 
interfaces.  Inversion  domain  boundaries  are  seen  in  all  samples  grown  with  ammonia  flows  at  or 
above  170  seem.  We  suggest  that  the  excess  ammonia  may  have  caused  N-N  atomic  bonding, 
causing  the  secondary  interface  to  arise. 

CONCLUSION 

We  have  found  the  optimum  TMA/NH3  flow  rate  ratio  range  for  AIN  films  grown  on 
sapphire  by  MOCVD.  We  find  that  samples  grown  within  the  temperature  range  1110°  -  1150° 
C  with  NH3  flow  rates  between  130  and  170  seem  and  TMA  rates  of  15  seem  are  of  high 
crystalline  quality,  have  a  smooth  surface,  and  do  not  have  inversion  domain  boundaries  or  a 
columnar  structure.  In  contrast,  samples  grown  with  higher  NH3  flow  rates  consist  of  a  columnar 
structure,  have  a  rougher  surface  and  contain  inversion  domain  boundaries  at  18-20  nm  from  the 
film/substrate  interface.  These  IDBs  seem  to  be  related  to  threading  dislocations  in  the  film. 
Above  the  IDBs  the  film’s  quality  is  degraded  and  in  some  instances  the  film  becomes 
polycrystalline.  Further  work  is  necessary  to  understand  the  formation  of  IDBs  and  their 
dependence  on  the  growth  conditions. 
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ABSTRACT 

The  temperature  dependence  of  the  surface  morphology  of  GaN  epilayers  was  studied 
with  AFM.  The  layers  were  grown  by  low  pressure  MOCVD  on  (OOOl)  sapphire  substrates  in 
the  temperature  range  of  980°C-1085°C.  In  this  range  the  (0001)  and  {1101}  faces  completely 
determine  the  morphology  of  1.5  pm  thick  Ga-faced  GaN  films.  For  specimens  grown  at  20 
mbar  and  temperatures  below  1035°C  the  {1101}  faces  dominate  the  surface,  which  results  in 
matt-white  layers.  At  higher  growth  temperatures  the  morphology  is  completely  determined  by 
(0001)  faces,  which  lead  to  smooth  and  transparent  samples.  For  growth  at  50  mbar,  this 
transition  takes  place  between  1000°C  and  1015°C.  It  is  shown  that  the  morphology  of  the  films 
can  be  described  using  a  parameter  OcaN,  which  is  proportional  to  the  relative  growth  rates  of  the 
(0001)  and  the  {1101}  faces. 

INTRODUCTION 

Due  to  its  material  properties  gallium  nitride  (GaN)  has  attracted  enormous  attention  in 
recent  years,  certainly  after  the  success  of  GaN-based  blue  light  emitting  diodes.  The  lack  of 
lattice  matched  substrates  for  epitaxial  growth  of  GaN  films  has  led  to  the  application  of  a 
variety  of  substrates  of  which  sapphire  is  most  frequently  used  [1]. 

Despite  the  large  mismatch  in  lattice  constants  between  GaN  and  sapphire,  device  quality 
layers  can  be  obtained  using  metalorganic  chemical  vapour  deposition  (MOCVD)  and  a  two  step 
growth  procedure.  On  top  of  an  initial  buffer  layer  [2]  a  GaN  film  is  deposited  at  relatively  high 
temperatures.  In  this  paper  the  influence  of  the  deposition  temperature  on  the  surface 
morphology  of  the  layers  is  investigated  using  atomic  force  microscopy  (AFM)  and  scanning 
electron  microscopy  (SEM). 

EXPERIMENTAL 

The  GaN  layers  were  grown  in  a  horizontal  MOCVD  reactor  equipped  with  a  SiC  coated 
graphite  susceptor  with  a  hydrogen  gas  driven  rotating  disc  to  obtain  optimum  uniformity  during 
the  growth  process.  The  growth  temperatures  calibrated  for  the  centre  of  the  disc  are  determined 
by  a  thermocouple.  The  discharge  of  the  hydrogen  flow  causes  a  small  temperature  decrease 
towards  the  periphery  of  the  disc. 

Immediately  before  growth,  the  two-inch  sapphire  (0001)  substrates  were  cleaned  in 
organic  solvents,  etched  in  a  solution  of  HC1:HN03  =  3:1,  and  finally  rinsed  in  de-ionised  water. 
All  deposition  runs  started  with  nitridation  of  the  substrate  surface,  carried  out  in  a 
nitrogen/ammonia  (N2/NH3)  gas  stream  at  1030°C,  followed  by  deposition  of  a  20  nm  thick 
GaN  buffer  layer  at  500°C.  On  this  buffer  layer,  the  GaN  films  were  grown. 

Using  trimethylgallium  (TMG)  and  NH3  as  precursors,  and  hydrogen  (H2)  as  carrier  gas, 
two  series  of  GaN  layers,  one  at  20  mbar  and  the  other  at  50  mbar  total  reactor  pressure,  were 
grown  at  temperatures  between  980°C  and  1085°C.  Growth  was  performed  with  a  TMG  flow  of 
63  pmol/min  and  a  NH3  flow  of  2.5  standard  litre  per  minute  (slm),  diluted  with  H2  to  a  total 
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flow  of  about  5  slm.  All  samples  were  grown  for  1  hour  which  resulted  in  a  GaN  layer  thickness 
of  about  1.5  pm.  AFM  and  SEM  were  applied  to  study  the  surface  morphology  of  the  samples. 

RESULTS  AND  DISCUSSION 

For  the  naked  eye,  lower  deposition  temperatures  result  in  matt-white  samples,  whereas 
at  higher  deposition  temperatures  the  layers  look  colourless  and  mirror-like.  In  figure  1  the 
specimen  appearance  is  given  as  function  of  growth  temperature  and  pressure.  It  shows  that  the 
transition  from  matt-white  to  mirror-smooth  appearance  occurs  between  1000°C  and  1015°C  for 
samples  grown  at  50  mbar,  and  at  1035°C  for  those  grown  at  20  mbar.  To  ensure  that  changes  in 
polarity  are  not  the  cause  for  the  observed  morphology  transition,  the  polarity  of  the  deposited 
GaN  layers  is  determined  by  anisotropic  etching  [3].  For  all  samples  it  is  found  that  growth 
occurred  in  the  [0001]  direction  (Ga-face). 


Figure  1.  The  appearance  of  about  1.5  pm  thick 
GaN  layers  versus  growth  temperature  for  two 
different  pressures 


970  990  1010  1030  1050  1070  1090 

temperature  (°C) 

One  sample,  grown  at  20  mbar  and  1035°C,  forms  an  excellent  specimen  to  study  the 
morphology  transition,  since  it  exhibits  a  mixture  of  both  appearances.  This  sample,  which  will 
be  referred  to  as  sample  ‘B\  has  a  matt- white  appearance  at  the  edges,  where  the  deposition 
temperature  has  been  slightly  lower  than  at  the  central  region,  and  is  mirror-like  and  transparent 
at  the  centre.  To  determine  the  temperature  difference  during  growth  along  sample  B,  the  centre 
of  a  complete  matt- white  sample  grown  at  1030°C  and  20  mbar  and  slightly  thicker  as  sample  B 
is  used  as  a  reference.  AFM  examination  of  this  sample  shows  a  morphology  comparable  to  that 
on  sample  B  at  a  position  halfway  between  the  periphery  and  centre.  This  indicates,  taking  the 
thickness  difference  into  account,  that  the  growth  temperature  near  the  edges  of  sample  B  has 
been  1027  ±  3  °C.  For  which  can  be  concluded  that  a  temperature  gradient  of  only  about  8°C 
can  cause  a  dramatic  change  in  morphology. 

In  figure  2  an  AFM  image  from  the  periphery  of  sample  B  is  shown.  The  main 
characteristic  of  the  surface  is  formed  by  large  and  irregularly  shaped  pits  of  about  300-600  nm 
wide,  with  crystallographically  oriented  side  faces  and  with  a  density  of  about  1.2  x  109  cm'2. 
The  depth  of  the  pits  is  at  least  250  nm,  however,  the  sides  are  too  steep  to  give  reliable  depth 
measurements  using  AFM.  SEM  observations  showed  that  the  angle  between  the  pit  walls  and 
the  (0001)  face  is  about  60°. 

From  the  crystal  structure  of  wurtzite-GaN  and  its  lattice  constants  [4]  the  theoretical 
crystal  morphology  of  GaN  can  be  determined  using  the  ‘connected  net’  theory  [5,6].  It  states 
that  {hklm}  faces  parallel  to  a  network  of  atoms  interconnected  by  strong  bonds,  within  a  slice 
thickness  dhkim,  determine  the  morphology  of  a  crystal.  Three  faces,  {0001},  {1101}  and 
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{ 1 1 00},  are  found  to  be  parallel  with  such  a  connected  net.  The  occurrence  of  these  faces  was 
indeed  reported  in  literature  [7,8]. 

The  intersection  lines  and  the  inclination  of  the  previously  mentioned  pit  walls  with  the 
(0001)  surface  indicate  that  these  side  walls  are  in  fact  {1101}  faces,  for  which  an  angle  of 
61.9°  with  respect  to  the  (0001)  face  can  be  calculated.  Since  growth  is  performed  on  (0001) 
sapphire  substrates  and  no  etching  of  the  GaN  surface  is  expected  to  occur,  it  can  be  concluded 
that  the  pits  are  induced  by  the  coalescence  of  islands  bounded  by  {1101}  facets.  The  same 
conclusion  was  drawn  in  references  [9,10]  on  the  basis  of  surface  topographs  showing  the 
nucleation,  lateral  expansion,  and  coalescence  of  islands  for  GaN  grown  on  c-plane  sapphire  by 
MOCVD. 

For  the  surface  region  located  in  the  intermediate  zone  between  the  edge  and  centre  of 
sample  B,  an  AFM  image  is  given  in  figure  3.  It  shows  the  transition  stage  between  the  lateral 
expansion  of  the  islands  and  the  dislocation  induced  step  flow  growth  of  the  planar  (0001) 
surface.  The  density  of  pits  is  still  about  1.2  xlO9  cm'2,  but  most  of  them  are  partially  closed  to 


Figure  2.  Height  and  deflection  (inset)  Figure  3.  Height  and  deflection  (inset)  AFM 

AFM  image  of  a  surface  area  near  the  image  of  a  surface  area  between  the  periphery 

periphery  of  sample  B,  grown  at  and  the  centre  of  sample  B.  Pits  and  grooves 

1035°C  and  20  mbar.  Pits  can  be  can  be  recognised, 

recognised  which  are  bounded  by 
{1101}  faces. 

At  the  centre  of  sample  B  (figure  4)  the  same  kind  of  cavities  is  found  as  shown  in 
figures  2  and  3.  However,  their  average  sizes  and  density  are  considerably  less,  and  are  found  to 
be,  respectively,  100  to  300  nm  and  about  4.0  x  108  cm'2,  indicating  that  the  coalescence  of  the 
islands  is  almost  complete. 

From  the  results  discussed  above,  it  is  clear  that  the  deposition  temperature  largely 
influences  the  surface  morphology  of  the  GaN  layers.  It  can  be  argued  that  a  lower  density  of 
nucleation  islands  at  the  periphery  induces  the  larger  size  of  pits  near  the  edge  of  the  sample. 
However,  it  is  known  that  a  lower  temperature  is  expected  to  result  in  higher  chemical  driving 
force  for  GaN  growth,  therefore,  the  nucleation  rate  will  certainly  not  decrease  [9].  To  determine 
the  nucleation  density  along  the  samples,  a  specimen  is  grown  for  20  minutes  to  a  thickness  of 
0.46  pm  (instead  of  -  1.5  pm)  under  simular  conditions. 
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On  this  thinner  sample,  indicated  as  sample  T,  the  separate  islands  can  be  distinguished. 
The  island  density  proved  to  be  constant  along  the  entire  sample,  therefore  the  different 
morphologies  cannot  be  explained  by  a  different  nucleation  density. 

At  lower  temperatures,  the  growth  velocity  in  the  (1 1 01)  directions  is  low  compared  to 
that  in  the  [0001]  direction,  causing  slow  lateral  growth  of  the  islands,  and  the  morphology  of 
the  1.5  pm  thick  layers  is  dominated  by  {1101}  faces.  For  increasing  temperatures,  growth 
velocity  in  the  (1101)  direction  increases  compared  to  the  growth  velocity  in  the  [0001] 
direction  and  therefore,  the  slow  growth  in  the  [0001]  direction  dominates  the  surface 
morphology. 

Analogous  to  the  CVD  growth  of  diamond  crystallites  [11,12],  a  growth  rate  factor  is 
defined  to  describe  the  morphology  of  the  Ga  faced  GaN  films.  The  growth  rate  factor  (XoaN 
equals  (v[0001]  /v[lIoi])  costp,  where  v[0001]  and  v[jioiJ  are  the  growth  rates  in  the  [0001]  and 

[1 1 01]  direction,  respectively,  and  cp  (=61.9°)  is  the  angle  between  the  (0001)  and  {11 01 }  faces. 
For  otGaN  =  0  no  {1101}  faces  develop  and  a  completely  closed  (0001)  layer  is  formed,  for  OoaN 
>  1  only  {1101}  facets  are  present  on  the  surface.  The  present  work  shows  that  besides  a  strong 
dependence  on  the  deposition  temperature,  0CGaN  is  also  pressure  dependent. 

Assuming  that  pits  and  islands  are  hexagonal  in  shape  and  (0001)  faces  top  the  islands, 
the  values  of  OtGaN  can  be  determined  (figure  5).  From  the  average  (0001)  surface  area  and  the 
nucleation  density  of  the  islands,  the  smallest  centre-edge  distance  x  of  the  hexagonal  island  can 
be  calculated.  Using  this  value  of  x  and  the  layer  thickness  t,  OtGaN  is  given  by 
OtGaN  =  t  /  (t  +  x  tan  (p). 


Figure  4.  Deflection  AFM  image  of  Figure  5.  Top  view  (A)  and  cross  section  (B) 

the  surface  at  the  centre  of  sample  B.  of  hexagonal  islands. 


The  minimum  layer  thickness  tmjn  necessary  to  obtain  a  smooth  film  depends  on  OtGaN 
and  the  distance  d  between  the  nuclei,  and  is  given  by 
d  otGaN  tan  cp 


2-2afi 


(1) 


The  surface  area  covered  by  the  (0001)  faces  is  estimated  from  AFM  images  along  the 
surface  of  sample  B.  The  nucleation  density  of  the  islands  could  be  directly  determined  from 
sample  T  and  was  found  to  be  2.1  x  109  cm'2.  As  already  stated,  the  island  density  proved  to  be 
constant  along  sample  T,  it  does  not  change  as  function  of  temperature  and  is  assumed  to  be  the 
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same  for  sample  B.  SEM  cross  section  observations  on  sample  B  showed  that  the  growth  rate  in 
the  [000 lj  direction  was  also  constant,  resulting  in  a  constant  layer  thickness,  t,  of  1.48  ±  0.03 
pm.  For  sample  B  a  film  with  completely  coalesced  islands,  i.e.  the  islands  just  touching  each 
other  with  their  (0001)  faces,  is  obtained  for  (XGaN  values  <  0.87.  In  table  I  it  can  be  seen  that  the 
small  temperature  gradient  across  the  substrate  causes  an  increase  of  OcaN  values  from  0.87  to 
0.94.  Since  the  layer  thickness  of  sample  B  is  constant,  the  change  in  (XGaN  values  is  only  caused 
by  a  difference  in  v[|ioi] . 

Table  I.  Growth  rate  factor  OkjaN  across  sample  B 


distance  from  centre  (10‘2  m) 

(XGaN  values 

0.00 

0.87 

0.25 

0.88 

0.50 

0.89 

0.75 

0.91 

1.00 

0.93 

1.25 

0.94 

More  detailed  AFM  measurements  on  the  centre  of  sample  B  (see  figure  6)  show  a  high 
density  of  interacting  growth  spirals,  which  emerge  from  dislocations  with  a  screw  component. 
Theoretical  calculations  [13]  revealed  that  the  GaN  surface  during  growth  has  a  surface  energy 
comparable  with  a  surface  free  of  adsorbates.  This  implies  high  step  and  kink  energies,  which 
predict  strongly  polygonized  growth  spirals  [14].  However,  all  spirals  are  found  to  be  circular. 
This  can  be  explained  by  assuming  that  crystal  growth  is  limited  by  surface  diffusion  rather  than 
by  the  integration  of  growth  units  at  the  step  sites.  The  spirals  consist  of  monoatomic  (2.5  ±  0.3 
A)  or  double  steps  (5.0  ±  0.4  A),  favourably  comparing  with  the  dooo2  distance  of  2.59  A.  Steps 
emerging  from  dislocations  have  in  general  a  height  of  2  dooo2»  indicating  a  screw  component 
[0001]. 


Figure  6.  Deflection  AFM  image  of  the  surface  in 
the  centre  of  sample  B  at  high  magnification. 
Monoatomic  (ss)  and  double  (ds)  steps  are  shown 
emerging  from  hollow  cores  (he)  at  dislocations 
with  a  screw  component.  Hollow  cores  related  to 
edge  dislocations  (ed)  can  be  recognised. 


On  these  GaN  layers  also  a  number  of  small  holes  is  observed  with  a  density  of 
1.5xl09cm'2.  The  holes  often  coincide  with  dislocations  containing  a  screw  component  and  have 
a  narrow  diameter  distribution;  48  +  9  nm.  The  diameter  of  these  hollow  cores  is  much  wider 
than  can  be  expected  from  standard  stress  theory  of  dislocations  [15].  The  large  diameter  can 
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possible  be  explained  by  the  precipitation  of  vacancies  to  form  voids  along  the  dislocation 
lines[16]. 

CONCLUSIONS 

The  morphology  of  «1.5  [im  thick  Ga-faced  GaN  epilayers,  grown  by  MOCVD  on  (0001) 
sapphire  substrates,  is  strongly  temperature  dependent.  For  the  investigated  temperature  range  of 
980-1085°C  the  growth  morphology  is  determined  by  (0001)  and  {1101}  faces.  To  describe  the 
observed  morphology  a  growth  rate  factor  otGaN  is  introduced.  At  higher  growth  temperatures  the 
morphology  is  governed  by  growth  in  [0001]  direction,  whereas  at  lower  growth  temperatures,  a 
slower  lateral  growth  in  the  (1 1 01)  directions  determines  the  morphology  for  a  longer  time.  On 
the  mirror-like  surfaces  single  and  double  steps  can  be  seen  emerging  from  the  hollow  cores  of 
dislocations  with  a  screw  component. 
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ABSTRACT 

The  optical  properties  of  (In,  Al)  GaN  thin  films  and  heterostructures  have  been 
compared  under  the  conditions  of  strong  nanosecond  excitation.  The  stimulated  emission  (SE) 
threshold  from  AlGaN  epilayers  was  found  to  increase  with  increasing  Al  content  compared  to 
GaN,  in  contrast  to  InGaN  epilayers,  where  an  order  of  magnitude  decrease  is  observed. 

Optically  pumped  SE  has  been  observed  from  AlGaN  films  with  aluminum  concentrations  as 
high  as  26%.  Room  temperature  SE  at  wavelengths  as  low  as  327  nm  has  been  achieved.  In 
contrast  to  the  increase  of  SE  threshold  seen  for  AlGaN  films,  we  found  that  AlGaN/GaN 
heterostructures  which  utilize  carrier  confinement  and  optical  waveguiding  drastically  enhance 
the  lasing  characteristics.  We  demonstrate  that  AlGaN/GaN  heterostructures  are  suitable  for  the 
development  of  deep  ultraviolet  laser  diodes. 

INTRODUCTION 

(Al,  In)  GaN  epilayers  and  heterostructures  have  drawn  much  attention  in  recent  years 
due  to  the  potential  for  blue/UV  light  emitters  and  detectors  for  use  in  high  density  data  storage, 
high  temperature  electronics,  solar-blind  detectors,  atmospheric  sensing,  and  medicine  [1]. 
Recently,  nearly  a  dozen  research  groups  have  demonstrated  lasing  in  InGaN-based 
heterostructures,  with  the  lowest  reported  emission  wavelength  being  376  nm  [2].  However,  to 
obtain  shorter  wavelength  laser  diodes,  it  is  necessary  to  use  AlGaN-based  structures. 

Preliminary  studies  have  shown  that  the  incorporation  of  Al  into  GaN  increases  the  stimulated 
emission  (SE)  threshold  [3].  In  this  work,  we  demonstrate  that  the  introduction  of  strong  optical 
and  carrier  confinement  into  AlGaN/GaN  heterostructures  can  significantly  reduce  the  SE 
threshold.  We  also  demonstrate  SE  in  AlGaN  epilayers  with  emission  wavelengths  as  low  as 
327  nm  at  room  temperature,  illustrating  that  AlGaN  is  a  suitable  material  for  the  development  of 
deep  ultraviolet  laser  diodes. 

EXPERIMENT 

The  GaN,  InGaN,  and  AlGaN  epilayers  studied  were  grown  on  (0001)  sapphire  substrates 
by  MOCVD.  The  thickness  of  the  AlxGai_xN  layers  were  ~0.8  pm,  and  had  alloy  concentrations 
of  x  =  0.17  and  0.26.  For  the  purpose  of  comparison,  we  used  GaN  and  InGaN  epilayers  with 
thicknesses  ranging  from  100  nm  to  7.2  pm.  The  sample  growth  parameters  have  been  reported 
elsewhere  [4,  5],  We  also  studied  an  AlGaN/GaN  separate  confinement  heterostructure  (SCH) 
grown  by  MBE  on  6H-SiC.  The  active  region  of  the  SCH  was  a  70  A  thick  GaN  layer,  which 
was  sandwiched  between  a  600  A  Al0.06Ga0.94N  cladding  layer  and  a  2300  A  Alo.11Gao.89N 
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Fig.  1.  RT  SE  spectra  at  several  pump  intensities  above  and  below  the  SE 
threshold,  Ith,  for  AlGaN  layers  with  alloy  concentrations  of  (a)  17%  and  (b)  26%. 
Low-power  cw  spontaneous  emission  is  given  by  the  dashed  line. 


waveguiding  layer.  The  structure  was  deposited  on  top  of  a  ~3  pm  GaN  buffer  layer. 

The  experimental  setup  for  the  study  of  SE  consisted  of  nanosecond  tunable  dye  lasers 
pumped  by  either  the  doubled  output  of  an  injection  seeded  Nd:  YAG  laser  (~7  ns  pulsewidth  and 
10  Hz  repetition  rate  at  532  nm)  or  the  308  nm  XeCl  line  of  an  excimer  laser  (~8  ns  pulsewidth 
and  10  Hz  repetition  rate).  In  the  case  of  Nd:YAG  pumping,  the  deep  orange  output  of  the  dye 
laser  was  doubled  to  ~3 10  nm  using  a  nonlinear  crystal.  The  excimer-pumped  dye  laser  emitted 
directly  in  the  UV.  All  experiments  were  performed  in  the  edge-emission  geometry.  The  UV 
laser  excitation  source  was  focused  to  a  line  on  the  sample  surface  using  a  cylindrical  lens  [6].  A 
continuously  variable  ND  filter  was  used  to  attenuate  the  laser  power.  The  resultant  emission 
was  collected  from  the  edge  of  the  sample  and  focused  onto  the  slits  of  a  1  meter  spectrometer 
with  a  UV-enhanced  gated  CCD.  The  samples  were  mounted  to  the  cold  finger  of  a  closed  cycle 
helium  refrigerator  that  allowed  continuous  temperature  tuning  from  10  K  to  300  K. 
Photoluminescence  (PL)  was  performed  using  the  244  nm  line  of  an  intracavity  frequency 
doubled  cw  Ar+  laser.  PL  was  performed  in  a  backscattering  geometry  to  avoid  distortion  of  the 
spectra  due  to  reabsorption  effects.  For  PL  excitation  (PLE)  spectroscopy,  the  quasi- 
monochromatic  light  from  a  Xe  lamp  was  dispersed  by  a  1/2  m  spectrometer  and  used  as  the 
excitation  source.  The  signal  was  collected  from  the  sample  and  focused  on  the  slits  of  a  1  meter 
double  grating  spectrometer  coupled  to  a  photomultiplier  tube  for  detection. 

RESULTS 

The  SE  emission  from  AlGaN  epilayers  qualitatively  resembles  that  from  GaN  epilayers. 
However,  the  emission  wavelength  lies  in  the  deep  UV.  The  RT  emission  spectra  for  AlGaN 
layers  with  alloy  concentrations  of  17%  and  26%  are  shown  in  Figures  1  (a)  and  (b), 
respectively,  for  excitation  densities  above  and  below  the  SE  threshold  intensity  I,h-  The  dashed 
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Fig.  2.  Power  dependence  of  the  peaks  marked  in  Fig.  1  at  RT.  The 
spontaneous  emission  peaks,  denoted  by  circles,  show  an  approximately  linear 
increase  with  excitation  intensity.  SE  exhibits  a  superlinear  increase  with 
power,  and  is  represented  by  squares. 


line  indicates  low  power  cw  PL  results.  As  seen  from  the  figure,  SE  for  both  samples  emerges 
out  of  the  low  energy  wing  of  the  spontaneous  emission  peak  as  the  excitation  density  is 
increased.  We  believe  that  the  SE  observed  from  these  epilayers  (330  nm  at  RT)  is  the  shortest 
ever  reported  in  the  literature  for  a  semiconductor  material.  The  spontaneous  and  stimulated 
emission  peaks  are  separated  by  10.5  and  8.5  nm,  respectively,  for  the  17%  and  26%  epilayers, 
which  is  comparable  to  the  spacing  observed  in  GaN  epilayers  [7]  and  is  considerably  smaller 
than  that  seen  in  InGaN  epilayers  [8].  The  redshift  of  the  spontaneous  emission  seen  under 
nanosecond  excitation  in  Figs.  1  (a)  and  (b)  compared  to  the  cw  spontaneous  emission  peaks  is 
due  to  a  reabsorption  of  the  emitted  radiation  as  it  travels  along  the  excitation  path  in  the  edge- 
emission  experiments. 

Figure  2  illustrates  the  emission  intensity  of  the  spontaneous  and  stimulated  emission 
peaks  as  a  function  of  excitation  intensity  Iexc  for  the  AlGaN  epilayers  presented  in  Fig.  L  The 
spontaneous  emission  is  seen  to  increase  roughly  linearly  across  the  entire  range  of  Iexc.  Above 
Ith>  we  see  the  emergence  of  a  new  peak  which  exhibits  a  superlinear  increase  in  emission 
intensity  with  Iexc>  clearly  indicating  the  onset  of  SE  [9].  The  values  of  Ith  obtained  from  the 
AlGaN  epilayers  are  slightly  larger  than  those  obtained  from  high  quality  GaN  epilayers,  and 
more  than  an  order  of  magnitude  greater  than  that  of  InGaN  epilayers  [3, 7, 9].  The  high  SE 
threshold  for  AlGaN  epilayers  makes  the  development  of  laser  diodes  using  this  material  rather 
challenging. 

Through  this  study,  however,  we  show  that  AlGaN/GaN-based  heterostructures  can  be 
used  to  produce  lasing  with  both  short  emission  wavelengths  and  low  lasing  thresholds.  The 
SCH  used  in  this  study  possesses  a  high  degree  of  optical  and  carrier  confinement.  By  pumping 
the  sample  at  335  nm,  we  obtained  lasing  at  358  nm  (362  nm)  at  10  K  (RT)  with  a  lasing 
threshold  as  low  as  125  kW/cm2.  Figure  3  (a)  shows  the  RT  emission  spectra  from  the  SCH  at 
several  excitation  intensities  above  and  below  The  shorter  wavelength  peak  at  341  nm  is  due 
to  spontaneous  emission  from  the  x  =  0.06  cladding  region.  As  Iexc  is  increased,  we  see  a  narrow 
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Fig.  3.  a)  10  K  power  dependence  of  the  SCH  at  several  pump  intensities  above  and  below 
the  lasing  threshold.  The  peak  at  341  nm  is  due  to  the  cladding  layer,  b)  Intensity- 
dependent  behavior  of  the  peaks  shown  in  a).  An  approximately  linear  increase  is  seen  for 
the  cladding  layer  for  all  pump  intensities  and  for  the  active  region  until  the  lasing  threshold 
is  reached.  At  higher  intensities,  a  superlinear  increase  is  observed  at  358  nm  along  with 
spectral  narrowing.  The  FWHM  of  the  lasing  peak  is  3  A. 

lasing  peak  (3  A  FWHM)  emerge  at  a  wavelength  of  358  nm.  We  did  not  observe  any 
broadening  of  this  peak  as  the  temperature  was  raised  up  to  RT.  This  indicates  that  the  FWHM 
of  the  lasing  peak  is  determined  by  the  finesse  of  the  cavity,  which  remains  independent  of 
temperature.  In  our  previous  study,  we  showed  that  the  cavity  is  formed  by  microcracks  caused 
by  strain  relaxation  of  AlGaN  grown  on  SiC  [10].  Fig.  3  (b)  shows  the  detailed  behavior  of  the 
emitted  intensity  as  a  function  of  Iexc.  As  can  be  seen  from  the  graph,  the  cladding  layer  emission 
increases  almost  linearly  with  increasing  Iexc.  The  emission  from  the  active  region  behaves 
linearly  until  fa  is  reached,  after  which  a  superlinear  increase  is  observed.  The  RT  SE  threshold 
value  for  this  sample  was  determined  to  be  125  kW/cm2,  representing  a  drastic  reduction  in 
comparison  to  GaN  and  AlGaN  epilayers.  This  low  threshold  value  is  made  possible  by  the 
carrier  confinement  and  optical  waveguiding  properties  of  the  structure.  In  fact  the  lasing 
threshold  is  comparable  with  the  best  InGaN  epilayers  which  makes  it  suitable  for  the 
development  of  short  wavelength  LDs  (Emission  <  370  nm  at  RT).  It  may  be  possible  to  further 
reduce  the  threshold  by  optimizing  the  sample  parameters  such  as  active  layer  thickness  as  well 
as  the  thickness  and  alloy  concentrations  of  the  cladding  and  waveguiding  region. 

CONCLUSION 

We  have  systematically  studied  the  stimulated  emission  properties  of  (In,  Al)  GaN  thin 
films  and  heterostructures.  The  stimulated  emission  threshold  of  AlGaN  epilayers  was  found  to 
increase  with  increasing  AI  content  compared  to  GaN,  in  contrast  to  InGaN  epilayers,  where  an 
order  of  magnitude  decrease  is  observed.  Room  temperature  stimulated  emission  was  observed 
at  remarkably  short  wavelengths,  demonstrating  that  AlGaN-based  structures  are  a  suitable 
material  for  deep  ultraviolet  laser  diodes.  Furthermore,  we  achieved  a  substantial  reduction  in 
the  lasing  threshold  for  AlGaN/GaN-based  heterostructures.  We  showed  that  optical  and  carrier 
confinement  will  play  the  key  roles  in  the  reduction  of  the  lasing  threshold  in  these  structures. 
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Abstract 

InGaN  multiquantum  wells  grown  by  MOCVD  on  GaN  have  been  investigated  by 
transmission  electron  microscopy  techniques  and  numerical  analysis  of  high  resolution  (HREM) 
images.  One  objective  of  this  research  was  to  correlate  the  atomic  structure  and  emission 
mechanisms  of  InGaN  quantum  well.  The  studied  layers  contained  13%  or  20%  In.  It  was 
shown  that  GaN/InGaN  interfaces  are  rather  rough  and  exhibit  an  oscillating  contrast.  Structural 
defects  were  found  on  these  interfaces.  The  relative  c-lattice  parameter  variation  in  the  well  was 
determined  using  numerical  processing  of  HREM  images.  The  lattice  spacings  appear  to  be 
larger  than  that  expected  from  Vegard’s  law  suggesting  the  presence  of  a  biaxial  strain.  Further 
observations  also  revealed  a  redistribution  of  In  within  the  well.  Instead  of  a  continous  In-rich 
layer,  quantum  dots  were  often  observed  along  the  well  with  a  regular  spacing.  The  formation 
of  these  In-rich  dots  was  not  intented  and  their  presence  suggests  either  a  periodic  modulation 
of  strain  along  the  well  or  In-rich  cluster  formation. 

Introduction 

Recent  years  have  witnessed  a  strong  interest  in  Di-nitride  semiconductors  and  especially 
InGaN  alloys  because  of  the  wide  spectral  range  covered  by  these  materials.  These  counpounds 
in  epitaxial  layers  are  known  to  be  highly  strained.  This  strain  affects  the  structural  and  physical 
properties  of  the  material  through  several  mechanisms.  It  was  recently  shown  by  P.  Perlin  et 
al.[l]  that  strain  induced  piezoelectric  fields  are  responsible  for  the  emissions  from  InGaN 
quantum-wells  (QW).  Another  explanation  was  given  by  Chichibu  et  al.[2]  where  emissions 
were  suggested  to  arise  from  the  recombination  of  excitons  located  at  potential  minima  along  the 
QW.  This  was  supported  by  Kruger  et  al.[3]  and  by  Grudowski  et  al.[4]  whose 
photoluminescence  measurements  on  InGaN  QW  showed  a  broadening  of  peaks.  Thus,  there  is 
still  some  controversy  about  the  emissions  mechanisms  of  InGaN  multi-quantum  wells 
(MQW).  Furthermore,  the  low  miscibility  of  InN  in  GaN[5]  and  the  large  lattice  mistmatch 
between  these  two  counpounds  (11  %)  affect  indirectly  the  emissions  through  phase 
separation[6],  segregation  or  defect  generation[7].  In  this  paper,  we  report  on  an  atomic  scale 
study  of  the  microstructure  of  InGaN  MQW  using  High-Resolution  Electron  Microscopy 
(HREM). 

Experiment 

Several  InGaN/GaN  MQW  structures  were  grown  by  metal  organic  chemical  vapor 
deposition  (MOCVD)  on  1  pm  thick  GaN  layer  using  conventional  (0001)  oriented  sapphire 
substrates.  Details  of  the  growth  conditions  have  been  published  elsewhere[4].  The  structure  of 
sample  1  consists  of  five  periods  of  2.5  nm  Ino.13Gao.87N  separated  by  50  nm  Ino.03Gao.97N 
barriers.  The  structure  of  sample  2  consists  of  twenty  periods  of  2.5  nm  Ino.20Gao.80N 
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separated  by  50  nm  GaN  barriers.  The  TEM  samples  were  prepared  by  standard  procedure 
using  ion-milling  at  liquid  nitrogen  temperature  and  examined  using  both  Topcon  002B  and  Jeol 
ARM  microscopes  operating  at  200  kV  and  800  kV  respectively.  Before  the  observations,  the 
samples  were  mounted  on  a  gold  covered  grid  and  then  dipped  in  a  KOH  (50%)  solution  for  5 
min.  This  etch  step  was  aimed  at  removing  damage  created  during  the  ion  milling. 

For  the  numerical  processing,  HREM  images  were  first  digitized  using  a  Kodak  camera. 
An  intensity  profile  for  all  bright  spots  (blob')  in  the  image  is  fitted  using  an  appropriate  two- 
dimensional  function  so  that  the  exact  coordinates  of  its  center  is  accurately  determined  with 
sub-pixel  resolution.  Since  each  bright  spot  in  the  image  corresponds  to  either  an  atomic  column 
or  an  electron  pathway  (depending  on  the  imaging  conditions),  the  displacement  of  the  atomic 
positions  away  from  their  bulk  values  can  be  determined  for  each  of  the  unit  cells  along  any 
crystallographic  direction.  This  allows  to  maping  the  strain  distribution.  Thickness  and 
composition  have  the  same  effect  on  the  projected  potential.  Since  the  projected  potential  can  be 
extracted  and  mapped  from  the  intensity  distribution  within  each  unit  cell,  chemical  fluctuations 
or  thickness  variations  can  be  revealed.  A  detailed  explanation  of  the  procedure  can  be  found  in 
the  original  papers[8-9]. 


Result 

Fig.  1  is  a  conventional  image  of  sample  1  (five  QW)  structure  taken  along  the  [1120] 
direction.  Although  the  In  content  in  the  wells  is  only  10%  different  from  that  in  the  barriers, 
the  stack  of  layers  is  clear.  Layers  appear  homogeneous  and  are  easy  to  distinguish.  The  dark 
stripes  correspond  to  the  wells  (Ino.13Gao.87N).  A  magnification  of  one  the  wells  is  shown  in 
fig.  2.  The  layers  are  pseudomorphic  to  the  underlying  GaN  layer  and  no  misfit  dislocations  are 
present  at  the  interfaces.  Interfaces  with  barrier  layers  on  either  side  are  not  sharp  but  rather  are 
rough.  An  average  thickness  of  layers  was  deduced  from  several  parts  of  the  sample  and  was 
equal  to  about  2.5  nm  (5  basal  planes).  The  striking  feature  of  this  image  is  that  the  layer  does 
not  appear  homogeneous;  it  exhibits  an  oscillating  contrast,  which  was  also  observed 
earlier[10]. 


fig  1:  TEM  image  showing  the  general  structure  of  the  5  QW  sample. 
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Fig  2:  HREM  image  of  one  quantum  well.  The  layer  exibits  a  non-uniform  contrast  and 
interfaces  between  adjacent  layers  are  rough. 

Quantitative  HREM  was  used  to  map  strain  profile  across  the  well  at  different  positions.  The 
accuracy  of  the  value  was  first  determined  by  performing  the  same  measurements  in  bulk  GaN 
where  lattice  parameters  are  not  supposed  to  vary.  This  accuracy  depends  on  the  pixel 
resolution  at  which  the  HREM  image  is  digitized.  A  higher  number  of  pixels  results  in  a  better 
accuracy.  Since  the  unit  cell  in  the  image  is  not  square  but  rectangular  (c>a),  the  c  lattice 
parameter  corresponds  to  more  pixels  than  the  a  parameter,  and  hence  the  determination  of  the  c 
parameter  is  more  accurate.  In  our  case,  the  accuracy  on  a  and  c  parameters  in  the  bulk  GaN  is 
0.8%  and  0.5%,  respectively;  it  allows  us  to  detect  any  variation  of  the  c-lattice  parameter 
greater  than  0.002  nm  for  average  interatomic  distance  of  5.2  A.  Values  of  a  and  c  lattice 
parameters  perpendicular  to  the  well  at  three  different  positions  are  represented  in  fig  3. 


fig  3:  Average  strain  profile  across  the  Ino.03Gao.97N/Ino.13Gao.87N/Ino.03Gao.97N  at  three 
different  positions.  The  lateral  resolution  is  5.2  A. 

These  profiles  were  obtained  by  averaging  the  measured  lattice  parameter  values  in  each  column 
along  each  atomic  rows  parallel  to  the  quantum  well.  It  was  noticed  that  the  a  parameter  keeps 
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the  same  value  (3. 19 A),  which  is  not  surprising  since  the  well  is  only  25 A  thick,  but  c  exhibits 
a  spike  at  the  center  of  the  well,  corresponding  to  an  expansion  of  the  lattice  parameter.  The 
scale  graduated  in  pixels  gives  the  variation  of  the  c-lattice  parameter.  The  height  and  the  width 
of  the  spike  varies  from  place  to  place  along  the  well  as  can  be  seen  in  fig.3.  Its  average 
amplitude  is  2  %.  The  same  measurement  was  conducted  at  the  In0.03Ga0.97N/GaN  interfaces 
and  the  average  spike  height  was  found  to  be  equal  to  0.4%.  Simple  considerations  implie  that 
the  c-lattice  parameter  of  Ino.13Gao.87N  is  equal  to  c=CQaN  x  (l+2%+0.4%)  =  5.3 1  A  ±  0.02A. 
An  indium  mole  fraction  x  in  the  well  can  be  extracted  if  one  assumes  the  layer  is  relaxed.  In 
such  a  case,  the  application  of  Vegard’s  law,  i.e.  c=CGaN(l-x)+cInN(x)  with  CGaN=5.19  A  and 
cinN=5.71  A,  leads  to  an  In  content  of  about  23  %  in  the  well  for  c=5.3lA,  that  is  far  above  the 
intented  13  %  In.  But  the  a  lattice  parameter  of  a  relaxed  Ino.23Gao.77N  is 
ao.23=aGaN(l-x)+ainN(x)=3.27A,  that  is  far  above  the  measured  value  a=3.19A.  In  case  the 
Ino  i3Gao  87N  layer  would  be  relaxed,  the  lattice  parameters  in  the  well  would  be  co=5.26A  and 
not  5.31  A+0.02A,  and  ao=aGaN(  1  -x)+ainN(x)=3.23 A  and  not  3.19A.  The  fact  that  (c>co)  and 
(a<ao)  simultaneously  lets  us  think  that  the  layer  is  under  biaxial  compression.  This  observation 
is  supported  by  the  TEM  experiments  which  showed  that  the  layer  is  pseudomorphic.  If  we 
suppose  that  the  In  content  in  the  well  is  the  one  intented  (13%),  the  biaxial  strain  £c  can  be 
calculated  and  is  equal  to  £c=(c-co)/co=0 .009+/-0. 004.  The  measured  a  and  c  lattice  constants 
are  linked  to  the  Poisson  ratio  v  by  £c/£a=((c-co)/co)/((a-ao)/ao)=-2v/(l-v)=0.7±0.3.  All  the 
above  numerical  values  lead  to  v=0.24+0.08.  This  value  is  in  a  good  agreement  with  the  one 
previously  published  [11]. 

Romano  et  al.[12]  determined  the  value  of  the  Poisson's  ratio  for  GaN  using  X-ray 
diffraction.  It  is  equal  to  v=0.18±0.01.  Using  this  value,  the  combinaison  of  the  above 
mentioned  formulas  gives  the  corresponding  In  content  of  15.5±0.4  %  in  the  well.  This  value  is 
close  to  the  intented  In  concentration  (13%). 


Fig.  4:  (a)  HREM  image  of  Ino.03Gao.97N/Ino.13Gao.87N/Ino.03Gao.97N  quantum  well  and 
(b)  the  corresponding  electron  scattering  potential  map.  The  growth  direction  is  from  left  to 

right. 

Fig  4.b  is  a  map  of  the  electron  projected  potential  that  was  extracted  from  the  pattern  change 
in  the  image  fig.  4.a.  Since  the  beam  amplitudes  of  InN  and  GaN  are  similar  when  the  crystal 
thickness  is  less  than  20  nm,  images  were  taken  in  thicker  regions  of  the  samples  in  order  to 
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extract  chemical  information  from  any  pattern  change.  The  scattering  potential  increases  with 
sample  thickness  and  with  the  average  atomic  weight  of  the  atoms  in  each  column.  We  can 
assume  that  the  sample  thickness  does  not  change  across  the  well  because  it  is  only  25  A  thick. 
Therefore,  the  scattering  potential  is  directly  related  to  any  compositional  change.  Thus,  the  map 
in  fig.  4.b  can  be  seen  as  the  representation  of  the  Indium  concentration  across  the  well.  It 
confirms  the  non-uniformity  of  Indium  distribution  within  the  well  because  variations  of  the 
potential  reflects  Indium  content  fluctuations^  3].  The  map  shows  also  that  interfaces  are  not 
sharp  and  the  roughness  is  broader  on  the  upper  interface.  As  seen  in  fig  2,  the  succession  of 
bright  and  dark  areas  along  the  well  in  Fig  2  suggests  that  a  redistribution  of  In  has  taken  place. 

This  feature  is  even  more  apparent  when  the  In  content  increases  from  13%  to  20%.  Fig.  5  is 
an  HREM  of  sample  2.  Quantum  dot  like  structure  with  regular  spacing  is  evident.  The  dots 
have  an  average  diameter  of  30  A  and  their  separation  distance  is  about  40  A.  They  have  either  a 
spheroidal  or  an  elongated  shape  and  their  presence  in  certain  regions  implies  that  nucleation 
and  growth  are  not  the  same  all  over  the  specimen.  This  regular  arrangement  of  these  clusters 
makes  it  unlikely  that  they  are  artifacts  due  to  sample  preparation.  Only  images  of  regions  above 
30  nm  thick  of  samples  were  considered  to  avoid  strain  relaxation  at  edges  of  samples. 
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Fig  5:  HREM  taken  along  [1 1 20]  of  20  QW  sample.  Note  the  regular  arrangement  of  dots  and 
the  presence  of  strained  regions  and  defects  at  InxGai_xN/GaN.  Arrows  indicate  interfaces. 
The  large  contrast  variation  and  abrupt  modifications  of  pattern  of  adjacent  unit  cells  in  parts  of 
the  image  prove  that  the  structure  is  highly  strained.  The  large  difference  in  lattice  parameter 
between  wells  and  barriers  could  be  responsible  for  the  strained  regions.  Moreover,  the  periodic 
modulation  of  the  c-lattice  parameter  along  the  well  is  a  maximum  inside  the  clusters.  Formation 
of  these  cluters  is  likely  to  be  related  to  an  accumulation  of  In  atoms. 

In  addition,  a  high  density  of  dislocations  and  small  dislocation  loops  in  the  (0001)  plane 
were  observed  at  interfaces  quantum  well/barrier.  These  loops  appear  at  the  InxGai_xN/GaN 
interfaces  and  not  at  the  GaN/InxGai_xN  ones.  These  loops  may  be  the  result  of  agglomeration 
of  Indium  atoms.  Because  of  defect  formation  and  modification  of  the  pattern  within  the  unit 
cell,  no  chemical  mapping  can  be  obtained  from  such  sample  areas. 
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Summary 

InGaN  multiquantum  wells  grown  by  MOCVD  on  GaN  layers  have  been  investigated  by 
transmission  electron  microscopy  techniques  and  numerical  analysis  of  high  resolution  (HREM) 
images.  It  was  shown  that  GaN/InGaN  interfaces  are  rather  rough  and  exhibit  an  oscillating 
contrast.  Structural  defects  were  found  on  the  interfaces.  Their  density  increases  with  the  In 
mole  fraction  in  the  wells.  The  relative  c-lattice  parameter  variation  in  the  wells  was  determined 
using  numerical  processing  of  HREM  images.  This  allowed  us  to  determine  strain  in  the  wells 
and  to  estimate  the  Poisson's  ratio.  We  showed  that  quantitative  TEM  is  a  suitable  tool  for 
determining  independently  the  In  composition  in  the  well.  Further  observations  also  revealed  a 
redistribution  of  In  within  the  well.  Instead  of  a  continous  In-rich  layer,  quantum  dots  were 
often  observed  along  the  well  with  a  regular  spacing.  The  formation  of  these  In-rich  dots  was 
not  intented  and  their  presence  suggests  either  a  periodic  modulation  of  strain  along  the  well  or 
In-rich  cluster  formation. 
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ABSTRACT 

Transmission  electron  microscopy  was  applied  to  cross-sectioned  samples  to  study  surface 
morphology,  sample  polarity  and  defect  distribution  in  bulk  GaN  samples  doped  with  Mg. 
These  crystals  were  grown  from  a  Ga  melt  under  high  hydrostatic  pressure  of  Nitrogen.  It  was 
shown  that  the  types  of  defects  and  their  distribution  along  the  c-axis  depends  strongly  on 
sample  polarity.  Based  on  this  finding  the  growth  rate  along  the  c-axis  for  the  two  polar 
directions  was  compared  and  shown  to  be  approximately  ten  times  larger  for  Ga  polarity  than 
for  N-polarity.  In  the  part  of  the  crystals  with  Ga  polarity  pyramidal  defects  with  a  base 
consisting  of  high  energy  stacking  faults  were  found.  The  parts  of  the  crystals  grown  with  N- 
polarity  were  either  defect  free  or  contained  regularly  spaced  stacking  faults.  Growth  of  these 
regularly  spaced  cubic  monolayers  is  polarity  dependent;  this  structure  was  formed  only  for  the 
growth  with  N  polarity  and  only  for  the  crystals  doped  with  Mg.  Formation  of  this 
superstructure  is  similar  to  the  polytypoid  structure  formed  in  AIN  crystals  rich  in  oxygen.  It  is 
also  likely  that  oxygen  can  decorate  the  cubic  monolayers  and  compensate  Mg.  This  newly 
observed  structure  may  shed  light  on  the  difficulties  of  p-doping  in  GaN:Mg. 

INTRODUCTION 

Progress  in  GaN  technology  has  been  delayed  for  a  long  time  because  of  difficulties  in 
obtaining  p-doping.  Only  recently  success  of  Amano  et  al  [1]  followed  by  Nakamura  [2] 
resulted  in  p-doping  of  GaN.  GaN  p-n  junction  blue  light  emitting  diodes  (LEDs)  and  lasers 
have  been  obtained  [3].  Despite  this  success  Mg  p-doping  is  still  not  fully  understood. 
Originally  low-energy-electron-beam  irradiation  (LEEBI)  [1]  and  recently  thermal  annealing 
have  been  found  to  activate  Mg  and  result  in  p-doping  [2,3].  There  are  reports  that  Mg  is  not 
distributed  uniformly  in  the  layer  and  has  a  high  tendency  to  diffuse  to  the  layer  surface  [4]. 

EXPERIMENTAL 

In  this  paper  structural  studies  of  Mg  doped  bulk  GaN  crystals  will  be  described.  The  GaN 
crystals  have  been  grown  by  the  High  Nitrogen  Pressure  Solution  Method  [5]  from  a  solution  of 
liquid  gallium  containing  0. 1-0.5  at.%  of  Mg  [6].  Before  the  growth  conditions  are  established, 
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the  solution  was  homogenized  at  a  temperature  of  1100°C  for  several  hours.  Then  the 
temperature  was  increased  up  to  the  growth  conditions  (T  =  1500  -  1600°C)  and  N2  pressure 
about  15  kbars  was  applied.  Typical  time  of  growth  was  in  the  range  of  100  -  150  hours. 

Crystals  in  the  form  of  hexagonal  platelets  (similar  to  those  for  undoped  crystals)  reaching 
dimensions  up  to  8  mm  were  found  in  the  cooler  part  of  the  crucible.  This  shows  that  the  Mg 
impurity  does  not  influence  the  relative  growth  rates  to  a  significant  degree  and  therefore  the 
form  of  the  hexagonal  platelets  is  similar  to  that  for  undoped  crystals.  However,  it  was 
observed  that  the  platelets  with  Mg  are  generally  somewhat  thicker  suggesting  that  Mg  impurity 
does  accelerate  the  growth  in  the  c-direction.  Observation  with  the  Nomarsky  microscope  shows 
that  as  in  undoped  samples  one  surface  normal  to  the  c-axis  is  more  rough,  with  many  surface 
steps  while  the  opposite  surface  is  always  mirror  like.  Convergent  beam  electron  diffraction 
(CBED)  was  applied  to  study  polarity  of  these  crystals  [7].  Earlier  studies  of  undoped  GaN 
crystals  showed  that  the  polarity  of  the  crystals  can  also  be  recognized  by  using  mechano- 
chemical  polishing  with  aqueous  solution  of  KOH  [8,  9].  Cross-section  samples  were  prepared 
from  crystals  directly  removed  from  the  crucible  and  also  from  those  etched  chemically.  Electron 
microscopy  was  applied  in  order  to  detect  the  presence  of  any  structural  defects,  observation  of 


Fig.  1:  Cross-section  TEM  micrograph  of  the  rough  side  of  an  as-grown  GaN:Mg  platelet 
sample.  The  inset  shows  the  experimental  and  calculated  CBED  patterns  together  with  a  hard¬ 
ball  model  showing  atom  arrangement  along  the  c-axis. 

Fig.  1  shows  a  cross-section  electron  micrograph  from  a  crystal  directly  removed  from  the 
crucible.  It  can  be  seen  that  one  side  of  the  as  grown  crystal  has  a  rough  surface  (saw-like)  with 
an  amplitude  of  10  nm.  The  distance  between  the  spikes  was  about  7-10  nm.  The  opposite  side 
of  this  crystal  did  not  show  such  undulation,  the  surface  was  practically  atomically  flat. 
Convergent  beam  electron  diffraction  (CBED)  was  applied  to  study  polarity  of  these  crystals  and 
it  turned  out  that  the  rough  side  of  the  crystal  grew  with  N  polarity  (Fig.  1 -inset).  This  is 
opposite  to  the  undoped  bulk  crystals,  where  the  rough  side  of  the  crystal  grew  with  Ga 
polarity. 
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Mechano-chemical  polishing  of  undoped  crystals  with  an  aqueous  solution  of  KOH  showed 
that  the  chemically  active  side  grew  with  N  polarity  and  the  Ga-side  was  chemically  inert  [9,10]. 
Similar  polishing  applied  to  the  Mg  doped  crystals  showed  that  the  previously  rough  crystal  side 
became  smooth  while  the  mechanical  damage  remained  on  the  opposite  side.  CBED  studies 
confirmed  that  the  Mg  doped  crystals  behave  similarly  to  undoped  crystals  in  respect  to  the 
etching  behavior,  the  crystal  side  with  N  polarity  is  chemically  active. 

Transmission  electron  microscopy  (TEM)  applied  to  undoped  cross-section  samples  showed 
that  not  only  surface  morphology  for  N-  and  Ga-polarity  is  different  but  the  part  of  the  crystal 
on  the  N  polar  side  remains  practically  defect  free,  while  the  part  near  the  Ga  polar  side  has  high 
density  of  stacking  faults  distributed  randomly  (Fig.  2a).  All  three  possible  types  of  stacking 
faults  have  been  found  in  these  undoped  crystals.  Dislocation  loops  decorated  by  Ga  precipitates 
were  often  attached  to  high  energy  stacking  faults  converting  them  locally  to  low  energy 
stacking  faults. 


Fig.  2:  Schematic  drawing  of  defect  distribution  in  the  undoped  bulk  GaN  crystals  (a)  and  in 
the  Mg  doped  crystals  (b).  The  inset  indicates  crystal  polarity.  Stacking  faults  (SF)  with  attached 
dislocation  loops  (DL)  decorated  by  Ga  precipitates  (P)  are  marked  in  the  undoped  crystals  and 
stacking  faults  and  pyramidal  defects  in  the  Mg  doped  crystals. 


Dramatically  different  defect  distribution  was  observed  in  the  GaN  samples  doped  by  Mg.  A 
large  difference  in  crystal  structural  quality  has  also  been  observed  for  different  growth  runs. 
Based  on  their  structural  quality  one  can  divide  the  crystals  into  three  groups.  The  first  group  of 
crystals  was  practically  free  of  any  structural  defects.  In  those  crystals  small  precipitates  could 
occasionally  be  observed  on  the  Ga  side. 

The  second  group  of  crystals  had  a  similar  defect  distribution  as  for  undoped  crystals,  the  side 
of  the  crystals  with  N-polarity  was  free  of  defects,  while  the  opposite  side  of  the  platelet  had  a 
high  density  of  defects  (Fig.  3).  It  was  noticed  that  the  defect  free  area  of  the  crystal  was  much 
thinner  than  the  defective  part  of  the  crystal,  opposite  to  the  undoped  crystals.  The  thickness  of 
the  defect  free  region  along  the  c-axis  direction  was  about  10%  of  the  platelet  thickness.  It  can 
be  concluded  that  the  growth  of  the  crystal  along  the  c-axis  in  Ga  polarity  is  much  faster  than  the 
growth  with  N-polarity. 

The  defects  observed  in  Mg  doped  crystals  were  not  simple  stacking  faults  on  c-planes,  each 
defect  had  a  pyramidal  shape  with  the  base  of  the  pyramid  facing  the  Ga  side  of  the  platelet. 
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High  resolution  transmission  electron  microscopy  revealed  that  high  energy  stacking  faults  are 
formed  on  c-planes  at  the  base  of  these  pyramids  and  their  sides  are  also  stacking  faults  on 
planes  inclined  about  45°  to  their  base  (Fig.  3).  Since  these  bulk  crystals  contain  oxygen 
impurities  (in  the  range  of  10^  cm“3),  it  is  possible  that  these  defects  are  “dome”  shaped 
inversion  domains  as  observed  earlier  in  AIN  crystals  rich  in  oxygen,  where  the  base  of  such 
pyramid  forms  a  flat  inversion  domain  and  the  sides  are  corrugated  domains  [10].  However, 
details  of  these  defects  are  still  under  investigation.  The  fact  that  the  sides  of  the  pyramid  can  not 
be  viewed  edge-on  in  high  resolution  micrographs  makes  their  interpretation  more  difficult. 

In  the  third  type  of  crystal  the  pyramidal  type  of  defect  was  also  present  but  the  part  of  the 
crystal  grown  with  N-polarity  had  a  superstructure  (Fig.  2b).  Every  10  nm  a  monolayer  with  an 
enhanced  contrast  was  observed  (Fig.  4)  creating  an  equidistant  layer  structure.  High  resolution 
imaging  reveals  the  presence  of  stacking  faults  e.g.  a  unit  of  cubic  material  inserted  equidistantly 
in  the  hexagonal  material.  This  layer  arrangement  results  in  additional  satellite  spots  dividing  the 
(0001)  reciprocal  space  into  20  equal  spaces  and  giving  0.52x20=10.4  nm  distances  between 
the  monolayers.  The  appearance  of  these  monolayers  is  assumed  to  be  related  to  Mg  distribution 


Fig.  3:  TEM  micrograph  shows  defect  distribution  in  GaN:Mg  crystals.  Note  that  the  upper 
part  grown  with  N  polarity  is  defect  free. 

in  the  sample.  SIMS  measurements  for  these  crystals  show  Mg  concentration  2x10^0  cm"3  on 
the  sample  surface  and  flat  Mg  distribution  in  the  range  6xl0^cm-^  in  the  remaining  part  of  the 
crystal.  No  difference  in  Mg  content  was  observed  on  the  two  sides  of  the  crystal.  Si  and 
oxygen  impurities  were  also  detected  in  the  crystals. 

Based  on  theoretical  predictions  [11]  Mg  should  substitute  of  Ga  sites,  the  occupancy  of  Mg 
on  Ga  sites  and  N  sites  are  expected  to  be  different.  Mg  segregation  is  expected  to  be  more 
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Based  on  theoretical  predictions  [1 1]  Mg  should  substitute  of  Ga  sites,  the  occupancy  of  Mg 
on  Ga  sites  and  N  sites  are  expected  to  be  different.  Mg  segregation  is  expected  to  be  more 
likely  on  N-sites  of  the  crystals.  Predicted  positions  [12]  for  Mg  occupancy  on  the  N-side 
would  likely  lead  to  the  formation  of  stacking  faults.  These  structures  are  reminiscent  of  the 
polytype  defects  formed  in  AIN  rich  in  oxygen  [12,13].  In  the  AIN  crystals  with  oxygen  the 
formation  of  an  octahedral  metal  layer  surrounded  by  a  mixture  of  N  and  oxygen  atoms  were 
expected.  In  our  GaN  crystals  oxygen  content  is  much  lower  (1018cm-3)  but  it  cannot  be 
excluded  that  oxygen  decorates  the  stacking  faults.  The  presence  of  oxygen  would  explain  the 
fact  that  p-doping  was  not  obtained  in  these  crystals,  oxygen  most  likely  would  be  responsible 
for  the  observed  compensation. 


Fig.  4:  High  resolution  image  of  low-energy  stacking  faults  arranged  equidistantly  on  the  side 
of  the  GaN:Mg  crystal  which  grew  with  N-polarity. 

CONCLUSIONS 

These  studies  showed  that  GaN  bulk  crystals  grown  from  a  Ga  melt  doped  by  Mg  under 
hydrostatic  pressure  of  nitrogen  differ  from  undoped  crystals.  First  of  all  the  surface 
morphology  of  the  as-grown  crystals  is  reversed  with  respect  to  the  crystal  polarity  in 
comparison  with  the  undoped  crystals.  The  N-side  of  the  platelet  is  rough  and  the  Ga  site  is 
smooth.  The  second  important  observation  was  that  a  much  higher  growth  rate  (about  10  times) 
was  observed  for  the  Ga  polarity  surface  than  for  the  N  polarity  surface.  The  third  observation 
was  related  to  defect  distribution  in  these  crystals.  Some  of  them  were  almost  structural  defect 
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pyramidal  defects  with  the  base  on  c-planes  and  the  sides  of  these  defects  inclined  approximately 
45°  are  observed.  A  high  energy  stacking  fault  was  observed  as  the  base  of  these  pyramidal 
defects.  For  some  crystals  regions  grown  with  N  polarity  did  not  show  any  structural  defects. 
However,  in  some  crystals  stacking  faults  (  a  cubic  monolayer)  equidistantly  distributed  were 
observed.  This  arrangement  of  stacking  faults  most  likely  is  related  to  Mg  segregation  on  N- 
sites  and  is  very  likely  a  new  type  of  polytype  like  those  observed  earlier  in  AIN  crystals  rich  in 
oxygen.  Our  crystals  have  much  smaller  oxygen  concentration,  but  it  is  very  likely  that  stacking 
faults  are  heavily  decorated  by  oxygen.  This  would  explain  why  p-doping  was  not  obtained  in 
these  crystals  since  compensation  by  oxygen  would  take  place  [14]. 
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ABSTRACT 


Bulk  single  crystals  of  4H-SiC  have  been  deformed  in  compression  in  the  temperature  range 
550-1300°C,  whereas  a  GaN  thin  film  grown  on  a  (0001)  sapphire  substrate  was  deformed  by 
Vickers  indentation  in  the  temperature  range  25-800°C.  The  TEM  observations  of  the  deformed 
crystals  indicate  that  deformation-induced  dislocations  in  4H-SiC  all  lie  on  the  (0001)  basal  plane 
but  depending  on  the  deformation  temperature,  are  one  of  two  types.  The  dislocations  induced  by 

deformation  at  temperatures  above  ~1100°C  are  complete,  with  a  Burgers  vector,  b,  of  — 


but  are  all  dissociated  into  two  -(l0 1 0)  partials  bounding  a  ribbon  of  stacking  fault.  On  the  other 


hand,  the  dislocations  induced  by  deformation  in  the  temperature  range  550<T<*-1100°C  were 
predominantly  single  leading  partials  each  dragging  a  stacking  fault  behind  them.  From  the  width 
of  dissociated  dislocations  in  the  high-temperature  deformed  crystals,  the  stacking  fault  energy  of 

4H-SiC  has  been  estimated  to  be  14.7+2.5  mJ/m2.  Vickers  indentations  of  the  [0001]-oriented 


GaN  film  produced  a  dense  array  of  dislocations  along  the  three  <1120>  directions  at  all 
temperatures.  The  dislocations  were  slightly  curved  with  their  curvature  increasing  as  the 
deformation  temperature  increased.  Most  of  these  dislocations  were  found  to  have  a  screw  nature 
with  their  b  parallel  to  <1120  >.  Also,  within  the  resolution  of  the  weak-beam  method,  they  were 
not  found  to  be  dissociated.  Tilting  experiment  show  that  these  dislocations  lie  on  the  { llOO } 
prism  plane  rather  than  the  easier  (0001)  glide  plane. 


INTRODUCTION 


SiC,  GaN,  and  alloys  of  the  latter,  are  wide  bandgap  semiconductors  showing  considerable 
promise  for  high-temperature  and  optoelectronic  applications  [1,2].  Recent  advances  in  crystal 
growth  have  resulted  in  the  production  of  single-crystal,  single  polytype,  SiC  boules  [3]  and  very- 
nearly  single  crystalline  GaN  thin  films  [2].  In  spite  of  their  widespread  interest,  the  deformation 
behavior  and  microstructure  of  these  materials  have  not  been  studied  in  sufficient  detail. 

The  most  common  polytypes  of  SiC  are  6H  and  4H;  these  are  now  produced  commercially  in 
boule  form  and  are  available  as  wafers.  The  stable  ambient  form  of  GaN  has  a  2H  structure,  and 
thin  films  of  the  metastable  3C  (cubic)  poly  type  can  also  be  grown  by  CVD  on  certain  substrates. 
All  the  polytypes  of  SiC  and  GaN  are  tetrahedrally  coordinated  and  consist  of  two  variants  of  a 
basic  tetrahedron:  normal,  T,  and  twinned,  7”;  each  of  these  variants  can  occupy  three  spatial 
positions,  Tt,  T2,  and  T3  (or  T’It  T’2,  and  T’3)  (for  details,  see,  e.g.  [4,  5]).  They  predominantly 
exhibit  hexagonal  symmetry,  denoted  by  H  in  the  Ramsdell  notation  [6],  e.g.  2H  (wurtzite),  4H, 
6H  or,  in  general,  2nH  (where  n  is  an  integer),  or  rhombohedral  symmetry,  denoted  by  R  in  the 
Ramsdell  notation,  e.g.  15R  or,  in  general,  (2n+l)R.  The  3C  (zincblende)  polytype  is  a  subset  of 
the  rhombohedral  polytypes  and  is  unique  in  that  it  consists  of  only  one  tetrahedral  variant  (either 
all  normal,  T,  or  all  twinned,  T,  tetrahedra)  and  additionally  exhibits  cubic  (C)  symmetry.  Fig.  1 
shows  the  <1120>  projected  structure  of  4H-SiC  and  2H-GaN  with  tetrahedral  sequences 
...T,T2T’ jT’j...  (periodicity  of  four)  and  3...  (periodicity  of  two),  respectively.  The 

structure  of  each  polytype  can  also  be  considered  in  terms  of  stacking  of  widely-spaced  double 
planes  aA ,  j3B  and  yC  where  a,  (3,  y  represent  basal  planes  of  carbon  or  nitrogen  (silicon  or 
gallium)  atoms  and  A,  B,  and  C  represent  interleaved  parallel  planes  consisting  of  silicon  or 
gallium  (carbon  or  nitrogen)  atoms.  Thus,  the  structure  of  4H-SiC  and  2H-GaN  may  also  be 
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described  in  terms  of  the  stacking  sequences  ...ocApBaAyC...  and  ...aAyC...,  respectively. 
Note  that  all  SiC  and  GaN  polytypes  are  polar  along  the  c-axis:  the  [0001]  direction  is  distinct  from 
the  opposite  [000 1  ]  direction. 


...oApBotAyC...  ...aAyC... 


Fig.  1.  The  structure  of  (a)  4H-SiC  and  (b)  2H-GaN 

The  aim  of  this  work  is  to  investigate  the  deformation-induced  microstructure  of  bulk  4H-SiC 
single  crystals  and  a  2H-GaN  thin  film  as  a  function  of  temperature  using  transmission  electron 
microscopy  (TEM).  The  dislocation  structure  is  discussed  based  on  the  differences  in  the  core 
structure  of  partials  as  well  as  the  slip  planes  on  which  the  dislocations  lie. 


EXPERIMENTAL  PROCEDURES 

The  bulk  4H-SiC  single  crystals  used  in  this  study  were  grown  by  the  modified  sublimation 
technique  [3].  Parallelepiped  specimens  with  nominal  dimensions  2x2x4  mm3  were  oriented  and 

cut  for  single  glide  such  that  one  pair  of  their  lateral  faces  was  parallel  to  { 1100 },  and  the  (0001) 
basal  plane  made  an  angle  of  45°  with  respect  to  the  compression  axis.  The  samples  were 
compressed  at  550-1300°C  in  ultra-high  purity  argon  to  a  strain  of  -4-6%.  On  the  other  hand,  the 
GaN  film  was  grown  by  molecular  beam  epitaxy  (MBE)  on  a  (0001)  sapphire  substrate  and  was 
deformed  by  Vickers  indentation  in  the  temperature  range  25-800°C.  The  indentation  diagonals 

were  aligned  along  the  <1 120  >  and  (llOO)  directions  on  the  (0001)  surface  of  the  film.  From  the 
deformed  samples,  0.3  mm  thick  slices  parallel  to  (0001)  plane  were  sectioned  with  a  diamond 
wheel  cutter.  Subsequently,  the  slices  were  ground  with  emery  paper  to  a  thickness  of  -100  fim, 

then  dimpled  to  a  thickness  of  -20  im,  and  ion-milled  to  electron  transparency  at  a  voltage  of  5  k  V 
at  an  angle  of  -15°.  GaN  thin  films  were  prepared  by  back-side  thinning  with  the  foil  surface 
normal  to  the  [0001]  direction  from  the  sapphire  substrate  side.  The  thin  TEM  foils  were  examined 
in  a  Philips  CM20  electron  microscope  operating  at  an  accelerating  voltage  of  200  kV. 
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RESULTS  AND  DISCUSSION 


The  easy  slip  plane  of  hexagonal  and  rhombohedral  poly  types  is  (0001)  and  the  dislocations 
have  a  perfect  b=l/3<  1 120 >  Burgers  vector  [7].  As  in  other  tetrahedrally-coordinated  structures, 
these  dislocations  are  dissociated  into  two  partials  with  Burgers  vectors  b1=l/3<1010>  and 
b=l/3<0ll0>,  where  the  subscripts  l  and  t  denote  the  leading  and  trailing  partials,  respectively. 
The  dislocations  dissociate  as  follows: 

1/3<1120>=  1/3<1010>+  1/3<0110> 

In  tetrahedrally  coordinated  compounds,  because  of  the  polarity  along  the  [0001]  axis,  the  core  of 
the  perfect  or  partial  basal  dislocations  consists  of  only  one  species,  i.e.  silicon  (gallium)  or  carbon 
(nitrogen),  and,  because  the  partial  dislocations  belong  to  the  glide  plane,  they  are  denoted  as  Si(g) 
[Ga(g)]orC(g)[N(g)][8]. 

4H-SiC 

Fig.  2  shows  typical  bright-field  (BF)  micrographs  of  4H-SiC  deformed  in  compression. 
Both  micrographs  in  this  figure  were  obtained  using  the  g—  Toil  reflection  near  the  [1012]  zone 
axis.  Samant  [9]  has  recently  shown  that  plastic  deformation  of  4H-SiC  above  ~1100°C  takes 
place  by  the  activation  of  the  (000 1 )<  1 1  20>  slip  system  with  the  uncorrelated  motion  of  partial 
dislocations.  This  is  clearly  shown  in  Fig.  2(a)  where  dissociated  dislocations,  consisting  of  a  pair 
of  leading/trailing  partials  bounding  a  ribbon  of  intrinsic  stacking  fault,  are  observed.  Standard 
strain  contrast  experiments  indicate  that,  as  expected,  the  Burgers  vectors  of  the  partials  are, 
respectively,  parallel  to  <1100  >  and  <1010>  directions. 


Fig.  2.  TEM  micrograph  of  4H-SiC  deformed  in  compression  (a)  at  1300°C  and  (b)  at  700  °C 

From  the  width  of  partial  separation,  the  stacking  fault  energy  of  4H-SiC  has  been  estimated  to  be 
14.7±2.5  mJ/m2;  this  value  is  nearly  five  times  larger  than  that  (2. 9±0. 5m  J/m2)  of  6H-SiC 
obtained  by  the  same  techniques  [10]. 

Fig,  2(b)  shows  a  BF  micorgraph  of  dislocations  induced  by  deformation  at  700  °C.  In  this 
case,  the  microstructure  is  dominated  by  single  leading  partials  without  the  associated  trailing 
partials;  each  partial  drags  a  stacking  fault.  The  Burgers  vectors  of  the  single  leading  partials  are 
all  parallel  to  the  <1100>  directions,  and  LACBED  experiments  on  three  different  segments  have 
shown  that  they  have  a  silicon  core  (i.e.  they  are  Si(g)  partials)  [11].  Thus,  it  appears  that  in  the 
4H-SiC  single  crystals,  deformation  proceeds  by  nucleation  and  glide  of  single  leading  Si(g) 
partials  at  low-temperatures  (<~1 100  °C),  whereas  it  proceeds  by  the  generation  and  glide  of  total, 
although  dissociated,  dislocations  at  high  temperatures  (>~1100°C).  It  has  already  been  argued 
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[12]  that  only  the  leading  partials,  with  a  silicon  core,  nucleate  at  low  temperatures  (<~1100°C), 
and  a  higher  temperature  (>~1100°Q  is  required  to  nucleate  the  associated  carbon-core  trailing 
partials  whereby  the  glide  of  leading/trailing  pairs  (i.e.,  dissociated  dislocations)  will  carry  out  the 
plastic  deformation:  at  a  certain  applied  shear  stress,  the  activation  barrier  for  nucleation  of  trailing 
partials  is  higher  than  that  of  die  leading  partials.  Since  the  formation  of  the  same  partial 
dislocation  from  the  same  source  cannot  occur  more  than  once  on  the  same  glide  plane,  plastic 
deformation  of  the  crystal  can  take  place  to  a  very  limited  extent  at  low  temperatures.  On  the  other 
hand,  once  thermal  activation  is  sufficient  to  from  the  trailing  partial,  repeated  dislocation 
multiplication  can  take  place  from  the  same  source  on  the  same  planes,  and  plastic  deformation  will 
proceed  by  the  glide  of  total  dislocations.  At  these  temperatures,  the  crystal  will  be  ductile  and 
large  strains  are  obtained  [12]. 

2H-GaN 

Fig.  3  shows  a  (a)  plan-view  and  (b)  cross-sectional  micrograph  of  the  as-grown  GaN 
specimen  (before  deformation).  As  shown  by  various  authors  (see,  e.g.,  [13,  14])  there  is  a  high 
density  of  threading  dislocations  in  such  films:  some  are  those  connected  to  misfit  dislocation 
segments,  and  some  generated  to  accommodate  the  tilt  and  twist  misorientation  of  neighboring 
domains  in  the  granular  structure  of  the  film.  The  plan-view  micrograph  in  Fig.  3(a),  with  the 
inserted  [0001]  SADP,  shows  the  typical  cell  structure  of  the  film  with  the  grain  boundary 
dislocations  defining  the  cell  boundaries.  They  are  mostly  aligned  along  the  <1120>  directions 
that  are  the  Peierls  valleys  in  non-cubic  tetrahedrally-coordinated  crystals.  The  cross-sectional 
micrograph  in  Fig.3(b)  shows  that  the  thickness  of  the  GaN  film  deposited  on  the  (0001)  sapphire 

substrate  is  approximately  2  im.  The  dislocations  in  this  micrograph  are  mostly  parallel  to  the  c- 
axis,  i.e.,  to  the  growth  direction.  Standard  g .  b=0  invisibility  criterion  shows  that  most  of  the 

dislocations  are  a-type  edge  dislocations  with  a  Burgers  vector  parallel  to  the  [1120]  direction. 
The  SADP  obtained  from  an  aperture  covering  both  the  2H-GaN  and  the  sapphire  substrate  shows 
the  orientation  relationship  to  be  [1 1  20]GaN//[  llOO  ]sap,  ( ll00)GaN//(l  1 20)sap. 


Fig.  3.  (a)  plan-view  and  (b)  cross-sectional  micrograp.  '  of  the  as-grown  2H-Gais 


Fig.  4  shows  micrographs  taken  under  different  reflections  from  the  same  region  of  a 
specimen  indented  at  450  °C.  From  these,  and  micrographs  taken  under  other  reflections,  the 
Burgers  vectors  of  dislocations  were  determined.  Practically  all  the  dislocations  appear  under 
reflections  of  the  type  g=  1 120  shown  in  Fig.  4(a).  In  this  micrograph,  the  short  segments  are 
projections  of  threading  dislocations  (lying  along  the  c-axis)  in  the  film,  while  the  dislocations 
denoted  by  symbols  A  and  B,  aligned  along  the  <11 20>  directions,  are  newly-generated 
(presumably  by  indentation)  dislocations  that  are  parallel  to  the  (0001)  plane  of  die  film. 
Dislocations  denoted  by  A  are  in  contrast  when  imaged  with  reflections  of  the  type  g=  1100  (Fig. 
4(b)),  while  they  are  out  of  contrast  when  imaged  with  reflections  of  the  type  g=l010  (Fig.  4(c)). 
On  the  other  hand,  dislocations  denoted  by  B  are  out  of  contrast  when  imaged  with  reflections  of 
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the  type  g=1100  (Fig.  4(b))  and  are  in  contrast  with  reflections  of  the  type  g=l010  (Fig.  4(c)). 
These  and  other  micrographs  indicate  that  dislocations  A  and  B  have  Burgers  vectors  parallel  to 
[1120]  and  [1210]  directions,  respectively.  Since,  the  line  directions  of  dislocations  A  and  B  are 
parallel  to  their  Burgers  vectors,  it  is  concluded  that  all  the  indentation-induced  dislocations  have  a 
perfect  screw  character. 


Fig.  4.  TEM  micrograph  of  a  2H-GaN  indented  at  450  °C;  imaged  by  reflection  (a)  g=  1 120,  (b) 
g=  1100  and  (c)  g=1010 


Since  two  different  polytypes  (2H  and  3C)  have  often  been  observed  in  GaN,  it  would  be 
expected  that  this  material  has  a  relatively  low  stacking  fault  energy  and,  consequently,  that,  as  in 
4H-SiC,  all  the  basal  dislocations  in  the  GaN  film  would  be  dissociated  into  two  partials.  Indeed, 
recent  weak-beam  TEM  of  GaN  powder  deformed  by  pulverization  shows  that  basal  dislocations 
in  this  material  are  dissociated  into  two  partials  with  a  width  of  3-8  nm,  corresponding  to  a 
stacking  fault  energy  of  ~20  mJ/rn  [15].  However,  this  is  not  the  case  in  the  present  experiments; 
despite  many  attempts  using  the  weak  beam  technique  of  TEM,  no  evidence  of  dissociation  was 
found  for  any  of  the  dislocations  in  the  deformed  film  that  were  parallel  to  the  basal  plane.  An 
example  is  shown  in  Fig.  5  which  is  a  g/3g  weak-beam  micrograph  (with  g=  1 120)  from  a  GaN 
film  indented  at  300  °C;  all  the  dislocations  appear  as  single  lines  and  not  as  pairs. 

One  possibility  for  the  non-dissociation  of  basal  1/3<1120>  screw  dislocations  in  Fig.  4 
could  be  that  they  actually  lie  on  the  { 1100 }  prism  planes.  Unlike  the  basal  plane,  the  stacking 
fault  energy  on  the  prism  planes  is  quite  likely  very  high  and  the  perfect  dislocations,  if  dissociated 
at  all  on  these  planes,  would  have  a  small  dissociation  width  (less  than  the  resolution  of  the  weak 
beam  technique,  ~2.5  nm).  In  order  to  check  for  this,  extensive  tilting  experiments  were  carried 
out  in  the  microscope  and  the  changes  in  the  shapes  of  individual  kinked  dislocations  were  noted 
with  tilting.  Figure  6  shows  a  typical  example  observed  with  the  incident  beam  (a)  nearly  normal 
(tilted  by  ~5°)  to  the  basal  plane  and  (b)  after  tilting  the  foil  approximately  35°  away  from  position 
(a).  Care  was  taken  that  the  same  region  of  the  foil  was  imaged  during  the  tilt.  In  (a),  a  super¬ 
kink  pair  is  arrowed  on  an  otherwise  straight  dislocation.  In  Fig.  (b),  the  same  super-kink  pair  has 
widened  considerably  after  the  foil  has  been  tilted  by  -35°  about  the  <  1 120  >  axis.  This  clearly 
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indicates  that  the  dislocation  is  not  lying  on  the  basal  plane  (in  which  case,  the  super-kink  pair 
would  have  shrunk  with  the  tilt)  and  the  results  are  consistent  with  the  fact  that  it  lies  on  the  prism 
plane.  This  sort  of  experiment  was  performed  on  five?  kinked  dislocation  segments  lying  parallel 
to  the  basal  plane  and,  in  all  cases,  the  dislocations  were  found  to  lie  on  one  of  the  three  { llOO  } 
prism  planes. 


Fig.  5.  Weak-beam  TEM  micrograph  of  the  2H-GaN  deformed  at  300  °C  using  reflection 
g=  1 120  close  to  the  [0001]  zone  axis 

Two  possibilities  may  account  for  these  unexpected  results.  Under  the  complex  stress  field  of 
the  indentation,  the  1/3<1120>  screw  dislocations  may  have  nucleated  on  (0001)  basal  planes, 
where  they  would  be  dissociated;  subsequently,  they  could  have  cross-slipped  onto  the  prism 
planes  by  the  Friedel-Escaig  mechanism.  More  likely,  however,  the  deformation-induced 
dislocations  were  probably  nucleated  on  the  prism  planes  from  the  sample  surface  because  of  large 
shear  stresses  on  these  planes  induced  by  the  indentation. 

CONCLUSIONS 

The  deformation-induced  dislocations  in  4H-SiC  are  all  basal  dislocations  and  are  divided  into 
two  types.  For  deformations  performed  above  ~1100°C,  the  dislocations  are  predominantly 
dissociated  perfect  dislocations,  while  in  crystals  deformed  below  ~1100°C,  the  dislocations  are 
predominantly  single  leading  partials  without  their  corresponding  trailing  partials.  From  the  width 
of  the  dissociated  dislocations,  the  stacking  fault  energy  of  4H-SiC  has  been  estimated  to  be 

14.7±2.5  mJ/m2. 

In  the  GaN  film,  Vickers  indentation  produced  a  dense  array  of  dislocations  on  the  { llOO  } 
prism  planes;  these  dislocations  lie  along  the  three  <1120>  Peierls  valleys  on  these  planes.  Most 
of  these  dislocations  were  found  to  have  a  screw  character  and,  because  of  the  high  stacking  fault 
energy  on  the  prism  planes,  they  were  not  dissociated. 
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Ca  DOPANT  SITE  WITHIN  ION  IMPLANTED  GaN  LATTICE 


H.  Kobayashi*  and  W.  M.  Gibson 

Department  of  Physics,  the  University  at  Albany,  SUNY,  Albany,  NY  12222,  USA 


ABSTRACT 

We  have  investigated  the  Ca  dopant  site  within  the  GaN  lattice  using  ion  channeling  in 
combination  with  Rutherford  backscattering  spectrometry  (RBS),  particle  induced  x  ray  emission 
(PIXE)  and  nuclear  reaction  analysis  (NRA).  Metalorganic  chemical  vapor  deposition  (MOCVD) 
grown  GaN  on  c-plane  sapphire  substrates  implanted  with  40Ca  at  a  dose  of  lxlO15  cm-2  with 
post-implant  annealing  were  investigated.  The  channeling  results  indicate  that  more  than  80  %  of 
Ca  are  near  Ga  sites  even  in  as-implanted  samples,  however,  they  are  displaced  by  -  0.2  A  from 
the  Ga  sites  and  that  the  Ca  goes  to  the  exact  Ga  sites  after  annealing  at  1 100°C.  We  think  that  the 
displaced  Ca  in  the  as-implanted  samples  are  electrically  compensated  due  to  formation  of  complex 
defects  with  donor  like  point  defects,  such  as  Caoa-VN  and/or  Caca-GaN,  and  that  Caoa  becomes 
electrically  active  when  these  complex  defects  are  broken  and  the  point  defects  diffuse  away  with 
annealing  at  1 100°C. 


INTRODUCTION 

GaN  has  attracted  great  interest  not  only  for  the  fabrication  of  blue  light  emitting  lasers  but  also 
for  high  power  and  high  temperature  devices  because  of  its  outstanding  thermal  and  chemical 
stability  [1,2].  It  has  been  reported  that  Ca  implanted  GaN  becomes  p-type  from  n-type  with 
post-implant  annealing  at  ~1 100°C.  The  ionization  level  of  Ca  was  estimated  to  be  -170  mV, 
which  is  as  shallow  as  that  of  Mg  [3].  Since  Ca  can  be  a  p-type  carrier  without  any  co¬ 
implantation  while  Mg  implantation  requires  P  co-implantation  to  achieve  p-type  conductivity  [4], 
Ca  is  expected  to  be  a  desirable  p-type  dopant.  Ion  implant  damage  and  removal  by  annealing 
have  been  studied  as  a  function  of  implantation  dose  and  annealing  temperature  [5,  6].  However, 
most  of  these  works  concerned  only  electrical  and  optical  properties  or  crystalline  quality  of  the 
GaN  itself,  no  work  on  structural  information  on  impurity  lattice  location  has  been  reported  other 
than  Si  implanted  GaN  [7]. 

We  have  studied  directly  the  lattice  location  of  Ca  implanted  GaN  using  ion  channeling 
combined  with  Rutherford  backscattering  spectrometry  (RBS),  particle  induced  x  ray  emission 
(PIXE)  and  nuclear  reaction  analysis  (NRA)  for  Ga,  Ca  and  N  detection,  respectively.  We 
estimated  the  substitutionality  of  Ca  in  the  GaN  lattice  from  minimum  channeling  yield  and  studied 
whether  the  Ca  is  in  Ga  or  N  sites  by  comparing  channeling  angular  distributions  of  Ca,  Ga  and 
N.  We  will  also  discuss  displacements  of  Ca  from  lattice  sites.  In  this  paper,  we  will  demonstrate 
the  lattice  location  of  Ca.  We  will  also  discuss  the  mechanism  of  p-type  conductivity  of  Ca 
implanted  GaN  with  post-implant  annealing. 


EXPERIMENTAL 


2  pm-thick  GaN  layers  were  grown  on  c-plane  sapphire  substrates  by  metalorganic  chemical 
vapor  deposition  (MOCVD)  at  990°C  with  a  25  nm-thick  GaN  buffer  layer  grown  at  520°C.  ^Ca 
ions  were  implanted  into  the  undoped  GaN  layer  at  a  dose  of  lxlO15  cm*2  at  an  energy  of  200  keV. 
The  implantation  was  performed  at  liquid  nitrogen  temperature.  The  maximum  40Ca  concentration 
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and  projected  range  were  estimated  to  be  9xl019  cnr3  and  1 10  nm,  respectively,  by  TRIM 
calculations  [8].  After  ion  implantation,  the  samples  were  annealed  at  1 100°C  for  10  minutes  with 
ramp-up  and  ramp-down  times  of  10  minutes  each.  The  annealing  was  performed  in  flowing  dry 
N2  gas  ambient  (500  cc/min)  using  a  conventional  tube  furnace  made  of  quartz  capable  of  operation 
up  to  1200°C.  The  tube  furnace  was  maintained  at  constant  temperature,  and  ramp-up  and  ramp- 
down  rates  were  controlled  by  inserting  or  removing  the  samples.  Before  annealing,  samples  were 
held  at  300°C  for  1  hour  to  eliminate  water  on  the  samples  to  avoid  oxidation  of  the  surfaces. 

Ion  beam  analysis  was  performed  using  a  4  MV  dynamitron  accelerator  at  the  University  at 
Albany,  SUNY.  A  3  MeV  He  beam  was  used  to  obtain  channeling  yields  of  Ga  and  Ca  by  RBS 
and  PIXE,  respectively,  and  a  3.2  MeV  proton  beam  was  used  for  N  detection  by  NRA.  Nuclear 
resonant  elastic  scattering,  14N  (p,  p)  14N  was  used  for  N  detection.  A  Si  surface  barrier  detector 
(50  mm2,  FWHM  =  14  keV)  was  placed  at  171°  from  the  beam  direction  for  the  RBS 
measurements.  Figure  1  shows  typical  RBS  energy  spectra.  The  Ga  signal  window  was  set  as 
shown  in  Fig.  1 ,  to  correspond  to  the  Ca  implanted  depth  region.  A  minimum  channeling  yield 
(Xmin)  of  1 .4  %  for  the  unimplanted  GaN  indicates  the  excellent  crystalline  quality  of  the  GaN 
film.  The  Xmin  of  as-implanted  samples  and  the  annealed  sample  at  1 100°C  were  4.4  %  and  1.9 
%,  respectively.  This  shows  that  the  implant  damage  is  considerably  reduced  by  post  implant 
annealing.  However,  the  recovery  is  not  perfect,  suggesting  that  the  optimum  annealing 
temperature  may  be  higher  than  1 100°C.  Alternatively  there  may  be  some  residual  strain  or 
dislocation  defects  in  the  implanted  layer.  Electrical  measurements  have  shown  that  Ca  dopant 
activation  can  be  achieved  at  1 100°C.  Samples  annealed  at  1 150°C  showed  poor  crystalline 
quality  due  to  surface  decomposition,  so  channeling  angular  scans  were  not  done.  To  prevent 
such  surface  decomposition,  either  high  N2  pressure  or  an  AIN  encapsulation  layer  is  necessary 
[93- 

To  investigate  the  implanted  Ca  lattice  location,  PIXE  signals  were  measured  by  using  a  Si(Li) 
detector  with  a  4  pm-thick  prolene  window  (20  mm2,  FWHM  =160  eV)  that  was  placed  at  135°. 
Figure  2  shows  typical  PIXE  spectra.  We  placed  8  pm-thick  aluminized  mylar  in  front  of  the 
PIXE  detector  in  order  to  reduce  the  intensity  of  the  Ga  L  signal.  The  Ga  L  signal  was  reduced  by 
a  factor  of  35  while  more  than  95%  of  the  Ca  K  signal  remained.  This  aluminized  mylar  was  also 
useful  to  shield  light  from  GaN  luminescence  produced  by  the  ion  bombardment. 


Energy  (MeV) 


Fig.  1  RBS  spectra  for  random  and  <000 1>  aligned  GaN  of  as-implanted 
(lxlO15  cm'2),  annealed  (1 100°C)  and  unimplanted  samples. 
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Fig.  2  PIXE  spectra  of  the  annealed  sample. 


Fig.  3  NRA  spectra  of  the  annealed  sample. 


Thus  we  minimized  the  dead  time  of  the  PIXE  detector.  In  off-line  data  analysis,  we  obtained  the 
Ca  yield  by  curve  fitting  which  took  into  account  the  Gaussian  shaped  Ca  K  signal  and  quadratic 
bremstrulung  background.  The  same  detector  as  used  for  the  RBS  measurement  was  used  for  N 
detection  by  NRA.  The  14N  (p,  p)  14N  reaction  has  a  narrow  resonance  at  3.2  MeV  with  a 
resonance  width  of  20  keV.  The  reaction  cross  section  is  35  times  larger  than  that  of  RBS  at  this 
energy  [10].  Figure  3  shows  a  typical  NRA  spectrum.  A  sharp  peak  due  to  the  nuclear  reaction 
can  be  seen.  Since  the  resonance  width  corresponds  to  a  depth  width  of  300  nm  in  GaN,  we 
obtained  the  N  signal  only  from  the  region  where  Ca  was  implanted,  and  could  thus  eliminate 
dechanneling  contributions  from  deeper  layers.  To  obtain  the  N  yield  precisely,  we  measured 
spectra  at  just  below  the  resonance  energy  (off-resonance)  to  obtain  the  amount  of  continuum 
background  under  the  resonance  signal  and  subtracted  the  background  from  on-resonance  spectra. 

The  samples  were  mounted  on  a  two-axis  goniometer  and  channeling  angular  distributions  for 
Ca  and  Ga  were  obtained  simultaneously.  The  channeling  angular  distributions  of  N  were 
obtained  in  the  same  way.  A  total  beam  dose  of  5  ~  10  (iC  for  each  RBS,  PIXE  spectrum  and  1 
fiC  for  the  NRA  spectrum  was  accumulated  in  a  single  angular  scan.  The  beam  spot  size  was  1.5 
mm  x  1.5  mm  with  divergence  less  than  1  mrad  (0.06°). 


RESULTS  AND  DISCUSSION 

Channeling  angular  scans  were  performed  in  <0001>  and  <  lOl  1  >  axial  directions.  Tilts 
through  <000 1>  and  <  10 1 1  >  axes  were  made  at  angles  of  10°  and  26°,  respectively,  with 
respect  to  the  {1120}  plane  to  eliminate  contribution  of  planer  channeling  at  large  tilt  angles. 

Thus,  we  obtained  good  reproducibility  of  channeling  distributions.  Figure  4  shows  the 
channeling  angular  distributions  of  an  as-implanted  sample.  Channeling  yields  were  normalized  to 
the  random  yield  which  was  obtained  for  each  angular  scan.  The  angular  distributions  of  Ca  have 
large  dips  even  in  the  as-implanted  sample  in  both  the  <000 1>  and  the  <  10 1 1  >  directions  as 
shown  in  Fig.  4.  Table  I  summarizes  Xmin  of  the  as-implanted  and  the  annealed  samples.  The 
fraction  of  impurity  in  substitutional  site  (fsub)  can  be  obtained  by  the  following  equation  [11]. 

f  (impurity) 

8Ub  l-^n(h0St) 
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We  obtained  fsub  of  0.86,  0.85  for  the  <0001>,  <  10 1 1  >  ,  respectively.  The  fact  that  a  large 
amount  of  Ca  is  already  substitutional  even  in  the  as-implanted  sample,  suggests  that  dynamic 
annealing  takes  place  effectively  in  GaN  even  for  low  temperature  ion  implantations  [5,  12]. 

Figure  5  shows  the  channeling  angular  distribution  of  the  annealed  sample  at  1 100°C.  The 
calculated  fsub's  are  0.82, 0.83  for  the  <000 1>,  <  10 1 1  >  ,  respectively,  indicating  that 
substitutionality  of  Ca  in  the  annealed  sample  is  almost  same  as  that  in  die  as-implanted  sample. 

The  half  angle  of  channeling  dip  can  be  expressed  by  the  following  equation  [11], 


where  Z\  is  the  atomic  number  of  incident  atom,  Z2  is  the  average  number  of  the  constituent  atoms 
in  the  row  and  E  is  energy  of  incident  atom.  Since  the  <  10 1 1  >  atomic  row  of  GaN  consists  of 
pure  Ga  and  pure  N  rows,  the  half  angle  of  Ga  and  N  in  the  <  10 1 1  >  are  different.  Therefore,  it 
is  possible  to  determine  whether  the  Ca  is  in  Ga  or  N  sites  by  comparing  half  angles  of  Ca,  Ga 
and  N  in  the  <  10 1 1  >  direction.  Table  II  shows  a  summary  of  \|/i/2  values.  The  \j/i/2's  were 
obtained  from  curve  fitting  procedures  using  a  three-dimensional  spline  function.  The  accuracy  of 
the  half  width  measurement  was  estimated  to  be  0.06°  based  on  reproducibility.  We  corrected  the 
\j/ 1/2's  of  N  obtained  with  3.2  MeV  protons  to  correspond  to  a  3  MeV  incident  He  beam  using  the 
above  equation  so  as  that  we  can  compare  \|/i/2's.  For  the  annealed  sample,  the  \|/i/2  of  Ca  in  the 
<  lOl  1  >  (0.49°)  is  almost  the  same  as  that  of  Ga  (0.51°)  and  different  from  that  of  N  (0.19°). 
Therefore,  we  conclude  that  most  of  the  substitutional  Ca  is  in  the  Ga  site  in  the  annealed  sample. 


Fig.  4  Channeling  angular  distribution  of  the  as-implanted  sample  along  (a)  the  <000 1>  and 
(b)  the  <  10 1 1  >  axial  direction. 


Fig.  5  Channeling  angular  distribution  of  the  annealed  sample  at  1 100°C  along  (a)  the 
<0001>  and  (b)  the  <  lOl  1  >  axial  direction. 
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Table  I.  Summary  of  minimum  channeling  yield,  Xmin- 


as-implanted 

annealed 

Element 

<0001> 

<101 1> 

<0001> 

<10'll> 

Ca 

0.18 

0.34 

0.20 

0.25 

Ga 

0.04 

0.22 

0.02 

0.10 

N 

0.08 

0.66 

0.02 

0.34 

Table  II.  Summary  of  half  angle  of  channeling  dip,  ^f\a  (degree).  Corresponding 
values  to  3  MeV  He  incident  beam  are  shown  in  parentheses  for  N. 


as-implanted 

annealed 

Element 

<0001> 

<10ll> 

<0001> 

<10ll> 

Ca 

0.47 

0.31 

0.68 

0.49 

Ga 

0.61 

0.50 

0.67 

0.51 

N 

0.49  (0.72) 

0.10(0.15) 

0.50  (0.73) 

0.13(0.19) 

On  the  other  hand,  for  the  as-jmplanted  sample,  the  \|/i/2's  of  Ca  are  narrower  than  those  of  Ga 
in  both  the  <0001>  and  the  <  10 1 1  >  directions.  This  suggests  that  Ca  is  slightly  displaced  from 
the  Ga  sites  in  the  as-implanted  sample.  The  \|/i/2  in  the  <  10 1 1  >  direction  would  also  be 
narrowed  if  some  fraction  of  the  Ca  is  in  the  N  site.  However,  the  \j/j/2  in  the  <000 1>  direction 
would  not  be  narrowed.  Since _our  data  show  that  the  \j/]/2  in  the  <0001  >  direction  is  also 
narrowed  similarly  to  the  <  10 1 1  >  direction,  we  conclude  that  Ca  atoms  sit  near  the  Ga  sites  but 
are  slightly  displaced.  The  projected  displacement  of  impurity  atoms  from  the  host  atoms  (rx)  is 
related  to  the  \|/i/2's  by  the  following  equation  [11]. 

Vm  (impurity)  {ln[(Co/rr)2 +l]}1,; 

^„2(host)  \\n{(Calpf  + 1] }' ,2 

C  is  a  constant  of  magnitude  ~1 .73,  a  is  a  screening  distance  and  p  is  thermal  vibration 
amplitude.  For  GaN,  a  is  ~  015  A,  p  ~  0.10  A  [13].  We  obtained  rx  ~  0.17  +  0.05  A  in  the 
<000 1>  and  ~  0.24  ±  0.05  A  in  the  <  10 1 1  >  directions,  respectively,  using  the  measured  \|/i/2*s 
of  Ca  and  Ga  for  the  as-implanted  sample.  This  equation  assumes  an  ordered  lattice.  We 
measured  yi/2's  of  an  unimplanted  GaN  sample  and  found  that  the  yi/2's  of  the  unimplanted 
sample  and  that  of  the  as-implanted  sample  are  consistent  within  error  (0.06°).  Therefore, 
contribution  of  the  disorder  in  the  as-implanted  sample  to  the  calculation  is  not  serious. 

From  our  results  and  electrical  properties  reported  previously  [3],  in  which  Ca  implanted  GaN 
becomes  p-type  from  n-type  at  an  annealing  temperature  of  1 100°C,  we  suggest  the  mechanism  of 
electrical  conductivity  of  Ca  implanted  GaN  as  follows: 

(i)  Ca  is  compensated  electrically  in  the  as-implanted  GaN  due  to  formation  of  complex  defects 
with  implantation  induced  donor  like  point  defects,  such  as  nitrogen  vacancy  (Vn)  and/or 
antisite  Ga  (Gan),  resulting  in  a  complex  in  which  Ca  atoms  are  slightly  displaced  from  exact 
Ga  sites.  GaN  remains  n-type  due  to  residual  donor  like  point  defects. 
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(ii)  After  annealing  at  1 100°C,  these  complex  defects  are  broken  and  donor  like  point  defects  are 
annihilated  or  diffuse  away.  After  annealing,  substitutional  Caca  works  effectively  as  an 
acceptor,  and  GaN  becomes  p-type. 


CONCLUSION 

We  have  demonstrated  the  lattice  location  of  Ca  in  ion  implanted  GaN  with  post-implant 
annealing  using  ion  channeling.  More  than  80  %  of  Ca  are  near  the  Ga  sites  even  in  the  as- 
implanted  sample,  however,  they  are  slightly  displaced  from  the  Ga  sites.  Ca  goes  to  the  exact  Ga 
sites  after  annealing  at  1 100°C.  We  think  that  Ca  is  electrically  compensated  due  to  formation  of 
complex  defects  with  donor  like  point  defects,  such  as  Caoa-VN  and/or  Caoa-GaN  in  the  as- 
implanted  sample.  Caca  becomes  electrically  active  when  these  complex  defects  are  broken  and 
the  point  defects  diffuse  away  with  annealing  at  1 100°C. 
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GROWTH  AND  CHARACTERIZATION  OF  InGaN/GaN 
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Structural  and  optical  properties  of  In^Ga^gN/GaN  heterostructures  grown  by 
plasma-assisted  molecular  beam  epitaxy  have  been  investigated  as  a  function  of  rf 
plasma  power.  Indium  incorporation  resulted  in  the  higher  rf  power  level  suppressing 
3D  island  growth  with  reduced  introduction  of  defects  in  In^Gao  8N  in  comparison  with 
GaN.  Sharp  morphology  at  interfaces  and  strong  transitions  in  photoluminescence 
reveal  the  optimum  rf  power  around  400  W  in  our  experimental  set  up  for  the  growth  of 
InojGaogN/GaN  heterostructures.  Our  experimental  observations  suggest  that  the 
presence  of  indium  on  surface  modulates  the  rate  of  plasma  stimulated  desorption  and 
diffusion,  and  reduces  the  formation  of  damaged  subsurface. 

INTRODUCTION 

Recently,  lots  of  achievements  have  been  accomplished  in  the  field  of  GaN- 
based  nitride  semiconductors  by  remarkable  breakthroughs  in  epitaxial  growth 
technology  [1],  Plasma  assisted  molecular  beam  epitaxy  (PAMBE)  has  demonstrated 
useful  results  along  with  its  advantageous  features  such  as  low  temperature  processes 
and  atomic  layer  growth.  However,  the  development  of  GaN-based  epilayers  using 
PAMBE  has  been  hindered  by  uncertainty  about  the  effect  of  the  plasma  parameters  on 
film  quality  and  inadequate  control  of  the  energetic  species  in  the  nitrogen  plasma. 
Meanwhile,  the  application  of  very  low  energy  ion  beams  of  a  few  tens  of  eV  have 
focused  on  the  modulation  of  surface  reaction  kinetics,  strain  relaxation,  and  island 
formation  [2,3].  Despite  the  relevant  role  of  plasma  parameters,  relatively  few  articles 
have  focused  on  the  study  of  plasma  parameters  in  GaN  epilayers  using  PAMBE  [4,5]. 
A  fundamental  understanding  of  the  interactions  of  energetic  particles  with  the  surface 
of  GaN-based  epi  layers  would  enable  the  tradeoff  between  damage  production  and 
surface  enhancement. 

The  objective  of  this  study  is  to  understand  the  effect  of  the  rf  power  on  the 
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growth  of  GaN-based  epilayers  by  exploring  correlations  between  the  structural/optical 
properties  and  the  rf  plasma  power.  Our  experimental  results  on  In^GaogN/GaN 
superlattice  (SL)  structures  provide  a  framework  for  understanding  the  complicated  role 
of  plasma  parameters  on  the  growth  of  GaN-based  heterostructures. 

EXPERIMENT 

GaN-based  heterostructures  were  grown  using  PAMBE  equipped  with  an 
inductively  coupled  rf  plasma  source  (SVT  Associates)  [6].  After  the  conventional 
solvent  cleaning  and  etching  processes,  20-nm-thick  AIN  buffer  layers  were  grown  on 
sapphire  (0001)  at  500°C.  Then  GaN  epilayers  were  grown  at  720°C  and  followed  by 
the  growth  of  ten  periods  of  In0  2GaO  8N/GaN(25/50A)  at  670°C.  The  thickness  of  InGaN 
was  designed  to  be  smaller  than  the  critical  thickness,  7.6  nm,  estimated  from  a 
Matthew  and  Blakeslee  model.  The  growth  chamber  maintained  7x1  O'5  torr  for  whole 
growth  process.  Langmuir  probe  technique  was  employed  to  analyze  the  distribution  of 
energy  and  flux  of  nitrogen  ions.  The  surface  structure  of  epilayer  was  monitored  by  in- 
situ  reflection  of  high-energy  diffraction  (RHEED)  and  the  quality  of  obtained  epilayers 
was  characterized  by  atomic  force  microscopy  (AFM),  cross-sectional  transmission 
electron  microscopy  (XTEM),  and  low-temperature  photoluminescence  (PL). 


Fig.  1.  Growth  rate  and  roughness  data  plotted  as  a  function  of  rf  input  powers 
for  GaN,  open  circles,  and  In^Ga^N,  closed  circles. 
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RESULTS  AND  DISCUSSION 

Fig.  1  represents  the  changes  in  both  growth  rate  and  root  mean  square  (rms) 
roughness  as  a  function  of  the  input  rf  power  of  PAMBE.  A  typical,  panoramic  feature 
of  PAMBE  is  well  identified  from  the  data  in  the  figure  1 .  The  decrease  in  growth  rate 
at  high  rf  power  indicates  that  the  flux  of  reactive  nitrogen  is  sufficient  at  around  300  W. 
The  surface  roughness  shows  a  significant  decrease  at  low  rf  power  regime  and 
decreases  monotonously  at  high  rf  power  regime  above  300  W.  The  changes  in  rms 
roughness  revealed  the  evolution  of  surface  morphology,  corresponding  to  in-situ 
RHEED  observation.  However,  Two  distinctive  features  are  noticeable  in  the  InGaN 
growth:  its  growth  rate  saturates  to  145  nm/hr  at  high  rf  power  and  its  roughness  is 
roughly  two  folds  of  GaN  at  low  rf  power  around  200W.  The  origins  causing  such 
differences  are  discussed  below  in  detail. 


Wavelength  (nm) 


Fig.  2.  LT-PL  spectra  measured  at  13  K  from  InGaN/GaN  superlattice 
samples  grown  with  the  rf  input  powers  of  200,  300, 400,  and  500  W. 

In  an  effort  to  investigate  the  effect  of  rf  power  on  optical  properties, 
Ino  jGao  gN  /GaN  SLs  were  prepared  using  different  rf  powers  of  200,  300,  400,  and  500 
W.  Shown  Fig.  2  represents  PL  spectra  for  the  In^Ga^gN/GaN  samples,  where  the 
inset  is  a  plot  of  energy  and  intensity  of  InGaN  peaks.  The  spectrum  c  reveals  optical 
properties  much  better  than  the  others  in  terms  of  high  emission  efficiency  and  the  peak 
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position,  2.8  eV,  of  InGaN  quantum  wells  corresponding  to  the  energy  levels  of 
electrons  and  holes.  The  strong  PL  emission  spectra  were  observed  at  around  300W  for 
GaN  [6].  Sharp  and  strong  XRD  peaks  were  observed  from  highly  crystalline  GaN 
epilayers  grown  with  300-400  W.  The  increased  energy  and  flux  of  nitrogen  ions  led 
to  a  preferred  orientation  structure  and  that  the  2D  planar  growth  enhanced  at  high  rf 
power.  The  optimum  rf  power  looks  increased  by  -100  W  in  InGaN. 

Shown  Figs  3  (a)  and  (b)  are  XTEM  images  taken  from  the  sample  grown  with 
400  W.  Many  angled-dislocations,  noted  as  D,  originate  from  threading  dislocations  at 
interfaces  and  facets  of  pyramid  shape.  We  observed  that  threading  dislocations  with  a 
Burger's  vector  of  g=<ll-20>/3  exist  as  much  as  10"  cm'2  at  near  to  the  interface,  and 
that  the  dislocation  density  was  tremendously  decreased  to  ~7xl  08  cm’2  at  0.4-1  Jim. 

The  lattice  constants  of  GaN  were  measured  to  be  very  close  to  that  of  bulk 
GaN,  c=5.183  A.  The  lattice  constant  of  In^Ga^N  is  under  the  compressive  strain  of 
1 .5%,  although  the  original  strain  2%  between  1%  2Gao  8N  and  GaN.  According  to  TEM 
observations,  dislocations  were  not  newly  generated  at  the  interface  of  InGaN  and  GaN. 
This  confirms  that  the  relaxation  in  InGaN  occurred  partially  in  the  limit  of  elastic 
deformation. 


Fig.  3.  (a)  XTEM  [11-20]  images  of  InGaN/GaN  SLs  grown  on  sapphire 
substrates  and  (b)  HR-XTEM  image  of  the  rectangle  in  (a).  The  micrographs  were  taken 
with  g=0002  along  [11-20]  zone  axis  of  hexagonal  GaN.  HR-XTEM  image  in  (b)  shows 
the  sharp  interface  of  InGaN/GaN  with  on  dislocations  newly  generated  due  to  the 
relaxation  of  lattice  mismatch  stress.  The  inset  in  (a)  is  the  TED  pattern  showing  spots 
from  the  sapphire  substrate  and  the  GaN  epilayer. 
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Among  various  process  regimes  of  ion  bombardments,  distinguished  as  a 
function  of  ion  energy  and  ion/atom  flux  ratio,  the  operational  conditions  of  PAMBE  is 
located  at  a  boundary  dividing  surface  desorption  and  on-effect  [7,8].  The  previous  data 
involving  energetic  particles  often  reveal  discrepancies,  which  are  particularly  subject  to 
the  substrate  materials,  reactive  particles,  and  plasma  parameters  affecting  the  energy 
and  flux  of  ions.  The  enhanced  diffusion  of  indium  atoms  on  InGaN  surface  looks 
predominant  at  low  rf  power  operation  and  resulted  in  very  rough  surface  as  shown  in 
Fig.l.  Therefore,  the  change  caused  by  indium  incorporation  is  attributed  to  the  high 
surface  diffusion  and  the  large  mass  of  indium. 

The  role  of  energetic  particles  in  PAMBE  can  be  understood  by  analyzing  the 
changes  in  growth  mode,  which  appears  at  the  initial  stage  of  thin  film  growth.  The  2D- 
to-3D  transition  is  unavoidable  for  the  growth  of  heterostractures  with  large  lattice 
mismatch  between  adjacent  layers.  The  effects  of  ion-induced  displacement  on  the 
nucleation  rate  can  be  estimated  by  adding  a  term  for  the  breakup  of  the  critical  size 
nuclei.  The  forward  reaction  of  nucleation  which  occurs  by  the  direct  impingement  of 
Ga  and  the  diffusion  of  single  adatoms  to  critical-sized  clusters  is  rate  limited  by 
thermal  and  plasma-stimulated  desorption.  Thus,  the  3D  nucleation  depends  mostly  on 
the  energy  and  flux  of  energetic  particles  at  a  certain  temperature. 

The  optical  properties  of  epilayers  would  be  more  likely  depending  on  the  ion 
energy.  The  displacement  energy  of  bulk  atoms  is  usually  approximated  as  three  times 
of  the  cohesive  energy.  By  employing  critical  energies  for  the  displacement  of  atoms  at 
subsurface,  the  threshold  energy  of  particles  for  defect  formation  at  the  subsurface  are 
approximated  as  16.5,  15,  and  17  eV  for  AIN,  GaN  and  InN,  respectively  [8]. 
Considering  the  Boltzman  distribution  with  a  dispersion  of  ~5  eV,  the  average  ion 
energy  less  than  ~14  eV  looks  safe  for  the  growth  of  InN  films  without  collision- 
induced  defects.  The  rf  powers  ejecting  ions  with  an  average  energy  of  15  eV  are  300 
and  400  W  for  1  and  2  seem  nitrogen  gas  flow,  respectively.  Consequently,  the  strong 
PL  emission  in  Fig.  2  could  be  achieved  from  the  InGaN/GaN  grown  with  400W.  By 
raising  the  rf  power  from  400  W  to  500  W,  the  plasma  source  becomes  to  supply  ions 
with  the  energy  ~21  eV  and  the  flux  increased  by  30  %.  The  catastrophic  degradation  of 
the  spectrum  d  in  Fig.  2  presents  that  the  plasma  rf  power  must  be  controlled  below  500 
W. 

The  defects  produced  by  ion  bombardment  may  be  annihilated  at  a  higher 
temperature.  However,  the  substrate  temperature  must  be  controlled  below  a  certain 
limit  to  prevent  surface  decomposition.  Nevertheless,  our  observations  suggest  that  the 
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energetic  particles  ejecting  from  a  plasma  source  need  to  be  removed  completely  or 
controlled  properly  for  a  specific  application  like  the  manipulation  of  surface 
roughening  accompanied  by  stress  relaxation. 

CONCLUSIONS 

From  correlations  between  rf  plasma  power  and  the  evolution  of  structural  and 
optical  properties  of  In(UGa0.gN/GaN  SLs,  the  incorporation  of  indium  was  observed  to 
reduce  the  formation  of  damages,  and  correspondingly  lead  to  enhance  band-to-band 
optical  transitions.  It  was  important  to  control  the  rf  power  level  below  400  W  in  order 
to  suppress  surface  roughening  without  introducing  defects  at  the  subsurface  of 
In^GaogN  epilayers.  The  experimental  results  associated  with  indium  incorporation 
could  be  explained  in  terms  of  the  inelastic  collision  of  energetic  particles,  stimulating 
kinetic  reaction  processes  at  surface  as  well  as  the  creation  of  defects  at  subsurface. 
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ABSTRACT 

Aluminum  nitride  (AIN)  and  gallium  nitride  (GaN)  thin  films  have  potential  uses  in  high 
temperature,  high  frequency  (e.g.  microwave)  acoustic  devices.  In  this  work,  the  piezoelectric 
coefficients  of  wurtzite  AIN  and  GaN/AIN  composite  film  grown  on  silicon  substrates  by 
molecular  beam  epitaxy  were  measured  by  a  Mach-Zehnder  type  heterodyne  interferometer.  The 
effects  of  the  substrate  on  the  measured  coefficients  are  discussed. 

INTRODUCTION 

Aluminum  nitride  (AIN)  and  gallium  nitride  (GaN)  are  III-V  nitrides  and  the  reported 
lattice  parameters  of  AIN  and  GaN  with  wurtzite  structure  are:  a  =  3.11  A,  c  =  4.98  A  for  AIN 
[1]  and  a  =  3.189  A,  c  =  5.185  A  for  GaN  [1].  AIN  and  GaN  have  wide  direct  bandgaps  of  6.2  [2] 
and  3.39  eV  [3],  repectively.  Both  of  them  have  potential  applications  in  devices  working  in  high 
temperature  and  hostile  environments  [4].  Many  different  growth  techniques  have  been  used  to 
prepare  AIN  and  GaN  films  and  molecular  beam  epitaxy  (MBE)  is  one  of  the  techniques  that  can 
produce  high-quality  epitaxial  AIN  and  GaN  films.  Due  to  its  superior  properties,  research  in  the 
physical  properties  and  applications  of  AIN  and  GaN  has  attracted  considerable  interest  [2]. 
However,  to  date  there  appears  to  be  limited  data  on  the  piezoelectric  coefficients  of  AIN  as  well 
as  GaN.  These  parameters  are  important  since  both  of  them  have  potential  use  in  microactuators, 
microwave  acoustic  and  other  microelectromechanical  (MEM)  devices  [5]. 

EXPERIMENT 

AIN  film  grown  by  MBE 

AIN  thin  films  were  grown  by  using  a  SVTA  BLT-N35  MBE  system.  The  nitrogen 
molecules  in  a  nitrogen  gas  stream  were  broken  into  atomic  nitrogen  by  a  SVTA  RF  plasma 
source  operating  at  13.56  MHz.  Aluminum  was  evaporated  by  the  K-cells.  The  atomic  nitrogen 
and  aluminum  react  to  form  AIN  on  a  (1 1 1)  silicon  substrate. 

The  silicon  substrate  was  cleaned  by  a  degreasing  process  and  etched  in  buffered  HF. 
After  the  substrate  had  been  transferred  into  the  deposition  chamber,  the  substrate  surface  was 
thermally  cleaned  at  940  °C  for  1  hour.  The  substrate  temperature  was  then  decreased  to  about 
600  °C  and  AIN  thin  film  started  to  grow.  The  final  thickness  of  the  AIN  film  was  about  450nm. 

Sample  geometry 

In  this  experiment,  two  samples  were  studied.  One  is  a  450nm  thick  AIN  thin  film  while 
the  other  is  a  composite  film,  comprising  a  140nm  thick  GaN  film  grown  on  a  30nm  thick  AIN 
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buffer  layer.  Both  of  the  films  were  grown  on  silicon  substrates  with  (111)  orientation.  Figures  1 
and  2  show  the  X-ray  diffraction  (XRD)  patterns  of  the  AIN  and  the  composite  film,  respectively. 
The  peak  at  35.9°  corresponds  to  the  (0002)  reflection  of  wurtzite  AIN  [6].  Another  peak  at  34.6° 
corresponds  to  the  (0002)  reflection  of  wurtzite  GaN  [7],  The  XRD  patterns  confirmed  that  the 
films  have  the  wurtzite  structure,  and  the  c  axis  is  oriented  along  the  normal  of  the  substrate. 
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g 
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Figure  1 :  The  XRD  pattern  of  the  AIN  film. 


Figure  2:  The  XRD  pattern  of  the  composite  film. 


Circular  dots  of  aluminum  of  diameter  1mm  were  thermally  evaporated  at  different 
positions  on  the  top  surface  of  the  films.  These  dots  act  as  top  electrodes  as  well  as  mirrors  to 
reflect  the  laser  beam  from  the  interferometer.  The  silicon  substrate  was  attached  to  an  aluminum 
block  (connected  to  ground)  fixed  on  a  translation  stage.  An  a.c.  electric  field  was  applied  across 
the  top  electrode  and  the  aluminum  block.  The  thickness  of  the  film  changes  due  to  the  converse 
piezoelectric  effect  and  the  small  displacement  was  measured  using  a  Mach-Zehnder  type 
heterodyne  interferometer. 


Measurement  of  </??  using  laser  interferometry 

Figure  3  shows  the  schematic  diagram  of  the  Mach-Zehnder  type  heterodyne 
interferometer  (SH-120  from  B.  M.  Industries,  France)  used  to  measure  the  displacement.  A 
linearly  polarized  laser  beam,  L  (frequency^;  wave  number  k=2n/X,  X  =  632.8  nm  for  a  He-Ne 
laser)  is  split  into  a  reference  beam,  R,  and  a  probe  beam,  P ,  by  a  beam  splitter  (BS).  R 
propagates  through  a  Dove  prism  and  a  polarizing  beam  splitter  (PBS)  into  a  photodiode.  The 
frequency  of  P  is  shifted  by  a  frequency  fg  (70  MHz)  in  a  Bragg  cell,  and  then  this  beam  (now 
labeled  S),  is  phase  modulated  by  the  surface  displacement  of  the  film  sample,  x  =  ucos(2-nfut)  , 
where  fu  is  the  vibration  frequency  and  u  is  the  displacement  amplitude.  For  small  u,  only  the 
sideband  at  fn  +fu  is  detected  and  its  amplitude  is 


Ji(4m/X)/J0(4nu/X)  ~2mi/X  =  u/1007  (1) 

where  J0  and  Jj  are  the  Bessel  function  of  the  zeroth  and  the  first  order,  respectively.  The  ratio  of 
amplitudes  of  the  zeroth  order  (centerband)  to  the  first  order  (sideband)  of  the  Bessel  function 
gives  the  absolute  displacement  of  the  sample  surface.  The  ratio,  R  ’=  Ji(47ru/X)/J0(4mi/X)  in 
dBm  can  be  measured  using  a  spectrum  analyzer  (HP3589).  Let  R-l(f^20,  the  vibration 
displacement  is  [8] 
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u=1007*R‘  (2) 

The  dsi  coefficient  (strain/applied  field)  of  the  film  samples  can  be  calculated  as  : 

d33’=  (u/t)/(V/t)  =  u/V  (3) 

where  t  is  the  thickness  of  the  sample  and  V  is  the  voltage  applied  across  the  film  sample.  V  was 
measured  using  an  oscilloscope  (Fig.  3)  with  a  50  Q  termination  connected  across  the  sample  so 
as  to  ensure  that  the  change  in  sample  impedance  with  frequency  does  not  cause  a  change  in  the 
voltage. 


Dove  Prism 


Figure  3:  A  Mach-Zehnder  type  heterodyne  interferometer. 

Sample  mounting 

When  measuring  vibration  displacement  using  an  interferometer,  it  is  important  to  mount 
the  sample  properly.  If  the  sample  is  not  rigidly  mounted  on  the  aluminum  block,  other  modes  of 
vibration  such  as  the  bending  mode  may  occur.  The  bending  mode  may  have  a  vibration 
amplitude  an  order  of  magnitude  larger  than  that  of  the  thickness  mode,  hence  a  large  error  will 
result  if  the  bending  mode  is  also  excited.  One  way  to  eliminate  the  bending  effect  is  to  reduce 
the  size  of  the  electrode  and  to  glue  the  substrate  to  a  rigid  holder  [9].  To  ensure  that  no  bending 
mode  was  present,  the  probe  beam  was  scanned  across  the  sample  surface.  As  mentioned  before, 
aluminum  dots  of  diameter  1mm  were  deposited  at  different  positions  on  the  top  surface  of  the 
sample.  Measurements  of  the  displacement  amplitudes  at  these  different  positions  gave 
essentially  the  same  results,  indicating  that  no  bending  mode  was  excited.  As  the  electrode 
diameter  was  1mm,  the  probe  beam  (about  100pm  diameter)  was  also  scanned  across  an  A1  dot 
to  test  whether  bending  vibration  was  excited  within  the  1mm  dot.  Again,  constant  vibration 
amplitudes  are  observed  indicating  that  the  dominant  vibration  is  the  thickness  mode  [10]. 

Substrate  Clamping  Effect 

The  constitutive  equation  for  a  piezoelectric  material  is  [1 1] 
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.,6 


k  - 1,...,3  (4) 


Si=SyTj+dkiEk 


where  5,  is  the  strain,  7}  is  the  stress,  sv  is  the  compliance,  4/  is  the  piezoelectric  coefficient  and 
Ek  is  the  applied  electric  field.  When  a  thin  piezoelectric  film  is  grown  on  a  thick  substrate,  the 
film  is  rigidly  attached  to  the  substrate  and  thus  cannot  vibrate  freely.  Hence,  the  measured 
coefficient  cannot  represent  the  true  value  for  the  film.  However,  it  is  possible  to  correct  for  the 
clamping  effect,  and  the  corrective  factor  depends  on  the  symmetry  and  the  orientation  of  the 
piezoelectric  layer  [12]. 

Since  the  film  is  clamped  by  a  substrate,  it  cannot  freely  expand  or  contract  in  the 
interface.  The  assumption  that  strain  Si,  S2  and  S6  are  equal  to  zero  holds  if  the  measurements  are 
carried  out  at  frequencies  below  the  resonance  frequencies  of  the  film.  If  the  top  surface  of  the 
film  is  assumed  to  be  free,  7j,  T4  and  Ts  are  zero  on  the  free  surface.  For  crystals  with  6mm 
symmetry  wurtzite  structure  [1 1],  it  is  found  that 


7, 


=  Ti  = 


4+4 


(5) 


From  the  constitutive  equation,  we  obtain 

S,=  247; +<*„£,  (6) 


The  measured  (apparent)  piezoelectric  coefficient  is  d33  ’=Ss/E3,  which  can  be  related  to 
the  true  coefficient  d 33  through  Eq.  (5)  and  (6): 


d  -d  -  2( 

“33  ~  v  ~  “33  A  *  e  > 

E- ,  s  .<  +  s,1 


(7) 


Therefore,  the  true  d33  coefficient  differs  from  the  apparent  coefficient  by  a  corrective 
factor  (the  second  term). 


RESULTS 

Measurements  were  made  at  the  center  of  a  1mm  diameter  aluminum  electrode  located 
close  to  the  center  of  the  film.  Figures  4  &  5  show  the  variation  of  the  displacement  with  driving 
voltage  at  10  kHz.  From  the  slope  of  the  line,  the  d33  coefficients  of  the  AIN  and  GaN/AIN 
composite  film  are  found  to  be  3.9  pm/V  and  2.65  pm/V,  respectively.  The  correlation 
coefficients  of  the  best  fit  straight  lines  for  the  AIN  and  the  composite  film  are  0.99475  and 
0.99651,  respectively.  The  correction  factor  for  AIN  was  calculated  by  using  equation  (7)  and  the 
compliance  and  d3\  value  given  in  ref.  [13]  and  [14],  respectively.  The  correction  factor  for  AIN 
is  1.2  pm/V,  hence  the  true  piezoelectric  coefficient  d33  of  AIN  film  is  5.1  pm/V.  Figures  6  &  7 
show  the  variation  of  the  measured  d33  with  frequency.  It  is  seen  that  the  value  is  approximately 
constant  over  the  full  range  except  at  frequencies  near  70  kHz  for  the  AIN  sample  and  50  kHz  for 
the  GaN/AIN  composite  sample,  where  bending  mode  vibrations  may  have  been  excited.  As  it  is 
difficult  to  estimate  the  substrate  clamping  effect  in  the  GaN/AIN  composite  film,  we  are  in  a 
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process  of  growing  GaN  films  directly  onto  Si  substrates.  The  results  on  these  GaN  films  will  be 
reported  in  the  near  future. 


Figure  4:  Variation  of  displacement  with  driving  Figure  5:  Variation  of  displacement  with  driving  voltage 

voltage  at  10  kHz  for  the  AIN  sample.  at  10  kHz  for  the  GaN/AIN  composite  sample. 


Figure  6:  Variation  of  d33  ’  with  frequency  for  Figure  7:  Variation  of  d33  with  frequency  for 

the  AIN  sample.  the  GaN/AIN  composite  film  sample. 


CONCLUSIONS 


In  summary,  the  apparent  piezoelectric  coefficients  d '33  ’  of  AIN  and  GaN/AIN  composite 
films  grown  on  Si  substrates  were  found  by  a  laser  interferometric  method  to  be  3.9  pm /V  and 
2.65  pm/V,  respectively.  The  dn '  value  of  AIN  film  is  approximately  the  same  as  that  (  4.0 
pm/V)  reported  for  AIN  films  grown  by  chemical  vapour  deposition  [15].  By  using  a  correction 
factor,  the  true  d^  coefficient  of  AIN  was  found  to  be  5.1  pm/V  and  this  value  is  similar  to  that  ( 
5.0  pm/V)  reported  in  ref.  [14]. 
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ABSTRACT 

The  photocurrent  decay  in  n-type  GaN  films  prepared  by  low-pressure  chemical  vapor  deposition 
(LPCVD)  was  measured  in  the  ms-to-s  time  range  using  steady-state  UV  light  and  in  the  ps  time  regime 
using  short  high-power  pulses  from  higher  harmonics  of  a  Nd:  YAG  laser.  A  power  law  time  dependence 
is  observed  with  exponents  ranging  from  -0.1  to  -0.3,  which  is  an  indication  of  a  broad  distribution  of 
trapping  states  inside  the  band  gap.  Combining  Hall  effect  results  and  the  magnitude  of  the  initial  slope  of 
the  photocurrent  decay  we  estimate  a  mobility-lifetime  product  of  2.1X10*4  cm2/V  for  photogenerated 
electrons  at  times  below  a  few  ps.  Slow  transients  might  be  a  handicap  for  applications  of  GaN  in  UV 
detectors. 


1.  INTRODUCTION 

Applications  of  GaN-related  materials  in  devices  like  UV-detectors  or  high-temperature 
transistors  might  be  handicapped  by  slow  current  transients,  as  seen,  for  example,  in  the  persistent 
photoconductivity  effect  (PPC)  [1].  The  PPC  effect,  which  manifest  itself  as  a  prolonged  non-exponential 
conductivity  decay  after  exposure  to  sub-bandgap  light,  was  attributed  to  internal  strain  or  to  charging 
and  discharging  of  deep  traps  in  AlGaN  alloy  films.  Metastable  changes  in  conductivity  were  observed  up 
to  several  thousand  seconds  [2]. 

The  samples  we  used  for  this  study  were  prepared  by  low-pressure  chemical  vapor  deposition 
without  intentional  doping.  Hall  measurements  show  that  the  carrier  concentration  is  about  1018  cm*3  and 
the  samples  are  n-type.  Therefore  the  measured  photocurrents  were  well  below  the  dark  current  levels. 
Nevertheless,  effects  similar  to  those  encountered  in  highly  resistive  AlGaN  alloy  films  occur,  like 
frequency-dependent  photoconductivity  and  non-exponential  current  decay  after  pulsed  excitation.  We 
discuss  whether  both  the  slow  (s)  and  the  fast  (ps)  photocurrent  decay  can  be  described  by  changes  of 
occupation  of  deep  traps. 


2.  SLOW  PHOTOCURRENT  DECAY  WITH  CHOPPED  LIGHT 

The  GaN  samples  were  prepared  by  low-pressure  chemical  vapor  deposition  (LPCVD)  from 
GaCl3  and  NH3  sources  on  AI2O3  substrates  [3].  The  deposition  temperature  and  process  pressure  were 
965  °C  and  0.5  mbar,  respectively.  GaCl3  was  transported  in  a  50  seem  N2  carrier  gas  heated  to  70  °C. 
The  NH3  flow  was  set  at  100  seem.  This  resulted  in  a  growth  rate  of  about  3  A/s. 
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Photocurrent  decays  were  measured  with  coplanar  Cr  contacts.  The  1  mm  gap  was  illuminated 
either  with  chopped  light  from  a  50  W  Xe-lamp  or  with  5  ns  pulses  of  the  532  nm  line  of  a  frequency- 
doubled  Nd:YAG  laser,  or  the  fourth  harmonic  line  at  266  nm.  The  applied  voltage  was  kept  between  1 
and  3  V  where  ohmic  behavior  of  the  contacts  was  assured.  The  relatively  large  dark  currents  were 
compensated  for  electronically  since  the  photocurrents  were  below  the  percent  level. 

250  | — i - - - 1 - ■ - 1 - 1 - 1 - ■ - 1 - ■ - 1 


Fig.  1: 

Modulated  photocurrent 
with  chopped  UV  light  from 
a  50  WXe  lamp.  The  initial 
decay  time  constant  is  2. 1 
ms. 
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Fig.  2: 

Frequency  dependence  of 
the  peak-to-peak  value  of 
the  photocurrent  with 
chopped  UV  light. 
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As  shown  in  the  12.5  Hz  case  in  Fig.  1  the  photocurrent  never  reaches  a  constant  level  due  to  the 
1:1  duty  cycle.  Therefore,  this  experiment  is  not  expected  to  reveal  the  very  large  time  constants 
encountered  in  the  PPC  effect  [2,4].  The  initial  decay  time  (response  time)  is  about  2.1  ms  in  Fig.  1.  Even 
though  no  saturation  is  reached  one  can  estimate  the  exponent  in  a  power  law  ansatz  to  the  onset  of  the 
current  decay  to  be  about  -0.1.  We  obtain  the  curve  of  Fig.  2  when  the  peak-to-peak  photocurrent  value  is 
plotted  as  a  function  of  the  chopping  frequency. 

The  complementary  approach  to  the  frequency  domain  is  described  in  the  next  paragraph. 
However,  the  time  domain  studied  below  does  not  cover  the  times  measured  in  this  section.  Also,  we 
have  to  keep  in  mind  that  in  the  pulsed  mode  the  average  light  bias,  and  the  concomitant  background 
carrier  density,  will  be  much  lower.  This  could  increase  the  photocurrent  decay  rate,  i.e.  reduce  the 
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observed  response  time,  if  it  were  governed  by  capture  of  free  carriers  in  available  shallow  and  deep 
traps. 


3.  FAST  DECAY  AFTER  PULSED  PHOTOEXCITATION 

The  initial  photocurrents  were  of  the  order  of  the  dark  currents  under  pulsed  excitation  with  5  ns 
pulses  from  the  532  nm  and  2 66  nm  line  of  the  Nd:YAG  laser  system.  The  power  densities  where  about 
14  and  5  MW/cm2,  respectively.  The  UV  line  lies  slightly  above  the  bandgap  of  3.4  eV  of  GaN. 
However,  the  results  shown  in  Fig.  3  for  the  266  nm  line  do  not  differ  significantly  from  the  obviously 
strongly  non-exponential  time  decay  when  the  532  nm  line  of  the  Nd:YAG  laser  or  the  337  nm  line  of  a 
pulsed  nitrogen  laser  were  used  [5]. 
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Fig.  3: 

Photocurrent  decay 
after  pulsed  laser 
excitation  using  5  ns 
pulses  at  266  nm 
wavelength. 


Again,  the  photocurrent  decay  is  strongly  non-exponential  with  an  initial  decay  time  of  1 .9  ps  and 
a  long  tail  with  a  time  constant  of  1 54  ps.  The  fast  response  time  might  be  limited  by  the  RC  constant  of 
the  experimental  set-up.  The  second  time  constant  will  depend  on  the  time  window  chosen,  and  is, 
therefore,  somewhat  arbitrary.  This  is  a  typical  feature  of  dispersive  transport  where  the  carrier  mobility 
decreases  with  time  due  to  trapped  carriers  which  cannot  contribute  to  band  transport  [6]. 

We  can  try  to  estimate  a  majority  carrier  px-product  (in  our  case  (px)e  for  electrons)  if  we 
combine  the  initial  response  time  of  Fig.  3  with  the  mobility  value  of  120  cm2 A/'s  determined  by  Hall 
measurements.  The  result  is  (px)e  =  2.1xl0~4  cm2A/’.  This  is  the  "effective"  value  at  about  1  ps,  it  is 
expected  to  increase  with  time. 
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4.  DISCUSSION 

The  three  different  time  constants  extracted  from  the  photocurrent  decays  in  Fig.  1  and  3  are  quite 
consistent  if  we  assume  a  time-dependent  carrier  drift  mobility  ft(t),  as  found  in  a  number  of  disordered 
semiconductor  materials  [6].  This  will  lead  to  a  power  law  decay  in  the  photocurrent,  lpyft)  ~  t  ~m,  with  an 
exponent  m  between  0  and  1.  From  Fig.  1  we  find  m  =  0.1  and  from  Fig.  3  the  range  is  from  0.27  to  0.33 
for  different  samples  and  for  different  excitation  wavelengths  [5].  This  would  be  compatible  with  a  broad 
tail  state  distribution.  Both,  the  presence  of  such  defect  states  and  the  high  dark  conductivity  of  the  films 
might  be  related  to  the  heteroepitaxial  growth  of  GaN  on  a  foreign  substrate  (sapphire).  Defect  states 
could  also  be  located  at  the  surfaces  and  interfaces  of  crystallites  that  are  seen  in  the  AFM  micrographs  of 
our  samples. 

Without  any  further  knowledge  about  the  nature  of  trap  states  we  can  give  an  energy  scale  for 
those  states  if  we  transform  the  above  time  constants  into  trap  energies  using  1 E^p  =  kT  ln( vt)  ,  which  is 
applicable  for  thermal  emission.  Under  the  assumption  that  electron  traps  are  responsible  for  the  above 
photocurrent  transients  we  can  sketch  the  location  of  the  corresponding  trap  states  as  shown  in  Fig.  4, 
where  we  have  chosen  the  phonon  frequency  v  to  be  1012  s_1.  The  energy  levels  that  correspond  to  1.9  ps, 
154  ps,  and  2.1  ms  are  0.36,  0.47,  and  0.54  eV,  respectively.  A  high  defect  density  near  the  conduction 
band  (CB)  would  be  responsible  for  the  position  of  the  dark  Fermi  level  Ep. 


Fig.  4: 

Sketch  of  the  energy  levels 
that  correspond  to  the 
observed  photocurrent  decay 
times,  assuming  thermal 
reemission  from  electron 
traps.  The  magnitudes  cannot 
be  determined from  the 
photocurrent  decay  alone 
and  are  therefore  arbitrary. 


From  the  n-type  nature  of  the  films  we  know  that  the  photcurrent  is  carried  by  electrons. 
However,  similarly  to  the  case  of  electrons  trapped  near  the  conduction  band  as  sketched  in  Fig.  4,  we 
could  also  imagine  that  the  time  constants  stem  from  reemission  of  holes  trapped  near  the  valence  band, 
which  would  then  recombine  with  free  electrons  or,  with  less  probability,  shallow-trapped  electrons.  The 
distinction  should  come  from  complementary  experiments  like  photocapacitance  measurements  [7]. 

It  is  tempting  to  apply  the  Einstein  relation  to  calculate  the  electron  diffusion  length  Le  that  would 
correspond  to  the  above  mentioned  value  of  (pt)e  =  2.1xl0*4  cm 2/V.  We  obtain  Le  =  23  pm  with  an 
effective  lifetime  of  1.9  ps.  This  can  be  compared  to  results  from  the  literature  where  an  electron 
diffusion  length  of  0.2  pm  and  a  lifetime  of  0.1  ns  was  found  in  p-type  GaN  doped  by  Mg.  The  result  was 
obtained  from  the  analysis  of  electron  beam  induced  current  measurements  [8].  There,  however,  electrons 
are  the  minority  carriers,  and  the  transport  properties  are  low  due  to  doping  induced  defects.  We  will  be 
able  to  obtain  an  independent  measure  of  the  electron  transport  parameters  in  our  case,  once  we  have 
measured  the  steady-state  photocurrent  and  the  generation  rate  in  absolute  numbers. 
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5.  CONCLUSION 


In  summary,  our  experiments  hint  to  the  existence  of  a  broad  state  distribution  inside  the  band 
gap  of  unintentionally  doped  n-type  GaN  samples  which  can  explain  the  non-exponential  photocurrent 
decay  after  pulsed  laser  excitation.  The  exponent  of  a  power  law  decay  is  -0.1  in  the  case  of  chopped 
UV-light,  where  the  average  light  bias  is  strong,  and  it  is  about  -0.3  in  the  microsecond  time  regime 
measured  with  5  ns  pulses  using  both  subbandgap  and  above  bandgap  laser  light.  We  have  also  estimated 
the  majority  carrier  diffusion  length  of  electrons  to  be  23  pm  at  a  response  time  of  1.9  ps. 
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ABSTRACT 

A  hybrid  Pulsed  Laser  Deposition  system  was  developed  to  perform  epitaxial  growth  of 
GaN  on  sapphire(OOOl).  This  system  combines  the  laser  ablation  of  a  cooled  Ga  target  with  a 
well-characterized  atomic  nitrogen  source.  Taking  advantage  of  the  flexibility  of  this  unique 
deposition  system,  high  quality  GaN  thin  films  were  deposited  by  optimizing  both  the  laser 
intensity  and  the  nitrogen  flux.  To  date,  our  best  GaN  films  show  a  FWHM  of  the  GaN(0002) 
rocking  curve  peak  equal  to  480  arcsec.  This  result  has  been  obtained  at  a  laser  intensity  of  I  = 
7xl07  W/cm2,  a  substrate  temperature  of  800°C  and  under  Ga-rich  growth  conditions. 

INTRODUCTION 

Gallium  nitride  (GaN)  and  similar  materials  (AIN,  InN)  are  the  subject  of  intensive 
research  because  of  their  numerous  applications  in  the  fields  of  UV-visible  light 
emitting/detecting  devices  and  high  power  electronics  [1].  The  growth  of  GaN  layers  with  a  low 
density  of  defects  has  proved  to  be  a  challenge  due  to  the  lack  of  a  high  quality  lattice  matched 
substrate.  Many  conventional  deposition  techniques,  like  MOCVD  [2]  and  MBE  [3],  have  been 
used  to  grow  these  layers  with  a  reasonable  amount  of  success  when  combined  with  specific 
substrate  preparation  like  the  ELOG  (Epitaxial  Lateral  Over  Growth)  process  [4],  In  this 
relatively  new  field,  it  is  essential  to  search  for  alternative  deposition  techniques  which  could 
produce  high  quality  thin  films  while  offering  a  relatively  simple  process.  Also,  the  comparison 
of  the  layers  obtained  using  different  growth  methods  can  help  to  understand  better  the 
fundamental  aspects  of  GaN  heteroepitaxy. 

One  of  the  interesting  features  of  Pulsed  Laser  Deposition  (PLD)  is  that  the  ablated 
species  (ions  and  neutrals)  are  available  at  high  kinetic  energy  (10-100  eV)  in  the  ablation  plume 
[5].  Other  advantages  include  its  simplicity  and  its  versatility.  Also,  PLD  can  be  used  with  a 
reactive  background  gas  leading  to  the  growth  of  new  compounds. 

This  work  presents  preliminary  results  on  the  epitaxial  growth  of  GaN  thin  films  using  a 
hybrid  Pulsed  Laser  Deposition  (PLD)  system  combining  the  laser  ablation  of  a  cooled  Ga  target 
with  an  atomic  nitrogen  source  developed  at  INRS-Energie  et  Materiaux  [6]. 

EXPERIMENT 

The  deposition  system  is  presented  in  Fig.  1.  The  atomic  nitrogen  source  is  provided  by  a 
high-frequency  (HF)  plasma  generated  by  an  electromagnetic  surface  wave  excited  by  a  Ro-box 
[7]  (applied  field  frequency /=  13.56  or  40.68  MHz)  or  a  Surfatron  [8]  (f=  440  or  2450  MHz) 
wave  launcher.  The  total  HF  absorbed  power,  PA,  is  varied  from  10  watts  to  200  watts.  The 
discharge  is  generated  in  a  4.5  mm  inner  diameter  fused  silica  tube,  25  cm  long,  through  which 
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pure  N2  flows.  The  total  gas  flow,  Q,  and  the  pressure  in  the  source,  ps,  are  in  the  range  of  50  to 
750  seem  and  1  to  30  Torr,  respectively,  as  measured  by  flow  meters  and  a  Baratron  pressure 


gauge. 


The  spatial  afterglow  region  is  next  to  the  discharge,  and  it  expands  to  fill  a  larger  quartz 
vessel  (diameter  3  cm,  length  18  cm),  which  is  connected  at  the  other  extremity  to  the  deposition 

chamber.  In 
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pressure 
readout  and 
NO  gas  inlet 


HF 
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Nz  discharge  | 
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p  =  0.5  mtorr 

Figure  1.  Schematic  representation  of  the  deposition  system 


discharge  tube  ps=  1-30  Torr 


our 

discharge  conditions, 
the  afterglow  is 
separated  into  two 
different  regions  as  one 
leaves  the  discharge. 
First  comes  1)  the  early 
or  "pink"  afterglow, 
which  is  characterized 
by  vibrationally 

excited  N2  molecules 
leading  to  self¬ 
ionization  reactions 
(Penning  effect),  this 
gives  way  to  2)  a  late 
or  "Lewis-Rayleigh" 
late  afterglow  where 
the  dominant  reaction 


is  volume  recombination  of  nitrogen  atoms.  Measurement  of  the  N-atom  density  through  NO 
titration  of  the  N-atoms  is  performed  in  the  afterglow  region  where  an  Ar- 1.3%  NO  gas  mixture 
can  be  introduced  through  a  lateral  gas  inlet.  The  discharge  and  afterglow  optical  emissions  are 
collected  perpendicularly  to  the  discharge  tube.  The  final  section  of  the  nitrogen  atomic  source 
consists  of  a  30  cm  long  quartz  tube  (inner  diameter  of  6  mm)  which  extends  into  the  deposition 
chamber  trough  a  Swagelok  seal.  The  tube  is  terminated  by  a  nozzle.  The  pressure  inside  the 
deposition  chamber,  fixed  at  0.5  mtorr,  is  controlled  by  both  ps  and  the  nozzle  diameter  4>. 

Inside  the  stainless  steel  deposition  chamber,  evacuated  by  a  diffusion  pump,  the  beam  of 
a  KrF  excimer  laser  (248  nm,  100  mJ,  30Hz)  is  focused  by  a  lens  on  a  rotating  Ga  target  (cooled 
to  -30°C)  located  4  cm  away  from  the  substrate.  The  lens  is  mounted  on  a  translating  stage  so 
that  the  laser  beam  continuously  sweeps  the  target  over  a  one  inch  diameter.  The  rotation  of  the 
target  combined  with  the  laser  beam  motion  ensures  a  uniform  erosion  pattern.  A  rotating 
heating  stage  holds  the  1  inch  sapphire(OOOl)  substrate.  A  tungsten  filament  is  used  as  the 
radiation  source.  In  order  to  increase  heat  absorption  and  temperature  uniformity,  the  backside  of 
the  substrate  is  coated  with  a  0.4  ]im  thick  Mo  layer  deposited  by  magnetron  sputtering.  Prior  to 
growth,  the  nitrogen  source  is  used  for  the  nitridation  of  the  sapphire  substrate  at  high 
temperature  (7>950°C),  thus  favoring  GaN  nucleation. 

After  deposition,  the  crystalline  quality  of  the  GaN  thin  films  is  determined  by  triple-axis 
X-ray  diffraction.  The  composition  of  the  GaN  layers  is  determined  by  EDX  and  XPS. 
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RESULTS 


Atomic  Nitrogen  Source 


The  flexibility  of  our  atomic  nitrogen  source  enables  us  to  measure  the  atomic  nitrogen 
production  as  a  function  of  various  discharge  conditions.  For  example,  Fig.  2  presents  the  N- 
atom  density  measured  in  the  late  afterglow  region  as  a  function  of  the  absorbed  power,  PA,  at 
different  wave  frequencies  f(ps=4  Torr).  Whatever  the  frequency,  [N]  first  increases  rapidly  with 
Pa  and  then  saturates  at  a  level  that  increases  with  /.  This  saturation  value  increases  by 

approximately  a  factor  of  two 
when  varying /from  13.56  MHz 
to  2450  MHz.  One  should  further 
note  from  Fig.  2  that  the  absorbed 
power  required  to  attain  saturation 
decreases  with  increasing 
frequency,  ranging  from 
approximately  130  W  at  13.56 
MHz  to  40  W  at  2450  MHz.  The 
initial  rapid  growth  of  [N]  with  PA 
(observed  before  saturation)  can 
be  linked  to  an  increase  of  the 
electron  density  [6]. 

To  gain  insight  into  the 
PA  (watts)  saturation  of  the  N-atom  density 

Figure  2.  Nitrogen  atom  production,  measured  in  the  late  afterglow,  as  with  the  increase  of  PA,  we  turn  to 
a  function  of  absorbed  power  at  different  applied  field  frequencies  (ps=  the  gas  temperature.  We  assume 
4  torr)-  that  the  rotational  temperature  Tr 

of  the  nitrogen  molecules  in  the  discharge  is  in  equilibrium  with  the  gas  temperature  Tg.  The 
value  of  Tr  is  obtained  from  the  optical  emission  of  the  first  positive  system  N2  (B3ng)-(A3S+U). 
We  find  that  the  observed  saturation  of  the  N-atom  concentration  occurs  at  a  value  of  Tr  near 
500  K  whatever  the  value  of  /.  This  suggests  that,  in  the  pressure  range  investigated,  there  is  a 
threshold  gas  temperature  above  which  the  production  of  nitrogen  atoms  saturates.  This  can  be 
understood  by  considering  that  the  production  of  atomic  nitrogen  occurs  through  vibrational 
excitation  of  the  N2  molecules.  Collisions  between  vibrationally  excited  molecules  and  high 
speed  N2  molecules  destroy  these  excited  states.  The  saturation  level  of  the  N-atom  density  is 
finally  determined  from  the  balance  between  vibrational  excitation  (which  increases  with  the 
electron  density)  and  vibrational  energy  loss  (which  increases  with  Tg). 


GaN  Lavers 


For  GaN  depositon,  the  plasma  source  of  atomic  nitrogen  is  operated  at/=  440  MHz  and 
Pa  =  100  watts.  During  our  first  attempts  of  GaN  thin  film  deposition,  the  optimal  laser  intensity 
was  determined  to  be  equal  to  7xl07  W/cm2.  Above  this  value,  gallium  droplets  are  observed  at 
the  surface  of  the  thin  film  while  working  at  a  lower  laser  intensity  greatly  reduces  the 
deposition  rate.  Figure  3  presents  a  co-20  diffraction  pattern  of  a  0.5  pm  thick  sample  deposited 
at  7>=800  °C.  The  atomic  nitrogen  source  is  operated  with  discharge  conditions  (ps  =  30  torr,  Q 
=  750  seem  and  §  =  0.5  mm)  leading  to  an  atomic  nitrogen  production  percentage  of 
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[N]/[N2]=0.4%.  These  parameters 
lead  to  a  deposition  rate  of  0.08 
|xm/h.  A  well  defined  GaN(0002) 
peak  is  observed.  From  this,  the 
growth  orientation  is  determined  to 
be  GaN(OOOl)  II  Sapphire(OOOl). 
The  lattice  parameter  c  of  GaN  is 
found  to  be  5. 183 A  compared  to 
the  tabulated  value  of  5.185A. 

GaN  layers  were  also  grown 
under  nitrogen  discharge  conditions 
(ps  =  4  torr,  Q  -  370  seem  and  (j>  = 
1.5  mm)  corresponding  to  a 
production  percentage  of 
20  (°)  [N]/[N2]=1.7%.  By  taking  into 

Figure  3.  o>20  scan  of  a  0.5pm  thick  GaN  layer  showing  the  account  the  nitrogen  production 
GaN(0002)  and  sapphire(0006)  diffraction  peaks  (I=7xl07  W/cm2,  rate  which  has  been  determined  35 
Ts=800  °C).  The  sample  is  positioned  in  order  to  maximize  the  cm  away  from  the  substrate  and  the 
GaN(0002)  peak  intensity.  nitrogen  atom  recombination  along 


Table  /.  Properties  of  GaN  layers  deposited  at  two  atomic  nitrogen  source  pressures.  (I=7xl07  W/cm2, 


this  path,  we  estimate  that  the  N-atom  flux  on  the  substrate  increases  by  about  one  order  of 
T  magnitude  when  the  source 

_ p  _  30  torr  .  pressure  is  varied  from  30  torr  to  4 

5 -4 torr  *  torr.  Table  I  presents  the  growth 

'Ps  ~  orr  '!  Yl(1  rates  in  these  two  cases.  At  ps  =  4 

■  torr  ([N]/[N2]=1.7%),  the  growth 

^  >  /  \  *,  rate  is  about  3  times  higher  than  at 

.  >'  \  \  ■  ps  =  30  torr  ([N]/[N2]=0.4%).  XPS 

^  \  and  EDX  analysis  of  the  deposited 

§  *  /  \  \  *  samples  also  show  a  55%  nitrogen 

2  >'  J  \  \  '  content  for  ps  =  4  torr  compared  to 

/'  J  \  \  x  *  48%  at  ps  .  =  30  torr.  This 

v  _  corresponds  to  N-rich  and  Ga-rich 

a  growth  conditions  respectively. 

-0,4  -0,2  0,0  0,2  0,4  Figure  4  shows  rocking 

curves  of  the  GaN(0002)  peak  of 

)  the  two  samples.  The  FWHM  of 

Figure  4.  GaN(0002)  rocking  curve  of  GaN  £»  grown  J  d  ^  L  We 

atomic  nitrogen  source  pressures:  ps  =  30  and  4  torr  (1-7x10  W/cm  ,  f  v 

Ts=800  °C).  The  FWHM  are  480  and  936  arcsec  respectively.  see  that  the  sharpest  peaK, 

FWHM=480  arcsec,  is  obtained  in 
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Ga-rich  growth  conditions  (ps  =  30  torr)  compared  to  FWHM  =  936  arcsec  when  using  N-rich 
growth  conditions  (ps  =  4  torr).  The  fact  that  Ga-rich  conditions  leads  to  higher  quality  GaN 
layers  has  been  observed  in  Molecular  Beam  Epitaxy  experiments  [3],  A  possible  explanation  of 
these  results  is  presented  in  [9].  In  this  theoretical  work,  it  is  shown  that  the  mobility  of  the  Ga 
atoms  on  a  GaN  surface  is  greatly  reduced  under  N  rich  conditions,  a  low  mobility  of  Ga  atoms 
resulting  in  a  high  density  of  defects  in  the  growing  layer. 

CONCLUSIONS 

An  atomic  nitrogen  source  based  on  a  HF  plasma  has  been  developed  for  use  in  a  hybrid 
PLD  system  for  the  epitaxial  growth  of  GaN.  The  flexibility  and  ease  of  operation  of  this  source 
enabled  us  to  monitor  systematically  the  N-atom  concentration  [N]  as  a  function  of  the  discharge 
wave  frequency /under  otherwise  constant  discharge  conditions.  Saturation  of  [N]  as  a  function 
off  and  Pa  was  observed  when  the  temperature  of  the  gas  exceeds  500  K. 

Coupling  this  nitrogen  source  with  a  PLD  system,  epitaxial  growth  of  GaN  films  was 
achieved.  We  demonstrated  that  layers  grown  under  Ga-rich  conditions  exhibit  better  crystalline 
quality  than  those  obtained  under  N-rich  conditions. 

Work  is  currently  in  progress  to  further  improve  our  understanding  of  the  influence  of 
deposition  parameters  such  as  the  Ga  and  N  fluxes,  the  substrate  temperature  and  the  presence  of 
a  GaN  buffer  layer  on  both  the  crystalline  quality  and  the  electrical  characteristics  of  the  PLD- 
GaN  thin  films. 
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ABSTRACT 

Single  crystalline  AIN  was  successfully  grown  on  a  3C-SiC  coated  Si  (1 1 1)  substrate  by 
organometallic  vapor  phase  epitaxy.  The  3C-SiC  film  was  obtained  via  the  conversion  of  the  Si 
near-surface  region  to  SiC  using  gas-source  molecular  beam  epitaxy.  The  quality  of  the  AIN  was 
mainly  controlled  by  that  of  the  SiC.  The  effects  of  Si  pits  and  SiC  hillocks  formed  during  the 
conversion  on  subsequent  AIN  growth  are  discussed.  Process  optimization  is  suggested  to 
improve  the  SiC  buffer  layer  for  subsequent  AIN  deposition. 

INTRODUCTION 

Silicon  carbide  (SiC)  and  aluminum  nitride  (AIN)  are  candidate  materials  for  a  wide  variety  of 
high-power,  high-frequency,  and  high-temperature  applications  because  of  their  unique  materials 
properties  as  well  as  their  excellent  physical  and  chemical  stability  [1],  However,  advances  in 
both  SiC  and  AIN  technologies  are  hindered  by  the  absence  of  large-area  and  high-quality  single 
crystals  for  device  fabrication.  Successful  epitaxial  growth  of  3C-SiC  single  crystals  on  Si 
substrates  has  been  demonstrated  since  1983  [2],  despite  the  large  mismatches  in  lattice  constants 
and  thermal  expansion  coefficients  between  the  film  and  the  substrate.  Comparatively, 
heteroepitaxy  of  hexagonal  SiC  has  received  much  less  attention,  though  4H-  and  6H-SiC  are 
actually  of  greater  interest  for  power  devices.  This  is  due  to  their  higher  band  gaps  relative  to  the 
3C  material  (3.265  and  3.023  eV,  respectively,  vs.  2.390  eV)  and  their  commercial  availability 
for  on-going  evaluation  of  device.  It  has  been  demonstrated  [3]  that  single  crystalline  6H-SiC  can 
be  grown  at  1375°C  on  2H-A1N  coated  sapphire  (0001).  The  lattice  mismatch  between  the 
carbide  and  the  AIN  layer  is  less  than  1%.  It  therefore  seems  feasible  to  deposit  hexagonal  SiC 
on  Si  substrates  if  single-crystal  2H-A1N  can  be  grown  as  an  interlayer.  The  focus  of  this  paper 
is  the  epitaxial  growth  and  characterization  of  AIN  single  crystal  films  on  Si(ll  1)  substrates.  The 
AIN  films  were  grown  on  thin  3C-SiC  buffer  layers  previously  formed  by  carbonization  of  the 
Si(lll)  substrates. 

EXPERIMENTAL 

Si  (11 1)  wafers  oriented  3°  off  axis  toward  <1 10>  direction  were  used  as  substrates.  The 
surface  of  each  Si  wafer  was  converted  to  a  thin  3C-SiC(l  1 1)  layer  via  gas-source  molecular 
beam  epitaxy  (MBE)  prior  to  chemical  vapor  deposition  (CVD)  of  an  AIN  film.  Before 
conversion,  the  wafers  were  dipped  in  HF,  rinsed  with  deionized  H20,  and  placed  on  a  SiC- 

coated  graphite  susceptor.  The  MBE  reactor,  with  a  base  pressure  of  10'9  Torr,  was  equipped 
with  an  in-situ  reflection  high-energy  electron  diffractometer  (RHEED)  for  surface 
crystallographic  analysis.  The  substrate  was  ramped  from  room  temperature  to  970°C  at  7-8°C 
/min  and  kept  at  970°C  for  60  min.  Ethylene  (C2H4)  was  supplied  from  room  temperature  at  a 
flow  rate  of  1.8  seem.  The  SiC  coated  Si  substrates  were  loaded  in  a  CVD  reactor. 
Trimethylalumimum  (TMA)  and  ammonia  (NH3)  were  used  for  AIN  deposition.  The  flow  rates 
for  TMA,  NH3,  and  additional  H2  were  26  jimol/min,  1500  seem,  and  3000  seem,  respectively. 
The  AIN  was  grown  at  1 100°C  for  90  min  at  a  growth  rate  of  1 1  A/min.  For  comparison,  an  AIN 
film  was  also  directly  deposited  on  Si(l  1 1)  substrate  under  the  same  process  conditions. 
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Film  thickness  was  measured  by  spectroscopic  ellipsometry  (SE).  Crystallinity  was 
examined  with  RHEED,  X-ray  diffraction  (XRD),  and  electron  diffraction.  Scanning  electron 
microscopy  (SEM)  and  transmission  electron  microscopy  (TEM)  were  employed  to  study  surface 
morphology  and  defect  formation.  Auger  electron  spectrometry  (AES)  was  conducted  using  a 
5.0  keV  primary  beam  at  30°  angle  of  incidence  to  determine  chemical  compositions  and  the 
extent  of  C  and  O  throughout  the  films.  Sputtering  during  Auger  depth  profile  analysis  was 
accomplished  by  using  a  beam  of  1.0  keV  Xe+  incident  at  45°. 

RESULTS  AND  DISCUSSION 

Figure  1  is  a  RHEED  pattern  from  the  [1 10]  azimuth  of  the  converted  SiC  on  the  Si(l  1 1) 
substrate.  It  shows  a  single-domain  (3x2)  reconstruction  of  the  cubic  SiC.  The  formation  of 
single  crystalline  3C-SiC  was  confirmed  by  XRD  as  shown  in  Fig.  2.  The  two  peaks  at  2-theta 
=35.5°  and  75.5°  are  SiC  (1 1 1)  and  (222),  respectively;  the  other  two  peaks  represent  Si  (1 1 1) 
and  (222).  The  Si  (222)  peak  is  actually  Si  (444)  observed  in  second  order.  The  d-spacing  of  the 
SiC  (111)  peak  is  2.52A  corresponding  to  a  cubic  SiC  lattice  constant  of  4.36A,  therefore  the 
SiC  lattice  is  fully  relaxed. 
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Figure  1  RHEED  pattern  from  the  Figure  2  XRD  theta-2theta  scan  of  the 

[110]  azimuth  of  the  converted  SiC  on  the  single  crystalline  3C-SiC  film  grown  on 
Si(lll)  substrate  showing  a  single-domain  the  Si(lll)  substrate. 

(3x2)  reconstruction  of  the  cubic  SiC. 


The  surface  of  the  converted  SiC  film  contains  many  hillocks  having  an  approximate  diameter 
of  0.2-0.5  |i,m  as  revealed  by  SEM  and  shown  in  Fig.  3.  Under  the  hillocks,  {111}  faceted  pits 
appear  in  the  Si  substrate.  It  is  known  [4]  that  the  pits  are  generated  by  Si  outdiffusion  from  the 
substrate  which  reacts  with  C  atoms  forming  SiC  near  pit  openings  and  on  pit  walls.  The 
formation  of  the  pyramid-shaped  pits  is  attributed  to  the  low  surface  energy  of  the  { 1 1 1 }  Si 
facets.  The  polycrystalline  SiC  hillocks  near  the  pit  openings  are  an  indication  of  strain  relaxation 
[4].  The  thickness  of  the  converted  layer  determined  by  spectroscopic  ellipsometry  is 
approximately  3-5  nm.  The  higher  thickness  near  hillocks/pits  shown  in  Fig.  3  suggests  an 
enhanced  growth  rate  in  the  defective  area.  Further  discussion  regarding  pit  formation  and  its 
effect  on  subsequent  2H-A1N  growth  is  presented  below. 

Figure  4  is  an  electron  diffraction  pattern  of  a  cross-sectional  AlN/SiC/Si  sample,  which  was 
taken  using  the  Si  [0-11]  zone  axis,  showing  single  crystals  of  AIN  and  the  Si  substrate.  The 
diffraction  from  very  thin  SiC  layer  is  too  weak  to  be  revealed  in  the  same  picture.  Most  of  the 
diffraction  spots  are  from  hexagonal  AIN  and  Si,  with  a  small  percentage  resulting  from  double¬ 
diffraction.  It  is  noted  that  the  AIN  spots  are  distorted  indicating  the  existence  of  slightly 
misaligned  grains  despite  its  overall  single-crystal  nature.  However,  as  revealed  by  RHEED  and 


XRD,  AIN  deposited  directly  on  a  Si  substrate  is  polycrystalline  (not  shown).  This  result 
suggests  the  necessity  of  using  SiC  as  a  buffer  layer  for  AIN  growth  under  the  process 
conditions  of  this  research. 


Figure  3  Cross-sectional  SEM  micrograph  of  a  SiC/Si(lll)  sample 
showing  the  existence  of  hillocks  and  pits. 


Figure  4  Electron  diffraction  pattern  of  a  cross-sectional 
AlN/SiC/Si  sample,  showing  the  single  crystalline  AIN  and  Si 
substrate. 


409 


Figure  5  is  the  cross-sectional  TEM  micrograph  of  the  same  sample  showing  a  hill-and-valley 
morphology  on  the  surface  of  the  AIN  film.  This  morphology  is  believed  to  be  associated  with 
island  growth  and  subsequent  coalescence  of  the  islands  [5]  and/or  the  formation  of  stacking 
mismatch  boundaries  at  the  steps  on  the  SiC  surface,  as  observed  by  Tanaka  et  al.  [6].  Slight 
misalignment  between  adjacent  islands  as  well  as  the  formation  of  the  mismatch  boundaries  can 
account  for  the  distorted  diffraction  spots  described  above.  A  high  density  of  dislocations  are 
expected  in  the  AIN  but  are  not  revealed  due  to  the  high  contrast  from  the  highly  stressed  film. 


Figure  5  Cross-sectional  TEM 
micrograph  of  a  AlN/SiC/Si  sample 
showing  a  hill-and-valley  morphology  on 
the  surface  of  the  AIN  film. 


Figure  6  High  resolution  TEM 
micrograph  providing  a  lattice  image  of 
the  AIN  and  the  converted  SiC  layer. 


A  high  resolution  TEM  micrograph  in  Fig.  6  provides  a  lattice  image  of  the  AIN  and  the 
converted  SiC  layer.  The  AlN-SiC  interface  is  undulated  because  the  surface  of  the  converted 
SiC  layer  possesses  a  similar  wave-like  morphology.  Therefore,  the  formation  of  the  hill-and- 
valley  morphology  on  the  AIN  surface  hear  is  due  to  the  island  growth  of  both  AIN  and  SiC.  At 
the  SiC-Si  interface  a  high  density  of  misfit  dislocations  are  observed  and  indicated  by  arrows. 
The  SiC  film  is  completely  relaxed  as  discussed  in  details  in  a  separate  paper  [7]. 

An  Auger  depth  profile  from  AIN  into  the  Si  substrate  is  presented  in  Fig.  7.  The  signal  from 
carbon  on  the  surface  drops  to  the  detection  limit  at  about  7  min  sputter  time.  There  is  no 
detectable  C  throughout  the  remaining  AIN  layer.  It  is  believed  that  C  is  only  on  the  AIN  surface 
without  extending  into  the  film.  The  time  required  to  sputter  away  the  adventitious  C  is  modified 
by  surface  roughness,  especially  when  the  incident  sputtering  beam  is  45“  with  respect  to  wafer 
normal.  Oxygen  was  detected  throughout  the  AIN  with  heavier  concentrations  on  the  sample 
surface  and  at  the  AlN-SiC  interface  as  would  be  expected.  Incorporation  of  oxygen  is  not 
unusual  during  Al  deposition  as  Al  is  a  good  oxygen  getter.  The  thin  SiC  layer  is  not  well 
resolved,  but  the  Auger  data  suggests  that  there  is  C  within  the  Si  substrate.  This  could  be 
associated  with  a  SiC  layer  covering  the  walls  of  pyramidal  pits  under  SiC-Si  interface.  These 
pits  are  a  result  of  Si  outdiffusion  from  the  substrate  during  the  SiC  conversion  at  high 
temperatures  as  discussed  earlier. 

The  Si  pits  and  SiC  hillocks  formed  during  carbonization  affect  the  quality  of  AIN  layers. 
The  polycrystalline  hillocks  near  pit  openings  are  a  result  of  stress  relaxation  and  are  always 
unfavorable  for  subsequent  AIN  epitaxy.  The  effects  of  the  Si  pits  fall  into  two  categories.  In  the 
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Figure  7  Auger  depth  profile  of  an  AlN/SiC/Si(  111)  sample  showing 
(a)  adventitious  C  on  the  sample  surface  and  (b)  oxygen  in  the  AIN  with 
heavier  concentrations  on  the  sample  surface  and  at  the  AlN-SiC 
interface. 


early  stage  of  carbonization,  C  atoms  only  partially  cover  the  Si  substrate.  Si  diffuses  out  from 
any  of  uncovered  substrate  regions  resulting  in  the  formation  of  { 1 1 1 }  faceted  voids.  If  the  SiC 
nucleation  density  is  low,  the  small  pitted  areas  cannot  be  completely  covered  or  sealed  by  the 
coalescence  of  C  or  SiC  nuclei  before  a  large  pit  opening  is  created.  The  continued  dissociation 
of  C2H4  results  in  the  formation  of  SiC  on  pit  walls.  The  subsequent  AIN  film  then  conforms  to 
the  morphology  of  the  SiC  layer.  At  high  SiC  nucleation  densities,  the  originally  pitted  area  is 
rapidly  sealed  resulting  in  the  formation  of  SiC  bridges  over  the  voids  generated  by  continued  Si 
outdiffusion  along  {111}  planes  [8].  The  subsequent  AIN  film  appears  to  have  a  lower  defect 
density  in  the  latter  case.  In  this  research  almost  all  the  pits  were  found  to  be  sealed  [7]. 

The  nucleation  density  is  controllable  by  varying  growth  conditions.  To  increase  the  SiC 
nucleation  density  a  low  temperature  is  necessary  in  the  early  stage  of  conversion.  Since  the 
driving  force  for  Si  outdiffusion  is  the  reduction  in  surface  energy,  a  quick  termination  of  the 
high  temperature  process  after  the  SiC  conversion  is  complete  will  further  prevent  the  pit 
formation.  Based  on  XPS  results  of  the  converted  SiC  surface  more  than  50%  of  the  deposited 
carbon  remained  unreacted  before  AIN  deposition.  Moreover,  wafer  cleaning  is  also  important  as 
localized  contamination,  defects  and  remnant  native  oxide  tend  to  enhance  pit  formation. 
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CONCLUSIONS 


Monocrystalline  films  of  AIN  have  been  grown  on  Si  (1 1 1)  substrate  using  converted  3C- 
SiC  as  a  buffer  layer.  Direct  deposition  of  AIN  on  the  Si  substrate  resulted  in  polycrystalline 
growth  under  the  process  conditions  of  this  research.  The  quality  of  the  AIN  on  the  SiC  is  mainly 
limited  by  that  of  the  SiC.  Process  optimization  is  necessary  to  improve  the  SiC  quality,  and 
especially  to  prevent  Si  pitting  during  SiC  conversion. 
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ABSTRACT 

We  have  recently  carried  out  MOCVD  experiments  that  showed  for  the  first  time  the 
doping  of  AIN  thin  films  with  manganese.  Films  of  AIN  that  were  doped  with  less  than  0.1%  of 
manganese  showed  emission  bands  at  427  nm,  488  nm  and  600  nm  in  accordance  with  previous 
published  excitation  and  emission  spectra  of  manganese  incorporated  in  bulk  AIN.  A  film  with  a 
higher  percentage  of  manganese  (1 .7%)  grown  on  top  of  a  pure  AIN  layer  (underlayer)  showed 
weak  emission  at  601  nm.  A  portion  of  the  underlayer  not  covered  during  growth  of  the 
overlayer  has  a  very  strong  emission  band  at  408  nm  and  a  weaker  band  at  605  nm.  SIMS  and 
EDX  analyses  of  this  film  revealed  both  carbon  and  oxygen  contamination  as  well  as  diffusion  of 
manganese  into  the  AIN  underlayer.  The  band  at  408  nm  is  associated  with  direct  gap  emission 
from  oxygen  contaminated  AIN  and  the  band  at  605  nm  is  from  manganese  incorporated  by 
diffusion  into  the  AIN  underlayer. 

INTRODUCTION 

Group  III  nitrides  have  shown  promise  as  being  suitable  materials  for  microelectronic  and 
optoelectronic  applications  [1].  AIN  attracts  considerable  interest  because  it  possesses  a  very 
large  band  gap  compared  to  the  rest  of  the  group  III  nitrides  (6.2  eV)  [2].  In  addition,  it  has  a 
high  heat  conductivity,  excellent  chemical  and  thermal  stability;  it  will  decompose  rather  than 
melt  at  2400  °C  [3].  Recently,  rare  earth  doped  III-V  semiconductors  have  been  the  subject  of 
great  interest  because  of  their  strong  visible  luminescence  [4,5].  However,  very  little  attention 
has  been  paid  to  incorporation  of  transition  metals  into  semiconductor  hosts.  Manganese  has 
been  incorporated  in  powder  samples  of  AIN  [6-8],  with  the  tetravalent  manganese  ion,  Mn+4, 
occupying  tetrahedral  sites.  The  manganese  activated  AIN  exhibits  a  maximum  in  the  emission 
spectrum  in  the  red  region  (-600  nm).  Doping  of  AIN  thin  films  with  manganese  has  not  been 
previously  demonstrated.  We  present  here  for  the  first  time,  evidence  that  will  show  that 
manganese  can  be  incorporated  into  a  film  of  AIN  grown  on  Si(100)  obtained  from  a  variety  of 
surface  analytical  tools  such  as  IR  microscopy,  SEM  imaging,  SIMS,  EDX,  XRF,  CL,  and  XRD. 

EXPERIMENTAL 

Aluminum  nitride  (AIN)  films  were  grown  by  metal  organic  chemical  vapor  deposition 
(MOCVD)  in  a  high  vacuum  stainless  steel  reaction  chamber.  This  system  consists  of  a  growth 
chamber,  pumping  unit,  and  a  gas  inlet.  An  Alcatel  corrosive  resistant  turbo  pump  evacuates  the 
chamber  into  the  1  O'5  Torr  range.  The  source  gases  for  the  AIN  were  ammonia  (NH3)  and 
trimethyl  aluminum  (TMA).  Both  gases  were  constantly  maintained  in  the  chamber  at  a  ratio  of 
2.5:1,  respectively.  Silicon  (Si)  (100)  substrates,  14  in.  by  V2  in.,  were  mounted  onto  a  boron 
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nitride  ceramic  heater  and  held  in  place  by  a  molybdenum  metal  holder.  A  nichrome 
thermocouple  was  attached  to  the  holder  to  determine  the  temperature  during  the  deposition 
period.  Pressures  in  the  chamber  were  monitored  with  an  ion  gauge.  The  Si(100)  substrates 
were  flash  annealed  above  1200  °C  to  remove  the  surface  oxide  coating.  The  substrates  were 
then  kept  at  a  constant  temperature  around  860  °C  [9].  A  stoichiometric  ratio  of  2.5:1  NH3  to 
TMA  was  used  for  growing  AIN  films  .  Manganese  decacarbonyl,  ([Mn(CO)s]2),  the  dopant,  was 
introduced  into  the  flow  reactor  via  a  pulse  valve.  These  films  were  characterized  ex  situ  with  IR 
reflectance  microscopy,  SEM  imaging,  XRF,  XRD,  CL,  and  SIMS. 

RESULTS 

With  the  use  of  IR  microscopy,  film  thickness  was  determined  by  measuring  the  fringe 
spacing  of  the  Fabry-Perot  oscillations,  while  the  chemical  composition  was  analyzed  by 
monitoring  the  peak  frequency  and  bandwidth  of  the  LO  mode  (880  -  935  cm'1).  The  sharpness 
of  LO  mode  observed  in  most  of  the  films  is  related  to  the  degree  of  crystalinity  in  the  film  [10]. 
The  relatively  fast  growth  rates  (3-5  pm  per  hour)  produced  multiple  nucleation  centers  that  lead 
to  a  very  rough  surface.  The  film  thickness  ranged  from  2  pm  up  to  27  pm. 

Many  samples  show  incorporation  of  manganese  during  the  growth  of  AIN  films.  These 
films  show  light  emission  during  electron  bombardment  (cathodoluminescence).  The  film 
referred  to  as  sample  0209  is  12.18-pm  thick,  and  its  manganese  content  relative  to  aluminum  is 
less  than  0.1%.  The  CL  spectrum  of  this  film  collected  at  room  temperature  exhibits  few 
emission  bands  as  shown  in  Figure  1.  First  amongst  these  bands  is  a  slight  shoulder  that 
corresponds  to  an  emission  at  23419  cm*1  (427  nm).  It  is  followed  by  a  green  band  at  20491  cm'1 
(488  nm),  and  then  a  red  band  at  16667  cm'1  (600  nm).  The  red  band  possesses  multiple  phonon 
states  that  have  been  described  earlier  by  Karel  and  coworkers  [7].  Figure  1  also  includes  the 
results  of  the  curve  fitting  procedure  in  order  to  help  locate  the  position  of  the  multiple  emission 
bands.  Although  these  transitions  have  been  shown  to  originate  from  Mn4+  ions  in  a  tetrahedral 
field  [7],  only  the  emission  from  the  red  band  has  been  observed  previously.  The  blue  and  green 
transitions  were  observed  only  in  the  excitation  spectrum. 


11000  17000  23000  29000  35000 

Wavenumbers  (cm'1) 


Figure  1.  Deconvolved  spectra  and  original  spectrum  for  sample  0209. 


A  full  characterization  of  sample  1020  was  also  carried  out.  The  film  had  an  overall 
thickness  of  6.0  pm  as  calculated  from  IR  reflectance  microscopy  data.  In  this  sample,  a 
manganese  activated  AIN  layer  (overlayer)  was  grown  on  top  of  a  pure  AIN  layer.  SEM  was 
used  to  clarify  the  morphology  of  the  films.  At  8000  times  the  magnification,  the  two  film  layers 
showed  different  structure.  Figure  2  (panel  a)  displays  an  SEM  image  of  the  overlayer  that 
exhibits  a  grain  like  appearance.  Panel  b  is  an_SEM  image  of  a  portion  of  the  sample  not  covered 
by  the  overlayer  where  a  dendritic  structure  is  observed.  This  portion  of  the  film  is  referred  to  as 
the  underlayer.  The  SEM  images  indicate  that  the  films  are  rough.  This  is  not  surprising  because 
the  growth  rates  (on  the  order  of  3-5  pm  per  hour)  are  fast  enough  to  produce  multiple  nucleation 
sites. 


Figure  2.  a)  The  overlayer  of  AIN  (Mn  incorporation)  has  a  thickness  of  6  pm.  b)  The  underlayer 
containing  only  AIN  has  a  thickness  of  2.9  pm. 

The  elemental  composition  of  the  film  was  examined  with  x-ray  fluorescence. 

Manganese  was  found  in  both  layers  but  at  varying  relative  percentages.  The  overlayer  of  AIN 
showed  1.7%  manganese  relative  to  aluminum,  while  the  underlayer  showed  0.6%  manganese 
relative  to  aluminum.  Relative  percentages  of  the  manganese  were  calculated  from  a  standard 
material  of  aluminum  and  manganese.  A  sensitivity  factor  was  then  used  to  relate  the  intensities 
of  the  two  elements.  After  finding  that  manganese  is  present  in  the  film,  image  cathode 
luminescence  (CL)  was  performed  to  determine  the  different  regions  of  the  film  where  visible 
light  is  emitted.  Figure  3  shows  the  reversed  CL  image  in  which  the  dark  band  denotes  the  area 
where  light  is  emitted.  Three  regions  in  the  CL  image  are  observed.  The  dark  band  in  the  center 
is  the  underlayer  (0.6%  Mn).  Light  areas  to  the  left  and  right  are  the  overlayer  (1.7%  Mn)  and 
Si(100),  respectively. 

Figure  4  shows  the  EDX  traces  of  both  layers  in  sample  1020.  Both  the  underlayer  and 
overlayer  show  the  presence  of  oxygen  and  carbon  contaminations.  The  concentration  of 
manganese,  however,  is  below  the  limit  of  detection.  The  room  temperature  CL  spectra  from  the 
overlayer  and  underlayer  region  are  shown  in  figure  5.  The  overlayer  region  shows  an  emission 
band  at  601  nm  consistent  with  literature  values  for  manganese  activated  AIN  [8].  The  CL 
spectrum  from  the  underlayer  region  has  an  intense  emission  band  at  408  nm  and  a  weaker  band 
at  605  nm.  The  band  at  605  nm  is  most  likely  from  the  manganese  that  was  incorporated  in  the 
AIN  by  diffusion  from  the  overlayer  region.  Because  the  blue  emission  band  is  considerably 
stronger  than  the  band  at  605  nm,  it  cannot  be  attributed  to  Mn  emission.  Rather  it  could  possibly 
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be  associated  with  contaminants  like  carbon  or  oxygen.  Since  emission  bands  due  to  carbon- 
doped  AIN  have  been  observed  at  wavelengths  much  lower  than  400  nm  [9],  the  band  at  408  ran 
can  be  identified  with  oxygen  contamination.  Oxygen  is  introduced  either  as  residual 
atmospheric  gases  (CO2  and  H20)  or  as  CO  from  manganese  decacarbonyl  used  as  the  doping 
agent. 


Figure  3.  A  cathode  luminescence  image  of  sample  1020  showing  the  overlayer  (left  white 
region),  the  underlayer  (dark  region),  and  the  Si  (100)  substrate  (right  white  region). 
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Figure  4.  EDX  spectra  of  sample  1020.  The  dark  traces  are  spectra  from  the  overlayer  and  the 
light  traces  are  from  the  underlayer.  The  films  show  the  presence  of  oxygen  and  carbon 
contaminants. 

SIMS  depth  profiling  was  carried  out  in  order  to  determine  the  elemental  positions  in 
sample  1020.  The  film  was  sputtered  in  the  overlayer  region  of  the  sample.  An  oxygen  ion  beam 
at  7  kV  was  used  to  examine  the  surface.  This  made  detection  of  oxygen  contamination 
extremely  difficult.  The  aluminum  dimer  peak  was  chosen  because  the  monomer  peak  was  off 
scale.  In  order  to  properly  relate  the  amount  of  manganese  in  the  profile  to  that  of  aluminum,  the 
manganese  trace  is  scaled  up  by  a  factor  of  34.  The  results  of  this  analysis  are  shown  in  figure  6. 
The  depth  profile  reveals  three  layers.  The  top  layer  (labeled  overlayer)  in  the  depth  profile  is 
rich  in  manganese.  Carbon  is  also  found  in  this  layer.  It  appears  to  be  highly  localized  at  the 


surface  of  the  sample,  and  follows  the  same  behavior  as  that  of  aluminum.  This  indicates  that  the 
observed  carbon  contamination  is  associated  with  the  incomplete  combustion  of  TMA.  The 
depth  profile  of  the  next  layer,  labeled  as  underlayer,  shows  the  presence  of  both  A1  and  Mn.  It  is 
evident  from  Fig.  6  that  the  degree  of  manganese  incorporation  in  the  underlayer  is  significantly 
smaller  than  that  of  the  overlayer.  Since  the  underlayer  is  grown  as  pure  AIN,  it  should  not 
contain  any  manganese.  Hence,  the  presence  of  manganese  in  this  layer  has  to  be  the  result  of  the 
diffusion  of  Mn  from  the  overlayer.  This  lends  support  to  the  idea  that  the  605  nm  emission  band 
observed  in  the  CL  spectrum  taken  for  the  underlayer  is  from  Mn  that  diffused  from  the 
overlayer.  Finally,  the  third  layer  is  identified  as  the  Si(100)  substrate.  It  is  also  interesting  to 
point  out  that  the  silicon  layer  contains  small  amount  of  Mn,  which  indicates  that  Mn  is  able  to 
diffuse  down  to  a  depth  of  about  7  pm.  The  absence  of  sharp,  clearly  defined  interfaces  as 
shown  by  the  SIMS  depth  profile  is  indicative  of  a  very  rough  sample. 


Figure  5.  CL  spectra  of  sample  1020  from  the  overlayer  and  the  underlayer  (top  spectrum). 


Depth  (pm) 


Time  (s) 


Figure  6.  SIMS  profile  of  sample  1 020.  The  graph  shows  incorporation  of  manganese  into  the 
AIN  film,  and  suggests  a  process  where  manganese  diffuses  from  the  overlayer  to  the  underlayer. 
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CONCLUSIONS 

The  incorporation  of  a  small  amount  of  manganese  (<  0.1%)  in  AIN  gives  rise  to  three 
emission  bands  at  427  nm,  488  nm  and  600  nm  in  the  CL  spectrum.  These  emission 
wavelengths  correspond  to  previously  published  excitation  and  emission  data  for  manganese 
activated  AIN.  A  film  with  a  larger  percentage  of  incorporated  manganese  (0.6%)  exhibits 
strong  emission  at  408  nm  and  less  intense  emission  at  605  nm.  The  blue  emission  band  is  the 
direct  gap  emission  from  oxygen-contaminated  AIN,  while  the  red  emission  band  is  from  Mn 
incorporated  in  the  AIN  film.  Manganese  incorporation  at  1.7%  has  emission  only  at  601  nm. 
EDX  analysis  demonstrates  the  presence  of  carbon  and  oxygen  contamination.  However,  only 
oxygen  contamination  gives  rise  to  emission  at  408  nm.  SIMS  measurements  reveal  that 
manganese  diffuses  from  the  Mn-rich  overlayer  to  the  previously  pure  AIN  underlayer. 
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1.  INTRODUCTION 

GaN,  its  alloys,  QWs  and  MQWs  have  gained  an  important  place  among  short- 
wavelength  optical  emitters  and  high  temperature  electronic  devices  [1,2].  The 
performance  of  such  devices  is  limited  by  the  presence  of  native  and  impurity  defects. 
The  understanding  of  the  optical  properties  of  the  basic  material  allows  us  to  improve  its 
quality  and  thus  increase  the  performance  of  these  materials. 

In  non  intentionally  doped  (nid)  hexagonal  good  quality  GaN  layers  grown  on 
sapphire,  6H-SiC  or  Si,  free  exciton  (FXC,  FXB,  FXA),  donor  bound  exciton  (DX), 
acceptor  bound  exciton  (AX)  and  donor-acceptor  pair  (DAP)  transitions  have  been 
reported  by  several  authors  [3,  and  references  therein].  Besides  these  typical  emissions, 
emission  lines  in  the  range  3.3  -  3.44  eV  have  been  observed  in  nid  and  intentionally 
doped  hexagonal  GaN  layers.  However  the  nature  of  these  recombinations  is  not 
completely  clarified.  Some  authors  assigned  them  to  a  superposition  of  LO  phonon 
assisted  transitions  of  DX  and  FX  [3-8],  excitons  bound  to  neutral  donors  with  deeper 
donor  levels  [5],  band  to  impurity  transitions  and/or  free  to  bound  emission  involving 
oxygen  [9-1 1],  DAP  transitions  [12-14],  shallow  bound  excitons  of  cubic  phases  [15], 
excitons  bound  to  structural  defects  [16-20]  and  Zn  related  recombinations  [21]. 

In  this  work  we  analyse  the  luminescence  between  3.36  eV  and  3.41  eV  of  nid 
hexagonal  GaN  samples  grown  on  sapphire.  We  found  sample  dependent  emission  lines 
with  no  DAP  behaviour.  From  the  data  we  are  able  to  identify  different  kinds  of 
recombination  processes  in  the  same  spectral  region. 

2.  EXPERIMENT 

Hexagonal  GaN  layers  of  ca.  2  pm  where  grown  by  MOCVD  on  (0001)  sapphire 
substrates.  Steady  state  (SS)  photoluminescence  (PL)  is  excited  by  the  325  nm  line  of  a 
He-Cd  laser.  The  luminescence  signal  was  dispersed  by  a  SPEX  1704  Im 
monochromator  and  detected  by  a  Hamamatsu  photomultiplier.  Excitation  intensity  was 
varied  by  neutral  density  (ND)  filters.  Time  resolved  (TR)  measurements  were  carried 
out  with  a  pulsed  Xe  lamp  as  an  excitation  source  and  a  boxcar  system  for  detection.  The 
samples  were  mounted  on  a  cold  finger  of  a  closed-cycle  He  cryostat  and  the  temperature 
of  the  samples  was  varied  between  12-300K. 
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Samples  are  oxygen  free  and  present  a  background  concentration  of  approximately 
5x  IOl7cm'\ 

3.  RESULTS 

Fig.  I  shows  SSPL  and  TRPL  of  an  oxygen  free  sample  (sample  A)  where  besides  the 
excitonic  emissions  at  3.47  eV,  DAP  recombination  at  3.27  eV  and  a  yellow  band  (YB) 
recombination  a  set  of  lines  can  be  observed  in  the  range  between  3.3  and  3.41  eV, 
namely  at  3.400  eV,  3.342  and  3.328  eV  (Fig.  2). 


Energy  /  eV  Biergy/eV 


Fig.  I :  SS  and  TRPL  of  sample  A  at  1  OK  pig.  2:  Temperature  dependent  PL  spectra  of 

sample  A 

From  time  dependent  analysis  of  luminescence  we  are  able  to  assume  that  all  high 
energy  side  emissions  are  fast,  shorter  than  microseconds  as  they  do  not  appear  in  time 
resolved  spectra.  The  TRPL  spectra  show  that  only  the  3.27  eV  DAP  and  the  YB 
transitions  have  contributions  with  lifetimes  above  10  |lls.  With  increasing  temperature 
the  excitonic  emissions  shift  to  lower  energies  while  the  3.400  eV  emission  shifts  to 
higher  energies  (Fig.  2)  indicating  that  they  have  different  origin  although  they  show  a 
similar  quenching.  The  60  meV  energy  separation  indicates  that  the  3.4  eV  emission 
cannot  be  a  LO  assisted  phonon  replica  of  the  excitonic  recombinations.  Also  the  relative 
intensity  of  the  3.4  eV  band  and  excitonic  emissions  is  position  dependent. 

There  is  no  significant  shift  of  the  peak  position  of  the  3.4  eV  band  with  varying 
excitation  density  while  under  low  levels  of  photoexcitation  density  a  high  energy  shift  of 
the  excitonic  emission  is  observed  (Fig.  3). 


Excitation  Intensity 


Fig.  3:  Excitation  intensity  Fig.  4:  Emission  intensity  for  various 

dependence  of  PL  of  sample  A  excitation  intensities  (sample  A) 


On  the  other  hand  a  super-linear  behaviour  of  the  3.400  eV  band  with  increasing 
excitation  intensity  can  be  observed  (Fig.  4 ) 

Some  of  the  nid  samples  present  only  excitonic  lines  and  their  vibronic  replicas. 
However  in  some  samples  an  overlap  of  several  high  energy  emission  lines  (peaked 
between  3.3  to  3.43  eV)  with  LO  phonon  assisted  replicas  of  excitonic  transitions  are 
observed  as  shown  in  Fig.  5  and  6  (sample  B).  Some  of  these  lines  show  a  smaller 
quenching  than  the  excitonic  emissions.  It  is  interesting  to  note  that  a  line  that  appears  at 
3.402  eV  (very  close  in  energy  to  the  3.400  eV  emission  of  sample  A)  shifts  to  lower 
energies  with  increasing  temperature  (broken  line  in  Fig.  5) 

The  line  at  3.383  eV  (sample  B)  shows  a  quite  different  evolution  with  temperature. 
In  Fig.  7  and  8  a  plot  of  luminescence  intensity  versus  temperature  is  shown  for  the  3.400 
eV  line  and  DX  emission  of  sample  A  and  the  3.373  eV,  3.383  eV,  3.402  eV  and  DX  line 
of  sample  B.  The  overall  shape  of  the  quenching  curve  of  emissions  of  sample  A  and  B 
are  generally  described  by  equations  (1)  and  (2): 


I(T)  =  1(0)  [  1  +  Cj  exp  (-Eai/kBT)  +  Cj  exp  (-Eaj/ksT)]'1  ( 1 ) 

I(T)  =  1(0)  [  1  +  Ck  exp  (-Eak/kBT)]''  (2) 

where  the  weighting  factors  C#  express  the  weights  of  nonradiative  dissociation  channels 
and  E#  stands  for  the  thermal  activation  energy  of  the  quenching  processes.  For  the 
different  lines  these  values  are  given  in  table  1. 
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Energy  /  ev  Fig.  g:  pp  spectra  of  sample  B  for  3 

Fig.  5:  Temperature  dependent  PL  spectra  of  different  temperatures 

sample  B 


Fig.  7:  Temperature  quenching  of  sample  A  Fig.  8:  Temperature  quenching  of  sample  B 
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(eV) 

IHI 

Ea3 

(meV) 

1— BMi 
IHiHKcSSI 

3.46 

5.8 

30 

5.2 

18.8 

3.461 

140 

13.6 

(exc.) 

(DX) 

3.402 

5.0 

5.6 

340  44 

3.400 

5.0 

233 

3.5 

17.4 

3.383 

68 

29 

3.373 

592 

10 

Table 

1: 

Quenching  parameters  of  the  emission  lines 
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4.  Discussion 

In  the  spectral  region  between  3.33  and  3.43  eV  several  sample  dependent  emission 
lines  can  be  observed.  The  origin  of  the  emission  lines  is  discussed  in  detail  for  two 
samples. 

4.1  Sample  A 

In  this  sample  besides  the  characteristic  3.27  eV  DAP  emission  no  other  lines 
reveal  donor  acceptor  pair  behaviour.  In  fact  the  3.400  eV  line  shows  a  shift  to  higher 
energies  with  increasing  temperature  as  recently  reported  in  literature  [1 1,12].  However 
no  shift  of  the  peak  position  to  higher  energies  with  increasing  excitation  density  and  no 
long  lived  luminescence  (provided  from  distant  pairs)  was  observed  indicating  that  in  our 
samples  the  3.400  eV  line  is  not  a  DAP  recombination.  It  has  been  reported  that  this 
luminescence  was  attributed  to  oxygen  related  transitions  [9]  but  as  our  nid  samples  are 
oxygen  free  as  assessed  by  SIMS,  this  luminescence  cannot  be  related  to  oxygen. 

In  our  spectra  no  shoulder  is  observed  at  the  3.400  eV  luminescence  and  no 
enhancement  of  the  luminescence  was  observed  when  the  sample  was  excited  from  the 
backside  as  has  been  mentioned  in  a  recent  report  [19]  indicating  that  no  structural 
defects  at  the  interface  are  involved  in  this  recombination  line. 

While  the  exciton  energy  accompanies  the  band  gap  dependence  on  temperature 
the  3.400  eV  line  shifts  to  higher  energies.  This  clearly  shows  that  although  both  DX  and 
the  3.400  eV  line  show  similar  temperature  quenching  they  have  different  origins.  A  shift 
to  higher  energies  usually  indicates  a  free  to  bound  or  a  bound  to  free  transition.  A  free  to 
bound  transition  occurs  usually  when  at  low  temperature  DAP  emission  is  quenched  due 
to  ionisation  of  the  donor.  In  our  case  no  evidence  of  DAP  is  found.  So  we  may  assume 
that  the  3.400  eV  emission  may  be  due  to  a  bound  to  free  transition.  This  would  fit  the 
following  peak  energy  law  [11  ]:  hv=Eg- Ed  +  nkT  with  n=l.  This  value  accounts  for 
the  degeneracy  of  the  top  of  the  valence  band.  The  donor  level  would  be  located  about 
100  meV  below  the  conduction  band.  The  similar  quenching  may  suggest  that  this  donor 
is  populated  from  the  DX  transition. 

4.2  Sample  B 

As  in  previous  reports  [3-8]  some  samples  show  only  excitonic  lines  and  their  LO 
phonon  replicas  92  meV  apart.  However,  in  some  samples  an  overlap  of  several  emission 
lines  can  be  observed  as  in  our  sample  B.  In  this  sample  the  increase  of  the  FX  emission 
with  temperature  is  clearly  observed.  Furthermore  •  the  quenching  of  the  DX  emission 
gives  an  activation  energy  equal  to  the  spectroscopic  separation  between  the  FX  and  DX 
emissions  ( 1 3.6  meV). 

In  this  sample  the  3.383  eV  line  is  close  to  92  meV  below  the  free  exciton.  Previous 
results  [7,8]  clearly  indicate  a  very  small  phonon  coupling  of  the  free  exciton  but  in 
sample  B  the  emission  at  3.383  eV  reaches  the  intensity  of  the  free  exciton  emission  at 
I00K.  Therefore  we  can  exclude  a  LO  phonon  replica.  DAP  transitions  have  been 
ascribed  to  the  recombination  mechanisms  of  a  3.383  eV  line  in  Be  doped  samples 
[15,16].  Also  a  line  at  3.382  eV  has  been  ascribed  to  a  strong  phonon  replica  of  a  Ix 
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hound  exciton  peaked  at  3.4735  eV[22j.  However  in  our  undoped  sample  B  the  3.383  eV 
line  does  not  change  in  peak  position  with  temperature,  photoexcitation  density  and  delay 
times  indicating  that  this  emission  is  not  a  DAP  recombination.  On  the  other  hand  no  Ix 
line  was  observed  as  in  reference  [22]. 

10  meV  lower  in  energy  (3.373  eV)  another  line  is  observed.  This  line  shows  a 
different  quenching  process  than  the  other  lines  and  cannot  be  ascribed  to  a  LO  phonon 
replica  of  the  DX  emission. 

Although  the  3.402  eV  line  appears  very  close  in  energy  to  the  3.400  eV  emission  of 
sample  A  and  presents  a  similar  quenching  process  the  line  in  sample  B  shows  a  low 
energy  shift  with  temperature  while  the  line  of  sample  A  shifts  to  higher  energies.  So  the 
two  lines  cannot  be  attributed  to  the  same  defect. 


5.  CONCLUSIONS 

Emissions  in  GaN  between  the  excitonic  region  and  the  3.27  eV  DAP  transitions  are 
very  complex  and  sample  dependent.  We  show  that  lines  that  appear  in  the  same  spectral 
region,  or  very  close  in  energies  in  different  samples  present  some  common  behaviour 
but  also  differ  in  fundamental  characteristics  so  that  they  can  be  ascribed  to  different 
transitions.  Even  lines  that  might  be  LO  phonon  replicas  due  to  their  peak  position  are 
shown  to  be  of  different  origin  due  to  their  different  temperature  behaviour. 

These  results  show  that  different  recombination  channels  are  present  due  to  donor 
and/or  acceptor  levels  which  are  introduced  in  these  samples. 
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ABSTRACT 

We  report  an  experimental  (infrared  reflectance  spectroscopy)  and  theoretical  study  of 
the  polar  optical  phonons  in  hexagonal  ternary  nitride  compounds:  AlNm/GaNn  (n=2-8,  m=4,  8) 
superlattices  (SL)  and  spontaneously  ordered  AlxGaI.xN  (x=0.08-0.55)  alloys.  In  infrared  (IR) 
reflectivity  spectra  we  revealed  two  modes  having  strong  LO-TO  splitting  (20-150  cm'1),  and 
several  modes,  having  a  small  (1-3  cm'1)  LO-TO  splitting.  All  modes  have  a  very  high 
damping  parameter  >20  cm'1.  The  unusual  observation  is  the  negative  value  of  the  oscillator 
strength  for  the  weak  IR  mode  at  -690  cm'1,  suggesting  possible  lattice  instability,  consistent 
with  high  damping  observed.  We  found  from  lattice  dynamical  calculations  that  weak  IR  active 
modes  correspond  to  modes  localized  at  GaN-AIN  interfaces.  Our  analysis  has  shown  that  an 
anomalous  mode  is  induced  by  the  disorder  effects  and  arises  due  to  strong  overlapping  of  the 
LO-TO  phonon  branches  of  the  bulk  GaN  and  AIN.  In  SL  samples  the  anomalous  mode 
corresponds  to  phonons  localized  on  interface  inhomogenities. 

INTRODUCTION 

The  study  of  the  1H-V  nitrides  GaN,  AIN  and  their  alloys  has  attracted  considerable 
attention  during  the  last  several  years  due  to  their  application  in  wide  bandgap  optoelectronics 
and  microelectronics.  The  phonon  properties  of  wurtzite  GaN  and  AIN  are  intensively  studied 
and  well  understood.  Less  is  known  about  the  phonon  properties  of  ternary  AlGaN.  In  the 
present  paper  we  report  the  observation  of  an  anomalous  polar  mode  in  IR  reflectivity  spectra  of 
AlN/GaN  short-period  SLs  and  spontaneously  ordered  AlGaN  alloys.  This  mode,  observed  at 
-690  cm'1 ,  has  negative  oscillator  strength.  To  our  knowledge  this  is  the  first  observation  of 
such  modes  in  crystals.  Our  analysis  and  lattice  dynamical  calculations  show  that  this 
anomalous  mode  induced  by  GaN-AIN  interface  inhomogenities  and  disorder  effects. 

EXPERIMENTAL  METHOD 

Short  period  superlattice  films  were  fabricated  using  a  switched  atomic  layer 
metalorganic  vapor  deposition  process  as  described  in  [1].  The  films  were  deposited  onto  1.6  pm 
GaN  buffer  layer,  which  was  deposited  on  the  basal  plane  of  sapphire  substrate.  The  superlattice 
(SL)  consisted  of  a  few  hundred  periods  of  (AlNmGaN„)  unit  cell  made  up  of  m  monolayers  of 
AIN  and  n  monolayers  of  GaN.  In  the  present  work  we  studied  superlattices  having  m=4,  8  and 
n=2,  4,  6,  8.  The  SL  period  have  been  determined  by  X-ray  diffraction  and  transmission 
electron  spectroscopy  measurements  [1]. 
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AlxGai-xN  alloys  films  having  x=0.08, 0.22,  0.45,  0.55  and  thickness  0.7,  1.4,  0.55, 0.45 
jim,  respectively,  were  grown  by  molecular  beam  epitaxy  on  the  basal  plane  of  sapphire 
substrates  [2] .  The  X-ray  data  indicate  SL  ordering  of  the  films  [2] . 

The  crystal  symmetry  of  AlGaN  SLs  with  even  m+n  and  the  alloy  layers,  grown  on 
(0001)  sapphire  substrates,  can  be  characterized  by  space  group  C3V1  [3].  This  group  has  only  ir 
active  Ai  and  E  vibrational  representations.  We  will  distinguish  the  GaN-  and  AlN-type  ^ 
character  of  the  phonon  modes  by  figures  1  or  2.  It  should  be  noted  that  for  alloys,  the  C3V 
space  group  follows  from  the  fact  that  substitution  of  the  Ga(Al)  atoms  in  Al(Ga)  sublattice 
(chemical  disorder)  eliminates  improper  translation  (OOV2)  of  the  C46V  space  group  (bulk  GaN 
and  AIN),  which  replaces  a  sixfold  screw  axis  by  a  threefold  rotation  one. 

Polarized  room  temperature  IR  reflectance  spectra  were  taken  at  oblique  incidence  (55°) 
with  a  Bruker  IFS-66V  spectrometer.  In  the  simulations  the  reflectance  coefficient  was  expressed 
in  terms  of  dielectric  functions  £**  and  £zz  of  constituent  layers.  The  functions  £aa  (oc=x,  z)  were 

calculated  from  the  standard  expression:  eaa  (fi>)  =  £„  +  X  /  — ^ - T - *  ( 1 ) 

&T0qj-(»  -iWj 

Where  AkF^  ,  G>roaj,  Yj  and  are  mode  oscillator  strength,  transversal  frequency,  damping, 
and  high  frequency  dielectric  function  of  the  crystal.  The  subscript  a  shows  the  polarization  of 
the  mode.  The  oscillator  strength  was  expressed  via  transversal  and  longitudinal  phonon 
frequencies  according  to  [4].  Phonon  parameters  for  the  sapphire  substrate  and  buffer  GaN  layer 
entering  (1),  and  the  values  of  4 itiF#  were  taken  from  [5]  and  [6]. 

For  AlGaN  layers  E(TO)  and  E(LO)  phonon  frequencies  enter  £**,  while  Aj(LO)  and 
Ai(TO)  frequencies  enter  e^.  Only  £**  contributes  to  s-polarized  reflection,  while  both  £xx  and  £u 
contribute  to  p-polarization.  Our  calculations  have  shown  that  the  p-polarized  reflection 
coefficient  very  weakly  depends  on  £u:  The  only  ^parameter  which  affected  IR  reflectivity  is 
the  highest  frequency  Ai(L02)  phonon. 

IR  SPECTRA  OF  AlN/GaN  SL  AND  ALLOYS 

In  Fig.  1  we  present  measured  and  calculated  s-polarized  (Fig.l,a-e)  and  p-polarized  (f-j) 
IR  spectra  of  three  SL  and  two  alloy  samples.  In  most  of  the  samples  we  can  distinguish  two 
main  AlGaN  restrahl  bands  -  E(l)  and  E(2),  corresponding  to  the  main  GaN-  and  AlN-type 
modes  with  frequencies  of  TO/LO  components -570/620  and -640/840  cm  respectively.  In 
the  p-polarization  of  the  SL  samples  the  E(2)  band  contains  a  sharp  minimum  at  740  cm'  due  to 
the  Ai  (LO)  phonon  of  the  buffer  GaN  layer.  The  minimum  corresponding  to  the  high  frequency 
edge  of  E(2)  band  (-850  cm'1)  in  s-  and  p-polarizations  related  to  the  E(x,y)  and  Aj(z) 
components  of  L02  phonon,  respectively,  enabling  us  to  measure  its  angular  anisotropy. 

In  SL  samples  (Fig.  1,  a,f  and  c,h)  the  fine  structure  of  E(l)  mode  is  revealed.  It  appears 
due  to  an  additional  weak  (LO-TO  splitting  -2  cm'1)  band  e(l)  near  600  cm'1.  We  can  also  see 
that  the  E(l)  band  in  alloy  samples  has  asymmetry  of  its  shape  which  can  be  an  evidence  of  the 
e(l)  mode  contribution. 

The  most  interesting  feature  in  the  reflectance  spectra  in  Fig.  1  is  the  fine  structure  of  the 
E(2)  band  observed  in  all  samples.  It  consists  of  a  small  but  distinct  peak  e(la)  at  -690  cm' 
followed  by  a  very  weak  minimum  e(2)  at  -710  cm'1  and  arises  from  two  weak  modes  with 
small  LO-TO  splitting  (1-2  cm'1). 

The  unusual  feature  is  the  negative  value  of  the  oscillator  strength  for  the  e(la)  mode, 
i.e.  peak  in  the  spectra  instead  of  the  dip.  This  is  demonstrated  in  Fig.  2.  We  see  that  only  a 
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Fig.  1 IR  spectra  (a-e  -  s-polarization,  f-j  -  p-polarization)  of  AlNmGaNn  SLs  (nxm:  8x4  -  a,f;  4x4 
-  b,  g;  2x8  -  c,  h)  and  AlxGai-xN  alloys  (x:  0.22  -  d,  i;  0.45  -  e,  j) 

negative  value  of  the  oscillator  strength  for  the  e(la)  mode  leads  to  the  characteristic  peak  at  690 
cm'1  observed  in  the  experiment .  The  important  consequences  of  this  anomaly  is  the  high 
phonon  damping  (tf>20  cm'1)  in  AlGaN.  It  is  clear  from  Fig.  2  that  for  smaller  damping 
(^=10  cm'1 )  the  e(la)  reflection  peak  has  at  maximum  unphysical  value  greater  than  unity. 

This  corresponds  to  negative  value  of  imaginary  part  of  the  dielectric  function  of  the  crystal 
In^e**),  i.e.  to  the  amplification  of  the  electromagnetic  waves  and  lattice  instability.  For  ^=20 
cm'1  the  broadening  of  the  peak  gives  the  positive  value  of  In^e**)  at  690  cm'1  and  the  value  of 
the  reflection  coefficient  less  than  unity. 

In  Fig.  3  we  summarize  the  mode  frequencies  versus  AIN  content  of  all  measured 
samples.  The  frequencies  of  the  main  E(TOl),  E  (LOl),  E(T02),  as  well  as  weak  e(la)  and  e(2) 
IR  modes  are  close  in  SLs  and  alloys  with  the  same  AIN  content. 
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As  can  be  seen  from  Fig.  3  there  is  a  the  strong  difference  in  the  frequency  of  the 
Aj(L02)  phonon  in  SLs  and  alloys  indicating  its  different  angular  dispersion.  In  SLs  the 


Wave  number,  cm'1 


Fig.  2.  Effect  of  anomalous  e( la) 
mode  in  IR  spectra  of  AlGaN. 
Measured  p-spectra  of  Alo.55Gao.45N 
alloy  -  solid  curve;  calculated  curves 
(7j  in  cm"1):  dash-dotted  -  Fe(jaj> 0, 75 
=10;  dotted  -  Fe(ia)<0,  ^ =10;  dashed 
Fe(la)< 0,  71=20  . 


difference  between  frequencies  of  Ai(L02)  and  E(L02)  is  positive  and  has  value  ~50  cm'1 .  In 
alloys  it  is  negative  and  equals  ~10  cm'1.  In  SLs  the  angular  dispersion  of  the  L02  mode 
frequency  reflects  the  differences  in  the  average  macroscopic  polarization  field  for  the  modes 


m/(n+m)  AIN  -  content 


Fig.  3.  Frequencies 
of  the  LO/TO 
components  of  the 
polar  phonons  of 
AlNm/GaNn  SLs  (a) 
and  AlGaN  alloys  (b) 
versus  AIN  content. 
Only  TO  components 
frequencies  are 
shown  for  e(l),  e(2), 
and  e(la)  modes 
because  of  their  small 
LO-TO  splitting  value 
(~l-5  cm1). 


propagating  along  and  perpendicular  to  the  layers  [7].  This  implies  the  existence  of  the  GaN- 
A1N  interfaces  and  has  a  purely  long-range  origin.  In  alloys  the  anisotropy  of  the  L02  phonon 


frequency  reflects  the  anisotropy  of  the  short-range  atomic  forces.  As  can  be  seen  from  Fig.3,b 
this  anisotropy  in  alloys  is  the  same  as  in  bulk  materials.  These  angular  anisotropy  effects  for 
L02  phonon  are  well  reproduced  in  our  microscopic  lattice  dynamical  calculations  (see  below). 

It  can  be  seen  from  Fig.  3  that  frequencies  of  the  transversal  modes  E(TOl)  and  E(T02) 
differ  slightly  from  those  of  the  corresponding  bulk  materials  compared  with  longitudinal  ones 
-  E(LOl)  and  E(L02).  For  the  GaN-type  LOl-phonon  a  strong  decreasing  of  the  frequency  in 
ternary  AlGaN  (down  to  610  cm'1)  is  unusual,  because  of  its  small  dispersion  in  the  bulk  (670- 
740  cm'1)  [8].  However,  the  decreasing  of  the  LOl  phonon  frequency  below  the  T02  frequency 


is  required  the  necessity  of  having  a  positive  value  of  the  oscillator  strength  for  GaN-type 
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phonons  (lattice  stability).  If  such  a  decrease  involves  short-range  interaction,  it  occurs  via  a 
strong  deformation  of  the  Ga-N  bond.  If  this  happens,  the  local  strains  will  act  to  prevent  the 
bond  deformation  what  can  activate  the  anomalous  e(la)  mode.  This  was  confirmed  by  our 
lattice  dynamical  calculations. 

LATTICE  DYNAMICS  OF  ALN/GaN  SL 

We  used  lattice  dynamical  calculations  of  AlNm/GaNn  SL  optical  phonon  frequencies  and 
IR  activity.  The  model  is  based  on  the  short-range  interatomic  potentials  and  rigid-ion  Coulomb 
interactions  developed  for  bulk  GaN  and  AIN  [8].  The  positions  of  the  atoms  in  the  unit  cell  are 
calculated  using  the  condition  of  the  conservation  of  the  bulk  bond  lengths  and  the  value  of  the 
lattice  parameter  c  determined  from  X-ray  data. 

The  eigenvectors  of  GaN-type  phonons  calculated  for  a  4x4  SL  for  two  different  charge 
values  of  interface  N  atoms  are  presented  in  Fig.  4.  In  Fig.  4  we  used  the  subscript  l  (for  />1)  in 
our  notations  of  modes,  which  is  equal  to  a  quantum  number  of  the  wavevector  along  the  SL  axis 
(see  below).  In  model  A  the  charges  of  the  N  interface  atoms  were  equal  to  bulk  GaN  (-1.14) 
and  AIN  (-1.25)  values  for  AlGa3N  and  Al3GaN  interfaces,  respectively.  In  model  B  they 
were  taken  equal  to  the  averaged  value  over  the  charge  of  the  neighboring  metallic  atoms,  i.e. 

-1.17  and  -1.21,  which  qualitatively  accounts  for  chemical  bonding  effects. 
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Fig.  4.  Displacement  patterns  of  the  GaN-type  E-modes  in  AlN4GaN4  SL  calculated  in  model  A 
(left)  and  model  B  (right). 

We  can  see  from  Fig.  4  that  in  model  A  the  confined  E(TO/)  modes  are  well  described  by  the 
standing  waves  envelopes  with  wave  vector  q  =  j^l ,  where  k  is  the  number  of  monolayers,  a 

is  the  thickness  of  the  monolayer  and  1  <  l  <  k  .  In  this  case  the  layer  has  one  main  IR  active 
mode  having  1=  1.  In  model  B  there  is  an  additional  IR  active  mode  localized  near  the  interface. 
In  this  case  E(TO)  mode  is  confined  in  k-1  monolayers  and  has  k-1  quantized  components. 
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Our  observation  of  the  weak  e(l)  and  e(2)  inodes 
is  qualitatively  consistent  with  model  B.  This  is 
demonstrated  in  Fig.  5  where  we  presented  the 
transverse  and  longitudinal  response  functions  of 
a  4x4  SL  extracted  from  experimental  IR  spectra 
and  calculated  (using  y  =3  cm'1)  in  models  A  and 
B.  The  modes  e(l)  and  e(2)  localized  at  AlGasN 
and  AUGaN  interfaces  are  clearly  revealed  in 
model  B.  The  differences  in  the  calculated  and 
observed  frequencies  indicates  a  deformation  of 
bonds,  which  can  be  expected  due  to  the 
presence  of  the  anomalous  mode. 

From  Fig.4  and  5  we  see  that  in  an  ideal  SL 
no  anomalous  mode  exists  because  there  is  a 
strong  decreasing  of  the  E(LOl)  phonon 
frequency  down  to  580  cm'1  due  to  its 
penetration  in  the  AIN  layer,  which  has  purely 
electrostatic  origin.  In  the  calculation  where  we 
exclude  this  effect,  putting  the  mass  of  AIN  equal 
1000,  we  obtain  the  E(LOl)  phonon  frequency  of 
670  cm'1  which  is  close  to  the  frequency  of  the 
e(la)  mode.  This  shows  that  modes  strongly 
Fig.  5.  Im  (£**)  and  ImC-l/e**)  localized  in  GaN  bonds  must  have  anomalous  IR 

functions  of  AlN4/GaN4  SL:  a  -  behavior  in  AlGaN  material.  While  in  alloys 

experimental;  b  -  model  B.  Insert  suc h  localization  is  natural  to  assume  due  to 

shows  results  for  model  A  disorder,  in  SLs  the  localization  of  modes  can 

occur  at  interface  inhomogeneities:  fluctuation  of 
layer  thickness  or  layer  intermixing.  Our  observation  of  the  interface  e(2)  mode  in  alloys  is 
consistent  with  their  SL  ordering.  As  at  the  GaN-AIN  interface  the  reduction  of  the  LOl  phonon 
frequency  occurs  via  long-range  interaction  which  does  not  involve  bond  deformation,  we  can 
suppose  that  SL  ordering  effects  is  the  intrinstic  feature  of  AlGaN. 

An  interesting  consequence  of  the  observed  IR  anomaly  in  AlGaN  is  the  possibility  of 
amplification  of  IR  radiation  if  one  can  create  conditions  for  decreasing  phonon  damping  (see 
Fig.  2). 
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ABSTRACT 

We  report  the  results  of  nondegenerate  optical  pump-probe  absorption  experiments  performed  on 
GaN  and  InGaN  thin  films  and  quantum  wells  under  the  conditions  of  strong  optical  band  to  band 
excitation.  The  evolution  of  the  band  edge  in  these  materials  was  monitored  as  the  number  of  photo- 
excited  free  carriers  was  increased  beyond  that  required  to  achieve  population  inversion  and  observe 
stimulated  emission.  The  band  edge  of  InGaN  is  shown  to  exhibit  markedly  different  high  excitation 
behavior  than  that  of  GaN,  explaining  in  part  the  reduction  in  stimulated  emission  threshold  that  typically 
accompanies  the  incorporation  of  indium  into  GaN  to  form  InGaN.  A  comparison  of  the  band  edge 
absorption  changes  observed  in  pump-probe  experiments  to  the  gain  spectra  measured  in  variable-stripe 
gain  experiments  is  also  given. 

INTRODUCTION 

GaN  and  its  respective  alloys  (InGaN  and  AlGaN)  have  been  attracting  an  ever  increasing 
amount  of  attention  due  to  their  physical  hardness,  inert  nature,  and  large  direct  band  gaps,  making  them 
promising  materials  for  UV-Blue-Green  light  emitting  devices  and  detectors.1  Current  technological 
advances  have  made  high  brightness  light-emitting  diodes  (LED’s)  and  cw  laser  diodes  based  on  these 
materials  a  reality.2  Their  nonlinear  properties  are  now  becoming  a  focus  for  many  research  groups. 
Femtosecond  four-wave-mixing  (FWM)  experiments  have  been  used  to  study  the  dephasing  times  of  the 
A  and  B  free  excitons  in  GaN,3,4  and  femtosecond  pump-probe  transient  transmission  experiments  have 
been  used  to  study  the  ultrafast  carrier  dynamics  in  InGaN  expitaxial  films.5  Picosecond  FWM 
experiments  have  shown  strong  optical  nonlinearities  below6  and  at  the  band  edge  of  GaN,7  as  have 
nanosecond  FWM  experiments.8  However,  much  information  is  still  unknown  about  the  optical 
phenomena  exhibited  by  these  materials  at  the  high  carrier  densities  at  which  practical  devices  operate. 
Recently,  nanosecond  pump-probe  transmission  experiments  have  shown  exciton  saturation  due  to 
resonant  and  below  resonance  optical  excitation  of  the  excitonic  transitions  of  GaN.7  Nanosecond  pump- 
probe  experiments  with  optical  excitation  above  the  band  gap  of  GaN  have  also  been  reported9’10  and 
have  shown  large  values  of  induced  transparency  and  induced  absorption  in  the  band  gap  region  with 
increasing  optical  excitation.  The  time  evolution  of  these  band  edge  changes  have  been  studied  on 
femtosecond,11  picosecond,12  and  nanosecond13  time  scales.  Similar  experiments  have  been  performed  on 
InGaN  thin  films  and  multiple  quantum  wells  (MQWs). 14,15  A  better  understanding  of  the  optical 
phenomena  associated  with  high  carrier  concentrations  in  this  material  system  is  important,  not  only  for 
general  physical  insight,  but  also  as  an  aid  in  designing  practical  devices.  We  present  here  a  direct 
comparison  of  the  absorption  properties  of  GaN  and  InGaN-based  structures  in  their  highly  excited  state. 
The  magnitude  of  the  nonlinearities  studied  in  this  work  suggests  the  possibility  of  new  photonic  devices 
based  on  the  group  III  nitrides  as  optical  switches. 

EXPERIMENT 

The  GaN  samples  used  in  this  work  were  nominally  undoped  single-crystal  films  grown  by 
metalorganic  chemical  vapor  deposition  (MOCVD)  on  (0001)  oriented  sapphire  substrates.  Thin  AIN 
buffer  layers,  approximately  50  nm  thick,  were  deposited  on  the  substrate  at  775  °C  before  the  growth  of 
the  GaN  epilayers.  The  GaN  layers  were  then  deposited  at  1040  °C  directly  on  the  AIN  buffer  layers.  A 
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GaN  layer  thickness  of  0.38  was  used  for  the  data  presented  here.  The  Ino.i8Gao.g2N  layer  used  in  this 
study  was  grown  by  MOCVD  at  800  °C  on  a  1.8  Jim  thick  GaN  layer  deposited  at  1060  °C  on  (0001) 
oriented  sapphire  .  The  Ino.1sGao.82N  layer  was  0.1  pm  thick  and  was  capped  by  a  0.05  pm  GaN  layer. 
The  InGaN/GaN  MQW  was  grown  by  MOCVD  on  a  1.8  pm  thick  GaN  buffer  layer  grown  on  a  (0001) 
oriented  sapphire  substrate.  The  active  region  was  made  up  of  12  quantum  wells  consisting  of  3  nm  thick 
InGaN  wells  and  4.5  nm  thick  Si  doped  (n  -  2xl018  cm'3)  GaN  barriers.  The  average  In  composition  in 
the  wells  was  ~  18  %.  The  structure  was  capped  by  a  0.1  pm  thick  Alo.07Gao.93N  layer.  A  detailed 
description  of  the  growth  conditions  is  given  elsewhere.16  The  average  In  composition  was  measured 
using  high-resolution  x-ray  diffraction  and  assuming  Vegard’s  law.  We  note  that  the  actual  InN  fraction 
could  be  smaller  due  to  systematic  overestimation  when  assuming  Vegard’s  law  in  this  strained  material 
system.17 

The  nondegenerate  optical  pump-probe  experiments  were  performed  using  frequency  doubled 
radiation  from  a  nanosecond  dye  laser  as  a  UV  pumping  source  and  broadband  fluorescence  from  a  dye 
solution  as  the  probe  source.  The  experimental  system  for  the  GaN  studies  consisted  of  an  amplified  dye 
laser  pumped  by  the  second  harmonic  of  an  injection  seeded  Nd:YAG  laser  operating  at  10  Hz.  The  deep 
red  radiation  from  the  dye  laser  was  frequency  doubled  in  a  nonlinear  crystal  to  produce  the  near  UV 
wavelengths  used  to  synchronously  pump  the  GaN  layers  above  their  band  gaps  and  the  dye  solution. 
The  UV  fluorescence  from  the  dye  solution  was  collected  and  focused  onto  the  GaN  layer  coincidental 
with  the  pump  beam.  The  broadband  transmitted  probe  was  then  collected  and  focused  on  the  slits  of  a 
1  meter  spectrometer  and  spectrally  analyzed  using  a  UV  enhanced,  gated  CCD.  A  pump  wavelength  of 
337  nm  (3.678  eV)  was  used  for  the  GaN  data  presented  in  this  report.  For  the  InGaN  epilayer  and 
MQW  experiments,  the  third  harmonic  of  the  Nd:YAG  laser  (3.49  eV)  was  used  in  place  of  the  dye  laser 
to  synchronously  pump  the  individual  samples  and  the  dye  solution.  The  sample  temperature  was  varied 
between  10  K  and  room  temperature  through  the  use  of  a  closed  cycle  refrigerator. 

RESULTS 

Figure  1(a)  shows  the  10  K  absorption  spectra  near  the  band  gap  for  a  0.38  pm  GaN  sample 
subjected  to  several  different  pump  power  densities  (Lxc)-  We  note  here  that  the  unpumped  absorption 
spectra  agree  very  well  with  published  cw  absorption  values  for  the  same  sample.18  Fig.  1(c)  shows  the 
measured  absorption  changes  with  respect  to  the  unpumped  spectra  for  the  pump  densities  given  in 
Fig.  1(a),  where  Aa  =  a(IeXC)  -  «(0).  Induced  transparency  (Aa  negative)  in  the  excitonic  region  and 
induced  absorption  (Aa  positive)  in  the  below-gap  region  are  clearly  seen  with  increasing  pump  density. 
Fig.  1(b)  shows  room  temperature  (RT)  absorption  spectra  for  several  different  pump  densities.  We  note 
that  at  RT,  the  A  and  B  free  exciton  features  seen  in  Fig.  1(a)  have  broadened  and  merged  into  one  and 
the  resulting  induced  transparency  with  increasing  Lxc  is  about  one  third  that  at  10  K.  The  below-gap 
induced  absorption  is  seen  in  Fig.  1(d)  to  be  approximately  half  that  at  10  K.  The  decrease  in  the  free 
exciton  absorption  with  increasing  Lxc  is  attributed  to  many  body  effects,  such  as  exciton  screening  by 
free  carriers,  causing  a  diminution  of  their  oscillator  strength.19  Lattice  heating  has  been  proposed  as  the 
origin  of  the  below-gap  induced  absorption,8’11  but  is  not  consistent  with  observations  in  other  nitride 
materials  (see  the  following  section).  It’s  origin,  therefore,  is  still  not  well  understood.  We  note  that  the 
observed  induced  absorption  is  spectrally  located  in  the  region  in  which  stimulated  emission  (SE)  is 
observed  and  net  optical  gain  is  expected,  indicating  a  complex  relation  exists  between  induced 
absorption  and  gain  in  MOCVD-grown  GaN  thin  films.  We  also  note  that  these  samples  are  optically 
thick  (ocL  ~  4  for  the  pump  wavelength  and  sample  thickness,  L  =  0.38  pm,  used  in  this  study),  so  the 
pump  intensity  is  appreciably  diminished  as  it  traverses  the  sample  thickness.  Therefore,  the  resulting 
values  of  Aa  presented  here  are  lower  limit  values  of  the  actual  change  with  pump  density. 

Figures  2(a)  and  2(b)  show  the  absorption  spectra  of  the  InGaN  reference  layer  near  the 
fundamental  absorption  edge  at  10  K  and  RT,  respectively.  The  oscillatory  structure  is  a  result  of  thin 
film  interference.  With  increasing  excitation  density  of  the  pump  pulse,  the  absorption  coefficient  in  the 
band  tail  region  is  seen  to  decrease  significantly.  This  bleaching  was  observed  to  saturate  for  Lxc 
exceeding  ~  2  MW/cm2  at  10  K  and  RT.  Similar  behavior  is  observed  for  the  MQW  sample  (not  shown), 


434 


Photon  Energy  (eV)  Photon  Energy  (eV) 


Photon  Energy  (eV)  Photon  Energy  (eV) 


Figure  1:  (a)  10  K  and  (b)  room  temperature  absorption  spectra  near  the  fundamental  absorption  edge  as  a 
function  of  optical  excitation  density  (IeXC)  for  a  0.38  pm  thick  GaN  layer  grown  by  MOCVD  on  (0001) 
oriented  sapphire,  (c),  (d)  Differential  absorption  spectra  as  a  function  of  Iexc,  Aa  =  a(IeXC)  -  a(0),  for  the 
spectra  in  (a)  and  (b),  respectively.  The  A  and  B  free  exciton  transitions  are  clearly  seen  in  the  unpumped  10  K 
spectrum.  Complete  exciton  saturation  is  seen  for  IeXC  approaching  3  MW/cm2  at  both  10  K  and  room 
temperature.  Induced  transparency  in  the  excitonic  region  and  induced  absorption  in  the  below-gap  region  are 
clearly  seen  with  increasing  Iexc  at  both  temperatures.  The  excitation  wavelength  was  337  nm  (3.678  eV). 

the  only  difference  being  a  larger  spectral  region  exhibiting  absorption  bleaching  due  to  the  larger  band 
tailing  exhibited  by  the  MQW  sample.  The  differential  absorption  spectra  are  also  shown  in  Figs.  2(c) 
and  2(d)  for  clarity.  We  note  that  the  induced  transparency  associated  with  the  absorption  bleaching  is 
quite  large,  exceeding  3  x  104  cm'1  at  both  10  K  and  RT.  The  spectral  region  in  which  SE  is  observed  is 
also  indicated  in  Figs.  2(c)  and  2(d).  Clear  features  in  the  induced  absorption  bleaching  spectra  are  seen 
to  coincide  with  these  spectral  regions  and  are  attributed  to  net  optical  amplification  (gain)  of  the  probe 
pulse.  Again,  similar  behavior  was  observed  for  the  InGaN/GaN  MQW  sample.  Induced  absorption  was 
not  observed  for  either  InGaN  based  structure.  This  lack  of  induced  absorption  in  the  gain  region  of 
InGaN-based  structures  explains  in  part  the  typical  reduction  in  SE  threshold  that  accompanies  the 
incorporation  of  indium  into  GaN  to  form  InGaN.20 

The  modal  gain  spectra  measured  by  the  variable-stripe  method  of  Shaklee  and  Leheny21  are 
shown  in  Figs.  3(a)  and  3(b)  for  the  InGaN/GaN  MQW  and  InGaN  thin  film,  respectively.  The  spectra 
were  taken  for  excitation  lengths  less  than  200  pm  to  minimize  re-absorption  induced  distortions  in  the 
spectra.22'23  The  excitation  densities  in  Figs.  3(a)  and  3(b)  are  given  with  respect  to  the  SE  threshold  (I*) 
measured  for  long  (>  2  mm)  excitation  lengths.  A  clear  blueshift  in  the  gain  peak  with  increasing  optical 
excitation  is  seen  for  the  MQW.  This  blueshift  was  observed  to  stop  for  IeXC  >  12  x  I*.  Further  increases 
in  ^  resulted  only  in  an  increase  in  the  modal  gain  maximum.  The  large  shift  in  the  gain  maximum  of 


435 


Photon  Energy  (eV)  Photon  Energy  (eV) 

2.95  3.00  3.05  3.10  2.90  2.95  3.00  3.05  3.10 


Photon  Energy  (eV)  Photon  Energy  (eV) 


Figure  2:  (a)  10  K  (b)  room  temperature  optical  absorption  spectra  of  an  InGaN  thin  film  near  the 
fundamental  absorption  edge  as  a  function  of  above-gap  optical  excitation,  (c),  (d)  Differential  absorption 
spectra,  Aa(Iexc)  =  a(I„c)  -  a(0),  as  a  function  of  above-gap  optical  excitation  for  the  spectra  shown  in  (a) 
and  (b),  respectively.  The  oscillatory  structure  in  (a)  and  (b)  is  a  result  of  thin  film  interference.  The 
excitation  wavelength  was  355  nm  (3.492  eV).  The  SE  energy  is  indicated  for  completeness. 

the  MQW  to  higher  energy  with  increasing  IeW  is  consistent  with  band  filling  of  localized  states  in  the 
InGaN  active  layers.  Similar  behavior  was  observed  at  room  temperature.  The  blueshift  in  the  gain 
spectra  of  the  InGaN  thin  film  is  seen  to  be  considerably  smaller  than  that  of  the  MQW.  It  was  also 
observed  to  stop  at  considerably  lower  excitation  densities.  The  modal  gain  spectra  of  both  samples  are 
seen  to  correspond  spectrally  with  the  low  energy  tail  of  the  band  tail  state  absorption  bleaching  spectra, 
as  shown  in  Figs.  3(c)  and  3(d). 

Figures  3(c)  and  3(d)  show  a  comparison  of  the  absorption  bleaching  spectra  of  the  InGaN/GaN 
MQW  and  the  InGaN  thin  film  for  several  excitation  densities  below  and  above  the  SE  threshold.  An 
interesting  difference  between  the  two  structures  is  the  behavior  of  the  absorption  bleaching  as  the  SE 
threshold  is  exceeded.  As  the  pump  density  is  increased,  the  bleaching  is  observed  to  increase  for  both 
samples.  As  the  SE  threshold  is  exceeded,  though,  the  bleaching  of  the  MQW  tail  states  is  seen  to 
decrease  significantly  with  increasing  excitation,  while  the  bleaching  of  the  epilayer’s  tail  states 
continues  to  increase  with  increasing  excitation  density.  This  is  clearly  seen  in  Figs.  3(c)  and  3(d),  where 
the  dotted  and  dashed  lines  show  the  bleaching  spectra  for  excitation  densities  below  the  SE  threshold 
and  the  solid  lines  show  the  bleaching  spectra  for  excitation  densities  above  the  SE  threshold.  The  SE 
thresholds  for  the  MQW  and  epilayer  were  measured  to  be  ~  350  and  300  kW/cm2,  respectively,  for  the 
experimental  conditions.  The  bleaching  behavior  of  the  MQW  is  attributed  to  the  opening  up  of  the 
bottleneck  in  the  carrier  relaxation  process  due  to  the  fast  depopulation  of  carriers  participating  in  the  SE 
process.24  For  the  InGaN  thin  film,  the  recombination  lifetime  was  found  to  always  be  significantly 
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Figure  3:  10  K  modal  gain  spectra  of  (a)  an  InGaN/GaN  MQW  and  (b)  an  InGaN  epilayer  as  a  function  of 
above-gap  optical  excitation.  The  excitation  densities,  IeXC>  are  given  with  respect  to  the  SE  thresholds,  I*, 
measured  for  long  (>  2  mm)  excitation  lengths.  A  clear  blueshift  in  the  gain  maximum  and  gain/absorption 
crossover  point  is  seen  with  increasing  optical  excitation  for  the  MQW  sample.  This  trend  is  much  less 
obvious  for  the  InGaN  epilayer.  (c),  (d)  10  K  nanosecond  nondegenerate  pump-probe  differential  absorption 
spectra  for  the  structures  in  (a)  and  (b),  respectively,  showing  absorption  bleaching  (Aa  negative)  of  band 
tail  states  with  increasing  Iexc.  Aa(Iexc)  =  <x(Iexc)  -  a(0)  and  I„  =  100  kW/cm2.  The  SE  threshold  for  the 
MQW  and  epilayer  was  found  to  be  ~  350  and  300  kW/cm2,  respectively,  for  the  experimental  conditions  of 
(c)  and  (d).  An  excitation  wavelength  of  355  nm  (3.492  eV)  was  used  for  the  data  shown  in  (a)  through  (d). 

shorter  than  the  pump  pulse,  leading  to  no  observable  change  in  the  relaxation  dynamics  of  the  higher 
energy  band  tail  states  as  the  SE  threshold  is  exceeded. 

CONCLUSIONS 

In  summary,  nanosecond  nondegenerate  optical  pump-probe  absorption  experiments  have  been 
performed  on  GaN  thin  films,  InGaN  thin  films,  and  InGaN/GaN  MQWs  grown  by  MOCVD  on  (0001) 
oriented  sapphire  in  order  to  further  understand  the  optical  phenomena  associated  with  high  carrier 
densities  in  this  material  system.  The  evolution  of  the  band  edge  was  monitored  as  the  number  of  free 
carriers  was  increased  by  photo-excitation.  Exciton  saturation  was  observed  in  GaN  with  increasing 
carrier  concentration,  with  a  resulting  decrease  in  the  absorption  coefficient  approaching 
Aa  =  -  4  x  104  cm'1  at  10  K  and  -  2  x  104  cm'1  at  RT.  In  addition,  large  below-gap  induced  absorption 
exceeding  Aa  =  4  x  104  cm'1  at  10  K  and  2  x  104  cm'1  at  RT  was  observed  in  GaN  as  the  pump  density 
was  increased  to  over  3  MW/cm2  .  The  exciton  saturation  is  explained  by  many  body  effects,  such  as 
screening  by  excess  free  carriers.  The  origin  of  the  below-gap  induced  absorption  is  still  not  well 
understood,  but  is  most  likely  a  result  of  the  high  density  of  defects  in  MOCVD-grown  GaN  films.  In 
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contrast,  InGaN  based  structures  were  observed  to  only  exhibit  strong  bleaching  of  band  tail  states  with 
increasing  above-gap  optical  excitation.  The  induced  transparency  associated  with  the  absorption 
bleaching  was  found  to  exceed  3  x  104  cm*1  at  both  10  K  and  RT.  The  magnitude  of  the  bleaching  in  the 
InGaN/GaN  MQW  was  found  to  be  significantly  affected  by  the  onset  of  SE,  indicating  the  carriers 
responsible  for  bleaching  and  SE  share  the  same  recombination  channels  in  these  structures.  Optical  gain 
was  observed  on  the  low  energy  tail  of  the  absorption  bleaching  spectra  for  both  InGaN  structures.  The 
large  values  of  induced  transparency/absorption  studied  in  this  work  suggest  the  potential  of  new 
optoelectronic  applications,  such  as  optical  switching,  for  the  group  HI  nitrides. 
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ABSTRACT 

We  report  the  results  of  an  experimental  study  on  near-threshold  gain  mechanisms  in  optically 
pumped  GaN  epilayers  and  InGaN/GaN  heterostructures  at  temperatures  as  high  as  700  K.  We 
show  that  the  dominant  near-threshold  gain  mechanism  in  GaN  epilayers  is  inelastic  exciton- 
exciton  scattering  for  temperatures  below  ~  150  K,  characterized  by  band-filling  phenomena  and 
a  relatively  low  stimulated  emission  (SE)  threshold.  An  analysis  of  both  the  temperature 
dependence  of  the  SE  threshold  and  the  relative  shift  between  stimulated  and  band-edge  related 
emission  indicates  electron-hole  plasma  is  the  dominant  gain  mechanism  for  temperatures 
exceeding  150  K.  The  dominant  mechanism  for  SE  in  InGaN  epilayers  and  InGaN/GaN  multiple 
quantum  wells  was  found  to  be  the  recombination  of  carriers  localized  at  potential  fluctuations 
resulting  from  nonuniform  indium  incorporation.  The  SE  spectra  from  InGaN  epilayers  and 
multiple  quantum  wells  were  comprised  of  extremely  narrow  emission  lines  and  no  spectral 
broadening  of  the  lines  was  observed  as  the  temperature  was  raised  from  10  K  to  over  550  K. 
Based  on  the  presented  results,  we  suggest  a  method  for  significantly  reducing  the  carrier 
densities  needed  to  achieve  population  inversion  in  GaN,  allowing  for  the  development  of  GaN- 
active-medium  laser  diodes. 

INTRODUCTION 

The  first  results  on  stimulated  emission  (SE)  in  GaN  at  low  temperatures  were  reported  in 
the  literature  more  than  a  quarter  of  a  century  ago.1  GaN-based  structures  have  been  shown  to  be 
chemically  stable  and  able  to  withstand  high  temperatures.2  Recently  commercialized  bright  blue 
light  emitting  and  laser  diodes  are  all  based  on  InGaN/GaN  heterostructures.3  Understanding  the 
gain  mechanisms  in  this  material  is  extremely  important  from  both  a  fundamental  physics  and  a 
device  optimization  standpoint.  There  have  been  several  studies  performed  explaining  the  origin 
of  SE  in  GaN  epilayers  and  InGaN  multiquantum  wells  (MQWs)  at  various  temperatures. 
However,  the  results  reported  in  the  literature  are  often  contradictory.4'7  In  this  work  we 
systematically  studied  the  behavior  of  SE  in  GaN  epilayers  and  InGaN/GaN  MQWs  over  a  wide 
temperature  range.  We  demonstrate  that  at  temperatures  below  150  K  excitonic-related  gain 
mechanisms  dominate  the  near-threshold  emission  behavior  in  GaN  epilayers.  For  temperatures 
above  150  K  we  show  that  EHP  recombination  is  the  mechanism  responsible  for  SE  in  GaN.  We 
explain  the  SE  behavior  for  the  InGaN/GaN  MQWs  in  terms  of  localized  states  recombination, 
thus  showing  that  SE  in  InGaN/GaN  MQWs  and  GaN  epilayers  are  distinctly  different. 

EXPERIMENT 

The  GaN  epilayers  and  InGaN/GaN  MQW  samples  used  in  this  study  were  grown  by 
metalorganic  chemical  vapor  deposition  (MOCVD).  Sample  structures  and  growth  parameters 
are  described  in  Refs.  8  and  9.  The  samples  were  mounted  on  a  copper  heat  sink  attached  to  a 
custom-built  wide  temperature  range  cryostat/heater  system.  The  SE  part  of  this  study  was 
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performed  in  an  edge  emission  geometry.  In  order  to  avoid  distortion  of  the  spontaneous 
emission  spectra  due  to  re-absorption  processes,  the  laser  beam  was  focused  on  the  sample 
surface  and  spontaneous  emission  was  collected  from  a  direction  near  normal  to  the  sample 
surface.8 

RESULTS  AND  DISCUSSIONS 
GaN  epilayers 

To  determine  if  the  SE  threshold  density  occurs  above  or  below  the  Mott  density  (the 
critical  density  beyond  which  no  excitons  can  exist),  we  studied  the  temperature  behavior  of  the 
SE  threshold  in  GaN  epilayers  grown  on  sapphire  and  SiC  substrates  over  a  wide  temperature 
range  (20  to  700  K),  as  shown  in  Fig.  1.  For  temperatures  above  200  K,  the  SE  thresholds 
roughly  followed  an  exponential  dependence:  Ith  =  I0  Qxp(T/T0),  with  T0  =170  K  (Ref.  2). 
This  exponential  behavior  of  the  SE  threshold  is  qualitatively  similar  to  that  observed  in  other 
material  structures.  However,  as  the  temperature  is  reduced  to  below  200  K,  a  significant  (faster 
than  exponential)  reduction  in  the  SE  threshold  was  observed  in  GaN  epilayers.  This  is 
associated  with  a  change  in  the  gain  mechanism  indicating  a  drastic  increase  in  the  SE  efficiency 
at  low  temperatures.  Recently,  Fischer  et  al.  convincingly  demonstrated  the  presence  of  excitonic 
resonances  in  GaN  epilayers  well  above  RT  through  optical  absorption  measurements.10  Excitons 
in  GaN  epilayers  cannot  be  easily  ionized  due  to  the  relatively  large  exciton  binding  energy. 
However,  at  near-SE-threshold  (near-IA)  pump  densities  the  picture  is  not  straightforward  due  to 
screening  of  the  Coulomb-interaction  by  the  photo  generated  free  carriers.  In  general,  the 
existence  of  excitons  depends  on  the  strength  of  the  Coulomb-interaction  which  in  turn  depends 
on  the  density  and  distribution  of  carriers  among  bound  and  unbound  states.  It  has  been  predicted 
theoretically  that  in  a  material  system  with  a  relatively  large  exciton  binding  energy,  one  could 
expect  inelastic  ex-ex  scattering  to  have  the  lowest  SE  threshold  at  low  temperatures.11  Schmidt 
et  al.  performed  pump-probe  experiments  and  confirmed  the  presence  of  excitons  at  pump 


Temperature  (K)  1 000fT  (K1) 

FIGURE  1.  SE  threshold  as  a  function  of  temperature  FIGURE  2.  Energy  difference  (A E)  between  spontaneous 
for  GaN  thin  films  grown  on  SiC  (open  triangles)  and  an(j  gE  peaks  as  a  function  of  temperature  for  GaN  thin  films 
sapphire  (filled  circles).  grown  on  SiC  (open  triangles)  and  sapphire  (filled  circles). 
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densities  above  the  SE  threshold  at  10  K  in  reflection  spectra.12  These  observations  support  the 
idea  that  excitons  persist  above  the  densities  required  to  observe  SE  in  GaN  at  cryogenic 
temperatures. 

The  effects  of  excitons  on  the  SE  process  can  be  better  understood  by  studying  the 
temperature  and  power  dependence  of  the  SE  peak  position.  We  measured  the  energy  position  of 
the  SE  peak  at  near-Ith  pump  densities  and  the  spontaneous  emission  peak  position  using  low 
power  cw  PL  techniques  in  the  temperature  range  of  20  to  700  K  for  samples  grown  on  sapphire 
and  SiC  substrates,  as  shown  in  the  inset  of  Fig.  2.  The  position  of  the  spontaneous  and  SE  peaks 
in  the  GaN  epilayers  is  influenced  by  residual  strain  resulting  from  thermal-expansion  mismatch 
between  the  epilayers  and  the  substrates.  This  difference  in  energy  position  for  the  two  samples 
is  largest  at  low  temperature  and  gradually  decreases  as  the  temperature  is  increased. 

To  avoid  strain-related  complications,  we  restricted  ourselves  to  an  analysis  of  the 
relative  energy  separation  between  the  spontaneous  and  SE  peaks,  A E  =  Espon  -  Ese  ,  as 
depicted  in  Fig.  2.  As  we  approach  low  temperatures  (T<150  K),  AE  asymptotically  approaches 
the  exciton  binding  energy  ( Ex  -  21  meV)  measured  by  photoreflectance.13  However,  at 
temperatures  above  150  K,  AE  monotonically  increases  and  reaches  values  as  high  as  200  meV 
at  700  K.  The  behavior  of  the  energy  difference  between  the  spontaneous  and  SE  peaks  at  low 
temperatures  (<150  K)  is  well  explained  by  inelastic  ex-ex  scattering.  In  the  case  of  ex-ex 
scattering  the  energy  difference  between  the  two  peaks  can  be  estimated  from:14 

A E  =  Eapo„  -  E?r  ={es-Ex)~  (e,  -  2 E,  -  £,-*)  =  E,  +  K" .  0) 

where  Eg  is  the  bandgap  energy  and  Eek~h  is  the  kinetic  energy  of  the  unbound  electron-hole 
pair  created  during  the  excitonic  collision.  At  low  excitation  densities  and  low  temperatures,  one 
can  consider  the  bands  to  be  empty.  The  unbound  electron-hole  pairs  created  during  the  process 
have  small  kinetic  energy  ( Eek~h  »  0).  Thus,  AE  approaches  Ex  as  T  -»  0  K,  as  shown  in  Fig. 
2. 

For  high  temperatures  (T>150  K),  the  energy  difference  between  the  spontaneous 
and  SE  peaks  gradually  increases  from  ~35  meV  to  a  few  hundred  meV.  Both  the  large  energy 
difference  and  the  relatively  high  SE  thresholds  in  this  temperature  range  (Fig.  1.)  point  to  EHP 
recombination  as  the  dominant  gain  mechanism.  In  EHP  recombination,  a  large  number  of 
excited  carriers  cause  band-gap  renormalization  effects  resulting  in  large  values  of  AE .  Under 
such  high  excitation  conditions,  excitons  are  dissociated  by  many  body  interactions.4  As  further 
evidence  to  support  EHP  in  this  temperature  range,  we  point  out  that  excitons  have  not  been 
observed  in  GaN  at  highly  elevated  temperatures,  even  under  extremely  low  excitation 
conditions.10  We  therefore  conclude  that  EHP  recombination  is  responsible  for  gain  in  GaN  thin 
films  at  these  elevated  temperatures.  Since  no  significant  change  in  the  behavior  of  the  SE 
threshold  and  SE  peak  position  was  observed  for  temperatures  between  150  K  and  700  K  (Fig.  1 
and  Fig.  2),  we  conclude  EHP  recombination  to  be  the  dominant  gain  mechanism  for 
temperatures  exceeding  150  K. 

At  temperatures  below  150  K,  the  effect  of  the  kinetic  energy  Eek~h  on  ex-ex  scattering 
recombination  process  could  be  observed  in  the  excitation  density  dependence  of  AE .  As  the 
excitation  intensity  or  temperature  is  increased,  the  bottom  of  the  bands  become  filled.  Thus, 
unbound  electron-hole  pairs  created  in  the  process  of  ex-ex  collision  must  have  higher  energies, 
and  the  kinetic  energy  Ek~h  can  no  longer  be  neglected.  The  inset  in  Fig.  3  shows  the  power 
dependence  of  AE  at  three  different  temperatures  near  the  point  when  the  gain  mechanism 
experiences  a  transition  from  inelastic  ex-ex  scattering  to  EHP  recombination.  For  temperatures 
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FIGURE  3.  Energy  separation  ( A E  )  between 
the  spontaneous  and  SE  peaks  as  a  function  of 
excitation  density  at  100  K.  The  solid  line 
represents  a  theoretical  fit  of  the  experimental 
data  (open  circles)  in  Eq.  (2).  The  inset  shows 
the  change  in  the  behavior  of  AE  at  different 
temperatures. 


below  150  K,  we  observed  a  rapid  increase  of  AE 
at  near-Ijf,  pump  densities,  as  shown  in  the  inset  of 
Fig.  3.  This  shift  is  most  likely  associated  with 
band-filling  which  causes  increased  values  of  Eekh . 
For  temperatures  above  150  K,  this  strong  near-Ith 
shift  in  AE  is  not  observed.  At  high  temperatures  (T 
>150  K)  SE  originates  from  EHP  recombination  and 
the  gradual  increase  in  AE  with  increasing 
excitation  density  is  caused  by  band-gap 
renormalization  effects.  For  one  photon  pumping 
and  elliptical  bands,  the  band-filling  effect 
associated  with  ex-ex  scattering  gives  a  calculated 

line  shift  Ek~h  proportional  to  (/  -  Ith  )V3  (see  Refs. 
14  and  15).  The  substitution  of  this  expression  into 
Eq.  (1)  yields: 

\1/3 


AE  =  E,  + 


«(/  -  4)V 


(2) 


A  fit  of  the  experimental  data  (open  circles) 
taken  at  100  K  into  Eq.  (2)  is  shown  in  Fig.  3  by  a 
solid  line.  From  the  fit,  we  obtained  the  values  of 
exciton  binding  energy  Ex=  28  meV  and  the  SE 
threshold  I,h  =  100  kW/cm2,  which  is  in  a  reasonable  agreement  with  experimental  results  and 
supports  the  idea  of  ex-ex  scattering  being  the  dominant  SE  mechanism  for  temperatures  below 
150  K. 


Since  ex-ex  scattering  has  a  lower  SE  threshold  than  recombination  from  an  EHP  (Fig.  1), 
it  would  be  advantageous  from  a  device  standpoint  if  SE  was  dominated  by  excitonic  effects  at 
RT  and  beyond.  This  could  be  achieved,  for  example,  by  introducing  2-D  spatial  confinement  of 
carriers.  By  tailoring  the  width  of  a  GaN  active  layer  sandwiched  between  AlGaN  confinement 
layers,  one  would  expect  a  significant  increase  in  the  exciton  binding  energy.  For  increased 
values  of  exciton  binding  energy,  a  strong  reduction  of  the  homogeneous  broadening  due  to 
reduced  Frohlich  interactions  is  expected.16  This  could  potentially  extend  the  ex-ex  scattering 
gain  mechanism  to  RT.  The  SE  threshold  for  such  structures  would  be  significantly  reduced  due 
to  carrier  confinement  and  a  shift  in  the  dominant  near-Ith  gain  mechanism  to  that  of  ex-ex 
scattering. 


Stimulated  emission  in  InGaN/GaN  multiple  quantum  wells 


In  this  section,  the  results  of  SE  studies  from  InGaN/GaN  MQWs  are  presented.  The 
InGaN/GaN  MQW  samples  were  pumped  under  the  same  experimental  conditions  described 
above  for  the  GaN  epilayers.  Figure  4  shows  an  emission  spectrum  from  the  MQW  sample 
pumped  above  the  SE  threshold  at  RT.  The  spontaneous  emission  peak  appears  to  be  broad  with 
a  full  width  at  half  maximum  (FWHM)  of  approximately  20  nm.  A  drastic  spectral  narrowing 
occurs  when  we  excite  the  sample  above  the  SE  threshold,  which  generates  narrow  SE  peak(s) 
with  FWHM  of  less  than  0.1  nm.  Note  that  the  FWHM  of  the  SE  peak  in  high-quality  GaN 
epilayers  is  about  2  nm  at  RT.  Such  narrow  SE  lines  in  InGaN/GaN  MQWs  with  inhomogeneous 
In  incorporation  can  only  be  explained  in  terms  of  deeply  localized  states.  Large  localization 
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Wavelength  (nm) 

FIGURE  4.  Emission  spectra  from  InGaN/GaN 
MQW  sample  at  RT.  The  sample  is  pumped  1.1 
times  the  SE  threshold  of  55  kW/cm2. 


Pump  Density  (kW/cm2) 

FIGURE  5.  Integrated  intensity  of  InGaN/GaN  MQW 
emission  as  a  function  of  pump  density  for  different 
temperatures.  The  slope  change  from  0.8-1. 3  to  2.2-3.0 
indicates  the  transition  from  spontaneous  emission  to  SE. 


introduces  discrete  atomic-like  levels  which  are  observed  as  narrow  peaks  in  SE  spectra.  To 
further  support  this  idea,  we  performed  a  study  of  SE  in  the  wide  temperature  range.  No 
noticeable  broadening  of  the  SE  peak(s)  was  observed  when  the  temperature  was  varied  over  a 
range  of  several  hundred  degrees.  The  low  temperature  sensitivity  of  the  FWHM  is  consistent 
with  that  expected  from  strongly  localized  carriers.  The  details  of  this  study  are  reported 
elsewhere.9  The  SE  threshold  for  the  InGaN  MQWs  is  observed  to  be  an  order  of  magnitude 
lower  than  for  a  GaN  thin  film.  It  is  likely  that  such  a  low  SE  threshold  in  the  MQW  is  due  to  the 
strong  localization  of  carriers  at  potential  fluctuations  in  the  InGaN  active  layers. 

We  also  found  that  an  increase  in  temperature  leads  to  a  decrease  in  PL  intensity.  This 
indicates  the  onset  of  efficient  losses  and  a  decrease  in  quantum  efficiency  of  the  MQW.  At  high 
temperatures,  only  a  small  fraction  of  carriers  reach  the  conduction  band  minima,  and  most  of 
them  recombine  non-radiatively.  The  modal  gain  depends  only  on  radiatively  recombining 
carriers.  Therefore,  the  temperature  increase  efficiently  decreases  modal  gain  and  leads  to  an 
increase  in  the  SE  threshold.  To  evaluate  the  number  of  carriers  that  recombine  radiatively,  we 
studied  the  integrated  photoluminescence  intensity  as  a  function  of  excitation  power  for  different 
temperatures,  as  shown  in  Fig.  5.  For  the  temperature  range  studied,  we  found  that  under  low 
excitation  densities,  the  integrated  intensity  Iinteg  from  the  sample  increases  almost  linearly  with 
pump  density  Ip  (i.e.  IintegocIpY,  where  y— 0.8-1 . 3),  whereas  at  high  excitation  densities,  this 
dependence  becomes  superlinear  (i.e.  IintegocIpp,  where  (3=2. 2-3.0).  The  excitation  pump  power  at 
which  the  slope  of  Iinteg  changes  corresponds  to  the  SE  threshold  at  each  temperature. 
Interestingly,  the  slopes  of  Iinteg  below  and  above  the  SE  threshold  do  not  significantly  change 
over  the  temperature  range  involved  in  this  study.  This  indicates  that  recombination  of  deeply 
localized  carriers  is  the  dominant  SE  mechanism  in  InGaN/GaN  MQWs  in  the  entire  temperature 
range  studied. 


5.  CONCLUSIONS 

In  conclusion,  we  have  studied  the  gain  mechanisms  in  GaN  epilayers  and  InGaN/GaN 
MQWs  in  the  temperature  range  of  20  to  700  K.  We  observed  that  for  temperatures  below  150  K 
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the  dominant  near-threshold  gain  mechanism  in  GaN  epilayers  is  inelastic  exciton-exciton 
scattering,  characterized  by  a  low  stimulated  emission  threshold.  For  temperatures  exceeding  150 
K,  the  dominant  gain  mechanism  was  shown  to  be  electron-hole  plasma  recombination, 
characterized  by  a  relatively  high  SE  threshold  and  a  large  separation  between  spontaneous  and 
stimulated  emission  peaks.  The  emission  spectra  for  the  InGaN-based  structures  were  found  to  be 
drastically  different  than  that  of  GaN  over  the  entire  temperature  range  studied.  SE  spectra  in 
InGaN/GaN  MQWs  were  comprised  of  extremely  narrow  lines  and  no  broadening  of  the  lines 
was  observed  as  the  temperature  was  raised  by  several  hundred  degrees.  The  InGaN/GaN  MQWs 
exhibited  an  order  of  magnitude  lower  SE  threshold  than  that  of  GaN  epilayers.  The  SE  behavior 
for  the  InGaN/GaN  MQWs  is  explained  in  terms  of  carrier  localization  at  potential  fluctuations 
in  the  InGaN  layers.  The  temperature  sensitivity  of  the  SE  threshold  of  InGaN/GaN  samples  was 
measured  and  compared  with  GaN  epilayers.  This  study  demonstrates  that  the  SE  mechanisms  in 
InGaN/GaN  MQWs  and  GaN  are  distinctly  different. 
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ABSTRACT 

We  study  electron  transport  in  the  alloys  of  aluminum  nitride  and  gallium  nitride  and 
alloys  of  indium  nitride  and  gallium  nitride.  In  particular,  employing  Monte  Carlo  simula¬ 
tions  we  determine  the  velocity-field  characteristics  associated  with  these  alloys  for  various 
alloy  compositions.  We  also  determine  the  dependence  of  the  low-field  mobility  on  the  alloy 
composition.  We  find  that  while  the  low-field  mobility  is  a  strong  function  of  the  alloy  com¬ 
position,  the  peak  and  saturation  drift  velocities  exhibit  a  more  mild  dependence.  Transient 
electron  transport  is  also  considered.  We  find  that  the  velocity  overshoot  characteristic  is 
a  strong  function  of  the  alloy  composition.  The  device  implications  of  these  results  are  dis¬ 
cussed. 

INTRODUCTION 

The  III-V  nitride  semiconductors,  gallium  nitride  (  GaN  ),  aluminum  nitride  (  AIN  ),  and 
indium  nitride  (  InN  ),  offer  considerable  potential  for  electronic  and  optoelectronic  device 
applications  [1].  Many  nitride  based  devices  employ  alloys  of  these  materials.  For  example, 
alloys  of  AIN  and  GaN  are  used  in  field-effect  transistors  and  photodetectors  [2]  and  alloys 
of  AIN  and  GaN  and  alloys  of  InN  and  GaN  are  used  in  lasers  [3].  These  device  applications 
have  fueled  considerable  interest  in  the  fundamental  properties  these  alloys,  and  thus  these 
alloys  have  been  the  focus  of  considerable  attention  in  recent  years. 

In  order  to  analyze  and  improve  the  design  of  electronic  devices  fabricated  with  alloys  of 
the  III-V  nitrides,  a  thorough  understanding  of  the  electron  transport  within  these  materials 
is  necessary.  While  electron  transport  in  bulk  GaN  [4,  5,  6],  AIN  [7,  8],  and  InN  [9,  10],  has 
been  extensively  examined,  the  transport  of  electrons  in  the  III-V  nitride  alloys  has  yet  to  be 
the  focus  of  much  attention.  In  a  recent  paper,  however,  Albrecht  et  al.  [11]  employed  Monte 
Carlo  simulations  to  investigate  electron  transport  in  alloys  of  AIN  and  GaN.  It  was  found 
that  while  the  low-field  mobility  decreases  dramatically  with  the  Al  content,  the  saturation 
drift  velocity  is  found  to  be  relatively  insensitive. 

In  this  paper,  we  further  study  electron  transport  in  the  alloys  of  the  III-V  nitrides.  In 
particular,  using  Monte  Carlo  simulations  we  study  electron  transport  in  both  alloys  of  AIN 
and  GaN  (  Al^Ga^N  )  and  alloys  of  InN  and  GaN  (  InxGai_xN  ).  Steady-state  and  tran¬ 
sient  electron  transport  are  considered  in  this  analysis,  and  the  device  implications  of  these 
results  are  considered. 

SIMULATIONS 

The  approach  adopted  here  is  similar  to  that  employed  by  Bhapkar  and  Shur  for  the 
treatment  of  wurtzite  GaN  [6].  In  particular,  a  three- valley  model  for  the  conduction  band 
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is  employed.  Non-parabolicity  is  considered  in  all  valleys,  the  non-parabolicity  being  treated 
through  the  application  of  the  Kane  model.  We  assume  that  all  donors  are  ionized,  and  that 
the  free  electron  concentration  is  equal  to  the  dopant  concentration.  For  each  simulation, 
the  motion  of  one  thousand  electrons  is  examined.  The  scattering  mechanisms  considered 
are  (1)  ionized  impurity,  (2)  polar  optical  phonon,  (3)  piezoelectric,  and  (4)  acoustic  defor¬ 
mation  potential.  Intervalley  and  alloy  scattering  are  also  considered,  alloy  scattering  being 
incorporated  using  the  expression  of  Ridley  [12].  Electron  degeneracy  and  electron  screening 
effects  are  also  accounted  for. 

The  material  parameters  corresponding  to  GaN,  AIN,  and  InN,  are  tabulated  in  Table  I 
of  Foutz  et  al.  [13].  The  alloy  material  parameters  are  determined  through  linear  interpola¬ 
tion.  The  alloy  scattering  potential,  A,  is  nominally  set  to  1  eV  [14].  For  the  purposes  of 
our  analysis,  the  GaN,  AIN,  and  InN  band  structures  of  Lambrecht  and  Segall  [15,  16,  17] 
are  adopted,  the  corresponding  band  structural  parameters  being  tabulated  in  Tables  II,  III, 
and  IV  of  Foutz  et  al.  [13].  Owing  to  the  uncertainty  in  the  band  structures,  we  ascribe  an 
effective  mass  equal  to  the  free  electron  mass  to  all  of  the  upper  conduction  band  valleys. 

RESULTS 

We  first  consider  steady-state  electron  transport.  In  Figure  1,  we  plot  the  steady-state 
velocity-field  characteristic  associated  with  AlxGa^N  for  various  alloy  compositions.  For 
all  cases,  the  temperature  is  set  to  300  I<  and  the  doping  concentration  is  set  to  1017  cm-3. 
We  see  that  the  velocity-field  characteristic  is  changed  rather  dramatically  as  the  alloy  com¬ 
position  is  varied.  In  particular,  it  is  seen  that  the  peak  drift  velocity  diminishes,  the  field 
at  which  the  peak  in  the  velocity-field  characteristic  occurs  increases,  the  low-field  mobility 
decreases,  and  the  sharpness  of  the  peak  softens  as  the  Al  content  is  increased.  While  Al¬ 
brecht  et  al.  [11]  found  that  the  saturation  drift  velocity  is  insensitive  to  the  alloy  content, 
we  find  that  the  alloyed  materials  considered  in  Figure  1,  Alo.2Gao.8N  and  Alo.4Gao.6N,  ex¬ 
hibit  lower  saturation  drift  velocities  than  that  exhibited  by  either  pure  AIN  or  pure  GaN. 
This  is  attributable  to  our  considerably  greater  upper  valley  effective  mass  and  alloy  scat¬ 
tering  potential  selections  [14].  The  steady-state  velocity-field  characteristic  associated  with 
In^Gai-xN,  for  various  alloy  compositions,  is  depicted  in  Figure  2. 

The  dependence  of  the  low-field  mobility  on  the  alloy  composition,  corresponding  to  both 
Al^Ga^N  and  InxGai_xN,  is  depicted  in  Figure  3,  these  results  being  extracted  from  our 
low-field  Monte  Carlo  simulations  of  electron  transport.  Once  again,  in  all  cases  we  set 
the  temperature  to  300  K  and  the  doping  concentration  to  1017  cm-3.  As  was  observed  by 
Albrecht  et  al.  [11],  the  low-field  mobility  is  a  strong  function  of  the  alloy  composition.  In 
particular,  small  amounts  of  Al  in  AlxGai_xN  dramatically  reduce  the  low-field  mobility. 
Similarly,  it  has  been  found  that  small  amounts  of  Ga  added  to  InN  dramatically  reduce  the 
corresponding  low-field  mobility;  this  cannot  be  seen  from  Figure  3,  but  can  be  inferred  from 
the  fact  that  pure  InN  is  found  to  have  a  low-field  mobility  of  2900  cm2/V-s.  These  results 
suggest  that  while  alloy  scattering  plays  a  critical  role  in  determining  the  low-field  electron 
transport  in  these  materials,  it  plays  a  less  important  role  in  determining  high-field  electron 
transport.  Thus,  III-V  nitride  alloys  might  be  more  suitable  for  short  channel  devices  where 
the  electric  fields  are  higher  and  alloy  scattering  will  not  significantly  degrade  the  device 
performance. 

Steady-state  electron  transport  is  the  dominant  transport  mechanism  for  devices  with 
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Figure  1:  The  velocity-field  characteristic  associated  with  AlxGai_a;N  for  various  alloy  composi¬ 
tions.  For  all  cases,  the  temperature  is  set  to  300  K,  the  doping  concentration  is  set  to  1017  cm-3, 
and  the  alloy  scattering  potential  is  set  to  1  eV. 


Electric  Field  (  kV/cm  ) 


Figure  2:  The  velocity-field  characteristic  associated  with  InxGai_xN  for  various  alloy  compositions. 
For  all  cases,  the  temperature  is  set  to  300  K,  the  doping  concentration  is  set  to  1017  cm-3,  and 
the  alloy  scattering  potential  is  set  to  1  eV. 
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Figure  3:  The  low-field  mobility  for  various  alloy  compositions  for  Al^Gaj-xN  and  In^Gai-xN,  as 
determined  from  our  low-field  Monte  Carlo  simulations  of  electron  transport.  For  all  cases,  the 
temperature  is  set  to  300  K,  the  doping  concentration  is  set  to  1017  cm-3,  and  the  alloy  scattering 
potential  is  set  to  1  eV.  For  In;cGai__a.N,  the  low-field  mobility  at  x=0.8,  0.9,  and  1.0,  is  found  to 
be  1500,  2000,  and  2900  cm2/V-s.  Note  that  the  data  points  coincide  for  the  case  of  x=0.0. 


Displacement  (  nm  ) 

Figure  4:  The  average  electron  velocity  as  a  function  of  displacement  for  various  alloy  compositions 
for  AlxGai-sN.  For  all  cases,  the  temperature  is  set  to  300  K,  the  doping  concentration  is  set  to 
1017  cm-3,  and  the  alloy  scattering  potential  is  set  to  1  eV.  The  applied  electric  field  is  500  kV/cm 


in  all  cases. 
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larger  dimensions.  For  devices  with  smaller  dimensions,  however,  transient  electron  trans¬ 
port  must  also  be  considered  when  evaluating  device  performance.  In  studying  transient 
electron  transport  in  the  III-V  nitride  alloys,  we  follow  the  approach  of  Foutz  et  al.  [18]  and 
consider  the  response  of  electrons  to  the  sudden  application  of  a  constant  electric  field.  We 
assume  that  the  electrons  are  in  equilibrium  prior  to  the  application  of  the  electric  field.  In 
Figure  4,  we  plot  the  average  electron  velocity  of  electrons  in  AlxGai_xN  as  a  function  of 
displacement  for  various  alloy  compositions;  we  assume  that  the  electrons  are  initially  dis¬ 
tributed  about  zero  displacement.  We  have  applied  a  constant  electric  field  of  500  kV/cm, 
and  set  the  temperature  to  300  K  and  the  doping  concentration  to  1017  cm-3  in  all  cases  [19]. 
We  see  that  the  transient  response  varies  dramatically  with  the  Al  content.  In  particular, 
while  the  peak  average  electron  velocity  of  pure  GaN  overshoots,  by  a  considerable  margin, 
its  corresponding  steady-state  velocity,  this  overshoot  is  dramatically  reduced  when  the  Al 
content  is  increased.  This  would  suggest  that  electronic  devices  fabricated  with  the  III-V 
nitrides  should  not  use  alloying  if  one  wishes  transient  electron  transport  to  enhance  the 
resultant  device  performance. 

CONCLUSIONS 

In  conclusion,  we  have  studied  steady-state  and  transient  electron  transport  in  the  III-V 
nitride  alloys.  We  have  found  that  while  the  low-field  mobility  is  a  strong  function  of  the 
alloy  composition,  the  peak  and  saturation  drift  velocities  exhibit  a  more  mild  dependence. 
Velocity  overshoot  effects  are  found  to  substantially  diminish  with  alloy  composition.  These 
results  suggest  that  III-V  nitride  alloyed  devices  are  more  suitable  for  short  channel  devices 
where  the  electric  fields  are  high  and  the  degradation  in  device  performance  due  to  alloy 
scattering  is  not  significant.  We  have  also  found  that  III-V  nitride  based  alloys  should  not 
be  used  in  devices  which  hope  to  exploit  transient  electron  transport  effects. 
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ABSTRACT 

We  report  on  growth  of  GaN  on  Germanium  as  an  alternative  substrate  material.  The 
GaN  films  were  deposited  on  Ge(001)  substrates  by  plasma-assisted  molecular  beam 
epitaxy.  Atomic  force  microscopy,  x-ray  diffraction,  photoluminescence,  and  Raman 
spectroscopy  were  used  to  characterize  the  structural  and  optical  properties  of  the  films. 
We  observed  that  the  Ga/N  ratio  plays  a  crucial  role  in  determining  the  phase  purity  and 
crystal  quality.  Under  N-rich  conditions  the  films  were  phase-mixed,  containing  cubic  and 
hexagonal  GaN,  while  in  the  Ga-rich  regime  they  were  purily  hexagonal.  The  latter 
samples  show  bandedge  luminescence  with  linewidths  as  small  as  31  meV  at  low 
temperatures. 

INTRODUCTION 

The  availability  of  suitable  substrate  materials  is  a  key  requirement  for  the  epitaxial 
growth  of  GaN  thin  films.  The  lack  of  GaN  substrates  of  appropriate  size  and  structural 
perfection  has  motivated  the  search  for  alternative  substrates  for  heteroepitaxial  growth. 
The  most  common  substrates,  sapphire,  SiC  and  GaAs,  exhibit  large  differences  in  lattice 
constants  and  thermal  expansion  coefficients  to  GaN,  resulting  in  large  amounts  of  stress 
and  high  defect  concentrations  in  the  epilayers.  [1,2]  Ge  in  contrast  possess  the  same 
thermal  expansion  coefficient  as  GaN.  [3]  Since  most  of  the  stress  in  heteroepitaxial  GaN 
layers  arises  from  the  ill-matched  expansion  coefficients,  growth  on  Ge  would  lower  the 
amount  of  stress  in  the  GaN  epilayers  and  thus  improve  their  structural,  electrical,  and 
optical  quality.  Besides,  Ge  can  easily  be  doped  and  therefore  could  serve  as  a 
backside/bottom  contact. 
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We  demonstrate  that  Ge  provide  an  alternative  substrate  material  for  GaN  growth. 
The  GaN  layers  were  deposited  on  Ge(001)  substrates  by  plasma-assisted  molecular 
beam  epitaxy  (MBE).  Their  structural  and  optical  properties  were  characterized  by 
atomic  force  microscopy,  x-ray  diffraction,  Raman  and  Photoluminescence  spectroscopy. 

EXPERIMENT 

A  Riber  1000  MBE  system  was  used  for  the  epitaxial  growth.  An  effusion  cell 
provided  elemental  gallium  by  evaporation  and  activated  nitrogen  was  produced  by  a 
constricted  glow  discharge  (CGD)  plasma  source  with  pure  nitrogen  gas  (99.9995%). 
Details  of  the  plasma  source  are  given  elsewhere.  [4] 

Intrinsic  Ge  (001)  wafers  with  miscuts  of  6  degree  toward  <110>  served  as 
substrates.  Prior  growth  they  were  degreased  by  boiling  in  acetone  and  isopropyl  alcohol 
and  were  finally  rinsed  in  deionized  water  to  remove  Ge  oxides.  The  substrates  were  then 
heated  up  to  680°C  in  ultra  high  vacuum  for  thermal  desorption  of  surface  contaminants. 
In  contrast  to  growth  on  sapphire,  the  Ge  substrates  were  not  nitridated.  Subsequently,  a 
GaN  buffer  layer  was  deposited  on  the  substrate  at  600°C  for  5  minutes.  Finally,  the 
GaN  main  layer  were  grown  for  2  hours  at  680°C.  The  Ga/N  flux  ratio  at  the  deposition 
of  the  buffer  as  well  as  the  main  layer  was  varied  by  changing  the  nitrogen  flow  rate  while 
the  Ga  cell  temperature  was  kept  constant  at  880°C.  We  found  best  results  with  5  seem 
N  flow  at  a  background  pressure  of  3.5  mTorr  for  the  buffer  layer  growth  and  35  seem  for 
the  main  layer  growth.  The  resulting  thickness  of  the  GaN  epilayer  was  about  1  |im. 

The  surface  morphology  was  tested  using  contact-mode  atomic  force  microscopy 
(AFM).  The  full  width  at  half  maximum  (FWHM)  of  the  rocking  curve  and  the  a-  and  c- 
lattice  parameters  were  measured  with  a  Siemens  D-5000  diffractometer  containing  a  four- 
bounce  Ge  monochromator.  Room-temperature  micro-Raman  spectra  were  recorded  with 
the  488  nm  line  of  an  Ar2+  laser  in  backscattering  geometry.  A  notch-filter  suppressed 
elastically  scattered  light  while  the  Raman  signal  was  analyzed  by  a  single  0.5  m 
spectrometer  equipped  with  a  charged  coupled  device  detector.  To  get  information  on  the 
layers’  optical  properties  we  performed  low-temperature  photoluminescence  (PL) 
spectroscopy.  PL  at  4  K  was  excited  by  a  50  mW  HeCd  laser,  diffracted  by  a  0.85  m 
double-grating  monochromator  and  detected  by  a  UV-sensitive  photomultiplier. 
Secondary  ion  mass  spectroscopy  was  carried  out  on  selected  layers  to  measure  their 
compositions. 
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Energy  (eV) 

Fig.  1:  Typical  low-temperature  PL  spectrum  of  GaN  grown  on  Ge  after  excitation  at 
325  nm  (3.81  eV).  The  near-bandgap  luminescence  exhibits  a  relatively  narrow 
linewidth  of  31  meV  and  peaks  at  the  stress-free  position  of 3.466  eV. 

RESULTS  AND  DISCUSSION 


Figure  1  displays  a  typical  PL  spectrum  of  the 
taken  at  low  temperatures  after  excitation  at  325 
dominated  by  the  hexagonal  near-bandgap,  extitonic 
PL  can  be  observed  indicating  high  hexagonal  phase 


Jim 

0.23 


Fig.  2:  AFM picture  of  a  2x2  pm2  area  of  GaN/Ge. 
The  root-mean-square  roughness  is  20.6  nm. 


GaN  layers  grown  on  Ge  substrates 
nm  (3.81  eV).  The  spectrum  is 
luminescence  at  3.466  eV.  No  cubic 
purity.  Defect-related  broad  bands, 
as  e.g.  the  yellow  luminescence,  do 
not  appear  in  the  spectrum  either. 
Along  with  the  narrow  linewidth  of 
3 1  meV,  this  demonstrates  the  good 
optical  quality  of  the  layers  which  is 
superior  to  growth  on  silicon  with 
best  linewidths  of  around  40  meV 
[5]  and  100  meV  [6],  respectively. 
The  PL  line  position  at  3.466  eV 
corresponds  exactly  to  the  stress- 
free  value  [1], 

As  can  be  seen  from  Fig.  2 
which  shows  an  atomic-force 
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microscopy  (AFM)  image  taken  of  a  2x2  pm2  area,  the  growth  mode  is  three-dimensional, 
typical  for  MBE-GaN  because  of  the  low  growth  temperature.  We  determined  a  root- 
mean-square  (rms)  roughness  of  20.6  nm.  This  value  is  in  the  range  we  normally  observe 
from  GaN  deposited  on  sapphire,  [7]. 

To  get  information  about  the  structural  properties  of  our  layers  we  performed  micro- 
Raman  spectroscopy  analysis.  This  technique  allows  us  to  determine  the  stress  and  the 
free-carrier  concentrations  in  the  layers  and  gives  us  at  least  a  qualitative  impression  of 
the  crystalline  quality  by  measuring  the  linewidths  of  the  Raman  modes  and  by  looking 
for  disorder-activated  scattering.  For  details  about  the  use  of  Raman  spectroscopy  as  a 
characterization  tool  in  general,  the  reader  is  referred  to  [8], 

In  Fig.  3a  we  plot  a  typical  Raman  spectrum  taken  in  z(..)z  geometry  of  an  1  pm 
thick  layer  grown  under  optimized  Ga-rich  conditions.  The  spectrum  is  dominated  by  the 
hexagonal  ^(high)  mode,  which  is  the  only  mode  allowed  in  this  scattering  geometry 
assuming  the  c-axis  to  be  perpendicular  to  the  surface.  We  found  linewidths  in  the  range 
of  5  cm-1  comparable  to  the  values  known  from  hexagonal  GaN  deposited  on  sapphire, 
[9].  The  absence  of  the  Ai(LO)  mode  indicates  a  very  high  free-carrier  concentration  in 
the  layer  exceeding  lxl019cm"3  [10].  Beside  point  defects,  which  might  be  caused  by 
non-perfect  growth  conditions,  we  expected  the  incorporation  of  Ge  atoms  in-diffusing 
from  the  substrate  during  the  growth  process  to  be  the  main  cause  for  the  high  free  carrier 
concentration.  Similar  to  Si,  Ge  is  a  donor  in  GaN.  To  verify  our  assumption  we 
performed  SIMS  measurements  on  selected  GaN  layers.  The  SIMS  profiles  confirmed 
the  indiffusion  of  Ge  into  the  GaN  epilayers. 

The  £^(high)  Raman  mode  reacts  sensitively  on  pressure  [11].  Since  it  is  a  nonpolar 
mode  its  frequency  neither  depends  on  the  propagation  direction  relative  to  the  c-axis,  as 
observed  from  the  Ax  and  Ex  modes  forming  the  so-called  quasi  modes  [12]  nor  does  the 
mode  shifts  due  to  interaction  with  free  carriers.  Therefore,  its  frequency  is  a  direct 
measure  of  stress  in  the  layer.  We  found  in  all  our  layers  the  Ei  to  be  located  at  the 
stress-free  frequency  of  567  cm-1  [13]  in  agreement  with  our  PL  results  presented  in  Fig. 
1.  Our  x-ray  measurements  yield  similar  results.  The  lattice  parameter  has  been 
determined  to  5.1748  A. 

Similar  to  the  growth  of  GaN  on  GaAs  [14,15]  we  observed  that  the  Ga/N  flux  ratio 
plays  a  crucial  role  in  determining  the  phase  purity  of  the  layers.  When  growing  in  the 
Ga-rich  regime  we  found  purily  hexagonal  GaN  layers,  as  displayed  in  the  PL  and  Raman 
spectra  of  Figs.  1  and  3.  With  N-rich  conditions  the  layers  become  phase  mixed, 
containing  both  cubic  3C-GaN  as  well  as  hexagonal  2H-GaN.  On  the  right  side  of  Fig.  3,  a 
Raman  spectrum  of  such  a  phase-mixed  layer  is  shown.  One  can  clearly  see  the  cubic  TO 
mode  beside  the  hexagonal  E2  mode.  Similar  results  were  found  in  the  PL  spectra,  in 
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Fig.  3a, b:  Typical  room-temperature  Raman  spectrum  taken  in  z(.)z  geometry  of  an 
1  pm  thick  GaN/Ge  layer  grown  under  optimized  Ga-rich  conditions  (left,  Fig.  3a)  and 
of  a  phase-mixed  layer  (right,  Fig.  3b). 


which  200  meV  below  the  hexagonal  near-bandgap  luminescence  the  corresponding  cubic 
PL  occurred.  Together  with  the  coexistence  of  both  phases  in  the  layers  the  crystal 
quality  deteriorates,  indicated  by  broader  Raman  lines  and  the  appearance  of  disorder- 
activated  Raman  scattering  [16].  The  absence  of  long-range  order  in  disordered  materials 
yields  to  a  breakdown  of  the  q  =  Ak  ~  0  selection,  where  q  is  the  wavevector  of  the 
phonon  and  A k  the  difference  between  incident  and  scattered  photon  wavevector  [17]. 
Thus,  the  Raman  spectrum  reflects  the  vibrational  density  of  states. 


SUMMARY 

Summarizing  our  results,  we  achieved  growth  of  high-quality  GaN  on  Ge(001) 
substrates.  Optimization  of  the  growth  conditions  resulted  in  stress-free  GaN  layers,  as 
indicated  by  PL  and  Raman  spectroscopy.  We  found  a  strong  dependency  of  the 
material's  quality  on  the  Ga/N  flux  rate.  When  grown  under  Ga-rich  conditions,  the  layer 
exhibit  a  comparatively  high  optical  quality,  as  indicated  by  the  near-bandedge 
luminescence  linewidth  of  31  meV  and  the  absence  of  defect-related  bands.  Under  N-rich 
growth  conditions,  the  GaN  layers  are  comprised  of  both  the  hexagonal  and  the  cubic 
phase.  In  all  cases,  the  layers  exhibit  a  rather  large  free  electron  density  which  has  to  be 
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attributed  to  the  in-diffusion  of  Ge  from  the  substrate.  Also,  the  current  crystalline 
quality  calls  for  further  optimization  of  the  growth  conditions. 
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ABSTRACT 

We  present  a  comprehensive  study  of  the  optical  characteristics  of  AlxGai.xN  epilayers  by 
means  of  photoluminescence  (PL),  PL  excitation,  and  time-resolved  PL  spectroscopy.  All 
AlxGai.xN  epilayers  were  grown  by  metalorganic  chemical  vapor  deposition  and  the  A1  mole 
fraction  (x)  was  varied  from  0  to  0.6.  We  observed  that  (i)  the  full  width  at  half  maximum  of  the 
PL  emission,  (ii)  the  energy  difference  between  the  PL  emission  peak  energy  and  the  PLE 
absorption  edge,  and  (iii)  the  effective  lifetime  increase  with  increasing  x.  These  facts  indicate 
that  degree  of  band-gap  fluctuation  due  to  a  spatially  inhomogeneous  A1  alloy  content 
distribution  increases  with  increasing  x.  We  observed  anomalous  temperature-induced  emission 
shift  behavior  for  AlxGai.xN  epilayers,  specifically,  an  S-shaped  (decrease-increase-decrease) 
temperature  dependence  of  the  peak  energy  with  increasing  temperature.  This  anomalous 
temperature-dependent  emission  behavior  was  enhanced  as  the  A1  mole  fraction  was  increased. 
Since  the  band-gap  fluctuation  in  AlxGai-xN  epilayers  due  to  inhomogeneous  spatial  variations  of 
the  A1  content  increases  with  increasing  A1  content,  we  believe  that  band-gap  fluctuation  causes 
the  PL  peak  energy  to  deviate  from  the  typical  temperature  dependence  of  the  energy  gap 
shrinkage.  Therefore,  the  anomalous  temperature-induced  emission  shift  can  be  attributed  to 
energy  tail  states  due  to  alloy  potential  inhomogeneities  in  the  AlxGai.xN  epilayers  with  large  A1 
content. 

INTRODUCTION 

Much  interest  has  been  focused  on  III-V  nitride  compound  semiconductors  and  their 
heterostructures  due  to  their  potential  applications  such  as  short-wavelength  light  emitting 
devices  [1,2]  solar-blind  ultraviolet  detectors  [3],  and  high  power  and  high  temperature  devices 
[4,5].  In  particular,  the  ternary  compound  AlxGai-xN  has  the  potential  for  use  in  light  emitting 
and  detecting  devices  covering  nearly  the  entire  deep-ultraviolet  (UV)  region  of  the  spectrum 
(190  -  350  nm).  The  recombination  mechanism  for  InGaN-based  structures  has  been  widely 
investigated  by  several  authors  and  detailed  emission  properties  from  localized  states  was 
discussed  for  both  spontaneous  and  stimulated  emission  of  InGaN/GaN  quantum  structures  [6,7]. 
However,  the  detailed  spontaneous  emission  properties  of  the  AlGaN-based  structures  have  not 
yet  been  investigated. 

In  this  work,  we  report  the  results  on  optical  properties  of  AlxGai.xN  epilayers  as  a 
function  of  A1  content  x  (0  <  x  <  0.6)  by  means  of  photoluminescence  (PL),  PL  excitation  (PLE), 
and  time-resolved  PL  (TRPL)  spectroscopy.  By  studying  alloy  epilayers,  we  can  avoid  (or 
minimize)  other  ambiguous  effects  such  as  strain-induced  piezoelectric  polarization,  quantum 
confinement,  layer  thickness  variations,  and  interface-related  defects  usually  involved  in  the  case 
of  quantum  structures.  We  observed  that  the  full  width  at  half  maximum  (FWHM)  of  the  PL 
emission,  the  energy  difference  between  the  PL  emission  peak  energy  and  the  PLE  absorption 
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edge,  and  the  lifetime  increase  with  increasing  *  from  0.17  to  0.60,  indicating  that  the  degree  of 
A1  alloy  potential  fluctuations  increases  with  increasing  x.  From  the  temperature-dependent  PL 
measurements,  we  observed  that  the  PL  emission  from  AlxGai.xN  with  high  x  did  not  follow  the 
typical  temperature  dependence  of  the  energy  gap  shrinkage. 

EXPERIMENT 

The  AlxGai.xN  epilayers  used  in  this  work  were  grown  by  low-pressure  metalorganic 
chemical  vapor  deposition  (MOCVD)  on  (0001)  oriented  sapphire  at  a  growth  temperature  of 
1050  °C.  Prior  to  AlxGai-xN  growth,  a  thin  ~  5-nm-thick  AIN  buffer  layer  was  deposited  on  the 
sapphire  at  a  temperature  of  625  °C.  Triethylgallium,  triethylaluminum,  and  ammonia  were  used 
as  precursors  in  the  AlxGa,.xN  growth.  The  ALGa^N  layer  thickness  was  about  1  fxm.  In  order 
to  evaluate  the  A1  alloy  composition  of  the  AIxGa!-xN  thin  films,  the  samples  were  analyzed  with 
a  high-resolution  x-ray  diffractometer  using  Cu  Kai  radiation.  The  angular  distances  between  the 
AIxGai.xN  and  AIN  (or  GaN)  peaks  were  obtained  by  ©-20  scans.  PL  experiments  were 
performed  using  the  244  nm  line  of  an  intracavity  doubled  cw  Ar+  laser  as  an  excitation  source. 
PL  and  PLE  experiments  were  also  carried  out  using  the  quasimonochromatic  light  emission 
from  a  Xe  lamp  dispersed  by  a  ‘/a  m  monochromator  as  the  excitation  source.  Both  the  PL  and 
PLE  experiments  used  a  photomultiplier  tube  in  conjunction  with  a  1  m  double  spectrometer  as  a 
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Figure  1.  10K  PL  and  PLE  spectra  for  AlxGai.xN  epilayers  with  A1  content  x  =0.17,  0.26,  0.33,  and 
0.60.  The  PL  spectra  were  measured  using  second-order  diffraction  through  a  monochromator  and  all 
the  spectra  were  normalized.  Note  that  the  Stokes  shift  (the  energy  difference  between  the  PL  emission 
peak  energy  and  the  PLE  absorption  edge)  increases  with  increasing  x,  indicating  that  the  degree  of 
potential  fluctuations  increases  with  increasing  x. 
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detector.  TRPL  measurements  were  carried  out  using  a  picosecond  pulsed  laser  system 
consisting  of  a  cavity-dumped  dye  laser  synchronously  pumped  by  a  frequency-doubled 
modelocked  Nd:YAG  laser  for  sample  excitation  and  a  streak  camera  for  detection.  We  observed 
room  temperature  UV  stimulated  emission  from  optically  pumped  AlxGai.xN  epilayers  with  A1 
content  as  high  as  26  %.  Detailed  stimulated  emission  properties  were  reported  elsewhere  [8]. 

RESULTS  AND  DISCUSSIONS 

Figure  1  shows  10  K  PL  and  PLE  spectra  for  AlxGai_xN  epilayers  with  A1  content 
x  =  0.17,  0.26,  0.33,  and  0.60  with  PL  peak  energies  of  ~  3.70,  3.92,  4.22,  and  4.76  eV, 
respectively.  The  PL  spectra  were  measured  using  second-order  diffraction  through  a 
monochromator  and  all  the  spectra  were  normalized.  The  decrease  in  PLE  signal  above  the  PLE 
peak  position  with  increasing  excitation  energy  is  due  to  the  decrease  in  the  excitation  intensity 
of  a  Xe  lamp  source.  Note  that  the  FWHM  of  the  PL  emission  and  the  Stokes  shift  (the  energy 
difference  between  the  PL  emission  peak  energy  and  the  PLE  absorption  edge)  monotonically 
increase  with  varying  x  from  0  to  0.60,  as  shown  in  Fig.  1 . 

TRPL  and  time-integrated  PL  (TIPL)  results  measured  at  10  K  are  shown  in  Fig.  2  for 
GaN,  Alo.17Gao.83N,  and  Alo.33Gao.67N  epilayers.  In  the  case  of  the  GaN  epilayer,  the  lifetime  of 
the  free  exciton  (FX)  is  about  30  ps  while  that  of  the  bound  exciton  (BX)  is  about  40  ps.  In  the 
case  of  both  the  Alo.17Gao.83N,  and  Alo.33Gao.67N  epilayers,  in  contrast,  the  measured  lifetime 
increases  with  decreasing  emission  energy,  and  hence,  die  peak  energy  of  the  emission  shifts  to 
the  low  energy  side  as  time  proceeds.  This  behavior  is  most  likely  due  to  alloy  potential 
fluctuations.  We  observed  that  the  FWHM  is  about  4,  17,  and  48  meV  and  the  overall  lifetime  is 
about  30,  250,  and  450  ps  for  the  GaN,  Alo.17Gao.83N,  and  Alo.33Gao.67N  epilayers,  respectively. 
These  facts  indicate  that  the  alloy  potential  fluctuation  of  the  Alo.33Gao.67N  epilayer  is  larger  than 
that  of  the  Alo.17Gao.s3N  epilayer.  These  facts  obtained  from  Figs.  1  and  2  indicate  that  the  degree 
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Figure.  2.  10  K  time-resolved  and  time- integrated  PL  results  for  (a)  GaN,  (b)  Alo.17Gao.83N,  and  (c) 
Alo.33Gao.67N  epilayers.  A  PL  FWHM  of  about  4,  17,  and  48  meV  and  an  overall  lifetime  of  about  35, 
230,  and  450  ps  were  obtained  for  GaN,  Alo.17Gao.g3N,  and  Alo.33Gao.67N  epilayers,  respectively. 
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of  A1  alloy  potential  fluctuations  increases  with  increasing  x. 

Generally,  the  PL  peak  energy  (EPL)  follows  the  well-known  temperature  dependence  of 
the  energy  gap  shrinkage:  Eg(T)  =  Eg{ 0)  —  cc  T  2/(/?  +  T),  where  Eg(T)  is  the  band-gap  transition 
energy  at  temperature  T,  and  a  and  (3  are  known  as  the  Varshni  thermal  coefficients  [9].  The 
parameters  a=  8.32  x  10*4  eV/K  and  /3  =  835.6  K  for  the  GaN  r9v  -  P,c  transition  were 
previously  extracted  by  photoreflectance  studies  [10].  The  temperature-dependent  PL  peak  shift 
for  the  GaN  and  AlxGai_xN  layers  with  small  x  value  (x  <  0.1)  was  consistent  with  the  estimated 
energy  decrease,  while  the  PL  emission  from  AlxGai.xN  with  higher  x  value  did  not  follow  the 
typical  temperature  dependence  of  the  energy  gap  shrinkage.  The  anomalous  behavior  of  photon 
energy  as  a  function  of  temperature  in  the  Alo.17Gao.83N  and  Alo.33Gao.67N  epilayers  is  shown  in 
Fig.  3.  For  the  Alo.17Gao.s3N  (Alo.33Gao.67N)  epilayer,  with  increasing  temperature  up  to  20  (90)  K 
(region  I),  an  initial  small  decrease  in  EPL  was  observed,  followed  by  an  increase  in  EPL  in  the 
temperature  range  of  20  -  70  K  (90  -  150  K)  (region  II)  and  finally  a  decrease  again  in  the 
temperature  above  70  (150)  K  (region  III).  In  the  case  of  the  Alo.33Gao.e7N  epilayer,  EPl  more 
clearly  shows  the  S-shaped  (redshift-blueshift-redshift)  behavior  with  increasing  temperature.  As 
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Figure  3.  Evolution  of  the  PL  spectra  for  the  (a)  Alo.17Gao.83N  and  (b)  AIo.33Gao.67N  epilayers  over  a 
temperature  range  from  10  to  300  K.  The  main  emission  peak  of  both  samples  (closed  circles)  shows 
an  S-shaped  shift  with  increasing  temperature.  All  spectra  are  normalized  and  shifted  in  the  vertical 
direction  for  clarity.  For  the  Alo.17Gao.83N  (Alo.33Gao.67N)  epilayer,  with  increasing  temperature  up  to  20 
(90)  K,  an  initial  small  decrease  in  peak  energy  was  observed,  followed  by  an  increase  in  energy  in  the 
temperature  range  of  20  -  70  K  (90  -  150  K)  and  finally  a  decrease  again  in  the  temperature  above  70 
(150) K. 
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the  temperature  increases  from  10  to  90  K  for  the  Alo.33Gao.67N  epilayer,  Epi  redshifts  8.6  meV. 
This  value  is  similar  to  the  expected  band-gap  shrinkage  of  ~  7.2  meV  for  the  GaN  epilayer  over 
this  temperature  range  [10].  For  a  further  increase  in  temperature  from  90  to  150  K,  the  PL  peak 
blueshifts  20.2  meV  for  the  Alo.33Gao.67N  epilayer.  If  we  consider  the  temperature-induced  band- 
gap  shrinkage  of  ~  11.7  meV  expected  for  the  case  of  GaN,  the  actual  blueshift  of  the  PL  peak 
with  respect  to  the  band-edge  is  about  31.9  meV  over  this  temperature  range.  When  the 
temperature  is  further  increased  above  150  K,  the  peak  position  redshifts  again.  From  the 
observed  redshift  of  31.7  meV  combined  with  the  expected  band-gap  shrinkage  of  ~  47  meV 
between  150  and  300  K,  we  estimate  an  actual  blueshift  of  the  PL  peak  relative  to  the  band-edge 
to  be  about  15.3  meV  in  this  temperature  range. 

Consequently,  the  PL  emission  in  region  I  exhibits  a  characteristic  luminescence  behavior 
from  lower  energy  tail  states  caused  by  an  inhomogeneous  spatial  band-gap  distribution  in  the 
alloy  materials.  In  region  II,  the  carriers  populate  higher-energy  tail  states.  In  region  III,  the 
emission  is  due  to  thermally  populated  carriers  at  higher-energy  states  and  follows  the  typical 
temperature  dependence  of  the  energy  gap  again.  We  note  that  the  PL  peak  energy  deviation 
from  the  £/0)  -  aT2/(J3+  T)  function  and  the  temperature  ranges  of  regions  I  and  II  increase 
with  increasing  A1  content  of  the  AlxGai.xN  epilayers.  Since  the  band-gap  fluctuation  in  AlxGai- 
XN  epilayers  due  to  alloy  potential  variations  of  the  A1  content  increases  with  increasing  A1 
content,  we  believe  that  band-gap  fluctuation  causes  the  PL  peak  energy  to  deviate  from  the 
typical  temperature  dependence  of  the  energy  gap  shrinkage.  Therefore,  the  temperature-induced 
emission  shift  observed  in  this  work  for  AlxGai-xN  epilayers  with  large  A1  content  is  attributed  to 
energy  tail  states  due  to  inhomogeneous  alloy  potential  fluctuations.  We  note,  however,  that  we 
did  not  observe  an  actual  “effective”  redshift  with  respect  to  the  fundamental  energy  gap  in 
temperature  region  I,  in  contrast  to  the  case  of  InGaN/GaN  multiple  quantum  wells  (MQWs) 
[11].  In  the  InGaN/GaN  MQWs,  the  redshift  energy  was  about  five  times  larger  than  the 
expected  band-gap  shrinkage  over  the  temperature  range  I  and  was  attributed  to  the  carrier 
relaxation  process  into  the  localized  states  in  the  InGaN/GaN  MQWs  [11].  Further  detailed 
studies  are  in  progress  to  clarify  the  relationship  between  the  observed  anomalous  temperature- 
induced  emission  shift  and  temperature-dependent  carrier  dynamics  in  the  AlxGai.xN  alloy. 

CONCLUSIONS 

We  have  investigated  the  optical  characteristics  of  MOCVD-grown  Alx(jai.xN 
(0  <  x  <  0.6)  epilayers  by  means  of  PL,  PLE,  and  TRPL  spectroscopy.  We  observed  that  (i)  the 
FWHM  of  the  PL  emission,  (ii)  the  Stokes  shift  between  the  AlxGaj.xN  PL  peak  energy  and  the 
band-edge  obtained  from  PLE  spectra,  and  (iii)  the  effective  lifetime  increase  with  increasing  x. 
These  facts  indicate  that  the  degree  of  band-gap  fluctuation  due  to  a  spatially  inhomogeneous  A1 
alloy  content  distribution  increases  with  increasing  x.  We  observed  anomalous  temperature- 
induced  emission  shift  behavior  for  AlxGai.xN  epilayers,  specifically,  an  S-shaped  (decrease- 
increase-decrease)  temperature  dependence  of  the  peak  energy  with  increasing  temperature.  Both 
the  PL  peak  energy  deviation  from  the  typical  energy  gap  temperature  dependence  and  the 
temperature  range  in  which  the  anomalous  emission  shift  occurs  increase  with  increasing  A1 
content  of  the  AlxGaj.xN  epilayers.  This  is  attributed  to  spatially  inhomogeneous  A1  content 
variations  causing  more  band-gap  fluctuation  with  increasing  A1  content.  Therefore,  the 
anomalous  temperature-induced  emission  shift  is  related  to  thermal  population  of  energy  tail 
states  due  to  alloy  potential  inhomogeneities  in  the  AlxGai.xN  epilayers. 
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ABSTRACT 

A  comparative  study  of  two  different  MOVPE  reactors  used  for  GaN  growth  is  presented. 
Computational  fluid  dynamics  (CFD)  was  used  to  determine  common  gas  phase  and  fluid  flow 
behaviors  within  these  reactors.  This  paper  focuses  on  the  common  thermal  fluid  features  of 
these  two  MOVPE  reactors  with  different  geometries  and  operating  pressures  that  can  grow 
device-quality  GaN-based  materials.  Our  study  clearly  shows  that  several  growth  conditions 
must  be  achieved  in  order  to  grow  high  quality  GaN  materials.  The  high-temperature  gas  flow 
zone  must  be  limited  to  a  very  thin  flow  sheet  above  the  susceptor,  while  the  bulk  gas  phase 
temperature  must  be  very  low  to  prevent  extensive  pre-deposition  reactions.  These  conditions 
lead  to  higher  growth  rates  and  improved  material  quality.  A  certain  range  of  gas  flow  velocity 
inside  the  high-temperature  gas  flow  zone  is  also  required  in  order  to  minimize  the  residence 
time  and  improve  the  growth  uniformity.  These  conditions  can  be  achieved  by  the  use  of  either  a 
novel  reactor  structure  such  as  a  two-flow  approach  or  by  specific  flow  conditions.  The 
quantitative  ranges  of  flow  velocities,  gas  phase  temperature,  and  residence  time  required  in 
these  reactors  to  achieve  high  quality  material  and  uniform  growth  are  given. 

INTRODUCTION 

Gallium  nitride  (GaN)-based  materials  have  been  used  successfully  for  fabricating  short- 
wavelength  optoelectronic  as  well  as  high-temperature  and  high-power  devices.  Metalorganic 
vapor  phase  epitaxy  (MOVPE)  is  the  primary  technique  to  grow  these  thin  films  and  related 
devices.  However,  the  growth  of  GaN-based  materials  has  been  problematic.  High  growth 
temperatures,  gas  phase  pre-deposition  reactions,  and  subsequent  gas  flow  complexity 
complicate  the  MOVPE  growth  of  GaN.  These  complicating  factors  have  impeded  the  design 
and  scale-up  of  MOVPE  reactors  for  GaN-based  material  growth.  The  current  understanding  of 
GaN  MOVPE  growth  is  limited  to  the  influence  of  specific  reactor  geometries  and  growth 
conditions  on  the  growth  rate  and  uniformity.  The  understanding  of  the  dominant  reaction 
pathways  and  their  interaction  with  transport  phenomena  has  been  insufficient  for  design  and 
optimization  of  MOVPE  reactors  for  GaN  growth. 

In  order  to  investigate  the  growth  mechanism,  the  MOVPE  of  GaN  has  been  extensively  studied 
using  various  numerical  modeling  techniques  [1].  Based  on  theoretical  calculation  and  analysis 
of  experimental  data,  kinetic  mechanisms  of  differing  complexity,  which  include  a  number  of 
gas  phase  and  surface  reactions,  have  been  proposed  in  these  modeling  studies.  Typically,  the 
proposed  mechanism  is  substantiated  by  showing  the  consistency  with  a  very  limited  set  of 
experimental  observations,  usually  growth  rate  data.  Due  to  the  complexity  of  the  proposed 
growth  mechanism  and  very  limited  growth-based  data  available  for  comparison,  it  is  very 
difficult  for  these  modeling  investigations  to  provide  general  information  which  can  be  directly 
applied  to  practical  technology,  such  as  the  design,  scale-up  and  optimization  of  reactors  capable 
of  producing  deposition  rate  and  composition  uniformity  necessary  for  fabrication  of  various 
GaN-based  devices. 
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In  this  study,  we  studied  the  MOVPE  of  GaN-based  materials  by  employing  an  alternative 
modeling  strategy.  Since  trimethylgallium  (TMG)  is  very  dilute  in  the  NH3 :  H2  mixture,  the  gas 
phase  reactions  have  almost  no  affect  on  the  thermal  fluid  flow  behaviors.  However,  the  growth 
chemistry  pathways  are  significantly  determined  by  the  thermal  flow  conditions,  and  can  lead  to 
deleterious  pre-deposition  reactions  for  GaN  growth.  Therefore,  we  performed,  without  any  gas 
and  surface  reactions  involved,  a  comparative  study  of  the  thermal  flow  behavior  within  two 
different  reactors  that  can  grow  device  quality  GaN-based  materials.  We  identified  some 
common  features  of  thermal  flow  inside  these  two  different  reactors.  Based  on  these  thermal 
flow  features,  we  are  further  studying  the  growth  chemistry  in  a  step-wise  fashion,  with  an 
increasing  chemical  complexity  in  the  gas  phase  at  each  step,  in  an  effort  to  discover  how  these 
observed  common  thermal  flow  features  determine  the  growth  pathways.  Compared  to  a  typical 
growth  chemistry  study,  this  step-wise  growth  chemistry  investigation  provides  significant 
insight  into  the  primary  reactions  in  the  GaN  MOVPE  processes.  Based  on  combined  modeling 
and  experimental  effort,  we  aim  at  providing  a  general  model  of  GaN  growth.  In  this  paper,  we 
will  address  our  study  on  thermal  flow  behaviors  inside  GaN  reactors.  Unlike  the  typical  III-V 
reactor,  the  GaN  reactor  involves  much  higher  growth  temperature  and  more  extensive  pre¬ 
deposition  gas  phase  reactions,  therefore  the  primary  focus  of  this  investigation  are  the  flow 
velocity  distribution,  temperature  profile  and  residence  time. 

REACTORS  &  EXPERIMENT 

Schematic  diagrams  of  the  two  reactors  used  in  this  study  are  shown  in  Fig.l  and  Fig.2.  The  first 
reactor  we  studied  is  a  working  vertical  reactor,  the  second  one  is  the  two-flow  reactor  invented 
by  Nakamura  [2].  We  have  detailed  operating  conditions  for  the  vertical  reactor,  while  our 
simulation  study  of  the  two-flow  reactor  is  based  on  the  incomplete 
experimental  data  distributed  in  several  publications  and  patents  by 
Nakamura  [2]  [3]  [4]. 

Therefore,  we  present  k2+h2 

our  detailed  study  on 
the  vertical  reactor. 

The  simulation  of  the 
two-flow  reactor  is 
used  as  a  comparison 
to  verify  the  features 
present  in  the  vertical 
reactor.  For  the 
vertical  reactor, 

trimethylgallium  j — i  | 

(TMG),  in  a  hydrogen  SSSJ-d  I - 1 

carrier  gas,  is  supplied  through  the  inner  tube  while 

ammonia  and  hydrogen  are  supplied  in  the  outer  u 

tube.  The  outer  wall  of  the  reactor  is  water- 

cooled.  The  graphite  susceptor  is  inductively  Figure  2.  Diagram  of  the  two-flow  reactor  ([2]) 
heated.  The  inner  diameter  of  the  reactor  is  85 

mm  and  the  outer  diameters  of  the  two  inlet  tubes  are  6.4  mm  and  25.4  mm  respectively.  The 
opening  of  the  inner  tube  is  widened  at  the  end  above  the  susceptor,  which  is  70  mm  in  diameter. 
This  reactor  is  operated  at  a  pressure  of  100  Torr  and  a  susceptor  temperature  of  1 100°C.  The 
coolant  and  the  inlet  gas  temperature  are  assumed  to  be  at  room  temperature.  The  films  were 


Figure  1.  Diagram  of 
the  vertical  reactor 
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grown  on  2-inch  c-plane  sapphire.  The  two-flow  reactor  is  operated  at  760  torr  and  a  susceptor 
temperature  of  1000°C.  The  growth  reactants  (TMG  +  NH3  +  H2)  are  supplied  from  a  horizontal 
inlet,  and  a  vertical  pushing  gas  (H2  +  N2)  is  added  in  order  to  confine  the  reactants  to  the 
growing  surface  [2] 

MODELING 

The  modeling  study  was  performed  using  a  multi-purpose  computational  fluid  dynamics  code, 
which  includes  conjugate  heat  transfer  and  radiation  [5,6].  The  fundamental  equations  of 
continuity,  momentum,  and  energy  balances  and  species  conservation  are  used  to  describe  the 
system  [7].  The  reactor  model  is  based  on  numerical  solution  of  the  nonlinear,  coupled  partial 
differential  equations  representing  the  conservation  of  momentum,  energy,  total  mass  and 
individual  species  using  the  finite  element  method  (FEM).  The  FEM  transport  model  solves  for 
flow  and  heat  transfer  (including  conduction  in  the  walls,  convection,  and  radiation)  for  the 
reactor  configuration.  The  thermal  diffusion  component  that  drives  high  molecular  species  away 
from  hot  regions,  towards  cold  regions,  has  also  been  included  because  of  the  high  growth 
temperature. 


RESULTS 

The  detailed  results  for  the 
vertical  reactor  are  initially 
presented,  followed  by  brief 
results  on  the  two-flow  reactor 
for  comparison.  Figure  3  and  4 
show  the  temperature  and  flow 
profile  inside  the  vertical  reactor 
under  the  standard  operating 
conditions.  From  Fig.  3(a),  we 
can  see  that  the  high- 
temperature  flow  zone  is 
confined  to  a  thin  gas  flow  sheet 
(a)  (b)  above  the  susceptor.  The 

temperature  decrease  from 
growth  temperature  to  -  400K 

Figure  3.  Temperature  profiles  for  the  vertical  reactor,  (a)  within  a  short  distance 
Temperature  contour,  (b)  Temperature  distribution  above  away  from  ,he  growth  surfacei 
susceptor  at  three  radial  position  x  =  R/Rwafa.  resulting  in  a  very  high 

temperature  gradient  above  the 

growth  surface.  The  bulk  of  the  gas  phase  temperature  remains  around  the  inlet  temperature, 
which  is  about  room  temperature.  Figure  4  (a)  show  the  corresponding  streamlines.  Typically, 
there  are  recirculations  above  the  susceptor  due  to  the  high  input  velocity  of  the  inner  TMG  feed 
tube  [8].  These  recirculations  could  lead  to  trapping  of  particulate  matter,  which  may 
subsequently  deposit  onto  the  film.  The  removal  of  recirculations  for  this  case  is  accomplished 
by  changing  the  geometry.  TMG  flow  velocity  is  lowered  with  a  much  wider  opening  at  the  end. 
This  modification  improves  the  uniformity  and  quality  of  the  deposited  film  on  the  substrate. 

The  radial  velocity  becomes  increasingly  uniform  when  the  flow  approaches  the  growth  surface, 
which  is  also  a  necessary  requirement  for  the  deposited  film  uniformity.  In  order  to  make 
comparison  between  the  two  investigated  reactors,  we  quantify  the  above  thermal  fluid  behavior. 
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From  Fig.  3  (b)  and 
Fig.  4(b),  we  can  see 
that  the  thickness  of  the 
high-temperature  zone 
is  about  1-2  cm,  while 
the  gas  flow  velocity 
inside  the  high 
temperature  flow  zone 
is  about  0.01-0.6  m/sec. 


The  simulation 

geometry  for  the  two- 
flow  reactor  and  a 
typical  temperature 

profile  is  shown  in 
Figure  5.  By  comparing  Figure  4.  Flow  profile  for  the  vertical  reactor,  (a):  Streamline, 
to  the  corresponding  (b):  Velocity  radial  distribution  above  susceptor, 
temperature  profiles  in 

the  vertical  reactor,  similar  behaviors  can  be  identified.  A  very  thin  high-temperature  flow  sheet 
is  also  formed  above  the  susceptor.  The  thickness  of  the  high-temperature  flow  sheet  is  about 
1.0- 1.5  cm.  The  gas  temperature  outside  this  flow  sheet  is  below  400K.  Similar  to  the  vertical 

reactor,  a  uniform  flow  velocity 
distribution  is  observed  above  the  growth 
surface.  The  gas  flow  velocity  above  the 
susceptor  from  our  simulation  is  in  the 
range  of  the  reported  value  [4],  0.02-0.5 
m/sec. 

We  further  investigate  these  common 
thermal  fluid  behaviors  by  studying 
thermal  diffusion  and  residence  time 
within  the  vertical  reactor.  The  high 
temperature  gradient  above  the  growth 
surface  leads  to  high  thermal  diffusion 
coefficients.  High  thermal  diffusion 
effects  can  reduce  the  concentration  of 
higher  molecular  weight  species  near  the 
growth  front.  Figure  6  indicates  the 
impact  of  a  change  in  thermal  diffusion 
in  the  TMG  concentration  profile  above 
Figure  5.  Temperature  contour  for  the  two-  the  substrate.  The  TMG  concentration  on 
flow  reactor.  the  substrate  surface  is  significantly 

reduced  by  the  high  thermal  diffusion 
effect  in  this  reactor.  Since  the  reactant  residence  time  affects  the  extent  of  gas  phase  reactions, 
and  hence  the  quality  of  the  deposited  film,  the  residence  time  is  a  very  useful  parameter  to  study 
the  thermal  fluid  behavior  for  GaN  MOVPE  reactors.  We  studied  the  residence  time  by 
integrating  the  trace  of  released  particles  from  the  wide  opened  end  of  the  inner  TMG  tube  until 
the  particle  leave  the  susceptor  edge.  Figure  7  shows  the  particle  trace  and  radial  distribution  of 
the  residence  times.  The  molar  ratio  of  TMG  to  ammonia  at  every  particle  releasing  point  is  also 


4^ 


(b) 
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included.  From  these  results,  we 
can  see  that  the  total  residence  time 
for  TMG  within  this  reactor  is  less 
than  0.3  second.  The  residence 
time  decreases  at  higher  ratio  of 
TMGtoNH3. 

DISCUSSION 

The  most  commonly  used  MOVPE 
precursors  for  GaN, 

trimethylgallium  (TMG)  and 
ammonia,  react  very  rapidly  to 
form  an  adduct,  even  at  room 
temperature.  These  adducts  and 
subsequent  adduct-related 

reactions  lead  to  changes  in  the 
nature  and  concentration  of 
reactants.  The  gas  phase  depletion 
of  the  actual  growth  precursors  can  result  in  poor  growth  uniformity,  and  most  probably  material 
quality.  In  addition,  these  adduct-related  reactions  take  place  away  from  the  heated  susceptor. 
Additional  parameters,  such  as  the  design  of  reactor  inlet  mixing  critically  influences  the 


Figure  6.  The  effect  of  thermal  diffusion  on  the  radial 
molar  distribution  of  TMG  on  the  substrate 


(a) 


(b) 


Figure  7.  (a)  Particle  releasing  trace,  (b)  Residence  time  distribution.  <  are  the  total 
residence  time,  while  6  are  the  residence  time  inside  high-temperature  zone  (T  >  400  K). 

epitaxial  growth. 

From  our  simulation  results,  we  can  identify  some  common  thermal  flow  features  that  are 
observed  both  in  a  working  vertical  reactor  and  the  two-flow  reactor.  A  thin  high-temperature 
flow  sheet  of  ~  1  -  2  cm  thick  is  formed  above  the  susceptor,  while  the  bulk  of  the  gas  phase 
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temperature  is  below  400K.  Within  the  high-temperature  flow  sheet,  the  flow  velocity  is  very 
uniform  and  in  a  certain  range  of  0.01-0.6  m/sec.  Since  these  two  reactors  have  totally  different 
geometries  and  are  operated  under  different  pressures  (100  Torr  vs.  760  Torr),  we  believe  that 
these  common  features  might  be  correlated  to  growth  of  device  quality  GaN-based  materials. 
Prevention  of  the  adduct-related  gas  phase  reactions  plays  a  critical  role  in  the  GaN  growth. 
Reduction  in  the  gas  phase  temperature  and  minimization  of  residence  time  are  very  effective 
ways  to  prevent  these  pre-deposition  reactions.  The  bulk  gas  phase  temperature  inside  these  two 
reactors  is  kept  at  a  low  temperature  of  300  ~  400K.  This  temperature  profile  will  minimize  the 
pre-deposition  reactions,  or  delay  these  reactions  until  the  high-temperature  flow  zone.  Since 
the  high-temperature  flow  zone  is  restricted  to  a  thin  flow  sheet  right  above  the  susceptor,  the 
reactants  react  vigorously  within  this  high-temperature  zone  with  a  very  short  residence  time, 
leading  to  film  deposition  on  the  substrate.  There  is  a  small  residence  time  of  the  reactants  where 
the  NH3  and  TMG  are  well  mixed  within  the  high  temperature  flow  zone.  This  small  contact 
time  reduces  the  extent  of  the  pre-deposition  reactions.  This  specific  temperature  profile  is 
achieved  by  a  high  TMG  flow  from  the  inner  input  tube  in  the  vertical  reactor,  and  by  the 
pushing  gas  flow  in  the  two-flow  reactor. 

CONCLUSIONS 

A  comparative  study  of  GaN  growth  by  MOVPE  was  performed  to  identify  the  common  thermal 
fluid  behaviors  for  MOVPE  reactors  that  are  being  used  to  grow  device  quality  GaN-based 
materials.  The  comparison  of  the  temperature  and  flow  profiles  for  two  high-performance 
reactors  has  revealed  several  common  features  for  the  thermal  flow  behaviors  inside  these 
reactors,  which  can  be  served  as  general  engineering  guidelines  for  design  and  optimization  of 
MOVPE  reactors  for  GaN  growth. 
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ABSTRACT 

AlGaN  HFETs  are  attractive  devices  for  high  power  microwave  applications. 
Sapphire,  which  is  the  typical  substrate  for  AlGaN  epitaxy,  has  a  very  poor  thermal 
conductivity,  and  the  power  performance  of  AlGaN  HFETs  fabricated  on  sapphire 
substrates  is  severely  limited  due  to  this  large  thermal  impedance.  We  report  on  HFETs 
fabricated  on  high  thermal  conductivity  electrically  insulating  SiC  substrates.  Excellent 
RF  power  performance  for  large  area  devices  is  demonstrated.  On-wafer  CW 
measurements  at  10  GHz  of  a  320  micron  wide  FET  resulted  in  an  RF  power  density  of 
2.8  Watts/mm,  and  measurements  of  a  1280  micron  wide  FET  resulted  in  a  total  power 
of  2.3  Watts.  On- wafer  pulsed  measurements,  at  8  GHz,  of  a  1280  micron  wide  FET 
resulted  in  a  total  power  of  3.9  Watts.  Design  of  a  hybrid  microwave  amplifier  will  be 
discussed. 

INTRODUCTION 

Wide  band  gap  semiconductors,  such  as  AlGaN  and  SiC,  are  being  developed  for 
a  variety  of  applications.  These  materials  have  properties  that  make  them  very  attractive 
for  microwave  power  generation.  In  Table  1,  some  of  the  materials  properties  of  SiC 
and  GaN  are  compared  to  Si  and  GaAs.  As  can  be  seen,  the  band  gaps  and  breakdown 
fields  of  GaN  and  SiC  are  similar,  and  are  much  larger  than  those  of  GaAs  and  Si.  The 
maximum  electron  velocity  in  GaN  is  predicted  to  be  a  bit  larger  than  that  in  SiC.  The 
low  field  electron  mobility  in  bulk  samples  of  SiC  and  GaN  is  also  similar.  At  an  AlGaN 
/  GaN  heterojunction,  however,  the  electron  mobility  can  be  much  higher.  Room 
temperature  Hall  mobilities  in  excess  of  2000  cm2/Vs  have  been  measured  in  AlGaN  / 
GaN  heterojunction  structures,  with  corresponding  sheet  charge  densities  of  5  xlO12  cm'2. 
This  much  larger  mobility  is  a  distinct  advantage  for  AlGaN  /  GaN  HFETs,  relative  to 
SiC  devices. 

In  power  transistors,  efficient  thermal  management  is  critically  important.  Table 
1  shows  that  the  thermal  conductivity  of  SiC  is  much  higher  that  that  of  GaN.  This  listed 
thermal  conductivity  for  SiC  (4.9  W/cm  K)  is  the  value  for  very  high  purity,  lightly  N- 
type  material.  Currently,  insulating  SiC  has  a  somewhat  lower  conductivity  (3.3  W/cm  K 
[1]),  but  this  value  should  improve  as  the  SiC  substrate  quality  improves.  Sapphire, 
which  is  the  typical  substrate  for  AlGaN  epitaxy,  has  a  thermal  conductivity  of  only  0.2 
W/cm  K.  This  very  poor  thermal  conductivity  severely  limits  the  performance  of  RF 
power  HFETs  on  sapphire  substrates.  Growth  of  AlGaN  HFET  structures  onto 
electrically  insulating  SiC  substrates  should  combine  the  superior  electrical  properties  of 
the  AlGaN  /  GaN  heterostructure  with  the  superior  thermal  properties  of  bulk  SiC, 
resulting  in  high  performance  microwave  power  transistors. 
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Table  1.  Selected  materials  properties  of  SiC  and  GaN,  compared  to  Si  and  GaAs.  (a- 
electron  mobility  in  bulk,  lightly  N-type  GaN;  b-  electron  mobility  at  an  AlGaN  /  GaN 
heterojunction) _ 


Property/Material 

Si 

GaAs 

4H-SiC 

GaN 

Bandgap  (eV) 

1.1 

1.4 

3.3 

3.4 

Breakdown  field  [xlO5  V/cm] 

2 

4 

8 

8 

Electron  mobility  [cm2/Vs] 

1400 

8500 

800 

900  a 

2000  b 

Maximum  velocity  [xlO7  cm/s] 

(E=8  E5  V/cm) 

0.5 

0.7 

1.0 

1.4 

Thermal  conductivity  [W/cm  K] 

1.5 

0.5 

4.9 

1.3 

EXPERIMENT 

The  nitrides  display  a  large  piezoelectric  effect,  relative  to  other  III-V  materials 
[2].  For  the  (0001)  orientation  typically  used  for  epitaxial  growth,  the  piezoelectric  effect 
is  a  major  source  of  charge  at  AlGaN  /  GaN  heterojunctions.  Figure  1  shows  that  the 
electron  charge  density  densities  in  undoped  AlGaN  /  GaN  heterostructures  increase 
linearly  with  increasing  AlGaN  alloy  composition,  and  densities  well  in  excess  of  1  xlO13 
cm'2  can  be  achieved.  This  sheet  charge  density  is  several  times  larger  than  is  typically 
seen  in  AlGaAs  /  GaAs  heterostructures.  Because  the  mobility  of  electrons  in  AlGaN  / 
GaN  heterostructures  are  several  times  lower  than  the  mobility  of  electrons  in  AlGaAs  / 
GaAs,  the  total  current  for  a  given  gate  width  is  very  similar  for  the  two  materials 
systems.  The  drain  breakdown  voltage  for  the  nitride  structure  is  many  times  larger  than 
for  the  arsenide  structure,  for  similarly  sized  transistors. 

The  structures  reported  on  in  this  paper  were  all  grown  by  low  pressure  MOCVD 
using  the  standard  metalorganic  precursors  for  the  group  III  material,  ammonia  for  the 
column  V  material,  and  silane  for  the  dopant.  Adding  intentional  donors  to  the  AlGaN 
layer  increases  the  electron  sheet  charge  density,  as  expected.  Figure  2  shows  the 
measured  Hall  mobility  versus  sheet  charge  density  for  a  variety  of  structures  grown  on 
SiC  substrates,  some  of  which  contain  intentional  doping  in  the  AlGaN.  The  structure 
with  a  300K  sheet  charge  density  of  4.9  xlO12  cm'2  and  a  mobility  of  2150  cm2/V s,  has  a 
77K  sheet  charge  density  of  4.9  xlO12  cm'2  and  a  mobility  in  excess  of  12,000  cm2/Vs. 
This  large  low  temperature  mobility  attests  to  the  high  quality  of  the  heterointerface. 
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Figure  1.  Two-dimensional  electron  sheet  charge  density  at  AlGaN  /  GaN 
heterostructures,  as  a  function  of  the  alloy  composition  of  the  AlGaN  [2]. 


Figure  2.  Room  temperature  Hall  mobility  versus  sheet  charge  density  for  a  variety  of 
AlGaN/GaN  structures  grown  by  MOCVD  on  SiC  substrates  at  Rockwell. 
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The  epitaxial  layer  structure  of  the  devices  reported  on  in  this  paper  consisted  of  a 
50  Angstrom  undoped  AlGaN  cap,  a  100  Angstrom  AlGaN  region  doped  with  5  xlO 
donors/cm2,  a  50  Angstrom  undoped  spacer  layer,  a  one  micron  thick  GaN  layer,  and  a 
1000  Angstrom  thick  AIN  nucleation  layer.  The  aluminum  alloy  concentration  in  the 
AlGaN  is  25%.  This  structure  is  grown  on  a  350  micron  thick  electrically  insulating  4H 
SiC  substrate.  The  structure  has  a  room  temperature  sheet  charge  density  of  about  1 
xlO13  cm'2,  and  a  Hall  mobility  of  1350  cm2 /Vs. 

HFETs  were  fabricated  in  this  layer  structure.  Implantation  was  used  for 
isolation.  Ohmic  contacts  consist  of  Ti-Al  annealed  at  950  °C.  The  optically  defined  Pt- 
Au  gate  is  0.6  microns  long.  A  microphotograph  of  the  layout  of  the  1280  micron  wide 
device  reported  on  in  this  paper  is  shown  in  Figure  3.  It  consists  of  16  gates,  each  of 
which  is  80  microns  wide.  Successive  sources  are  interconnected  using  air  bridges. 


Drain 


Ground  (Source)  Goto  Ground  (Source) 


Figure  3.  Microphotograph  of  a  1280  micron  wide  AlGaN  HFET. 


RESULTS 

Shown  in  Figure  4  are  the  transistor  characteristics  for  HFETs  on  sapphire  and 
SiC.  The  thermally  induced  collapse  of  the  drain  current  at  high  power  that  occurs  for 
the  device  on  sapphire  is  largely  absent  for  the  device  on  SiC.  This  demonstrated  the 
efficacy  of  the  SiC  at  conducting  the  heat  away  from  the  HFET.  The  difference  in  the 
absolute  magnitude  of  the  drain  currents  is  not  due  to  the  different  substrates,  but  is 
related  to  differences  in  the  layer  structure  during  the  two  different  growths.  The  HFET 
on  SiC  has  a  current  density  of  about  1  amp/mm. 
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Figure  4.  Comparison  of  the  transistor  characteristics  of  an  80  micron  wide  AlGaN  HFET 
on  a  sapphire  substrate  (a)  and  a  SiC  substrate  (b). 


The  transconductance  versus  gate  voltage  for  the  HFET  on  SiC  shown  in  Figure 
4b  is  shown  in  Figure  5.  The  peak  transconductance  is  240  mS/mm,  and  the  pinch-off 
voltage  is  about  -4.2  Volts. 


-4-3-2-10  1 


Gate  to  Source  Voltage  [V] 

Figure  5.  Transconductance  versus  gate  voltage  for  the  80  micron  wide  HFET  on  a  SiC 
substrate  shown  in  Figure  4b.  The  drain  bias  was  7  Volts,  and  the  source  to  drain  spacing 
is  2  microns. 
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The  10  GHz  gain  compressions  characteristics  for  the  HFETs  on  SiC  are  shown  in 
Figure  6.  These  measurements  were  done  on  the  wafer  using  controlled  impedance 
probes.  The  small  signal  gain  is  in  excess  of  10  dB.  With  increasing  drain  bias,  the 
output  power  saturates  as  expected.  Increasing  the  drain  bias  voltage  does  little  to 
improve  the  maximum  output  power.  This  is  believed  to  be  due  to  the  high  thermal 
impedance  for  a  wafer  resting  on  a  metal  chuck. 


Input  Power  [dBm] 

Figure  6.  CW  on-wafer  10  GHz  gain  compression  curves  for  a  240  micron  wide  HFET  on 
a  SiC  substrate.  The  source  to  drain  spacing  is  3  microns. 


On-wafer  CW  10  GHz  power  testing  was  done  on  these  HFETs  on  SiC  substrates. 
To  reduce  the  thermal  impedance,  the  SiC  substrate  was  attached  to  the  metal  chuck 
using  thermal  grease.  A  power  density  of  2.8  Watts/mm  was  measured  in  a  320  micron 
wide  FET.  A  total  power  of  2.3  Watts  was  measured  in  a  1280  micron  wide  FET. 

Pulsed  testing  of  devices  is  a  way  to  measure  the  devices  while  they  are  still  in 
wafer  form,  and  to  estimate  the  performance  of  the  devices  once  they  have  been  properly 
packaged  with  efficient  thermal  management.  The  pulsed  measurements  were  done  by 
applying  a  10  microsecond  DC  pulse  to  the  drain  with  a  0.1%  duty  cycle,  and  a  20 
microsecond  8  GHz  pulse  to  the  gate  which  symmetrically  overlapped  the  dram  bias 
pulse.  Output  tuners  were  used  to  match  the  fundamental  frequency.  As  shown  in  Figure 
7  a  1280  micron  wide  device  with  3  micron  source-to-drain  spacing  produced  a 
maximum  power  of  3.9Watts  (3W/mm)  with  7.7  dB  gain  and  26%  P.A.E.  The  drain  bias 
was  32Volts,  and  the  gate  bias  was  -1.5V.  A  somewhat  lower  drain  bias  (25  V)  resulted 
in  a  somewhat  higher  30%  P.A.E.,  producing  3.3  Watts  (2.6W/mm)  with  8.5  dB  gain. 
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Figure  7.  Pulsed  on- wafer  8  GHz  gain  compression  curves  for  a  1280  micron  wide 
HFET  on  a  SiC  substrate.  The  source-to-drain  spacing  is  3  microns,  Vds  is  32V  and  Vgs  is 
-1.5V. 


Large  signal  10  GHz  measurements  (Load  pull)  were  done  on  these  transistors  to 
determine  optimal  RF  impedances.  As  shown  in  Figure  8,  the  input  impedance  is  quite 
low,  as  expected  for  a  large  power  transistor  with  a  comparatively  long  optically-defined 
gate.  Reducing  the  gate  length  using  electron  beam  lithography  will  move  the  input 
impedance  closer  to  50  Ohms,  making  the  input  matching  easier  and  more  efficient.  This 
low  input  impedance  will  probably  limit  the  size  of  practical  power  HFETs  to  a  few 
millimeters  of  gate  width. 

The  input  impedance  has  also  been  rotated  clock-wise  around  the  Smith  chart, 
relative  to  a  similarly  sized  GaAs  HFET,  so  that  its  impedance  is  almost  entirely  real. 

This  rotation  for  the  AlGaN  HFET  is  believed  to  be  a  reflection  of  the  lack  of  through- 
substrate  via  holes.  The  ground  connection  for  the  AlGaN  HFET's  source,  instead  of 
being  a  low  inductance  via,  is  a  long  front-side  metal  line.  This  extra  impedance  between 
the  source  and  ground  is  very  undesirable,  and  degrades  the  RF  performance  of  the 
existing  HFETs. 

The  optimal  output  impedance  for  the  1280  micron  wide  HFET  is  high,  relative  to 
a  similarly  sized  GaAs  HFET,  reflecting  the  large  drain  bias  possible  with  the  AlGaN 
HFET.  The  optimal  impedance  for  maximum  power  moved  even  closer  to  50  Ohms  with 
increasing  drain  bias,  as  expected.  The  output  impedance  mismatch  which  degrades  the 
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total  power  by  one  dB  is  a  fairly  large  circle,  making  the  output  matching  for  these 
transistors  fairly  simple. 


Figure  8.  Large  signal  on- wafer  impedance  measurements  of  1280  micron  wide  HFETs, 
optimizing  for  maximum  power.  The  drain  bias  is  25  Volts,  and  the  source-to-drain 
spacing  is  3  microns. 


Shown  in  Figure  9  is  a  9  GHz  hybrid  amplifier  designed  using  two  of  these  1280 
micron  wide  HFETs.  The  passive  matching  components  are  fabricated  on  250  micron 
thick  GaAs  substrates  using  microstrip  waveguide  format.  The  input  and  output  are 
matched  to  50  Ohms.  As  can  be  seen,  the  input  matching  requires  considerably  more 
circuitry  than  does  the  output  matching,  reflecting  the  greater  impedance  mismatch  on  the 
gates  of  the  HFETs  relative  to  the  drains.  Also,  the  total  area  required  for  the  passive 
matching  components  is  much  larger  that  that  required  for  the  active  area  of  the 
transistors.  This  relatively  large  area  for  the  passive  matching  components  at  10  GHz  is  a 
strong  argument  against  fabricating  MMICs,  rather  than  hybrids,  given  the  current  high 
cost  and  small  wafer  size  of  electrically  insulating  SiC.  At  higher  frequencies,  the 
performance  degradation  associated  with  a  hybrid  design  will  force  MMIC  or  flip-chip 
designs  to  be  used,  in  spite  of  the  costs. 
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Figure  9.  9  GHz  Hybrid  amplifier  using  two  transistors,  each  of  which  is  1280  microns 
wide. 

CONCLUSIONS 

AlGaN  /  GaN  HFETs  are  the  device  of  choice  for  microwave  power  applications. 
For  these  power  applications,  the  improved  thermal  conductivity  of  electrically  insulating 
SiC  substrates  provides  a  huge  advantage  in  performance,  relative  to  HFETs  on  sapphire 
substrates.  At  10  GHz,  hybrid  amplifiers  are  the  cost-effective  architecture,  with  the 
large  area  passive  matching  components  being  fabricated  on  inexpensive  substrates. 
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Abstract 

A  new  photo-electrochemical  etching  method  was  developed  and  used  to  fabricate 
GaN  MESFETs.  The  etching  process  uses  photoresist  for  masking  illumination  and  die 
etchant  is  KOH  based.  The  etching  rate  with  1.0  mol%  of  KOH  for  n-GaN  is  as  high 
as  1600  A/min  under  the  Hg  illumination  of  35  mW/cm  .  The  MESFET  saturates  at 
Vds  =  4  V  and  pinches  off  at  Vgs  =  -3  V.  The  maximum  drain  current  of  the  device 
is  230  mA/mm  at  300  K  and  the  value  is  remained  almost  same  for  500  K  operation. 
The  characteristic  frequencies,  fj  and  fmax,  are  6.35  GHz  and  10.25  GHz,  respectively. 
Insensitivity  of  the  device  performance  to  temperature  was  attributed  to  the 
defect-related  high  activation  energy  of  dopants  for  ionization  and  band-bending  at  the 
subgrain  boundaries  in  GaN  thin  films. 

1.  INTRODUCTION 

Wide  bandgap  semiconductors  based  upon  the  El-Nitride  system,  which  are  mainly 
developed  for  optical  application,  have  many  properties  which  are  ideal  for  electronic 
devices  for  high  temperature,  high  frequency,  high  power,  and  radiation  hard  application. 
A  variety  of  high  frequency  electronic  devices  can  be  fabricated  from  GaN-based 
semiconductors;  these  devices  are  predicted  to  offer  superior  DC  and  RF  performance 
compared  to  more  conventional  Si  and  GaAs  devices  from  the  view  point  of  high 
power.  Theoretical  calculations  for  GaN  MESFET  predict  output  power  density  near  5 
W/mm,  power-added  efficiency  higher  than  50  %,  and  linear  power  gain  about  20  dB 
for  an  optimized  device  structure  [1].  In  addition,  GaN  can  allow  for  the  AlGaN/GaN 
heterostructures  which  was  demonstrated  to  produce  two-dimensional  electron  gas  (2 
DEG)  and  thus  makes  possible  several  novel  devices  that  can  operate  at  frequencies 
beyond  the  capability  of  SiC  devices.  Also,  the  2  DEG  permits  low  resistances  and 
low  noise  performance  not  possible  with  SiC  [2]. 

Despite  the  excellent  electronic  properties  of  GaN,  the  fabrication  of  GaN  MESFETs 
with  novel  designs  have  been  hindered  by  the  chemical  inertness  of  this  material.  Thus, 
the  most  successful  etching  process  so  far  has  been  dry  etching  method  including 
reactive  ion  etching  (RIE)  [3],  electron  cyclotron  resonance  (ECR)  RIE  [4],  and 
inductively  coupled  plasma  (ICP)  RIE  [5].  However,  these  techniques  are  known  to 
result  in  ion-induced  damage  on  the  etch  surface  which  is  highly  undesirable  for  the 
high  frequency  and  high  power  operation  of  devices.  Wet  chemical  etching  is  a 
desirable  substitute  for  dry  etching  method  by  providing  low  damage  on  the  surface  of 
the  active  region.  There  has  been  a  report  on  the  photoelectrochemical  wet  etching 
process  for  GaN  films  using  KOH  solution  under  the  illumination  of  Hg  arc  lamp  [6]. 
However,  the  experiment  was  performed  using  Ti  metal  mask  which  is  not  normally 
used  in  conventional  wet  etching  process  and  is  not  suitable  for  the  fabrication  of 
microelectronic  devices.  In  this  paper,  we  report  on  the  photoelectrochemical  etching 
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process  for  GaN  thin  films  using  photoresist  mask.  For  the  first  time,  the  etching 
method  is  demonstrated  to  be  well  applicable  to  the  fabrication  of  recessed  gate  GaN 
MESFET.  The  Ids,  gm,  and  V*  of  the  device  at  different  operating  temperatures  and  fT 
and  fmax  characteristics  are  discussed  as  well. 

2. EXPERIMENTS 

There  are  many  ways  of  etching  the  wide  bandgap  semiconductors  to  make 
transistors.  The  dry  processing  was  used  mainly  because  no  convenientchemical  solution 
for  good  ething  characteristics  is  available.  Once  we  can  provide  the  chemical  solution, 
the  photoelectrochemical  etching  process  is  preferred,  in  particular,  by  the  need  for  a 
recessed  gate  GaN  MESFET.  The  etching  mask  in  this  experiments  is  a  i-line 
photoresist  (THMR-iP1800,  TOK),  eliminating  the  hard  baking  process  which  degrades 
the  adhesion  of  photoresist  to  the  surface  and  hence  leads  to  easy  lift-off  process.  The 
sample  for  this  experiment  consists  of  1.3  fim  thick  undoped  (3—4  x  10  /cm)  GaN 
buffer  layer,  500  A  thick  Si  doped  (2xl017/cm )  n-GaN  active  layer  and  300  A  thick 
Si  doped  (2xl018/cm3)  n+-GaN  cap  layer  grown  on  c-plane  sapphire  substrate  by 
metal-organic  chemical  vapor  deposition  (MOCVD)  method.  GaN  epi  layer  quality  was 
measured  by  PL,  XRD,  and  Hall  measurement  of  300  K.  Dry  etching  for  device 
isolation,  i.e.  mesa  etching,  used  an  ECR  dry  etcher.  Etching  rate  was  varied  with  RF 
bias,  microwave  power,  and  processing  chamber  pressure.  Prior  to  the  gate  recess 
etching  process,  the  source  and  the  drain  ohmic  contact  with  a  contact  resistance  of 
4  x  10‘°  42  cm2  was  obtained  by  the  deposition  of  Ti/Al  (=300  A/2000  A)  bilayer 
followed  by  a  rapid  thermal  annealing  (RTA)  at  700  °C  for  10  seconds.  The  recess 
wet  etching  rate  was  examined  as  functions  of  the  mole  percentage  of  the  KOH  solution 
and  the  etching  time.  After  an  extraction  of  optimized  conditions,  the 
photoelectrochemical  etching  method  was  directly  employed  for  the  fabrication  of  a 
recessed  gate  GaN  MESFET.  An  n+  cap  layer  with  a  thickness  of  300  A  was  etched 
out  for  the  recessed  gate  structure.  The  schottky  contact  was  formed  by  a  Pt/Au  (=400 
A/4000  A)  alloy  and  it  showed  a  good  blocking  capability.  The  gate  length  and  the 
gate  width  of  the  device  were  0.7  fj. m  and  100  pm,  respectively.  The  spacing  between 
the  gate  and  source  or  drain  was  5  n  m.  The  morphology  of  the  etched  surface  was 
characterized  by  Scanning  Electron  Microscopy  (SEM)  and  Atomic  Force  Microscopy 
(AFM).  The  dc  performance  of  the  device  was  characterized  at  different  device 
operating  temp.  From  the  S-parameter  measurement  in  a  frequency  range  of  1  —  18  GHz 
with  a  microwave  network  analyzer,  HP  85 10C,  we  measured  the  fr  and  fmax. 

3.  RESULTS  AND  DISCUSSION 

Fig.  1  shows  the  photoluminescence  and  X-ray  diffraction  of  n-GaN  epi  layer  at 
room  temperature.  FWHM  of  band  edge  emission,  (0002)  0  scan,  (1012)  $  scan  are  43 
meV  and  7.2  arcmin  and  22.5  arcmin,  respectively. 

Carrier  concentration  and  mobility  has  changed  by  Si  mole  fraction.  When  the  Si 
mole  fraction  varied  range  of  0.5  —  7  nmol/min,  carrier  concentration,  mobility  are 
increased  of  2x1 017/cm3  — 5.6x1 018/cm3  and  decreased  of  430  cm/V.sec  — 135  cm/V.sec, 
respectively.  Optimum  condition  of  GaN  dry  etching  is  Ar:5,  BCl3:4,  02:3,  Pressure:3, 
RF:450  V,  Mw:300  W,  He:3  and  its  etching  rate  has  950  A/min.  2  0 

Ohmic  contact  metal  used  Ti/Al  system,  contact  resistance  was  5x10  ficm  at  700  C 
10  sec  RTP  annealing.  Fig.  2  shows  the  photoelectrochemical  etching  depth  as  fimctions 
of  etching  time  and  the  concentration  of  KOH  in  the  etchant  solution.  The  etching  rate 
is  linearly  increased  with  etching  time.  The  etching  rate  is  shown  to  increase  as  the 
KOH  concentration  is  increased.  The  etching  rates  for  the  0.5  mol  %  and  1.0  mol  %  of 
KOH  in  the  solution  are  about  460  A/min  and  1600  A/min,  respectively.  Note  that  the 
etching  rate  observed  in  this  experiments  is  comparable  with  the  etching  rate  achieved  in 
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a  typical  RIE  method.  The  illumination  intensity  of  Hg  arc  lamp  during  the  etching 
process  was  35  mW/cm2.  Fig.  3  shows  the  morphology  of  the  etched  surface  displaying 
a  well  defined  etched  edge.  The  sample  in  this  figure  was  etched  (DC  bias  2.5  V,  UV 
Power  of  35  mW)  to  a  depth  of  about  2000  A.  This  figure  demonstrates  that  the 
photoresist  can  be  used  as  a  suitable  pattern  mask  in  this  etching  process. 


300K  300K 


Energy  (eV) 


Fig.  1  Photoluminescence  and  Xray  diffraction  of  n-GaN  epi  layer  at  300K 


KOH  base  0.5  mol  % 

-  460  A/min 


■  KOH  base  1.0  mol  % 

~  1600  A/min 


Fig.  2  Photoelectrochemical  etching  depth 
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Fig.  3  Etched  surface  by  SEM 

The  surface  roughness  was  examined  by  AFM  and  the  result  is  shown  in  Fig.  4. 
The  rms  roughness  from  the  etched  GaN  surface  is  about  37  A.  The  rms  roughness  for 
the  pre-etched  GaN  surface  is  measured  to  be  3.2  A.  The  surface  morphology  has  been 
changed  by  the  etching,  but  the  value  of  etching-induced  roughness  is  low  enough  to 
fabricate  a  MESFET  structure  with  a  gate  length  of  0.7  //m  and  a  channel  thickness  of 
0.05  [im. 


Fig.  4  Surface  roughness  by  AFM 
a)  as-grown  b)  etched  surface 

The  optimized  etching  conditions  were  directly  applied  to  the  fabrication  of  recessed 
gate  GaN  MESFET  and  Fig.  5  shows  the  room  temperature  and  high 
temperature  current-voltage  characteristics  of  the  device.  The  gate  voltage  step  is  -  1  V 
and  the  saturation  of  the  source-drain  current  occurs  at  Vds  =  4  V  and  the  pinch-off 
voltage  at  Vgs  =  -  3  V.  The  maximum  drain-source  current  of  the  device  operating  at 
300  K  is  about  240  mA/mm  and  no  significant  change  is  observed  at  500  K.  The 
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current  level  is  somewhat  lower  than  the  value  expected  from  the  device  design, 
reasons  for  which  will  be  discussed  later. 


a) 


b) 

Fig.  5  Current-voltage  characteristics  of  GaN  MESFET 
a)  Ids  vs.  Vds  with  Vgs  (Vgs  varies  from  0  V  to  -3  V  by  -1  V  from  the  top  curve, 
b)  Drain  current  change  to  the  operating  temperature 
(Yds  =  8  V,  Vgs  =  0  V,  temperature  from  room  temperature  to  200  °C) 
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The  measured  RF  performance  is  in  Fig.  6.  The  cut-off  frequency  and  maximum 
oscillation  frequency  are  6.25  GHz  and  10.25  GHz  at  Vgs  =  0  V,  Vds  =  8  V, 
respectively. 


Fig.  6  fr  and  fmax  characteristics  of  GaN  MESFET 


Theoretically,  the  current  is  supposed  to  decrease  with  the  operating  temperatures  due 
to  the  reduction  of  the  electron  velocity  and  mobility  to  the  temperatures.  One 
explanation  for  no  change  in  the  drain  current  level  is  a  high  activation  energy  of 
dopants  for  ionization.  It  has  been  reported  that  the  activation  energy  of  dopants  in 
thin  films  with  two  dimensional  defects  is  known  to  be  higher  than  that  without  the 
defects  [6].  When  the  activation  is  high  and  the  dopants  are  in  a  "freeze-out  region" 
[7],  the  number  of  the  effective  free  carriers  increases  with  temperature.  Therefore,  it  is 
possible  that  the  insensitivity  of  the  drain  current  with  temperature  be  attributed  to  a 
presumable  freeze-out  of  dopants  in  the  active  region  of  device,  otherwise,  the  drain 
current  should  be  decreased  due  to  the  lower  mobility  and  electron  velocity  at  high 
temperatures.  Another  explanation  for  the  insensitivity  is  trapping  of  carriers  at  the 
subgrain  boundaries.  GaN  thin  films  are  known  to  possess  high  density  of  subgrain 
boundaries  that  are  responsible  for  the  band-bending  8].  The  driving  force  for  electrons 
to  cross  the  transverse  boundaries  is  larger  when  the  device  operates  at  higher 
temperatures.  Thus,  the  mobility  of  electrons  at  higher  temperature  could  be  higher  than 
that  at  lower  temperature  as  is  the  observed  abnormal  behavior  in  the  mobility-doping 
relationship  [9]. 

4.  CONCLUSION 

For  the  first  time,  the  photoelectrochemical  etching  process  using  a  photoresist  mask  was 
employed  for  the  fabrication  of  recessed  gate  GaN  MESFETs.  The  maximum  etching 
rate  with  1.0  mol  %  of  KOH  for  n-GaN  was  1600  A/min.  The  fabricated  GaN 
MESFET  shows  a  current  saturation  with  the  maximum  current  of  240  mA/mm  at  room 
temperature.  Insensitivity  of  the  change  in  the  drain  current  to  the  temperature  was 
attributed  to  the  defect-related  high  activation  energy  of  dopants  and  band-bending.  The 
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developed  photoelectric  wet  etching  process  is  likely  to  be  used  widely  in  the  fabrication 
of  devices  using  GaN,  the  chemically  inert  semiconductor. 
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ABSTRACT 

Results  of  a  systematic  study  of  the  current  vs.  voltage  characteristics  of  ungated  AlGaN/ 
GaN  heterostructures  grown  on  sapphire  substrates  are  presented.  It  is  experimentally  observed 
that  the  saturation  current  nearly  doubles  as  the  source-to-drain  channel  lengths  decrease  from 
1 1.8  to  1.7)Lim.  The  average  electric  field  at  which  current  saturation  occurs  is  10  to  30kV/cm,  i.e. 
much  less  than  the  electron  velocity  saturation  field.  The  experimental  data  is  interpreted  in  the 
framework  of  a  new  model  that  takes  into  account  the  non-uniformity  of  the  electron  density  in 
the  channel,  electron  velocity  saturation,  and  thermal  effects.  The  temperature  dependent  electron 
transport  characteristics  of  the  model  are  based  on  Monte  Carlo  simulations  of  electron  transport 
in  GaN.  It  is  shown  that  appreciable  contact  resistance,  which  leads  to  partial  channel  depletion 
near  the  source,  and  significant  self-heating  of  the  devices  under  high  drain-to-source  bias  are  the 
main  reasons  for  the  observed  current  saturation.  The  effective  ambient  temperature  in  the  chan¬ 
nel  of  the  devices  is  calculated  from  a  two-dimensional  thermal  model  of  heat  dissipation  through 
the  sapphire  substrate.  Equilibrium  channel  carrier  concentrations  and  low-field  mobilities  are 
determined  from  Hall  effect  data.  The  ungated  structures  are  demonstrated  to  provide  much  use¬ 
ful  materials  and  process  characterization  data  for  the  development  of  AlGaN/GaN  heterostruc¬ 
ture  field  effect  transistors. 

INTRODUCTION 

AlGaN/GaN  heterostructures  have  excellent  potential  for  the  realization  of  high-power, 
high-frequency  heterostructure  field  effect  transistors  (HFETs)  [1,2,3].  The  GaN  channel 
material  is  characterized  by  favorable  electron  transport  parameters,  such  as  high  mobility  and 
high  peak  velocity.  In  addition,  polarization  charges  at  the  hetero-interface  can  neutralize  a 
large  electron  charge  density,  thus  allowing  for  high  channel  carrier  concentrations.  However, 
most  epitaxial  Ill-nitride  structures  are  currently  grown  on  sapphire  substrates.  Sapphire  has  a 
relatively  low  thermal  conductivity  and,  consequently,  the  performance  of  AlGaN/GaN  HFETs 
that  are  heatsunk  through  the  sapphire  substrate  has  been  shown  to  be  limited  by  deleterious 
thermal  effects  at  high  voltages  and  currents  [4].  Furthermore,  the  fabrication  technology  for 
these  devices  is  still  relatively  immature.  Hence,  contact  resistances  are  often  large  and  can 
seriously  impair  device  performance  [4]. 
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Ungated  HFET  structures  are  of  interest  as  simple  characterization  structures  used  in, 
e.g.,  transmission  line  method  (TLM)  determinations  of  the  equilibrium  sheet  resistivity  and 
contact  resistance,  and  as  saturated  resistors  in  some  circuit  application.  Here,  we  present  a 
systematic  theoretical  and  experimental  examination  of  ungated  AlGaN/GaN  heterostructures 
grown  on  sapphire  substrates. 


DEVICE  STRUCTURE 


The  ni-nitrides  used  in  this  study  were 
grown  by  MOCVD  on  sapphire  substrates. 

The  material  structure  consisted  of  an  AIN 
nucleation  layer,  followed  by  3pm  of 
undoped  GaN  and  300A  of  Si  doped 
AlfnGaojN.  Ohmic  contacts  were  formed 
using  alloyed  Ti/Al/Ni/Au.  Device  isolation 
was  accomplished  by  implantation  with 
nitrogen.  The  contact  resistances  varied 
considerably  with  annealing  conditions.  The 
impact  of  the  different  contact  resistance 
values  on  the  current  vs.  voltage 
characteristics  of  the  ungated  structures  will 
be  examined  in  more  detail  below.  We  will  first  focus  on  a  set  of  devices,  all  from  the  same 
wafer,  with  relatively  low  contact  resistance.  The  devices  tested  consist  of  75pm  wide  ungated 
channels  with  1.7,  2.0,  3.6,  4.7,  6.8,  and  11.8pm  source  and  drain  contact  spacings.  The 
measured  low-voltage  resistances  are  plotted  as  a  function  of  the  contact  spacing  in  Figure  1. 
Simple  TLM  analysis  indicates  that  the  sheet  resistivity  for  this  heterostructure  is  610&/Q  and 
the  specific  contact  resistance  is  2.0Qmm. 


Figure  1:  Measured  low-field  resistances  vs. 
device  length  for  ungated  AlGaN/GaN  heterostruc¬ 
tures. 


DEVICE  MODEL  AND  KEY  PARAMETERS 

The  device  model  developed  for  this  investigation  is  a  charge-control/gradual-channel 
approximation  model  that  incorporates  salient  results  of  previous  Monte  Carlo  electron  transport 
simulations  for  GaN  as  a  function  of  the  ambient  temperature  [5].  The  measured  low-field 
TLM  data  shown  in  Figure  1,  together  with  independent  Hall  measurements  of  the  electron 
mobility,  provide  information  about  the  equilibrium  channel  electron  concentration,  ns0=l/ 
qpLFpQ,  where  pLF  is  the  low-field  electron  mobility  and  q  is  the  electron  charge.  Under 
applied  drain-to-source  bias,  VDS,  the  local  electron  concentration  in  the  channel  can  be  related 
to  the  difference  between  the  surface  potential,  <j)s(x),  and  the  channel  potential,  Vch(x).  This 
relationship  can  be  expressed  as, 

qns(x)  =  -p-[4>s(x)  -  Vch«l  +  qnSo  (1) 

aeff 

where  £  is  the  material  permittivity.  The  surface-to-channel  distance,  deff,  is  the  thickness  of  the 
AlGaN  layer  plus  the  effective  thickness  of  the  two-dimensional  electron  gas  (~20A),  which  is 
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determined  from  a  self-consistent  calculation  of  the  quasi-two-dimensional  subband  structure  as 
discussed  in  ref.  [4]  and  references  therein.  The  channel  coordinate,  x,  ranges  from  zero  at  the 
source-end  to  LDS  at  the  drain-end.  The  surface  potential,  referenced  to  the  source  potential,  can 
be  assumed  to  vary  linearly  between  the  source  and  drain  contacts:  <l>s(x)  =  (V ds^Ds)’x- 


The  low-field  mobility,  the  saturation  (peak)  velocity,  and  the  critical  (peak)  field  for 
velocity  saturation,  results  of  Monte  Carlo  simulations  for  electron  transport  in  GaN  have  been 
parameterized  as  functions  of  temperature,  doping  concentration,  and  compensation  [5].  The 
velocity  vs.  electric  field  curve  for  field  strengths  below  the  critical  field,  Fc,  is  well 
approximated  with  the  simple  analytic  expression  used  in  ref.  [4].  Expressing  this  velocity  vs. 
field  relationship  in  terms  of  a  field  dependent  mobility,  we  obtain, 


H(T)  = 


Hlf(T) 


1  + 


flALF(T) 
l  vc(T) 


1  ^ch~ 
Fc(T)Jrfx 


for 


for 


^Veh 

dx 


<F„ 


rfVc_h 

dx 


>FC> 
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where  vc  is  the  electron  drift  velocity  at  Fc.  The  drain-to-source  drift  current  can  now  be 
calculated  from, 


a\c  h 

I  =  qns(x)n— , 

with  the  boundary  conditions  for  the  channel  potential  given  by 
Vch(0)  =  IRC 
“d^ch^Ds)  =  Vds-IRc, 


(3) 

(4) 

(5) 


where  Rc  is  the  contact  resistance.  Integration  of  (3)  over  the  length  of  the  channel  yields  after 
some  manipulation  the  following  implicit  relationship  between  I  and  V^g: 


IL 


d-i-VDS  =  q[„s(LDS)-„s(0)]  +  jI_^.n 
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^DS 


M-LFFC  M-LFVDS  v 


(6) 


Because  of  the  voltage  drops  across  the  source  and  drain  contacts  under  bias,  the  electron 
concentration  is  reduced  below  the  equilibrium  value  at  the  source-end  of  the  channel  and 
enhanced  above  the  equilibrium  value  at  the  drain-end.  The  non-uniform  electron  concentration 
implies  a  non-uniform  longitudinal  electric  field.  This  model  is  similar  in  character  to  a  model 
developed  in  refs.  [6  and  7]  for  GaAs  FETs. 

Lastly,  as  indicated  in  equation  (2)  above,  the  transport  parameters  depend  on  the  lattice 
temperature.  The  power  dissipated  in  the  channel  raises  the  ambient  temperature  due  to  the  non¬ 
zero  thermal  impedance  of  the  structure.  The  devices  are  heatsunk  through  the  sapphire 
substrate.  The  thermal  impedance  characterizing  the  heat  transfer  from  the  channel  to  the 
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heatsink  was  determined  by  executing  a  separate,  two-dimensional  heat-flow  model. 
Obviously,  a  two-dimensional  model  of  the  thermal  conductance  is  only  a  rough  approximation 
to  the  real,  three-dimensional  problem.  In  addition,  it  was  found  that  the  thermal  impedance 
depends  on  the  layout  of  the  contact  pattern  and  on  the  effectiveness  with  which  these  contacts 
are  heatsunk  by  the  probes.  However,  for  the  parameter  range  of  interest,  a  satisfactory 
approximation  to  the  effective  thermal  impedance  obtained  from  these  calculations  (taking  into 
account  the  temperature  dependences  of  the  thermal  conductivities  of  sapphire  and  of  the  III- 
nitrides)  is  given  by  Rth  =  (23.2  -  0.26*(LDS  -  2))-(l  +  (T  -  Theatsink)/T0)  K-mm/W,  with  T0  =  725 
-  5.8-(Lds  -  2).  Here  LDS  is  given  in  |im.  The  channel  temperature,  T,  is  related  to  the  power 
dissipated: 

T  =  Theatsink  +  RthIVDS  (7) 

with  =  300K. 

The  thermal  effects  in  the  current  calculation  as  a  function  of  applied  voltage  are 
incorporated  by  solving  the  system  of  coupled  equations  given  by  (6)  and  (7)  to  obtain  a  self- 
consistent  solution.  The  contact  resistances  are  treated  as  temperature  independent  in  all  of  the 
calculations  presented. 

RESULTS  AND  DISCUSSION 

Figure  2  shows  the  measured  and  calculated  current  vs.  voltage  characteristics  of  the  un¬ 
gated  AlGaN/GaN  heterostructures  for  various  channel  lengths.  The  curves  are  shown  as  broken 
lines  where  the  calculated  channel  temperature  exceeds  650K.  The  agreement  between  the  mea¬ 
sured  and  calculated  currents  is  very  good,  in  particular  for  the  longer  devices.  To  explore  the  or- 


VDS  (V) 

Figure  2:  Measured  (points)  and  calculated  (solid 
lines)  current-voltage  characteristics.  The  channel 
lengths  are  LDS  =  1.7  (top  curve),  2.0,  3.6,  4.7,  6.8, 
and  1 1 .8pm  (lowest  curve). 


VDS(V) 

Figure  3:  Comparison  of  the  calculated  currents 
for  the  same  devices  as  in  Fig.  2  with  (solid  lines) 
and  without  (broken  lines)  thermal  effects  taken 
into  account. 
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Channel  Position  (x/LDS)  Rc  (SJ'rnm) 


Figure  4:  Local  longitudinal  electric  field  corre¬ 
sponding  to  the  current-voltage  characteristics 
shown  in  Fig.  2  for  VDS  =  10.0  V.  The  top  curve 
corresponds  to  the  shortest  device,  the  bottom 
curve  to  the  longest. 


Figure  5:  Calculated  saturation  currents  as  a 
function  of  the  contact  resistance  for  a  series  of 
ungated  AIGaN/GaN  heterostructures  with  LDS  = 
5p.m.  Also  shown  are  experimental  results  from 
devices  with  different  contact  resistances  due  to 
different  annealing  conditions. 


igin  of  the  observed  current  saturation,  Figure  3  displays  the  currents  calculated  assuming  perfect 
heatsinking  (R^  =  0),  together  with  the  calculated  results  of  Figure  2.  Clearly,  the  thermal  effects 
are  critical  in  leading  to  the  measured  saturation  currents  that  increase  with  decreasing  channel 
length.  The  electron  velocity  depends  most  strongly  on  the  temperature  at  low  fields.  Electron  ve¬ 
locity  saturation  alone  leads  to  saturation  currents  that  are  independent  of  the  channel  length  (ap¬ 
proximately  equal  to  2300mA/mm  in  our  model),  although  the  voltage  at  which  saturation  is 
reached  increases  with  channel  length.  The  conclusion  that  the  carrier  velocity  is  actually  relative¬ 
ly  low  in  the  devices  studied  here  is  supported  by  a  calculation  of  the  longitudinal  electric  field  in 
the  channel.  This  field  can  be  obtained  by  integrating  the  current  equation  (3)  numerically.  Figure 
4  displays  the  longitudinal  electric  fields  for  the  whole  set  of  devices  versus  the  normalized  channel 
coordinate,  x/LDS,  for  an  applied  bias  of  10V.  It  is  apparent  that  even  in  the  short  devices  the  elec¬ 
tric  field  at  the  source-end  barely  reaches  45kV/cm,  well  below  the  field  where  the  velocity  peaks 
[5] .  Evident  from  Figure  4  is  the  partial  carrier  depletion  near  the  source-end  of  the  channel.  This 
effect  is  larger  in  devices  with  short  channels  because  the  contact  resistances  play  a  greater  role. 
In  a  separate  calculation,  the  effect  of  diffusion  implied  by  the  non-uniform  carrier  density  was  ex¬ 
amined  and  it  was  found  to  be  very  small  for  these  ungated  devices  [8]. 


From  the  results  obtained,  it  is  to  be  expected  that  the  saturation  current  will  depend  on  the 
value  of  the  contact  resistances.  A  larger  source  contact  resistance  implies  a  stronger  tendency  for 
the  channel  to  be  pinched  off  near  the  source-end  and,  consequently,  a  larger  longitudinal  electric 
field  and  carrier  velocity  in  that  region  when  current  saturation  is  reached.  To  examine  the  effect 
of  the  contact  resistance,  the  saturation  currents  were  calculated  as  a  function  of  the  specific  contact 
resistance  for  devices  with  LDS  =  5pm.  The  result  is  shown  in  Figure  5  Also  displayed  are  exper¬ 
imental  data  obtained  from  devices  on  a  single  wafer  (although  a  different  wafer  from  the  one  con- 
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sidered  above)  that  underwent  different  annealing  procedures.  The  contact  resistances  varied  over 
a  relatively  wide  range  when  annealing  conditions  were  changed  from  830C  for  2sec  (highest  con¬ 
tact  resistance)  to  860C  for  lOsec  (lowest  contact  resistance)  [4].  Good  qualitative  agreement  be¬ 
tween  the  calculation  and  the  experimental  data  is  observed.  However,  for  the  case  of  high  contact 
resistance  there  are  quantitative  discrepancies  which  may  be  attributable  to  variations  in  the  equi¬ 
librium  channel  carrier  concentrations  with  process  conditions.  The  calculations  assumed  no  vari¬ 
ation  in  carrier  concentration,  transport  parameters,  or  thermal  impedance.  A  field  analysis  similar 
to  the  one  shown  in  Figure  4  demonstrates  that  electron  velocity  saturation  ensures  current  satura¬ 
tion  in  devices  with  very  high  contact  resistance  and  that  thermal  effects  are  relatively  less  impor¬ 
tant. 

In  summary,  calculated  current-voltage  characteristics  of  ungated  AlGaN/GaN 
heterostructures  have  been  presented  and  found  to  be  in  good  agreement  with  experimental 
data.  The  calculations  reveal  that  the  electric  field  and  the  carrier  concentration  remain  fairly 
uniform  and  that  thermal  degradation  of  the  electron  velocity  is  the  main  cause  of  the  observed 
current  saturation  in  devices  with  relatively  low  contact  resistance.  Devices  with  high  contact 
resistance  on  the  other  hand  show  more  pronounced  field  and  carrier  density  non-uniformity. 
This  work  also  indicates  that  further  study  of  the  gate-to-source  and  gate-to-dram  regions  in 
AlGaN/GaN  HFETs  is  needed  to  fully  understand  the  observed  device  performance.  A 
numerical  model  similar  to  the  one  presented  here,  which  includes  diffusion,  will  be  the  subject 
of  future  work. 
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Abstract 

We  measure  the  hydrostatic  stress,  uniaxial  stress,  and  photo  induced  dependence  of  the 
channel  conductance  of  two-dimensional  electron  gas  AlGaN/GaN  heterostructures  grown  on 
c-axis  sapphire.  The  structures  examined  are  grown  by  nitrogen-plasma  molecular  beam 
epitaxy  and  metal  organic  chemical  vapor  deposition.  Electrical  conductance  measurements 
are  made  with  four  point  probes  on  Hall  bar  samples.  Both,  hydrostatic  stress  and  uniaxial 
stress  result  in  changes  in  the  conductance.  Moreover,  these  changes  in  conductance  have  long 
settling  times  after  the  stress  is  applied  and  may  be  due  to  deep  level  defects,  the  energy  levels 
of  which  change  with  stress.  Stress  coefficients  extracted  from  the  samples  are  partially 
attributed  to  deep  level  defects  and  to  the  piezoelectric  effect  resulting  from  different 
piezoelectric  coefficients  of  GaN  and  AIN.  Photo  induced  changes  of  the  two-dimensional 
electron  gas  are  also  observed.  We  find  that  pulsed  illumination  produces  long  transient  times 
in  the  conductance.  These  transients  are  reduced  by  thermal  heating  in  some  samples. 

However,  they  can  still  be  present  at  1 53°C. 

Introduction 

Stress  experiments  are  useful  in  the  characterization  of  semiconductors.  They  can  be 
used  to  determine  piezoelectric  constants*  and  they  can  reveal  the  presence  of  deep  defects 
having  energy  levels  that  change  with  pressure.2  Recent  efforts  have  utilized  applied  static 
stress/strain  to  piezoelectrically  modify  the  two-dimensional  (2D)  electron  concentrations  at 
AlGaAs/GaAs  '  and  AlGaN/GaN  4  heterostructure  interfaces.  The  changes  in  channel 
conductance  can  be  related  to  differences  in  the  piezoelectric  constants  and  to  differences  in  the 
stress/strain  profiles  of  the  materials  that  constitute  the  heterostructures.  Pressure  has  also  been 
used  to  quantify  the  amount  of  energy  shift  of  deep  levels  through  the  changes  in  conductance2 
and  photoluminesce.5  By  the  application  of  piezoelectric  effects,  and  through  the 
understanding  of  the  behavior  of  defects  on  the  properties  of  semiconductors,  novel  and 
improved  device  structures  can  be  implemented.6,7 

In  this  study  we  report  on  hydrostatic  and  uniaxial  stress  effects  in  the  2D  electron  gas 
channel  conductance  of  AlGaN/GaN  heterostructures.  We  find  that  the  channel  conductance 
exhibits  a  slow  (on  the  order  of  102  to  103  seconds)  change  with  the  application  of  pressure. 
This  slow  transient  follows  a  very  fast  change  that  occurs  on  the  time  scale  of  the  application  or 
removal  of  pressure  (a  few  seconds).  We  also  examine  the  photo  response  of  the  samples  in 
attempts  to  gain  more  information  about  the  cause  of  these  long  pressure  induced  transients. 
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We  find  that  the  photo  responses  also  have  long  transients  and  that  increasing  the  temperature 
of  the  sample  can  reduce  them.  However,  the  long  transients  can  still  persist  even  at  153°C. 

Experiment 

The  four  different  epitaxial  layers  used  in  this  study  are  grown  by  four  different  labs 
with  either  nitrogen-plasma  source  molecular  beam  epitaxy  (MBE)  or  metal  organic  chemical 
vapor  deposition  (MOCVD).  Here  we  will  designate  the  MBE  wafers  as  1(a)  and  1(b)  and  the 
MOCVD  wafers  as  2(a)  and  2(b).  Schematic  layer  structures  of  the  different  wafers  are  shown 
in  Fig.  1.  Nominal  non-illuminated  room  temperature  Hall  mobility  (cm2 A/'s)/ electron  sheet 
carrier  concentration  (cm2)  are  580/5. 40xl012,  723/1.38x10  ,  933/3.50x10  and  1520 
/1.08xl013  for  wafers  1(a),  1(b),  2(a)  and  2(b),  respectively.  Standard  microfabrication 
techniques  are  used  to  produce  Hall  bars  for  our  experiment. 

Hydrostatic  pressure  up  to  0.9GPa  is  applied  to  the  samples  in  this  study  in  a  Unipress 
cell  through  a  1:1  mixture  of  hexaneipentane.  Temperature  in  the  cell  is  monitored  with  a  type- 
T  copper-constantan  thermocouple.  Temperature  changes  in  the  cell  follow  a  damped  response 
to  the  ambient  lab  temperature  and  can  vary  by  as  much  as  ±0.5°C. 

Compressive  uniaxial  pressure  up  to  0.6GPa  is  applied  to  a  rectangularly  prepared 
sample  by  placing  one  end  of  the  sample  flush  against  a  fixed  aluminum  platform  and  by 
applying  pressure  to  the  other  end  of  the  sample  with  a  tungsten  anvil.  The  rectangular  sample 
dimensions  are  typically  0.85mm  x  0.43mm  x  2.5mm  with  the  long  edge  parallel  to  the  ^  g 
direction  of  applied  stress.  Details  of  the  apparatus  and  method  can  be  found  elsewhere.  ’ 

Photoconductivity  measurements  are  performed  with  various  excitation  sources,  light 
emitting  diodes  with  wavelengths  of  470  and  928nm,  a  halogen  lamp,  and  a  mercury-gas- 
fluorescent  white  lamp.  Electrical  measurements  are  performed  with  a  HP4156A  dc 
semiconductor  analyzer.  Conductance  measurements  are  obtained  using  four  point  contacts  on 
Hall  bars. 


Figure  1 :  Schematic  epitaxial  layer  structures  of  wafers  used  in  this  study.  Wafer  1(a)  and 
1(b)  are  grown  by  MBE,  wafer  2(a)  and  2(b)  are  grown  by  MOCVD. 
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Results 


The  application  of  hydrostatic  stress  result  in  changes  in  conductance  of  1.0%/GPa  and 
3.5%/GPa  for  wafers  1(a)  and  2(a),  respectively.  Compressive  uniaxial  stress  produce  changes 
in  the  conductance  on  wafer  1(a)  of-0.25%/GPa  and  -0.63%/GPa  for  stress  in  the  [1 120]  and 
[1010]  GaN  directions,  respectively.  These  values  are  determined  from  the  steady  state  values 
after  the  pressure  induced  transient  on  the  conductance  and  are  the  result  of  at  least  two  effects: 
the  piezoelectric  effect  and  a  change  in  the  ionization  of  deep  level  defects.  For  the 
piezoelectric  effect,  the  presence  of  inversion  domains9  can  modify  the  measured  change  in 
conductance  since  the  sign  of  the  piezoelectric  polarization  depends  on  the  orientation  of  the 
(hexagonal)  growth  axis.  Figure  2  shows  time  dependence  of  the  conductance  of  wafer  1(a)  for 
an  applied  compressive  uniaxial  stress.  The  time  domain  behavior  of  the  conductance  shows 
the  presence  of  at  least  two  processes,  which  result  in  a  fast  initial  change  in  conductance  and  a 
long  decay  in  conductance  with  applied  stress.  The  piezoelectric  polarization  at  each  interface 
of  dissimilar  materials  and  their  neutralization  by  available  free  carriers  from  the  contacts  or  the 
semiconductor  bulk  occur  essentially  instantaneously  as  do  stress  induced  energy  level  shifts  of 
deep  level  defects.  Both  processes  occur  in  a  much  shorter  time  than  the  time  step  of  each  data 
point  and  will  follow  the  applied  pressure  without  time  delay.  In  Fig.  2,  at  the  leading  edge 
where  stress  is  applied,  the  loading  process  is  done  over  a  period  of  a  few  seconds  so  as  not  to 
overload  the  sample.  After  the  stress  is  applied  it  can  be  seen  that  there  is  a  slow  process  that 
affects  the  conductance  of  the  sample.  The  measured  conductance  is  determined  by  the  number 
of  carriers  and  their  mobility.  Although  the  mobility  of  the  electrons  can  change  with  the 
change  in  electron  density  due  to  screening  and  other  effects,  slow  trapping  and  detrapping  of 
carriers  with  pressure  most  likely  cause  the  long  time  constants.  These  slow  trapping  times 
may  be  due  to  energy  barriers  associated  with  certain  types  of  defects.  Also,  band 
discontinuities  of  the  different  materials  in  the  heterostructure  and  band  bending  from  space 
charge  may  additionally  impede  and  slow  movement  of  free  carriers  in  response  to  applied 


Figure  2:  Jfime  dependence  of  conductance  for  compressive  uniaxial  stress  on  wafer  1(a) 
along  the  [1010]  GaN  direction.  Application  of  stress  goes  from  0.38GPa  to  0.64GPa.  The 
removal  of  stress  goes  from  0.64GPa  to  0.26  GPa, 
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pressure.  In  an  attempt  to  further  understand  the  slow  transient  behavior  of  the  conductance 
with  pressure  we  also  examine  the  photoconductive  response  of  the  samples  under  various 
illumination  conditions. 

Figure  3  shows  the  pulsed  illumination  response  for  all  four  wafers  examined  in  this 
study.  All  the  samples  show  slow  conductance  time  transients  with  illumination.  This  is  not 
surprising;  persistent  photoconductivity  (PPC)  has  been  widely  reported  for  bulk  GaN10,11  and 
AlGaN/GaN  heterostructures.12’13  In  our  samples,  we  find  that  the  conductance  also  changes 
with  infrared  illumination  (928nm).  Wafers  1(a),  1(b)  and  2(b)  show  an  increase  in 
conductance  with  illumination  whereas  wafer  2(a)  shows  a  slight  decrease  in  conductance.  The 
increase  in  conductance  may  be  caused  by  photo  ionization  of  donor  atoms  or  deep-donor-like 
defect  levels.  The  decrease  in  conductance  can  be  due  to  the  same  processes  that  have  been 
reported  to  cause  optical  quenching.14,15  For  wafer  2(a)  prior  to  illumination,  the  sample  may 
be  in  a  state  such  that  thermally  or  optically  generated  electrons  from  the  valence  band  are 
present  in  the  conduction  band  with  their  corresponding  valence  band  holes  at  least  partly 
trapped  in  gap  states  that  have  long  lifetimes.11  Then,  upon  illumination,  the  trapped  holes  in 
the  gap  states  within  the  photon  energy  range  of  the  infrared  LED  (1.34eV)  are  freed  into  the 
valence  band  where  they  can  recombine  with  conduction  band  electrons  directly  or  via 
recombination  centers  in  the  band  gap,  resulting  in  a  decrease  in  conductance.1  ,15  To  elucidate 
the  slow  conductance  transients  resulting  from  illumination  we  examine  the  effect  of  increasing 
the  temperature  on  optical  quenching  and  on  the  PPC  of  our  samples. 

Since  heating  reduces  both  optical  quenching  and  PPC  and  thermal  noise  makes  it 
difficult  to  observe  these  effects  otherwise.  It  is  necessary  to  increase  the  difference  between 
the  initial  (without  optical  quenching)  and  final  (with  optical  quenching)  conductive  states  for 
optical  quenching  and  also  for  the  initial  (illuminated)  and  final  (non-illuminated)  conductive 
states  for  PPC.  To  generate  electron-hole  pairs  we  use  a  mercury-vapor-fluorescent  lamp  for 
all  the  samples  examined.  To  optically  quench  (reduce)  the  conductance  for  wafer  2(a)  while 
the  fluorescent  lamp  is  on,  we  use  a  halogen  lamp.  With  increasing  temperatures  we  find  that 
for  wafer  2(a)  optical  quenching  is  reduced  for  fixed  photon  fluxes.  Furthermore,  at  increasing 
temperatures  the  effect  of  the  halogen  illumination  increases  the  conductance  rather  than 
decreases  it  (Fig.  4(a)).  In  addition  to  reducing  optical  quenching,  heating  can  decrease 
the  PPC  transient  times  for  wafer  2(a).  The  transient  times  at  higher  temperatures  are  shorter 


this  experiment.  Long  conductance  transients  are  observed. 
Listing  wafers  from  greatest  to  smallest  change  in  conductance  at 
300  seconds  are  wafer  2(a),  2(b),  1(b)  and  1(a). 
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than  at  27°C,  however  they  can  still  persist  up  to  153°C  (see  Fig.  4(b)).  Heating  also  reduces 
the  amount  of  photo-induced  changes  in  the  conductance  for  wafer  1(a).  The  change  in 
conductance  for  this  sample  from  the  illuminated  state  to  the  non-illuminated  state  at  different 
temperatures  and  a  fixed  fluorescent  illumination  intensity  are  -0.9%,  -0.35%  and  -0.25%  for 
27°C,  90°C  and  153°C,  respectively.  This  effect  can  be  the  result  of  thermal  ionization  of  states 
in  the  band  gap,  leaving  gap  states  emptier,  such  that  it  becomes  less  likely  for  photons  with 
energy  less  than  the  band  gap  to  generate  free  carriers.  Transient  times  are  not  reported  for 
wafer  1(a)  since  they  could  not  be  accurately  quantified  due  to  thermal  noise.  We  also  note  that 
the  thermal  coefficients  for  the  electrical  conductance  of  wafers  1(a)  and  2(a)  are  linearly 
interpolated  to  be  -0.24%/°C  and  -0.46%/°C,  respectively,  between  27°C  and  153°C  with 
fluorescent  illumination.  This  can  be  due  to  a  decrease  in  mobility  and  possibly  to  pyroelectric 
effects  that  produce  fixed  polarization  charges  at  the  2D  electron  gas  interface  that  repel 
electrons  from  the  conduction  path. 

Conclusion 

We  have  measured  the  hydrostatic  and  uniaxial  stress  dependence  and  the  photo 
response  of  AlGaN/GaN  heterostructures.  Hydrostatic  stress  results  in  changes  in  conductance 
of  1.0%/GPa  and  3.5%/GPa  for  wafers  grown  by  MBE  and  MOCVD,  respectively.  For  the 
MBE  wafer,  uniaxial  stress  coefficients  for  the  change  in  conductance  are  -0.25%/GPa  and 


Figure  4:  (a)  Optical  quenching  as  a  funcion  of  temperature  for  wafer  2(a). 
The  sample  is  illuminated  with  a  fluorescent  lamp  at  all  times.  A  halogen 
lamp  is  used  to  quench  the  conductance  when  it  is  turned  on  between  50  and 
1  00  seconds,  (b)  Persistent  photoconductivity  as  a  function  of  temperature 
for  wafer  2(a).  The  sample  is  illuminated  with  a  fluorescent  lamp  prior  to  0 
seconds.  The  lamp  is  turned  off  at  100  seconds.  PPC  response  is  nearly 
identical  at  90C  and  153C. 
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-0.63%/GPa  for  stress  in  the  [1 120]  and  [1010]  GaN  directions,  respectively.  These 
hydrostatic  and  uniaxial  stress  coefficients  are  attributed  to  the  piezoelectric  effect  and  stress 
induced  changes  in  ionization  of  defect  levels.  We  can  not  quantitatively  separate  these  two 
effects.  The  application  of  stress  results  in  conductance  transients  on  the  order  of  102  to  10 
seconds.  Because  of  this,  traps  in  the  band  gap  due  to  defects  are  suspected.  Photoconductivity 
measurements  show  that  the  conductance  of  the  MBE  sample  increases  with  light  having 
energy  less  than  the  band  gap  and  may  be  due  to  the  photo  ionization  of  donors  or  deep  level 
electron  traps.  For  the  MOCVD  sample,  photoconductivity  measurements  show  optical 
quenching.  This  may  be  the  result  of  hole  trap  levels  in  the  band  gap.  Both  the  MBE  and 
MOCVD  samples  show  persistent  photoconductivity  with  long  transients.  The  transients  are 
reduced  with  an  increase  in  temperature,  however  even  at  153°C  long  transients  can  still  be 
observed. 
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ABSTRACT 

The  strong  spontaneous  polarization  and  piezoelectric  effects  in  the  wurtzite  III- 
nitride  semiconductors  lead  to  new  possibilities  for  device  design.  In  typical  heterojunction 
field  effect  transistors  these  effects  are  used  to  create  large  electron  concentrations  at  the 
AlGaN/GaN  interface.  However,  we  examine  several  other  possible  device  structures  which 
include  heterojunctions  of  AlGaN,  GaN,  and  InGaN.  For  example,  we  find  the  strong  elec¬ 
tric  fields  present  in  these  structures  allow  us  to  create  quantum  wells  greater  than  1  eV 
deep.  Both  Ga-faced  and  N-faced  materials  are  explored.  The  two-dimensional  electron  gas 
concentrations  in  these  structures  are  found  using  a  self-consistent  1-D  Schrodinger-Poisson 
solver  modified  to  incorporate  the  effects  of  spontaneous  and  piezoelectric  polarization.  The 
boundary  conditions  at  the  heterojunction  interfaces  and  at  the  surface  and  substrate  are  dis¬ 
cussed  in  detail.  Electron  concentrations  are  compared  with  those  obtained  experimentally 
through  capacitance-voltage  and  Hall  effect  measurements. 

INTRODUCTION 

The  group  Ill-nitrides  possess  a  large  spontaneous  and  piezoelectric  polarization.  The 
presence  of  this  strong  polarization  is  supported  by  both  theoretical  calculations  of  its  ex¬ 
istence  [1]  and  the  large  electron  concentrations  which  result  at  the  AlGaN/GaN  hetero¬ 
junctions  in  transistor  structures.  Simple  models  [2,  3,  4]  have  been  used  to  calculate  the 
electron  concentration  at  a  single  heterointerface  and  support  the  hypothesis  that  the  2D 
electron  gas  found  at  the  interface  is  induced  by  polarization  effects.  However,  to  determine 
the  conduction  band  profile  and  electron  concentrations  in  more  complex  device  structures 
more  sophisticated  and  generalized  methods  are  needed.  One  such  method  is  the  use  of  a 
self-consistent  one-dimensional  Schrodinger-Poisson  solver.  The  solver  used  in  this  study, 
CBAND  (for  conduction  band  solver),  has  been  modified  to  incorporate  the  effects  of  spon¬ 
taneous  and  piezoelectric  polarization.  Specifically,  the  polarization  is  included  in  the  solver 
through  the  use  of  thin  layers  of  space  charge  at  each  heterointerface  of  the  structure.  In  this 
paper  we  describe  the  theory  used  to  calculate  the  conduction  band  profile  and  electron  sheet 
charge  in  nitride  based  heterostructures  and  then  compare  these  results  with  experimental 
data.  Finally,  we  examine  CBAND  results  for  two  novel  device  structures. 

THEORY 

The  polarization  present  in  the  group  Ill-nitrides  is  due  to  the  lack  of  inversion  symmetry 
along  the  c-axis  of  the  wurtzite  crystal  structure.  In  relaxed  material  there  exists  a  built- 
in  or  spontaneous  polarization  [1].  This  polarization  points  toward  the  substrate  for  Ga- 
face  material  and  points  toward  the  surface  in  N-face  material.  (For  Ga-face  material  the 
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Psp  (C/m2) 

-0.081 

-0.029 

-0.032 

e33  (C/m2) 

1.46 

0.73 

0.97 

e,i  (C/m2) 

-0.60 

-0.49 

-0.57 

c13  (GPa) 

108 

103 

92 

C33  (GPa) 

373 

405 

224 

a0  (A) 

3.112 

3.189 

3.54 

Table  I:  The  constants  used  to  calculate  the  polarization  in  Ill-nitride  layers.  Psp  is  the  spontaneous 
polarization.  633  and  e3i  are  piezoelectric  constants.  C\3  and  C33  are  elastic  deformation  constants 
and  ao  is  the  lattice  constant. 

positive  direction  is  toward  the  surface  by  convention.)  The  polarization  in  the  material  can 
be  changed  by  placing  it  under  strain.  This  change  in  polarization  is  commonly  called  the 
piezoelectric  polarization  and  is  given  by 

PPE  =  2^L1-e33^),  (1) 

where  a  is  the  lattice  constant  under  strain,  and  ao  is  the  lattice  constant  of  the  relaxed 
material.  The  constants  e3i  and  e33  are  piezoelectric  constants  and  C13  and  <733  are  elastic 
deformation  constants.  The  total  polarization  in  a  given  layer  is  simply  the  sum  of  the 
spontaneous  and  piezoelectric  polarization,  i.e.,  P  =  Psp  +  Ppe ■  The  constants  used  in 
our  calculation  are  from  Bernardini  et  al.  [1]  and  Wright  [5]  and  are  shown  in  Table  I.  For 
alloys,  the  constants  are  linearly  interpolated.  At  a  hetero junction  there  is  usually  a  change 
in  the  polarization  on  each  side.  This  abrupt  change  in  polarization  causes  a  bound  sheet 
charge.  In  general,  the  bound  sheet  charge  is  the  polarization  of  the  bottom  layer  minus  the 
polarization  of  the  top  layer,  a  =  P  (bottom)  -  P  (top). 

We  now  examine  the  particular  situation  present  in  AlGaN/GaN  field  effect  transistors. 
We  assume  the  thin  AlGaN  layer  is  pseudomorphically  lattice  matched  to  the  thick  GaN 
layer  below  it.  Figure  1  shows  the  situation  for  both  Ga-face  and  N-face  material.  In  a 
Ga-faced  structure,  a  positive  bound  charge  is  created  at  the  deeper  interface  which  causes 
the  formation  of  a  2-D  electron  gas  at  the  lower  interface.  In  N-face  material,  the  positive 
bound  charge  is  present  at  the  upper  interface  and  the  2-D  electron  gas  will  form  there. 
With  the  proper  structure  geometry,  it  may  be  possible  to  form  a  2-D  hole  gas  at  the  other 
interface  [6],  however,  this  has  yet  to  be  reported  experimentally. 

With  a  theoretical  understanding  of  polarization  we  now  wish  to  predict  the  effect  this 
polarization  will  have  on  conduction  band  diagrams  and  electron  concentrations  for  a  vari¬ 
ety  of  device  structures.  For  this  purpose  we  use  a  1-D  Schrodinger-Poisson  solver.  First 
the  Schrodinger’s  equation  is  solved  to  find  the  electron  concentration  and  then  Poisson’s 
equation  is  solved  to  determine  the  conduction  band  profile.  The  new  conduction  band 
profile  will  modify  the  solution  of  the  electron  concentration,  so  the  process  is  repeated  un¬ 
til  there  is  little  change  in  the  solution,  i.e.,  the  solution  is  self-consistent.  Our  computer 
program  which  solves  this  self-consistent  problem,  called  CBAND,  is  very  similar  to  other 
self-consistent  solvers  [7].  The  program  however,  must  be  modified  to  incorporate  the  effects 
of  the  spontaneous  and  piezoelectric  polarization.  This  is  accomplished  by  adding  thin  layers 
of  charge  at  the  hetero  junction  interfaces  equivalent  to  the  bound  sheet  charge  caused  by  the 
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Figure  1:  The  direction  of  polarization  and  the  location  of  the  2DEG  in  Ga-face  and  N-face  AlGaN 
HFETs.  In  both  cases,  the  AlGaN  layer  is  under  tensile  strain  leading  to  both  a  spontaneous  and 
piezoelectric  component  to  the  polarization.  For  Ga-face  materal  the  direction  of  polarization  causes 
the  formation  of  a  2DEG  at  the  lower  interface.  In  N-face  material  the  direction  of  polarization  is 
reversed  causing  the  2DEG  to  form  at  the  upper  interface. 


polarization.  The  charge  in  these  layers  is  added  to  the  space  charge  used  to  solve  Poisson’s 
equation. 

It  is  also  necessary  to  specify  boundary  conditions  for  the  conduction  band  at  the  surface, 
heterojunction,  and  substrate.  In  our  structures  we  assumed  a  Schottky  barrier  contact  at 
the  surface,  pinning  the  conduction  band  to  a  fixed  value.  For  AlxGaN,  we  assume  the  barrier 
is  =  0.84  +  1.3a;  eV[2].  At  the  heterointerface,  we  use  the  conduction  band  discontinuity, 
A Ec,  given  by  Wei  and  Zunger  [8].  It  turns  out,  for  reasonable  values  of  and  A Ec, 
there  is  little  impact  on  the  resulting  electron  concentrations.  This  is  the  case,  since  the 
electron  concentration  is  dominated  by  the  polarization  induced  bound  charge.  This  can  be 
seen,  for  example,  from  the  analytical  expression  given  by  Asbeck,  Eq.(2)  of  [3]  (or  Eq.(15) 
of  [2]).  At  the  substrate  the  conduction  band  is  simply  set  to  one  half  of  the  band  gap  of 
the  material  next  to  the  substrate.  It  turns  out  that  the  choice  of  conduction  band  level 
at  the  substrate  also  has  very  little  impact  on  the  2-D  electron  gas  concentrations  since  the 
substrate  is  typically  far  away  from  the  hetero junction. 


RESULTS 

In  Figure  2a  the  calculated  solution  for  the  conduction  band  diagram  and  electron 
concentration  for  a  typical  AlGaN/GaN  FET  is  shown.  We  assume  the  material  is  Ga-face, 
and  do  not  include  the  top  GaN  layer  that  is  shown  in  Figure  1.  The  AlGaN  barrier  layer 
is  300  A  thick  and  contains  30%  aluminum.  In  this  case,  the  bound  sheet  charge,  <r,  is 
1.68  x  1013  cm-2.  Therefore  a  6  A  layer  containing  2.8  x  1020  cm-3  positive  space  charge 
is  included  at  the  interface.  The  conduction  band  discontinuity  at  the  interface  is  0.378  eV 
and  the  Schottky  barrier  at  the  surface  is  pinned  at  1.23  eV.  The  calculation  uses  a  1  micron 
GaN  buffer  and  the  conduction  band  is  pinned  to  1.7  eV  at  the  substrate  boundary.  From 
the  curvature  of  the  conduction  band  we  find  the  maximum  electric  field,  located  at  the 
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Figure  2:  The  calculated  conduction  band  diagram  and  electron  concentration  for  a  typical  Al- 
GaN /GaN  HFET.  The  2DEG  sheet  density  and  the  location  of  the  subbands  with  respect  to  the 
Fermi  level  are  shown  in  (a).  Figure  (b)  shows  a  comparison  of  the  electron  concentration  calculated 
by  CBAND  along  with  an  experimentally  measured  profile  determined  by  the  capacitance-voltage 
technique. 


heterojunction,  is  about  2  MV/cm.  The  total  electron  sheet  concentration  is  1.4  x  1013 
cm-2  and  the  maximum  electron  density  is  5.4  x  1019  cm-3  with  22%  of  the  electron  sheet 
density  in  the  AlGaN  layer.  The  electron  concentration  profile  calculated  by  CBAND  can 
be  compared  with  an  experimentally  determined  profile  through  the  capacitance-voltage 
technique.  As  shown  in  Figure  2b,  there  is  good  agreement  between  the  profiles  over  three 
orders  of  magnitude  in  carrier  concentration. 

Next  we  compare  the  electron  concentration  of  grown  structures  with  our  calculations. 
Figure  3  depicts  the  measured  electron  concentration  as  a  function  of  the  aluminum  content 
in  the  barrier.  The  boxed  items  show  the  data  for  undoped  structures  grown  by  MBE  [9]  and 
the  circles  show  data  for  undoped  structures  grown  by  MOCVD.  To  demonstrate  that  both 
spontaneous  and  piezoelectric  polarization  is  important  to  explain  all  the  sheet  charge  found 
in  AlGaN /GaN  devices,  calculated  results  are  shown  for  three  situations.  The  three  curves 
show  the  calculated  sheet  density  for  a  200  A  AlGaN  barrier  with  only  the  effects  of  piezoelec¬ 
tric  polarization  included,  only  the  effects  of  spontaneous  polarization,  and  with  both.  Most 
of  the  experimental  data  lies  between  the  calculation  for  the  spontaneous  polarization  only 
and  the  calculation  that  includes  both  spontaneous  and  piezoelectric  polarization.  Since  the 
CBAND  sheet  densities  can  be  considered  an  upper  bound  it  is  clear  that  both  spontaneous 
and  piezoelectric  polarizations  are  important  in  determining  the  total  sheet  charge. 

It  is  also  fairly  straight  forward  to  use  CBAND  to  investigate  the  conduction  band  profiles 
and  electron  concentrations  in  novel  device  structures.  In  Figure  4  we  show  the  results  of 
calculations  for  two  possible  device  layers.  Figure  4a  shows  how  an  AlGaN  buffer  can  be 
used  to  increase  the  confinement  of  the  2D  gas  by  providing  a  greater  than  1  eV  conduction 
band  wall  on  either  side  of  the  2D  gas.  In  this  structure  a  five  percent  AlGaN  buffer  is  used. 
When  the  material  is  abruptly  changed  to  GaN  the  change  in  polarization  induces  a  strong 


504 


Aluminum  Concentration,  x 


Figure  3:  A  comparison  of  experimentally  determined  sheet  charge  as  a  function  of  aluminum 
concentration  of  the  AlGaN  barrier  with  that  calculated  by  CBAND.  The  calculated  curves  show 
results  only  including  the  effects  of  piezoelectric  polarization,  spontaneous  polarization  only,  and 
both. 


electric  field  which  bends  the  conduction  band  down  sharply.  In  this  case  a  300  A  GaN  layer 
is  used.  Then  in  the  top  barrier  layer,  a  30%  aluminum  layer,  the  direction  of  the  electric  field 
is  reversed  and  the  conduction  band  is  lifted  sharply  upward.  The  electron  concentration  in 
this  structure  is  predicted  to  be  1.2  x  1013  cm-2  and  may  increase  performance  due  to  the 
increased  confinement  of  the  electrons.  This  may  be  especially  important  during  transistor 
operation,  when  the  electron  energy  can  rise  dramatically  due  to  the  large  electric  field  along 
the  channel. 

We  can  further  increase  the  sheet  density  of  devices  by  using  an  InGaN  buffer.  The 
conduction  band  diagram  is  shown  in  Figure  4b.  Using  20%  indium  in  the  buffer  increases 
the  strain  and  piezoelectric  polarization  of  the  the  AlGaN  barrier  enough  to  increase  the 
sheet  charge  to  3.5  x  1013  cm"2.  Increasing  the  indium  content  of  the  buffer  continues  to 
increase  the  2-D  gas  sheet  concentration,  however,  at  some  point  strain  relaxation  will  occur. 


CONCLUSIONS 

In  this  paper  the  spontaneous  and  piezoelectric  properties  of  the  group  Ill-nitrides  have 
been  outlined.  These  effects  have  been  incoporated  into  a  self-consistent  1-D  Schrodinger- 
Poisson  solver  which  calculates  conduction  band  diagrams  and  electron  concentration  profiles 
in  group  Ill-nitride  device  structures.  It  has  been  shown  that  both  the  spontaneous  and 
piezoelectric  polarization  are  important  for  determining  sheet  carrier  concentration  observed 
in  grown  devices. 
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Figure  4:  Two  novel  device  structures  calculated  by  CBAND.  Figure  (a)  shows  the  results  for 
a  structure  which  uses  an  AlGaN  buffer  to  increase  the  2DEG  confinement.  A  structure  which 
includes  indium  in  the  buffer  to  increase  the  strain  and  piezoelectric  polarization  in  the  AlGaN  is 
shown  in  (b). 
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ABSTRACT 

We  develop  a  rigorous  theory  of  piezoacoustic  phonon  limited  electron  transport  in  bulk 
GaN  and  GaN-based  heterostructures.  Within  the  Boltzmann  equation  approach  we  derive  a  new 
expression  for  the  momentum  relaxation  rate  and  show  that  the  Pauli  principle  restrictions  are 
comparable  in  importance  to  a  screening  effect  at  temperatures  up  to  150  K  provided  that  the 
electron  density  is  large.  This  is  of  particular  importance  for  electrons  in  GaN/AlN-based 
quantum  wells  where  very  high  electron  densities  initiated  by  the  piezoelectric  effect  have 
recently  been  reported.  Variations  of  the  piezoacoustic  phonon  limited  electron  mobility  with  the 
lattice  temperature  and  with  the  electron  density  for  a  zinc-blende  and  wurtzite  GaN  are 
presented. 

INTRODUCTION 

Large-bandgap  semiconductors,  such  as  GaN  and  AIN,  have  important  piezoelectric 
properties  due  to  the  large  values  of  their  piezoelectric  tensor  components  [1].  As  a  consequence 
of  this,  the  electron  interaction  with  piezoacoustic  phonons  provides  a  significant  contribution  to 
the  transport  coefficients  of  the  electrons  within  a  very  wide  temperature  range.  The  importance 
of  piezoacoustic  scattering  is  well  known  and  has  been  studied  both  experimentally  and 
theoretically.  Usually  piezoacoustic  scattering  dominates  at  low  temperatures,  but  this  is  not  the 
case  in  the  context  of  large-bandgap  semiconductors  where  even  near  the  room  temperature  this 
scattering  can  be  comparable  with  polar  optical  and  deformation  acoustic  phonon  scattering 
[2,  3].  This  situation  appears  to  be  ripe  for  investigations  on  piezoelectric  scattering  in  low¬ 
dimensional  heterostructures  which  rigorously  and  consistently  take  into  account  specific 
features  of  the  nitride  large-bandgap  semiconductors. 

In  this  paper  we  study  the  piezoacoustic  mobility  of  two-dimensional  (2D)  electrons 
confined  in  an  infinite  potential  quantum-well  (QW)  formed  from  a  GaN/AIN  double 
heterostructure.  Both  the  zinc-blende  (ZB)  and  wurtzite  (WZ)  crystal  structures  of  GaN  are 
considered.  The  effect  of  the  screening  on  the  electron-piezoacoustic-phonon  interaction  is 
incorporated  via  the  Lindhard  dielectric  function.  For  comparison  we  also  calculate  the  electron 
mobility  of  the  three-dimensional  (3D)  electron  gas  in  bulk  GaN. 
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THEORY 


In  order  to  calculate  the  electron  kinetic  coefficients  it  is  necessary  to  solve  the  Boltzman 
kinetic  equation  for  the  distribution  function  F(k), 


-?■ ^ = XK*F<*' )[1  -  F(*)]  -  %■  F{*)[1  - F(*'  4  (1) 

k' 

where  is  the  probability  of  scattering  between  electron  states  with  wavevectors  k  and  k' 

due  to  the  phonon  emission  and  absorption  processes,  E  is  an  external  electric  field,  and  e  is  the 
electronic  charge.  Because  we  will  consider  an  electron  gas  with  an  arbitrary  degree  of 
degeneracy,  the  Pauli  principle  restrictions  (PPR)  are  explicitly  taken  into  account  in  Eq.  (1). 
Expressing  F(k )  as  a  sum  of  a  symmetric  part  Fa(e)  and  an  antisymmetric  part  Fj(fc),  we 
obtain  a  solution  for  the  antisymmetric  part  in  the  form: 

<2> 

m  as 

where  m*  is  an  electron  effective  mass,  Fa(e)  =  [exp{(e  -  £p)  /  k0T0}  + 1]  1  is  an  equilibrium 
Fermi  distribution  function,  £p  is  the  Fermi  energy,  TQ  is  the  lattice  temperature,  ka  is  the 
Boltzmann  constant,  and  r(e)  is  the  momentum  relaxation  time  which  is  given  by  the 
expressions 


1 

z(e) 


&(s,h(oq)S(e^-,-£), 


(3) 


$>(<£,h(Oa)  = 


\{Nq  +  m-F0{E-h(Dq )]  Nq[l-Fo(£  +  h0)q)] 


l-F0(s) 


1  -Fo(£) 


Here  C(q)  and  Gep(q )  are,  respectively,  the  coupling  constant  and  the  form-factor  for  the 

electron-phonon  interaction,  £ei(q')  is  the  static  Lindhard  dielectric  function  [4]  which  accounts 
for  the  electronic  screening  of  the  electron-phonon  interaction,  coq  =  caq  is  the  phonon 

frequency  at  wavevector  q,  ca  is  the  longitudinal  ( a  =  L)  or  transverse  (  a  =  T )  sound  velocity, 

Nq  =  [exp(h(t)q  I  k0T0)-l]  1  is  the  phonon  distribution  function.  The  expressions  obtained 

above  are  general  for  3D  and  2D  electron  gases  interacting  with  bulk  deformation  acoustic  or 
piezoacoustic  phonons.  In  the  3D  case  k  is  a  three-dimensional  electron  wavevector  and  q'  =  q, 
while  in  the  2D  case  k  is  a  two-dimensional  electron  wavevector  and  q'  =  q\\  with  q\\  the  in-plane 
component  of  the  phonon  wavevector  q.  The  form-factor  Gep(q)  =  I  for  a  3D  gas  and 

|Gep(<?i)|2  =  7r4  (q±d  /  2)-2  sin 2{qLd  /  2)  /  \n2  -  (q±d  /  2)2  j2  for  2D  electrons  occupying  only 
the  first  subband  of  the  infinite  potential  QW,  where  q±  is  the  component  of  q  normal  to  the 
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QW  and  d  is  the  QW  width.  A  careful  analysis  of  the  expression  for  ®(e,h(Oq)  in  Eq.(4),  which 
after  using  expressions  for  F0(e)  and  Nq  can  be  presented  in  an  equivalent  form  as 

<&(E,ha)q)  =  (2 Nq  +  l)cosh2[(e  -  eF) /  2 k0T0]  /  [cosh2[(£  -  eF) /  2 k0T0]  +  sinh 2(tia)q  /  2 k0T0)\ 
shows  that  despite  the  fact  that  the  phonon  energy  hcoq  is  always  smaller  than  the  electron 
energy  e,  which  is  of  the  order  of  eF,  the  phonon  energy  must  be  retained  in  the  argument  of  the 
functions  F0(e±hcoq)  provided  that  the  lattice  temperature  is  low,  k0T0  <-\jsm*c^eF .  A 

numerical  estimation  of  the  right-hand  side  of  this  inequality  gives  respectively  30  K  for  bulk 
GaN  with  electron  density  no=10l8  cm'3  and  140  K  for  2D  electrons  of  density  no=3xl0^  cm^ 
(such  high  electron  densities  have  recently  been  reported  [5]  in  a  GaN/AIN  heterostructure  and 
were  attributed  to  the  doping  effect  of  the  intrinsic  piezoelectric  field).  The  term  in  question  in 
Eq.  (3)  takes  into  account  the  effect  of  PPR  on  the  momentum  relaxation  rate  and  its  presence 
means  that  the  relaxation  rate  of  an  individual  electron  depends  on  the  electron  density  n0  (even 
if  the  screening  is  ignored)  through  the  Fermi  energy.  At  high  lattice  temperatures,  when 
k0T0  >^8 m*c\eF  ,  we  obtain  ®(e,ha)q)  ~  (2 Nq  + 1) «  2 k0T0  /  h(Oq  and  r(e)  depends  on  n0 
only  in  the  presence  of  the  screening.  This  brings  qualitatively  new  features  into  the  temperature 
and  density  dependences  of  the  electron  mobilities.  It  is  important  to  note  that  the  expression 
obtained  in  Eq.  (3)  for  the  momentum  relaxation  rate  is  only  an  approximate  solution  within  the 
Boltzmann  equation  approach.  It  becomes  exact  only  in  the  test  particle  approach  [6,  7]  in  the 
Bloch-Gruneisen  regime.  The  details  of  its  derivation  will  be  reported  elsewhere. 

The  coupling  coefficient  |C(#)|2  =  jft(e/i)2  /  2 pVcaq^Ha(e)  for  the  piezoacoustic 

phonons  depends  in  general  on  the  phonon  wave  polarization  a  and  on  the  orientation  of  the 
vector  e  =  q!q  with  respect  to  the  crystal  axes  [8]  (here  p  is  a  material  density,  V  is  a  sample 
volume,  and  h  is  a  component  of  the  piezoelectric  tensor).  The  explicit  form  of  the  function 
Ha(e)  depends  on  the  crystal  symmetry.  For  the  ZB  symmetry  h  =  ^14, 
HL(,e)  =  (.6qxqyqilq3)2  and  HT(e)  =  i[q2xq2  /  q*  +  q2xq2z  I  q*  +  q2yq2  lqA]-HL(e)  are  the 

longitudinal  and  transverse  components,  respectively.  For  the  crystal  with  WZ  symmetry 
h  =  /133 ,  HL(e )  =  ( qz  / q)2[l  - ( hx  /  ^33 )(<?2  +  Qy) / <?2]2  with  the  notation  hx  =  A33  - /131  - 2 fc15, 
and  HT(e )  =  [(qx  +  #2) /  q2][hi5  /  %3  +  ( hx  /  h^q2  /  g2]2 .  The  usual  approximation  is  to  use 
the  angular  average  of  Ha(e )  .This  approach  is  justified  in  the  case  of  bulk  semiconductors,  but 
it  requires  a  special  investigation  in  the  case  of  low-dimensional  heterostructures.  The  physical 
reason  for  this  is  that  for  2D  electrons  there  is  no  momentum  conservation  along  the  quantization 
direction.  As  a  consequence  of  this,  the  phonon  wavevector  components  q±  and  q\\  play 

principally  different  roles  in  the  electron-phonon  interaction.  Using  the  bulk-like  expression  for 
the  coupling  coefficient  may  lead  to  the  wrong  estimate  of  the  corresponding  interaction  strength. 
It  is  necessary  first  to  express  Ha(e)  as  a  functions  of  q±  and  q\\  and  then  average  it  over  the 
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orientations  of  the  in-plane  wave  vector  q\ |  [9].  As  a  result,  the  coupling  coefficient  does  not 
depend  on  the  orientation  of  ,  but  it  depends  on  the  ratio  of  q_ |_  /  and  also  on  the  crystal 
orientation  of  the  QW  planes.  Here  we  will  consider  three  different  orientations  of  the  QW  for 
the  ZB  structure,  when  the  2D  planes  are  parallel  to  the  (001),  (111),  and  (110)  planes, 
respectively,  and  one  specific  orientation  of  the  QW  for  the  WZ  structure:  namely  when  the  2D 
planes  are  normal  to  the  [0001]  axis  which  is  the  usual  growth  direction. 

The  low  field  electron  mobilities  are  calculated  using  Eqs.  (2)  -  (4)  and  we  obtain 


!*P=- 


knT, 


7th 


£-l~  £ 


—]T  f 

97rJ  J 


lrp(x)F0(x)[l-F0(x)]dx, 


(5) 


where  p=3  for  3D  electrons  and  p=2  for  2D  electrons,  x  =  e  /  k0T0.  The  Fermi  energy  at  a  given 
lattice  temperature  T0  and  a  given  electron  density  n0  is  defined  by  the  equation 

oo 

27t2'hin0  /  (2m*k0T0)^2  =  J x1/2[exp(x  -za)  +  l]-1dlx  for  the  3D  electron  gas,  where 

o 

z0  =  eF  /  ■>  anc*  f°r  2D  electrons  zQ  =  ln[exp(7r/i  n0!  m  k0T0)- 1]. 


RESULTS  AND  DISCUSSION 


First  we  evaluate  the  mobility  of  2D  electrons  as  a  function  of  lattice  temperature  for  a  given 
sheet  density.  This  is  shown  in  the  Fig.  1  for  ZB  and  WZ.  For  ZB  the  mobility  is  almost 
independent  of  the  orientation  of  the  plane  of  the  QW.  The  following  material  parameters  were 
used  in  our  calculations:  p  =  6.1  g  /  cm  ,  Ci  =6.56x10  cm  Is,  cT  =  2.68x10  cm  Is, 
€s  =9.5  for  both  ZB  and  WZ  structures,  m*  =0.21  mQ,  h 14  =6.66xl07  V I  cm  for  ZB,  and 
m*  =  0.23/mo,  /*33  =10.86x107  V I  cm,  h31  =  -3.91xl07  VI  cm,  hi5  =  -3.57xl07  VI  cm  for 
the  WZ  structure.  The  QW  width  is  d=50  A  and  the  electron  sheet  density  is  nQ  =  1013  cm~2. 


FIG.  1.  Temperature  dependence  of  the  2D  mobility  in  WZ  and  ZB  GaN/AIN 


heterostructures  using  different  models  for  the  momentum  relaxation  rate. 
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As  is  seen  in  the  Fig.  1  the  PPR  plays  an  important  role  at  temperatures  below  50K. 
Screening  is  also  important  and  it  leads  to  an  increase  in  the  mobility  in  comparison  with  the 
unscreened  case.  But  at  T0  less  than  20K  the  effect  of  the  PPR  is  much  stronger  than  the 
screening  effect.  For  comparison  we  also  show  the  calculated  mobility  using  the  equipartition 
approximation  for  the  phonon  distribution  function.  This  approximation  can  be  used  only  at 
higher  temperatures  to  give  the  correct  value  of  the  mobility. 


FIG.  2.  Mobility  of  2D  electrons  in  WZ  and  ZB  GaN/AIN  heterostructures  as  a 
function  of  the  electron  density  at  two  different  temperatures:  T=200K  and 
T=20K  using  different  models  for  the  momentum  relaxation  rate.  The  upper  curve 
in  each  figure  for  each  pair  corresponds  to  WZ  GaN. 

In  Fig.  2  we  display  the  calculated  mobility  of  2D  electrons  for  WZ  and  ZB  GaN  as  a 
function  of  the  electron  density  at  Tq=20K  and  To=200K.  At  low  temperatures  the  PPR  is 
important  if  the  density  is  bigger  than  10*2  cm"2  At  high  temperatures  the  PPR  as  expected  is 
not  important,  but  the  effect  of  screening  is  still  considerable. 


FIG.  3.  Mobility  of  3D  electrons  in  bulk  GaN  as  a  function  of  the  electron 
density.  The  upper  curve  for  each  pair  corresponds  to  WZ  GaN. 
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In  Fig.  3  the  same  dependences  are  presented  for  3D  electrons.  Because  the  Fermi  energy 
of  a  3D  electron  gas  of  density  no=1018  cm'3  is  smaller  than  that  of  2D  electrons  of  density 
no=1013  cm*2,  the  PPR  for  3D  electrons  is  important  at  sufficiently  lower  temperatures.  For  the 
range  of  densities  n0  shown  in  Fig.  3  these  temperatures  are  below  20K  and  the  PPR  is  not 
important  here.  There  is  a  remarkable  difference  between  effect  of  the  screening  in  2D  and  3D 
cases.  In  the  2D  case  the  screening  becomes  weaker  when  no  increases  while  in  the  3D  case  this 
is  vice  versa.  The  reason  is  that  the  screening  length  in  the  2D  case  does  not  depend  on  n0  while 
in  the  3D  case  it  does  depend  [4].  At  the  same  time  the  increase  in  n0  leads  to  an  increase  of  the 
Fermi  energy  and  consequently  to  increase  of  the  wavevectors  of  the  phonons  interacting  with 
electrons.  It  follows  from  the  Lindhard  function  [4]  that  in  the  2D  case  this  results  in  a 
weakening  of  the  screening  effect. 

CONCLUSION 

The  main  conclusion  which  can  be  drawn  from  the  analysis  above  is  that  in  GaN  at 
temperatures  below  150K  both  the  effects  of  screening  and  the  PPR  should  be  taken  into  account 
in  order  to  obtain  the  correct  result  for  the  piezoacoustic  phonon  limited  mobility  in  2D  case  if 
the  electron  density  is  10^  cm'2  or  higher.  This  also  true  for  the  deformation  acoustic  phonon 
scattering.  This  conclusion  becomes  important  in  light  of  recent  data  about  high  electron  sheet 
densities  in  GaN/AIN  heterostructures  because  of  internal  piezoelectric  field  doping.  Also,  we 
note  that  WZ  material  has  a  slightly  higher  mobility  than  ZB  material  and  that  the  mobility  is  not 
sensitive  to  the  orientation  of  the  plane  for  2D  electrons. 
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ABSTRACT 

The  ionization  levels  of  different  donor  and  acceptor  species  implanted  into  GaN  were 
measured  by  temperature-dependent  Hall  data  after  high  temperature  (1400  °C)  annealing.  The 
values  obtained  were  28  meV  (Si),  48  meV  (S),  50  meV  (Te)  for  the  donors,  and  170  meV  for 
Mg  acceptor.  P-type  conductivity  was  not  achieved  with  either  Be  or  C  implantation.  Basically 
all  of  the  implanted  species  show  no  distribution  during  activation  annealing.  For  high  implant 
doses  (5xl015  cm'2)  a  high  concentration  of  extended  defects  remains  after  1100  °C  anneals,  but 
higher  temperatures  (1400  °C)  produces  a  significant  improvement  in  crystalline  quality  in  the 
implanted  region. 

INTRODUCTION 

Ion  implantation  is  an  effective  technology  for  selected-area  doping  or  isolation  of  GaN- 
based  devices.1'3  As  reviewed  previously  by  Zolper,1  implantation  of  donors  at  high  dose 
(>5xl014  cm'2)  can  be  used  to  decrease  source  and  drain  access  resistance  in  field  effect 
transistors  (FETs),  at  lower  doses  to  create  channel  regions  for  FETs,  while  sequential 
implantation  of  both  acceptors  and  donors  may  be  used  to  fabricate  p-n  junctions.  Two  different 
device  structures  have  been  demonstrated  using  the  latter  method,  namely  a  junction  field-effect 
transistor2  and  a  planar,  homojunction  light-emitting  diode  (LED).4 

At  high  implant  doses  (>5xl014  cm'2)  it  is  clear  that  conventional  rapid  thermal  annealing 
(RTA)  at  1100-1200  °C  can  activate  the  dopants  but  not  remove  the  ion-induced  structural 
damage.5  At  higher  annealing  temperatures  (>1400  °C),  the  equilibrium  N2  pressure  over  GaN  is 
>1000  bar,6  and  only  two  methods  have  proven  effective  in  preventing  surface  decomposition. 
The  first  is  use  of  high  N2  pressures  (15  kbar),7  and  the  second  is  deposition  of  AIN 
encapsulation  layers8  (at  1400  °C  the  equilibrium  N2  pressure  above  AIN  is  only  10"8  bar).  The 
latter  is  clearly  more  convenient. 

What  is  needed  is  a  better  understanding  of  the  optimum  implanted  species  for  creation  of  n- 
and  p-type  regions  in  GaN,  based  on  the  highest  achievable  electron  or  hole  concentrations,  the 
residual  damage  and  the  redistribution  during  high  temperature  annealing.  In  this  paper  we  report 
on  the  high  temperature  activation  characteristics  of  donor  implant  species  (Si,  S  and  Te)  and 
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acceptor  species  (Mg  and  C).  The  redistribution  of  all  these  dopants  plus  Se  and  Be  was 
investigated  by  using  secondary  ion  mass  spectrometry  (SIMS).  Finally,  the  efficiency  of  high 
temperature  RTA  for  removing  lattice  damage  in  implanted  GaN  was  examined  by  transmission 
electron  microscopy  (TEM). 

EXPERIMENTAL 

Layers  of  GaN  2-3  pm  thick  were  grown  at  -1040  °C  on  c-plane  AI2O3  by  atmospheric 
pressure  Metal  Organic  Chemical  Vapor  Deposition  (MOCVD),  using  triethylgallium  and 
ammonia.  From  x-ray  diffraction  and  photoluminescence  measurements  we  know  this  material  is 
typical  of  the  current  state-of-the-art  heteroepitaxial  GaN. 

The  samples  were  implanted  at  25  °C  with  150  keV  24Mg+,  80  keV  9Be+,  80  keV  12C+,  200 
keV  32S+,  300  keV  80Se+,  or  600  keV  128Te+  ions  at  doses  of  3-5x1 014  cm'2,  and  with  150  keV 
28Si+  at  a  dose  of  5xl015  cm"2.  This  puts  the  projected  range,  Rp,  of  the  implanted  species  at  least 
1500  A  into  the  GaN  in  all  cases,  avoiding  effects  due  to  near-surface  point  defect  injection.  The 
samples  were  capped  with  -1000  A  of  reactively  sputtered  AIN,  and  annealed  at  temperatures  of 
900-1500  °C  under  a  N2  ambient  in  the  Zapper™  furnace  described  previously.9  The  dwell  time 
at  the  peak  temperature  was  -10  secs.  After  annealing,  the  AIN  was  selectively  etched  in 
aqueous  KOH  at  80  °C.10  For  measurement  of  the  electrical  properties,  Hgln  ohmic  contacts 
were  alloyed  to  the  comers  of  3x3  mm2  sections,  and  Hall  effect  data  was  recorded  at  25  °C  in  all 
cases.  The  atomic  distributions  before  and  after  annealing  were  measured  by  SIMS,  and  the  data 
quantified  using  the  as-implanted  sample  as  a  standard.  In  addition,  the  Si-implanted  samples 
were  also  examined  by  plan-view  TEM,  since  Si  remains  the  standard  implant  species  for  GaN 
n-type  doping,  and  it  has  a  representative  mass  number  that  allows  comparison  to  damage 
expected  with  S,  Ca  and  Mg. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  an  Arrhenius  plot  of  sheet  carrier  concentration  in  Si+  implanted  material.  In 
the  AIN  encapsulated  samples  activation  occurs  with  an  activation  energy  of  -5.2  eV  before 
saturating  at  -1400  °C.  We  interpret  this  activation  energy  as  the  average  required  to  move  the 
interstitial  Si  atom  to  a  vacant  substitutional  site  by  short-range  diffusion  and  to  simultaneously 
remove  compensating  point  defects  so  that  the  Si  is  electrically  active.  Note  that  at  1500  °C  the 
sheet  electron  density  decreases,  and  this  was  accompanied  by  a  decrease  in  carrier  mobility. 
This  increase  in  compensation  is  consistent  with  Si  beginning  to  occupy  both  Ga  sites  (where  it 
is  a  donor),  and  N  sites  (where  it  is  an  acceptor).  This  is  commonly  observed  with  Si 
implantation  in  other  III-V  materials.11  The  peak  n-type  doping  level  we  obtained  is  -5xl020 
cm'3,  and  the  corresponding  activation  efficiency  is  90%.  This  very  high  doping  level  produces 
extremely  good  specific  contact  resistances  for  W  and  WSix  metallization,  with  values  <10"6 
Q-cm2  after  annealing  in  the  range  600-900  °C.  This  demonstrates  the  efficiency  of  the 
implantation  approach  for  reducing  contact  resistances  in  GaN  electronic  devices. 

There  is  also  interest  in  the  group  VI  donors,  S,  Se  and  Te,  which  do  not  have  the  potential 
drawback  of  being  amphoteric  like  Si  in  GaN.  Figure  2  shows  the  Arrhenius  plots  of  S+  and  Te+ 
activation  in  GaN.  The  sheet  carrier  concentrations  show  activation  energy  of  3.2  eV  and  1.5  eV 
for  the  temperature  range  between  1000-1200  °C  for  S+  and  Te+  respectively.  These  are 
significantly  lower  than  that  for  Si,  but  their  physical  origins  should  be  basically  the  same.  The 
sheet  electron  density  essentially  saturates  above  1200  °C  for  S  implantation,  with  maximum 
volume  density  of  —  5x1 018  cm"3.  However  the  electron  density  does  not  saturate  even  at  1400  °C 
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for  the  Te  case.  It  is  likely  that  because  of  the  much  greater  atomic  weight  of  128Te,  even  higher 
annealing  temperatures  would  be  required  to  remove  all  its  associated  lattice  damage,  and  that 
the  activation  characteristics  are  still  being  dominated  by  this  defect  removal  process.  Even 
though  implanted  Si+  at  the  same  dose  showed  evidence  of  site-switching  and  self-compensation, 
it  still  produces  a  higher  peak  doping  level  than  the  non-amphoteric  donors  S  and  Te.  This 
suggests  the  group  VI  donors  do  not  have  any  advantage  over  Si  for  creation  of  n-type  layers  in 
GaN.  From  temperature-dependent  Hall  measurements,  we  find  the  ionization  levels  of  Si,  S  and 
Te  are  28  meV,  48  meV  and  50  meV  respectively,  so  that  the  donors  are  fully  ionized  at  room 
temperature.  This  was  verified  by  elevated  temperature  Hall  measurements  (up  to  150  °C),  where 
no  additional  increase  in  free  carrier  concentration  was  observed.  In  this  data,  we  assumed  a 
compensation  level  of -25%,  as  is  typical  for  GaN  implanted  material.6 


Fig.  1.  Arrhenius  plot  of  sheet  electron  concentration  versus  inverse  anneal  temperature  for  Si+ 

implanted  GaN. 


1000/T  (K-1) 


Fig.  2.  Sheet  carrier  densities  in  S+  or  Te+  implanted  GaN  as  a  function  of 
annealing  temperature. 

The  effects  of  post-implant  annealing  temperature  on  the  sheet  carrier  concentrations  in  Mg+ 
and  C+  implanted  GaN  are  shown  in  Figure  3.  There  are  two  important  features  of  the  data:  first, 
we  did  not  achieve  p-type  conductivity  with  carbon,  and  second  only  —1%  of  the  Mg  produces  a 
hole  at  25  °C.  Carbon  has  been  predicted  previously  to  have  a  strong  self-compensation  effect,12 
and  it  has  been  found  to  produce  p-type  conductivity  only  in  metal  organic  molecular  beam 
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epitaxy  where  its  incorporation  on  a  N-site  is  favorable.13  Based  on  an  ionization  level  of -170 
meV,  the  hole  density  in  uncompensated  Mg-doped  GaN  would  be  calculated  to  be  -10%  of  the 
Mg  acceptor  concentration  when  measured  at  25  °C.  In  our  case  we  see  an  order  of  magnitude 
less  holes  than  predicted.  This  should  be  related  to  the  existing  n-type  carrier  background  in  the 
material  and  perhaps  to  residual  lattice  damage  which  is  also  n-type  in  GaN,  At  the  highest 
annealing  temperature  (1400  °C),  the  hole  density  falls,  which  could  be  due  to  Mg  coming  out  of 
the  solution  or  to  the  creation  of  further  compensating  defects  in  the  GaN. 


Fig.  3.  Sheet  carrier  densities  in  Mg+  or  C+  implanted  GaN  as  a  function  of  annealing 

temperature. 

Figure  4  shows  the  SIMS  profiles  of  Si  as-implanted  and  1400  °C  annealed  samples.  There  is 
little  redistribution  of  the  Si  at  1400  °C,  with  DSj  <  10'13  cm2  -s'1  at  this  temperature  calculated 
from  the  change  in  width  at  half-maximum.  Similarly,  we  found  that  S,  Se,  Te,  Mg  and  C  are  all 
extremely  slow  diffusers  when  implanted  into  GaN,  with  Deff  <2x1 0'1 3  cm2-sec‘1  at  1450  °C.  The 
extremely  stable  nature  of  dopants  in  GaN  means  that  junction  placement  should  be  quite  precise 
and  there  will  be  fewer  problems  with  lateral  diffusion  of  the  source/drain  regions  towards  the 
gate.  This  is  promising  for  the  fabrication  of  GaN-based  power  devices,  which  require  creation 
of  doped  well  or  source/drain  regions  by  implantation. 
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Fig.  4.  SIMS  profiles  of  implanted  Si  in  GaN  (150  keV,  5xl015  cm'2)  before  and  after  annealing 

at  1400  °C  for  10  s. 
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In  the  particular  case  of  implanted  Be,  there  was  an  initial  broadening  of  the  profile  at  900  °C 
(figure  5),  corresponding  to  an  effective  diffusivity  of  ~5xl0'13  cm2-sec‘1  at  this  temperature. 
However  there  was  no  subsequent  redistribution  at  temperatures  up  to  1200  °C.  It  appears  that  in 
GaN,  the  interstitial  Be  undergoes  a  type  of  transient-enhanced  diffusion  until  these  excess  point 
defects  are  removed  by  annealing,  at  which  stage  the  Be  is  basically  immobile. 


Fig.  5.  SIMS  profiles  of  implanted  Be  in  GaN  (80  keV,  5xl014  cm'2)  before  and  after  annealing 

at  different  temperatures  for  10  s. 

Figure  6  shows  a  plan  view  TEM  from  a  Si-implanted  sample  after  annealing  at  1100  °C 
(left)  and  1400  °C  (right)  for  10  secs.  This  high  dose  implant  (150  keV,  5xl015  cm'2)  represents  a 
worst-case  scenario  in  terms  of  damage  removal.  The  sample  still  contains  a  high  density  of 
extended  defects  (~1010  cm'2)  after  1 100  °C  annealing.  We  ascribe  these  defects  to  the  formation 
of  dislocation  loops  in  the  incompletely  repaired  lattice.  By  sharp  contrast,  annealing  at  1400  °C 
for  10  secs  brings  a  substantial  reduction  in  the  implant-induced  defects.  The  lower  density  of 
defects  (~109  cm'2)  could  be  ascribed  to  the  threading  dislocations  arising  from  lattice-mismatch 
in  the  heteroepitaxy.  This  appears  to  correlate  well  with  the  fact  that  the  highest  electron  mobility 
and  carrier  density  in  these  samples  was  observed  for  1400  °C  annealing.  Clearly  the  ultra-high 
temperature  annealing  is  required  to  completely  remove  lattice  damage  in  GaN  implanted  with 
high  doses.  However  it  may  not  be  needed  in  lower  dose  material  (<5xl013  cm'2)  where  the 
amount  of  damage  created  is  correspondingly  less. 

SUMMARY  AND  CONCLUSIONS 

The  redistribution  and  activation  of  a  wide  variety  of  possible  donor  and  acceptor  species  in 
GaN  was  examined.  S  and  Te  are  found  to  produce  lower  room-temperature  n-type  doping  levels 
than  Si  at  the  same  dose,  while  only  Mg  was  found  to  produce  p-type  doping  (C  and  Be 
implanted  samples  remained  n-type).  None  of  the  implanted  species  showed  measurable 
diffusion  at  1450  °C,  but  Be  did  display  an  apparent  defect-assisted  redistribution  at  lower 
temperature  (900  °C).  For  high  implant  dose  (e.g.  5xl015  cm'2  for  Si+),  annealing  at  1100  °C  is 
insufficient  to  remove  the  lattice  damage,  while  1400  °C  produces  much  lower  defect  densities. 
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Fig.  6.  TEM  plan  view  from  Si+  implanted  GaN  (5xl015  cm'2, 150  keV)  after  1 100  °C 
(left)  and  1400  °C  (right),  10  s  annealing. 
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Abstract 

Transmutation  doping  of  (In,  Ga,  A1)N  compounds  by  neutron  irradiation  is  a 
promising  and  totally  unexplored  field  to  date.  It  is  much  more  effective  than  that  of 
Si  due  to  large  neutron  capture  cross  section  and  abundance  of  In,  A1  and  Ga  isotopes 
participating  in  reaction.  This  should  make  the  irradiation  possible  in  low-flux  reactors 
and  result  in  smaller  radiation  damage.  Annealing  of  the  radiation  damage  seems 
feasible. 

Doping  is  a  controlled  introduction  of  impurity  atoms  in  appropriate  sites  and  states 
in  the  crystal  lattice.  It  is  designed  to  change  the  electrical,  optical  and/or  other  properties 
of  semiconductors  in  a  controllable  manner.  There  are  four  methods  of  doping:  during 
growth,  by  ion  implantation,  by  diffusion  and  by  transmutation. 

In  the  case  of  nitrides  and  other  wide  band  gap  IH-V  semiconductors,  doping  is 
generally  performed  simultaneously  with  the  growth.  Noteworthy  progress  in  the  growth 
and  doping  of  high  quality  epitaxial  IU-nitride  films  by  a  variety  of  methods  has  recently 
been  achieved.1’2  It  is  well  known  that  it  is  easy  to  obtain  GaN  and  InN  of  n-type  through 
unintentional  doping.  The  source  of  the  unintentional  doping  is  still  controversial. 1,2,3 
Unintentionally  doped  InN  has  high  electron  concentrations  up  to  10  -  10  cm' . 
Controlled  n-type  conductivity  in  GaN  and  diluted  InGaN  alloys  is  generally  achieved  by  Si 
doping  during  growth  3  or  by  ion  implantation.4  Ways  to  successfully  and  reproducibly 
dope  AIN  have  not  been  found.1  Under  many  conditions  of  growth  and  doping  AIN 
remains  an  insulator  with  resistivity  of  109  to  1012  flcm.1 

Ion  implantation  can  be  a  useful  method  of  GaN  doping.  Since  p-  and  n-type,  and 
also  highly  resistive  layers,  have  been  realized,  the  method  can  be  used  to  fabricate  of  all- 
implanted  devices.5’  6  However,  much  more  research  should  be  done  to  achieve  good 
reproducibility. 

Transmutation  doping  is  used  industrially  for  obtaining  n-type  silicon.  Samples  of 
pure  Si  are  mediated  with  neutrons  in  nuclear  reactors.  One  of  the  isotopes  of  Si  can 
absorb  thermal  neutrons  and  undergo  subsequent  P-decay.  As  a  result.  Si  transmutes  into 
phosphorus.  The  material  is  then  annealed  for  healing  the  radiation  damage  related  to  the 
unavoidable  presence  of  fast  neutrons.  It  is  possible  to  control  precisely  the  concentration 
of  P  atoms  by  controlling  the  neutron  fluence.  Transmutation  of  B  into  Li  was  studied  for 
diamond  doping  7’ 8  and  showed  promising  results. 

Data  on  relevant  transmutation  reactions  for  AIN,  GaN  and  InN  are  given  in  Table 
L  Nitrogen  has  a  very  small  cross  section  of  neutron  absorption.  Even  if  it  absorbs  a 
neutron,  it  changes  into  another  stable  isotope  of  N.  Transmutations  of  Al,  Ga  and  In 
occurs  with  the  absorption  of  a  neutron  and  subsequent  p-decay,  except  for  a  weak  channel 
of  transition  of  In  into  Cd,  when  the  neutron  absorption  is  followed  by  the  capture  of  a  K- 
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shell  electron  or  by  the  emission  of  a  positron.  9,10  Absorption  of  the  neutron  puts  the 
mother  nucleus  in  an  excited  state,  from  which  it  decays  with  a  certain  half  life,  given  as  t\n 
in  Table  I.  In  all  cases  given  in  Table  I,  the  daughter  isotopes  are  stable.  The  last  column 
in  Table  I  gives  the  concentration  of  the  transmuted  atoms  Nt  for  one  hour  of  neutron 
irradiation  at  a  thermal  neutron  flux  of  1013  cm"2  s'1.  a)  It  was  calculated  through  the 
relation: 

Nt  =  N  a  s  F  t 

where  N  is  the  concentration  of  mother  atoms,  a  is  the  isotopic  abundance  of  those 
atoms,  S  is  the  cross  section  for  neutron  capture  (averaged  over  thermal  neutron 
spectrum),  F  is  the  thermal  neutron  flux,  t  is  the  irradiation  time. 

Table  I.  Data  on  transmutation  by  neutron  capture  of  Si,  Al,  Ga  and  In  11 


Mother 

Abund 

Cross 

Daughter 

tl/2 

Energy 

Nt  in  1  h 

Nucleus 

(Z,m) 

ance 

(%) 

Section 

(bam) 

Nucleus 

(Z,m) 

(MeV) 

(cm"3) 

Si  (14,  30) 

3.1 

0.11 

P  (15,31) 

2.6  h 

1.49 

4.5xl012 

Al  (13,  27) 

100 

0.23 

Si  (14,  28) 

2.3 

min 

2.82 

4.0xl014 

Ga  (31, 69) 

60.1 

1.8 

Ge  (32,  70) 

21  min 

1.65 

1.6xl015 

Ga  (31,  71) 

39.9 

0.15 

Ge  (32,  72) 

14.1  h 

1.5-3.15 

l.OxlO14 

In  (49, 115) 

95.7 

72 

Sn  (50, 116) 

54  min 

0.6-11.6 

lxlO16 

In  (49,  115) 

95.7 

42 

Sn  (50,  116) 

14  s 

3.3 

0.94xl016 

In  (49,  113) 

4,3 

3 

Sn  (50,114) 

1.2 

min 

~kV 

3.0xl013 

In  (49,  113) 

4.3 

0.16 

Cd  (48,  114) 

49.5 

days 

~kV 

0.16xl013 

Z  is  the  atomic  number,  m  is  the  atomic  mass,  cross  sections  are  in  bams 
(1  bam  =  10"24  cm"2). 

Concentrations  of  atoms  used  in  the  calculation: 

N(Si)  =  0.37x1 023  cm"3 
N(AJ)  =  0.48X1023  cm"3 
N(Ga)  =  0.43  xlO23  cm"3 
N(In)  =  0.65  xlO22  cm"3 

As  one  can  see  from  Table  I,  neutron  capture  for  In,  Ga,  and  Al  is  more  effective 
than  that  for  Si  by  two  orders  of  magnitude.  Therefore,  neutron  fluences  for  obtaining  the 
same  dopant  concentration  will  be  about  two  orders  of  magnitude  smaller.  This  will  result 
in  smaller  radiation  damage  and  will  make  the  irradiation  possible  in  low-flux  reactors. 

All  three  transmutated  atoms  Si,  Ge  and  Sn  are  amphoteric  impurities  and  can  enter 
both  sublattices,  HI  and  V.  But  it  is  unlikely  that  these  atoms  will  enter  the  nitrogen 


a  For  comparison:  Missouri  University  Research  Reactor  has  a  thermal  neutron  flux  of 
1.1  x  lO^cnriW 
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sublattice  on  account  of  the  small  radius  of  the  nitrogen  atom  (see  Table  II).  Most 
probably  Si,  Ge  and  Sn  will  enter  the  III-sublattice.  All  three  dopants  will  thus  be  donors. 

Table  II.  Atomic  radii  of  the  elements. 

Atom  A1  Ga  N  Si  Ge  Sn 

Atomic  radius  (pm)  0.143  0.122  0.070  0.117  0.122  0.140 

The  recoil  energy  of  transmutated  atoms  will  be  in  the  range  used  for  ion 
implantation  (  50-250  keV).  Though  the  energy  of  the  nuclear  reaction  is  of  the  order  of 
MeV,  from  the  conservation  of  impulse  it  follows  that  most  of  energy  is  taken  by  the 
electron. 

Successful  implantation  doping  of  GaN  layers  has  shown  that  annealing  of  radiation 
damage  can  be  effective.  4’5,6’ 12  AIN  has  a  high  radiation  resistance  and  can  be  annealed  to 
high  temperatures  due  to  the  fact  that  AIN  is  a  much  more  stable  compound  than  GaN  and 
InN.1  To  our  knowledge  there  are  no  papers  on  implantation  or  irradiation  of  InN  layers. 
However,  transmutation  doping  of  InN  may  be  efficient.  In  has  a  high  efficiency  of 
transmutation  reaction,  three  order  of  magnitude  higher  than  that  of  Si.  It  should  result  in  a 
short  time  of  irradiation  and  consequently  in  a  weak  radiation  damage. 

Transmutation  doping  of  IQ-N  semiconductors  is  promising  and  to  date  totally 
unexplored  field.  Doping  of  GaN  by  transmutation  of  Ga  into  Ge  should  be  feasible.  Since 
doping  of  AIN  by  more  conventional  methods  was  unsuccessful,  an  attempt  to  obtain  n- 
type  AIN  by  transmutation  doping  would  be  interesting  from  both  experimental  and 
theoretical  points  of  view.  InN  has  the  highest  efficiency  of  transmutation.  This  should 
result  in  a  weaker  radiation  damage.  InN  transmutation  doping  thus  may  also  be  achieved. 
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ABSTRACT 

Copper  Schottky  diodes  on  n-type  GaN  grown  by  metal-organic  chemical  vapor 
deposition  were  achieved  and  investigated.  Ti/Al  was  used  as  the  ohmic  contact.  The  copper 
metal  is  deposited  by  the  Sputter  system.  The  barrier  height  was  determined  to  be  as  high  as 
0B  =1.13eV  by  current-voltage  (I-V)  method  and  corrected  to  be  Ob  =T.35eV  as  considered 
the  ideality  factor,  n,  with  the  value  of  1 .2.  By  the  capacitance-voltage  (C-V)  method,  the 
barrier  height  is  determined  to  be  0B  =1.41eV.  Both  results  indicate  that  the  sputtered  copper 
metal  is  a  high  barrier  height  Schottky  metal  for  n-type  GaN. 

INTRODUCTION 

GaN-based  materials  have  been  intensively  studied  recently  for  the  blue  emission  diodes. 
Besides  that,  they  have  the  potential  in  the  applications  of  high  temperature,  high  frequency 
and  high  power  electronic  devices  due  to  its  wide  band  gap  and  chemical  stability 
characteristics.  For  some  electronic  devices  like  MESFET,  it  is  necessary  to  fabricate  a 
Schottky  contact  with  a  high  breakdown  voltage  and  a  low  reverse  leakage  current,  up  to  a 
high  reverse  voltage.  The  metals  with  high  work  functions  have  been  reported  by  many 
researchers  to  be  used  as  a  Schottky  contact  for  GaN]'9).  In  this  study,  the  Cu  metal  deposited 
by  the  sputter  system  was  used  as  a  Schottky  contact  to  fabricate  a  Cu/n-GaN  Schottky  diode. 
The  Schottky  barrier  height  of  the  copper  metal  for  n-GaN  grown  on  the  A1203  substrate  was 
investigated  by  using  the  I-V  and  C-V  measurements. 
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EXPERIMENT 

The  samples  used  for  this  study  were  grown  by  the  low  pressure  metal-organic  vapor 
phase  epitaxy  (MOVPE)  system.  Trimethylgallium  (TMGa)  and  NH3  were  used  as  source 
materials,  and  SiH4  diluted  in  H2  was  used  as  the  n-type  dopant  source.  The  sapphire  substrate 
was  first  heated  at  1100°C  for  20min  in  the  stream  of  H2.  A  25nm  thick  GaN  layer  was 
deposited  as  the  buffer  layer  at  525°C.  Then,  the  substrate  was  heated  up  to  1050°C  and  a  2pm 
thick  Si  doped  GaN  layer  was  grown  on  the  GaN  buffer  layer.  The  carrier  concentration  of  the 
Si  doped  GaN  film  was  5xl017cm‘3  measured  by  the  Hall  measurement.  The  GaN  samples 
were  first  cleaned  with  organic  solvents,  followed  by  etching  in  a  HC1:H20  solution,  and  then 
were  loaded  in  an  E-gun  evaporator  equipped  with  the  cryo  pump.  Ti  (50nm)  and  AI  (lOOnm) 
were  evaporated  using  the  conventional  lift-off  technique.  After  lift-off  process,  the  sample 
was  annealed  at  550°C  for  5min  in  nitrogen  ambient  in  order  to  obtain  ohmic  characteristics. 
Then,  Cu  (lOOnm)  was  deposited  on  the  GaN  film  by  sputtering  and  the  pattern  of  the  Cu 
contact  was  formed  by  using  the  wet  etching  with  a  solution  of  10%  HN03.  Prior  to  the 
sputtering  process,  the  sample  was  cleaned  in  boiling  aqua  regia  for  5  min  and  dipped  in 
HC1:H20  for  lmin.  The  area  of  the  Schottky  contabt  was  9.5x1 0"5  cm2.  The  current- voltage  (I- 
V)  and  capacitance-voltage  (C-V)  characteristics  were  measured  with  HP4145  semiconductor 
parameter  analyzer  and  Keithly  590  C-V  analyzer. 

RESULT  AND  DISCUSSION 

The  typical  I-V  characteristics  of  the  Cu/GaN  Schottky  diode  measured  at  room 
temperature  are  shown  in  Fig.l.  An  increase  of  the  forward  current  was  observed  above  the 
applied  voltage  of  0.4V.  The  I-V  characteristic  function  of  the  Schottky  diode  is  described  by 


the  following  equationsfl  1]: 

J=J0(exp(qV/nkT)-l) . (1) 

J0=A*  *T2exp(-q<J>bn0/kT) . (2) 


where  J0  is  the  saturation  current  density,  n  the  ideality  factor.  A**  the  effective  Richardson 
constant,  k  the  Boltzmann’s  constant  and  <(>bn0  the  measured  barrier  height.  The  value  of  Obno 
can  be  deduced  from  the  I-V  measurement  as  the  effective  Richardson  constant  is  decided. 
The  theoretical  value  of  A**  is  26  A/cm'2K'2  [1].  From  the  forward  bias  log  I-V  plot  as  shown 
in  Fig.l,  the  values  of  the  Schottky  barrier  height  and  the  ideality  factor  are  1.1 3eV  and  1.2, 
respectively. 

To  eliminate  the  effect  of  the  series  resistance  of  the  diodes,  the  Norde’s  method  was 
used  to  calculate  the  Schottky  barrier  height[12].  From  this  method,  the  Schottky  barrier 
height  of  the  Cu/GaN  can  be  calculated  by  using  a  plot  of  the  following  function: 


Forward  voltage  (V) 


Reverse  voltage(V) 


(a) 


(b) 


Fig.  1  The  I-V  characteristic  plot  of  the  Cu/GaN  Schottky  diode  at  room 


temperature  (a)  forward  biases  (b)  reverse  biases. 


V  kT  J 

F{V)  =  ln( - - — -).. 

K  ’  2  q  AA**T 2 


(3) 


From  the  plot  of  the  F(V)  vs.  V  suggested  in  Fig.2,  the  minimum  point  F(VJof  F(V)  can  be 
find  by  setting  dF/dV=0.  And  then  the  corresponding  voltage  Vm  can  be  obtained.  Therefore, 
the  Schottky  barrier  height  can  be  calculated  by  the  following  equation[13]: 


. (4) 

where  <J>B  is  Schottky  barrier  height,  Vm  is  correspond  voltage  of  the  minimum  point  of  F(V) 
and  n  is  the  ideal  factor.  From  Eq.(4),  the  calculated  Schottky  barrier  high  of  the  Cu/GaN  is 


1.1 5eV. 

Besides  the  I-V  methods,  the  Schottky  barrier  height  of  Cu/GaN  can  also  be  measured  by 
using  the  C-V  characteristic  method.  Fig.(3)  shows  the  C-V  characteristic  curve  and  the  1/C2- 
V  plot  as  a  function  of  DC  bias  changing  from  -5V  to  OV  in  steps  of  0.02V,  with  a  small 
signal  of  100kHz.  The  capacitance  increases  gently  with  the  increase  of  the  applied  voltage, 
which  is  shown  in  Fig.3(a).  That  is  because  of  the  shrinkage  of  the  depletion  region  of  the 
Cu/GaN  Schottky  contact.  The  built  in  potential  of  this  Cu/GaN  Schottky  barrier  is  obtained 
from  the  l/C2-voltage  plot  via  Vbi=V0+kT/q,  where  V0  is  the  voltage  intercept.  V0  is 
determined  to  be  1.37eV  which  is  fitted  and  marked  in  Fig.3(b).  Neglecting  image  force 


lowering,  the  barrier  height,  <t>bn(C-V)  is  given  by 

^(C-V)  =  qVbi  +  (Ec-E^ . (5) 

Where  (Ec-Ef)  is  the  energy  difference  between  the  conduction  band  and  the  Fermi  level  and 
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given  by  (Ec-Ef)  =  (kT/qjln^/Nj).  Nc  is  the  effective  state  density  in  the  conduction  band  and 
Nd  is  the  donor  concentration  of  the  film.  The  theoretical  value  of  Nc  is  defined  as 


Forward  voltage(V) 

Fig.2  The  norde  plot  of  the  Cu/GaN  Schottky  Diode 

2(27tmn*kT/h2)3/2.  The  typical  value  of  the  effective  mass,  mn*,  is  equal  to  0.22m0.  As 
mentioned  above,  the  doping  concentration  of  GaN  measured  by  the  Hall  measurement  is 
5xl0,7cm'3.  Therefore,  the  values  of  (Ec-Ef)  and  the  barrier  height  calculated  from  Eq.5  are 
0.04  eV  and  1.41eV,  respectively. 

The  value  of  the  barrier  height  measured  from  the  C-V  method  is  larger  than  that 
measured  by  the  I-V  method.  This  is  because  the  transport  mechanism  of  these  diodes  is  not 
purely  due  to  the  thermionic  emission.  For  these  diodes,  the  barrier  height  of  <Dbno  is  voltage  or 
electric  field  sensitive  and  ®bn  is  not.10)  The  two  barrier  heights  are  related  but  are  not 
identical  quantities.  Because  the  ideality  factor  of  the  I-V  characteristic  is  not  1  for  the  Cu/n- 
GaN  Schottky  diode,  the  Schottky  barrier  height  of  the  copper  metal  on  n-GaN  must  be 
correlated  with  a  more  fundamental  barrier  height,  <Pbf,  at  zero  electric  field  by  the  following 
equation[14]: 

O>bf=ncpbn0-(n-l)  kT/q  lnfN/N,) . (6) 

where  Nc  is  the  effective  conduction-band  density  of  the  states.  When  the  junction  is  at  zero 
electric  field,  i.e.,  the  flat  band  condition,  there  should  be  no  tunnelling  or  image  force 
lowering.  The  corrected  barrier  height  calculated  from  Eq.(6)  is  1 .35eV.  The  quantitative  d>bf 
is,  therefore,  more  appropriate  value  to  compare  with  <Dbn.  The  corrected  barrier  height,  Obf, 
now  can  be  considered  as  the  barrier  height  of  a  Schottky  diode  with  a  transport  mechanism 
of  thermionic  emission  and  without  any  image  force  lowering  effect.  [10] 

The  results  of  the  barrier  height  calculated  from  above  methods  are  summarized  in  Table 
I.  The  Schottky  barrier  height  of  the  Cu/GaN  diodes  measured  from  I-V  and  C-V  methods  are 
different  from  that  predicted  by  the  Schottky-Mott  model,  which  indicates  that  the  barrier 
height  is  equal  to  the  difference  between  the  metal  work  function  of  Cu  and  the  electron 
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affinity  of  GaN  (x=4.2eV).  Such  a  high  Schottky  barrier  height  of  the  Cu/GaN  contact 
obviously  can  not  be  explained  by  the  Schottky-Mott  model  and  it  may  result  from  the 


Table  I.  Schottky  barrier  height  of  Cu/GaN  diode 


4UI-V) 

mm 

®b(Norde  Plot) 
[Eq.(4)] 

OJC-V) 

[Eq-(5)] 

<t>bf{Eq.(6)] 

Cu/GaN 

Schottky  diode 

1.2 

1.13  eV 

1.15  eV 

1.41  eV 

1.35  eV 

A^iedvdtsge(V)  Applied  voltage(V) 


(a)  (b) 

Fig.  3  (a)  C-V  characteristics  and  (b)  1/C2  plot  of  Cu/GaN  Schottky  diode. 


interface  reaction  or  the  Fermi  level  pinning  effect  which  is  also  found  in  the  GaAs-based  or 
InP-based  materials.  The  details  of  the  Schottky  contact  Cu  on  GaN,  such  as  the  reaction 
between  Cu  and  GaN,  are  currenty  extensively  studied  and  will  be  published  later. 

In  conclusion,  the  Cu/GaN  Schottky  diode  with  a  high  barrier  height  has  been  achieved 
and  investigated.  The  Cu  metal  was  sputter-deposited  on  n-GaN.  The  barrier  height  of  the 
Cu/GaN  Schottky  diodes  measured  by  the  I-V  and  C-V  method  are  1.15  and  1.41eV, 
respectively.  The  contact  mechanism  of  Cu/GaN  can  not  be  completely  explained  by  the 
Schottky  -Mott  model  and  the  mechanism  is  suggested  to  be  the  surface  fermi-level  pinning 
effect. 

The  authors  wish  to  acknowledge  the  support  a  portion  for  this  work  by  the  National 
Sciences  Council  (NSC-88-2215-E009-015)  and  Epistar  Corporation  . 
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ABSTRACT 

Thin  films  of  ScN  and  YN  were  grown  on  silicon,  quartz  and  sapphire  using  metal 
evaporation  and  an  RF  atomic  nitrogen  source.  YN  decomposes  on  contact  with  water  vapor, 
and  only  AIN  capped  films  could  be  stabilized.  ScN  is  stable  in  air  and  water,  and  thin  films  of 
this  material  deposited  at  temperatures  between  300  and  900  °C  show  a  substrate-dependent  film 
texture.  Typical  growth  rates  were  -  0.1  nm/second  with  a  300W  N  discharge  at  about  0.1 
mTorr  Nitrogen  pressure.  Structural  characterization  by  x-ray  diffraction,  infrared  transmission 
spectroscopy  and  Hall  effect  measurements  on  n-type  ScN  and  the  fabrication  of  p-n  junctions 
of  n-  type  ScN  with  silicon  are  presented. 

INTRODUCTION 

The  IIIB  metals  Scandium,  Yttrium  and  Lanthanum  are  less  commonly  used  for  wide 
bandgap  nitride  semiconductors  compared  to  the  IIIA  metals  Aluminum,  Gallium  and  Indium. 
The  IIIB  metals  have  one  d  electron  rather  than  one  p  electron  in  the  outer  shell.  The  IIIB- 
nitrides  have  bandgaps  in  the  2-2.4  eV  range,  crystallize  in  the  rock  salt  structure,  and  melt 
above  2600  °C.  The  films  are  yellow  to  deep  red  in  color  [1].  Several  groups  have  investigated 
ScN,  both  for  its  mechanical  properties  in  analogy  to  the  well-known  coating  material  TiN  [2,3], 
and  both  experimental  and  theoretical  investigations  of  its  electronic  properties  [4-6].  The  cubic 
ScN  lattice  is  a  good  match  for  the  IIIA  nitrides;  because  of  the  high  melting  temperatures  of 
both  Sc  and  ScN  this  material  might  ultimately  be  used  to  replace  InN  in  IELA-V  semiconductor 
alloys  for  high  temperature  applications. 

We  report  the  results  of  vacuum  evaporation  of  scandium  metal  in  an  atomic  N  ambient 
for  producing  thin  films  of  ScN,  and  diode  structures  made  from  n-type  ScN  and  p-type  Si.  YN 
nitride  films  decomposed  in  humid  air  in  a  matter  of  hours  to  days. 

EXPERIMENT 

The  vacuum  system  is  based  on  a  stainless  steel  6- way  cross  with  150  mm  outside 
diameter  copper  sealed  flanges.  The  vertical  ports  are  used  for  sample  insertion  (top),  the 
evaporator  feedthroughs  (bottom).  The  four  horizontal  ports  are  used  for  the  SVTA  Inc.  radio 
frequency  atomic  nitrogen  source,  viewports,  shutter,  main  chamber  pump  and  quartz  crystal 
thin  film  thickness  monitor.  The  system  has  a  100 1/sec  turbo  pump  roughing  system,  and  a  1500 
1/sec  cryopump  for  use  during  deposition,  because  the  atomic  nitrogen  caused  corrosion  and  oil 
decomposition  problems  with  our  conventional  pumping  system.  Base  pressure  in  the  unbaked 
system  was  in  the  10"7  Torr  range  in  several  hours. 

The  substrates  were  clamped  to  a  pyrolytic  boron  nitride-coated  graphite  heater,  the 
substrate  temperature  was  monitored  with  an  optical  pyrometer.  A  four-conductor  (6mm 
diameter  copper  conductors)  feedthrough  was  used  to  support  and  make  contact  to  two  tungsten 
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boats  (6mm  wide  tungsten  foil  0.25mm  thick  with  a  central  dimple)  for  evaporation  of  two 
metals  at  one  time.  Typical  deposition  currents  were  in  the  100-125  Ampere  range.  The 
nitrogen  source  was  operated  on  pure  nitrogen  at  about  2  xlO'4Torr.  Sc  deposition  rates  were 
controlled  manually  in  the  0.05-0.3  nm/sec  range. 

Substrates  were  washed  in  alcohol  and  preheated  in  the  chamber  to  degas  the  substrates 
for  about  1  hr.  Small  (2-3  mm  diameter)  chips  of  Sc  or  Y  metal  (99.99%)  were  placed  in  the 
boats  for  evaporation.  Hall  effect  measurements  were  made  with  a  commercial  Hall  effect  set-up 
(Keithly  Instruments). 

A  schematic  of  the  experimental  set-up  is  shown  in  the  figure  1. 


Figure  1.  Schematic  of  experimental  set-up. 

RESULTS 

Several  dozens  films  were  grown  on  various  substrates:  quartz  microscope  slides  (Quartz 
Scientific,  Inc.  Fairport  Harbor  OH)  and  silicon  (100).  Typically,  a  low  metal  evaporation  rate 
was  used,  because  higher  rates  were  very  difficult  to  control,  and  resulted  in  Sc-  rich  ScN  or 
metal  capped  films.  Films  where  the  deposition  resulted  in  a  Sc  metal  overlayers  were  usually 
discarded  immediately,  and  no  further  ScN  growth  was  attempted.  ScN  and  YN  “skin”  or 
“crust”  formed  on  the  metal  in  the  evaporation  boat.  Well-formed  bulk  cubic  crystals  were 
observed  in  SEM  observation  of  the  evaporation  remnants.  While  still  in  the  chamber,  YN  films 
showed  a  deep  red  color,  ScN  films  were  yellow  to  greenish-yellow.  Upon  Removal  from  the 
vacuum  system,  the  YN  films  became  transparent  in  a  matter  of  hours.  YN  capped  with  AIN 
was  more  stable,  but  decomposed  from  the  edges  of  the  film  inward  with  the  same  eventual 
outcome. 

Sc  metal  films  could  be  evaporated  in  this  system,  which  showed  only  Sc  metal  lines  in 
x-ray  diffraction,  with  no  detectable  Sc-oxide. 


theta-2*theta 

Figure  2:  Typical  0-20  x-ray  diffraction  curves  for  ScN  on  various  substrates.  Nominal 
deposition  parameters:  Curves  (1)  and  (5),  Silicon  and  quartz  substrates,  respectively.  Curve  (2) 
240  nm  ScN,  deposited  at  650  °C,  0.05  nm/sec,  (3)  400  nm  ScN,  700  °C  0.2  nm/sec,  (4)  170  nm 
ScN,  700  °C,  0.3  -0.4nm/sec.  (6)  220  nm  ScN  on  quartz,  650  °C,  0.03  nm/sec. 


Wavenumber  (cm  -1 ) 


Figure  3.  Infrared  Transmission  of  a  ScN/quartz  film.  The  LO  phonon  mode  is  observed  at 
1104  cm"1 .  The  sinusoidal  oscillations  2000-8000  cm'1  are  interference  fringes. 
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Infrared  transmission  measurements  were  made  on  these  films,  originally  to  determine 
the  thickness,  however  the  refractive  index  of  scandium  nitride  is  not  known  to  sufficient 
accuracy  for  thickness  measurements  using  interference  fringes.  The  thermal  conductivity  of 
ScN  is  reportedly  in  the  range  for  AIN,  and  the  EUA  nitrides,  which  are  quite  high.  The  phonon 
modes  for  these  materials  have  recently  been  reported  [7],  and  the  ScN  LO  mode  value  observed 
is  consistent  with  the  magnitude  of  the  mA-nitrides. 

Several  types  of  metal  contacts  were  sputter-deposited  onto  ScN  thin  films  for  Hall 
measurements  and  to  form  simple  schottky-diode  contacts.  The  Hall  data  are  reported  in  Table  1 
below.  No  successful  schottky  diodes  were  made. 

Diode  structures  were  formed  by  deposition  of  ScN  on  conductive  p-type  Si(100)  (Boron 
doped,  0.2- 1.0  -cm,  from  Virginia  Semiconductor).  Indium  metal  contacts  were  pressed  onto  the 
surface  of  the  ScN  film  manually,  the  silicon  contact  was  made  by  pressing  In  onto  a  freshly 
scrapped  area  of  the  film  where  silicon  was  exposed.  Gold  contacts  were  also  used.  The  I-V 
curves  for  indium  and  Au  contacted  diodes  are  shown  in  figure  4. 


Figure  4:  LEFT:  100  nm  ScN  on  p-Si(lOO),  gold  contacts.. 

RIGHT:  130  nm  ScN  on  p-type  Si(100),  indium  contacts. 


Hall  effect  measurements  were  made  on  several  of  the  ScN  films.  Films  that  were 
sufficiently  conductive  for  this  measurement  were  n  type.  It  was  suggested  in  ref.  [4]  that  Mg 
might  be  suitable  for  p-doping  of  ScN.  Magnesium  metal  was  co-evaporated  in  the  second  boat 
at  a  rate  corresponding  to  about  1%  Mg.  The  Mg  content  was  checked  with  x-ray  fluorescence 
and  is  in  the  1%  range.  The  Mg-doped  ScN  sample  does  show  a  positive  Hall  coeffcient.  ScN 
p-n  junctions  are  planned. 

The  data  are  summarized  in  the  table  below. 
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Table  1.  Hall  Effect  Data 


Sample 

(substrate) 

Thickness 

(nm) 

Contact 

Resistivity 

(fl-cm) 

Hall 

Coefficient 

(cm3/gs) 

Carrier 

Density 

(cm'3) 

980727 A 
(quartz  *) 

130 

Ti 

6.39E-2 

-4.66E0 

1.34E18 

980728B 
(quartz  *) 

180 

Ti 

6.03E-1 

-3.57E0 

1.75E18 

990129 
(quartz  **) 
before  anneal 

500 

Ni/Au 

2.97E-2 

2.47E1 

2.50E17 

990129 
(quartz  **) 
annealed 

500 

Ni/Au 

1.18E-1 

2.53E1 

2.47E17 

Anneal  condition:  N2  ,  temperature:  447°C,  duration:  5min. 


DISCUSSION 

ScN  thin  films  grown  on  silicon  and  quartz  show  similar  orientation  as  observed  for 
reactively  sputtered  ScN  on  MgO  in  ref. [2,3].  On  silicon  we  have  grown  both  (100)  and  (111) 
textured  films,  on  quartz,  the  (100)  orientation  predominates.  The  as-grown  films  with  good 
conductivity  are  n-type,  suggesting  oxygen  as  the  n-dopant,  in  analogy  to  GaN.  In  this  case,  we 
expect  that  the  source  may  be  water  that  desorbs  from  the  system  walls  during  the  deposition.  In 
several  cases,  insulating  films  were  obtained,  although  similar  in  color,  the  bandgap 
measurements  (in  the  2.5-3  eV  range)  on  these  films  (on  quartz)  indicates  some  Sc-oxide  in  the 
film. 

Initial  attempts  show  that  Mg  may  indeed  be  a  p-type  dopant  for  ScN. 

CONCLUSIONS 

ScN  thin  films  were  grown  by  thermal  Sc  evaporation  in  an  atomic  nitrogen  environment. 
Films  were  grown  on  silicon  and  quartz.  Conductive  n-ScN/p-Si(100)  diodes  were  tested.  YN 
films  were  unstable  in  humid  air,  and  were  not  investigated  further.  The  results  for  ScN  thin 
films  suggest  that  diodes  and  possibly  other  electronic  devices  made  from  ScN  junctions  may 
survive  operation  at  elevated  temperatures.  Although  not  investigated  further  in  this  study,  the 
transition  from  ScN  to  Sc-metal  is  very  simple  in  this  growth  method,  so  that  Sc  contacts  for 
high  temperature  use  should  also  be  considered. 
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ABSTRACT 

Gallium  nitride  (GaN)  has  been  under  intense  investigation  due  to  its  unique  qualities 
(wide  band  gap,  chemical  and  temperature  stability)  for  optoelectronic  and  high 
temperature/high  power  applications.  To  this  end,  reactive  ion  etching  (RIE)  experiments 
were  performed  on  GaN  thin  films  using  BCVCVAr.  These  resulted  in  etch  rates  of  1400 
A/min  at  -400  V  dc  bias1.  However,  rough  etched  surfaces,  nitrogen  surface  depletion  and 
high  chlorine  content  were  observed.  In  order  to  remedy  these  shortcomings,  a  photo-assisted 
RIE  process  using  a  filtered  Xe  lamp  beam  was  developed,  resulting  in  higher  etch  rates  but 
again  in  nitrogen  depleted  surfaces2.  Preliminaiy  results  on  using  nitrogen  instead  of  argon  in 
the  process  chemistry  show  a  big  improvement  in  photo-asssisted  etch  rates  (50%)  and  Ga/N 
ratio  (0.78  versus  1.25).  In  this  paper,  the  effects  of  epilayer  doping,  dc  bias,  nitrogen  flow 
rate  and  photo-irradiation  flux  on  GaN  etch  rates,  surface  morphology  and  composition  are 
presented.  Finally,  preliminary  results  on  the  use  of  a  KrF  excimer  laser  beam  in  the  GaN 
photo-assisted  REE  process  are  presented. 

INTRODUCTION 

Wide  band  gap  ni-V  nitrides  are  emerging  as  the  materials  of  choice  for  high 
temperature  and  high  power  electronics  and  blue-UV  emitters  and  detectors.  Synthesis  of 
gallium  nitride  (GaN)  is  being  developed  for  the  fabrication  of  light  emitting  diodes,  laser 
diodes  and  flat  panel  displays.  These  characteristics,  resulting  from  their  strong  chemical 
strength,  become  a  drawback  for  their  processing  and  thus  for  their  industrial  development. 

Conventional  reactive  ion  etching  (REE)  using  halogen-based  chemistries  achieved 
relatively  low  etch  rates3-6.  High  density  plasma  techniques  such  as  electron  cyclotron 
resonance  (ECR),  inductively  coupled  plasma  (ICP)  and  magnetron  RIE  lead  to  higher  etch 
rates7’13.  However,  these  ion-assisted  methods  cannot  avoid  ion  bombardment  damage  and 
surface  roughening  at  high  RF  powers.  In  addition,  nitrogen  depletion  is  usually  associated 
with  high  ion  energies.  Vertical  sidewalls  have  been  realized  with  chemically  assisted  ion 
beam  etching  (CAIBE)  using  HC114.  Alternative  dry  etching  methods  for  low  lattice  damage 
are  low  energy  electron  enhanced  etching  (LE4)15  and  photo-assisted  etching.  The  last 
technique  has  already  been  demonstrated  for  GaAs  and  Si16* 7 .  Photo-assisted  etching  of  GaN 
has  also  been  tested  using  an  ArF  excimer  laser  in  a  HC1  ambient18.  However,  the  preliminary 
etch  rate  was  low  (optimized  etch  rates  have  not  yet  been  reported). 

Encouraging  results  for  REE  of  GaN  have  been  reported  using  BCI3/CI2/AT,  with  etch 
rates  reaching  up  to  1,200  A/min  at  200  W  RF  power1  Nevertheless,  nitrogen  depletion, 
which  increases  with  increasing  dc  self-bias,  was  observed  after  etching.  Moreover,  higher 
etch  rates  are  desirable.  Therefore,  a  photo-assisted  RIE  process  using  the  same  chemistry  was 
developed,  resulting  in  higher  etch  rates  but  still  nitrogen  depleted  surfaces2.  Substitution  of 
At  with  N2  in  the  gas  chemistry  was  tested  with  the  aim  of  reducing  the  surface  nitrogen 
depletion.  Encouraging  results  for  both  etch  rates  and  nitrogen  surface  content  were  obtained. 
In  this  paper,  photo-assisted  RIE  of  GaN  in  BC13/C12/N2  using  both  a  filtered  Xe  lamp  and  a 
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KrF  excimer  laser  are  evaluated  and  compared  to  standard  RIE.  Doping,  nitrogen  flow  rate 
and  lamp  optical  power  density  effects  on  etch  rates,  surface  morphology  and  composition  are 
investigated 

EXPERIMENTAL  DETAILS 

The  gallium  nitride  films  were  grown  on  sapphire  wafers  at  750  °C  by  molecular  beam 
epitaxy19.  The  GaN  samples  were  patterned  using  photoresist  (Shipley  1813).  For  a  given  set 
of  etching  conditions,  two  unassisted  samples  (one  blank  and  one  patterned)  and  two  light- 
exposed  ones  were  processed  in  the  same  run.  Etching  was  performed  in  an  Oxford  Plasma 
Technology  80  pp  RIE  reactor.  The  base  pressure  of  the  reactor  was  2  x  10"6  Torr.  A  xenon 
lamp  with  an  emission  spectrum  ranging  from  200  to  900  nm  was  used.  The  light  beam 
traveled  through  a  glass  window  (UV  filter),  an  IR  filter,  reflected  on  a  mirror  and  impinged 
at  normal  incidence  onto  the  samples  with  a  spot  size  of  2  cm  in  diameter  through  a  quartz 
window.  The  maximum  light  power  density  was  38  mW/cm2.  A  KrF  excimer  laser  (248  nm) 
was  also  used  as  a  light  source  in  the  photo-assisted  RIE  process. 

Gallium  nitride  thin  films  were  etched  in  10  seem  BCV10  seem  CI2/N2  at  30  mTorr. 
The  RF  power  was  varied  from  100  to  400  W,  which  corresponds  to  a  dc  self-bias  range  of  - 
200  to  -480  V.  Etch  rates  were  measured  on  the  patterned  samples  using  a  Tencor  250-alpha 
step  profilometer.  The  GaN  surface  morphology  and  etch  profiles  were  checked  with  a  JEOL 
JSM-5410  scanning  electron  microscope  (SEM).  XPS  was  employed  to  investigate  any 
resulting  surface  stoichiometry  modification  from  etching.  For  this  purpose,  a  Perkin-Elmer 
PHI  ESCA  system  was  used.  Mg  Ka  radiation  was  utilized  as  the  source  of  excitation.  The 
energy  scale  was  calibrated  from  the  C  Is  line  at  285  eV  from  adventitious  carbon  on  the 
surface.  The  base  pressure  during  the  analysis  was  in  the  low  10'10  Torr  range.  The  surface 
composition  was  determined  from  integration  of  B  Is,  C  Is,  N  Is,  O  2s,  Ga  2p3/2  and  Cl  2p 
peak  area,  using  the  sensitivity  factors  0.171,  0.314,  0.499,  0.733,  2.751  and  0.954  for  each 
element,  respectively.  In  the  case  of  GaN  grown  on  an  insulating  substrate,  surface  charging 
build-up  was  compensated  by  a  flow  of  low  energy  electrons.  The  detection  angle  was  45° 
with  respect  to  the  sample  surface. 

RESULTS  AND  DISCUSSION 

Etch  Rate  Results 

GaN  thin  films  were  etched  in  BCI3/CI2/N2  at  100  to  400  W  RF  powers  (-220  to  -480 
V  dc  self-biases).  The  standard  RIE  rate  increased  from  400  A/min  at  -220  V  up  to  1330 
A/min  at  -470  V  (Figure  1).  The  etch  rate  at  a  given  dc  self-bias  under  filtered  Xe  lamp  light 
irradiation  was  higher  when  compared  to  the  standard  RIE  rate.  The  photo-assisted  etch  rate 
also  increased  as  a  function  of  dc  self-bias.  The  highest  etch  rate,  3240  A/min  was  reached  at 
-470  V  dc  self-bias.  The  highest  standard  RIE  rate  obtained  at  -470  V  could  be  obtained  at  - 
250  V  with  the  use  of  photo-radiation.  The  photo-assisted  to  standard  rate  ratios  are  in  the  1.9- 
4.4  range  with  the  highest  photo-enhancement  observed  at  200  W  RF  power  (-300  V  dc  self¬ 
bias). 

The  effects  of  nitrogen  flow  rate,  Xe  lamp  beam  power  density  and  GaN  doping  level 
on  etch  rates  have  also  been  investigated  for  both  the  standard  and  photo-assisted  RIE 
processes.  Both  n  and  p-type  GaN  etch  rates  decrease  with  increasing  carrier  concentration. 
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Figure  1.  Photo-assisted  (both  filtered  Xe  lamp  and  KrF  excimer  laser)  and  standard  etch  rates 
and  ratios  of  GaN  as  a  function  of  dc  self-bias  voltage.  The  GaN  films  were  etched  in  10  seem 
Cl2/10  seem  BCI3/IO  seem  N2  at  30  mTorr  and  38  mW/cm2  optical  power  density. 


Carrier  CtxToertrafion  (1017  cm3)  Camer  OorcertJcfcn  (1017  cni3) 


Figure  2.  Photo-assisted  and  standard  etch  rates  of  n  and  p-type  GaN  as  a  function  of  carrier 
concentration.  The  GaN  films  were  etched  in  10  seem  Cl2/10  seem  BCI3/IO  seem  N2  at  30 
mTorr  and  38  mW/cm2  optical  power  density. 
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particularly  under  filtered  Xe  lamp-assisted  RDB  conditions,  even  though  they  are  higher  than 
the  standard  ones  (Figure  2).  Optimum  N2  flow  rate  was  found  to  be  in  the  10-15  seem  range. 
As  the  Xe  lamp  beam  power  density  increases,  we  notice  a  sharp  increase  in  the  etch  rate  at 
30  mW/cm2. 

Etching  under  the  same  conditions  but  using  a  KrF  excimer  laser  beam  (248  nm)  has 
also  been  performed.  As  shown  in  Figure  1,  the  laser-assisted  etch  rates  (maximum:  1700 
A/min  at  -470  V)  and  photo-assisted  to  standard  rate  ratios  (maximum:  1.7  at  -220  V)  were 
lower  than  those  obtained  with  the  filtered  Xe  lamp. 

Surface  Morphology  and  Composition 

The  GaN  surface  morphology  as  examined  by  SEM  exhibits  ‘etch  pits’  at  high  dc  bias 
(-470  V).  We  notice  however  that,  at  all  dc  biases,  the  etched  surfaces  under  illumination  are 
smoother  than  the  standard  etched  ones.  Moreover,  we  observe  that  the  photo-assisted  etched 
surface  at  -300  V  is  smoother  than  the  as-grown  surface. 

Using  XPS  analysis,  the  surface  composition  change  due  to  etching  was  investigated 
In  the  standard  RIE  process,  the  surface  Ga/N  versus  dc  self-bias  does  not  show  a  defined 
trend  (Figure  3).  At  -300  V,  the  surface  is  more  depleted  in  N  than  the  starting  GaN  surface. 
For  -200V  and  -480  V,  the  surface  Ga/N  ratio  is  similar  to  that  of  the  as-deposited  surface 
(1.55).  However,  after  etching  at  -380V,  the  surface  is  even  closer  to  stoichiometry  than  the 
starting  GaN.  When  the  GaN  sample  is  illuminated  during  the  etch  process  with  the  filtered 
Xe  lamp  beam,  the  surface  Ga/N  ratio  decreases  as  the  dc  self-bias  increases,  reaching  1.37.  at 


Figure  3.  Surface  XPS  Ga  to  N  ratios  and  Cl  atomic  concentrations  as  a  function  of  dc  bias. 
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-480V  When  the  sample  is  illuminated  with  the  KrF  excimer  laser  beam,  the  variation  of  the 
Ga/N  ratio  with  the  dc  self-bias  follows  die  fluctuations  of  the  ratio  obtained  with  standard 
R1E 

The  standard  RIE  process  always  results  in  a  surface  containing  2%  or  more  of 
chlorine  (Figure  3).  The  lowest  chlorine  residual  content  is  obtained  at  -220V  dc  self-bias  and 
the  highest  content  at  -300V.  The  photo-assisted  etching  process  (for  both  KrF  excimer  laser 
and  filtered  Xenon  lamp)  always  leads  to  a  surface  as  clean  or  cleaner  than  the  standard  RIE 
process.  In  the  case  of  the  filtered  Xe  lamp,  the  surface  residual  chlorine  content  decreases  as 
the  dc  self-bias  increases.  At  -300V  dc  self-bias,  the  chlorine  content  is  below  0.8%.  When 
using  the  KrF  excimer  laser,  the  photo-assisted  process  is  only  better  than  standard  RIE  for  the 

highest  dc  self-biases  (-420  and  -480V  in  our  study). 

It  is  difficult  to  explain  how  irradiation  influences  and  enhances  the  etching  process 
without  knowledge  of  the  surface  composition  during  etch  and  real  time  monitoring  of  the 
etch  products.  It  is  believed  that  irradiation  may  excite  the  adsorbed  species  (reactants  and 
products)  and  thus  enhance  product  desorption.  This  would  also  lead  to  higher  coverage  of  the 
material  surface  with  reactive  species.  The  availability  of  N  radicals  in  the  plasma  and  the 
photo-excitation  of  the  surface  resident  species  might  enhance  surface  diffusion  and 
accelerate  the  formation  of  more  volatile  end  products.  In  addition,  photo-excited  surface  Ga 
atoms  with  unsatisfied  bonds  react  more  readily  with  N  atoms.  Such  process  should  result  in 
higher  surface  turn-over  and  etch  rates.  Finally,  photo-generated  carriers  take  part  m  the 
photochemistry,  as  shown  by  the  decrease  in  etch  rate  for  the  p-type  material  as  doping  level 
increases. 

CONCLUSIONS 

Photo-assisted  reactive  ion  etching  of  GaN  using  both  a  filtered  Xe  lamp  and  a  KrF 
excimer  laser  in  BCI3/CI2/N2  was  investigated.  The  standard  and  photo-assisted  RIE  etch  rates 
always  increase  with  increasing  dc  self-bias.  Higher  etch  rates  are  observed  when  the 
materials  are  exposed  to  both  a  filtered  Xe  lamp  and  a  KrF  excimer  laser  beam,  reaching  3240 
and  1700  A/min  at  -470  V  dc  bias,  respectively.  Higher  photo-assisted  to  standard  etch  ratios 
were  observed  for  the  filtered  Xe  lamp  case,  with  a  maximum  (4.4)  observed  at  -300V  dc 
bias.  Use  of  illumination  lowers  surface  chlorine  atomic  concentration.  Etch  rates  decrease  as 
GaN  doping  level  increases  for  both  p  and  n-type  materials.  Hence,  the  photo-assisted  RIE 
process  of  GaN  in  BCI3/CI2/N2  results  in  higher  etch  rates,  and  smoother  and  cleaner  etched 
surfaces  when  compared  to  the  standard  process  performed  using  the  same  conditions. 
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ABSTRACT 

The  drain-current  response  to  short  (<lps)  gate  pulses  has  been  measured  for  a  series  of 
GaN  HEMT  wafers  that  have  similar  dc  and  small-signal  characteristics.  This  response  has  been 
found  to  correlate  well  with  the  measured  microwave  power  output.  For  example,  for  devices 
where  the  pulsed  drain  current  is  greater  than  70%  of  the  dc  value,  output  power  densities  of  up 
to  2.3  W/mm  are  attained.  This  is  in  contrast  with  0.5  W/mm  measured  for  devices  with  low 
pulse  response  (less  than  20%  of  the  dc  value).  These  results,  which  can  be  explained  by  the 
presence  of  traps  in  the  device  structure,  provide  a  convenient  test  which  is  predictive  of  power 
performance. 

INTRODUCTION 

GaN-based  microwave  power  transistors  have  set  the  state-of-the  art  for  output  power 
density  [1]  and  have  the  potential  to  replace  GaAs-based  transistors  for  a  number  of  high-power 
applications.  The  rapid  advances  made  in  GaN-based  devices  stem  from  the  electronic  properties 
of  the  GaN-based  material  system.  However,  due  to  the  relative  immaturity  of  the  materials 
growth  and  device  processing,  the  measured  microwave  power  output  is  frequently  limited  by 
trapping  effects  [2] .  Trapping  effects  have  been  shown  to  play  a  role  in  the  operation  of  many 
GaN-based  FETs.  In  addition  to  the  limitations  they  impose  on  microwave  power  output,  traps 
have  been  shown  to  result  in  drain-current  transients  subsequent  to  a  gate  or  drain  voltage  pulse 
[2],  drain  current  collapse  after  the  application  of  a  high  drain  bias  [3],  and  transconductance  and 
output  resistance  frequency  dispersion  [4].  One  of  the  objectives  of  this  work  is  to  develop  a  test 
or  measurement  technique  that  can  serve  as  a  useful  predictor  of  device  microwave  power 
performance.  The  earlier  this  test  can  be  performed  in  the  device  processing  sequence,  the  more 
useful  it  will  be. 

During  the  development  of  GaAs  field-effect  transistors,  significant  attention  was 
directed  toward  the  understanding  and  minimization  of  trapping  effects.  In  the  GaAs  technology, 
the  drain  current  response  to  gate-  and  drain-voltage  pulses  was  extensively  utilized  [5,  6]  as  a 
means  of  investigating  trapping  effects.  It  was  also  shown  that  pulsed  current- voltage 
characteristics  can  serve  as  a  indicator  of  microwave  power  performance  [7,8].  In  the  work 
presented  here,  the  measured  microwave  power  output  in  GaN-based  HEMTs  has  been  found  to 
correlate  well  with  the  drain-current  pulsed  response. 

MATERIALS  GROWTH  AND  DEVICE  FABRICATION 

The  device  cross  section  is  shown  in  Fig.  1 .  All  HEMTs  were  fabricated  with  4  to  6  pm 
source-drain  spacings  and  a  nominal  gate  length  of  1  pm.  The  gate  consists  of  two  gate  fingers 
with  a  total  gate  width  of  150  pm.  The  ohmic  contacts  were  Ti/Al/Ni/Au  and  had  a  contact 
resistance  in  the  range  of  1-2  O-mm.  Pt/Au  was  used  for  the  gate  metallization  and  the  devices 
were  isolated  with  N  implantation. 
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damage 


Fig.  1.  Device  cross  section. 


Drain  Voltage  (V) 

Fig.  2.  Representative  drain  characteristics. 


The  epitaxial  layers  used  in  this  work  were  grown  in  an  inductively-heated,  water-cooled, 
vertical  MOCVD  reactor.  Triethylaluminum,  trimethylgallium,  and  NH3  were  used  as  the 
reactant  sources,  and  Si2H6  was  the  Si  dopant  source.  The  AlGaN/GaN  HEMT  structures 
consisted  of  a  3  pm  thick  undoped,  high-resistivity  GaN  buffer  layer  grown  on  top  of  a  thin  (200 
A)  low-temperature  nucleation  layer.  The  buffer  layer  was  employed  to  spatially  remove  the 
active  part  of  the  device  from  the  higher-defect-density  material  near  the  substrate  interface.  An 
AlGaN  layer  with  a  total  thickness  of  300  A  was  grown  on  top  of  the  GaN  buffer.  Five  epitaxial 
layer  designs  were  used  in  this  work.  The  salient  features  of  these  wafers,  including  the  average 
values  measured  across  a  wafer  for  sheet  resistance,  mobility,  sheet  carrier  concentration,  Imax 
(the  maximum  drain  current  at  a  forward  gate  current  of  0.1  mA/mm),  and  the  threshold  voltage, 
Vth,  are  summarized  in  Table  I.  Wafers  1  and  5  were  undoped,  wafers  2-4  had  Si-doped  AlGaN 
layers  with  ~30  A  undoped  AlGaN  spacer  layers,  and  wafers  3  and  4  had  a  ~50  A  undoped 
AlGaN  cap. 


HEMT 
Wafer  # 

A1 

fraction 

Si2Hfi  flow 
(seem) 

Rsh 

0 Q/n ) 

Mobility 

(cm2/V-s) 

Ash 

(1013  cm'2) 

Imax 

(mA/mm) 

vth 

(V) 

1 

0.3 

0 

760 

800 

1.0 

480 

-4.5 

2 

0.3 

690 

830 

1.1 

550 

3 

0.3 

!  0.26 

590 

845 

1.3 

520 

-4.5 

4 

0.3 

0.52 

610 

870 

1.2 

560 

-5.5 

5 

0.4 

0 

700 

725 

1.2 

500 

-4.5 

Table  I.  Materials  and  device  electrical  characteristics. 


RESULTS 

The  current- voltage  characteristics,  drain  current  pulsed  response,  and  the  microwave 
power  output  were  measured  for  the  HEMTs  described  above.  Drain  characteristics 
representative  of  the  devices  studied  here  are  shown  in  Fig.  2.  The  negative  slope  at  the  larger 
drain  voltages  are  due  to  thermal  effects.  The  transfer  characteristics  for  a  group  of  devices  (that 
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Fig.  3.  Transfer  characteristics  for  VDs  =  7  Fig.  4.  Drain  current  response  to  a  gate 

V.  The  maximum  forward  gate  current  voltage  pulse.  The  gate  voltage  is 

was  0.1  mA/mm.  The  line  style  used  pulsed  from  a  level  less  than  V*  to  0  V. 

represents  the  different  output  power  levels 
measured. 

were  subsequently  measured  for  pulsed-response  and  power  output)  are  shown  in  Fig.  3.  The 
maximum  drain  current  level,  Imax,  is  within  the  range  of  0.5  to  0.65  A/mm. 

An  estimate  of  the  maximum  power  that  can  be  obtained  from  the  transistor  is  AIAV/8, 
where  AI  is  the  available  current  swing  (=  Imax),  and  AV  is  the  knee  voltage  subtracted  from  the 
gate-drain  breakdown  voltage  at  pinch-off.  Based  on  the  dc  values  of  current  and  voltage,  the 
estimated  power  output  from  this  group  of  wafers  should  be  comparable.  However,  as  described 
below,  the  power  output  level  varies  by  more  than  a  factor  of  5. 

The  drain  current  response  to  a  gate  voltage  pulse  was  also  measured  for  this  group  of 
devices.  An  example  of  this  is  shown  in  Fig.  4.  For  this  case,  the  gate  voltage  is  pulsed  from  a 
level  of  -8V  to  0V  and  VDs  was  IV.  The  pulse  width  was  0.6  ps  and  the  duty  cycle  was  1%.  The 
drain  current  was  measured  with  a  current  probe.  The  dc  value  of  Idss  (Vgs  =  0)  is  also  shown  in 
the  figure.  This  device  exhibits  a  high  pulse-to-dc  current  ratio,  90%.  Other  devices  that  were 
measured  exhibited  a  much  lower  ratio;  as  low  as  5%. 

The  choice  of  the  starting  value  of  VGs  has  a  significant  effect  on  the  observed  drain 
current  pulse.  In  general,  to  see  a  significant  difference  between  the  pulsed  and  dc  current  level, 
the  starting  Vgs  must  be  at  the  threshold  voltage  or  lower.  This  variation  is  shown  in  Fig.  5.  In 
addition,  values  of  VDS  from  0.1  to  10V  were  investigated  and  it  was  determined  that  VDs 
typically  had  a  minimal  effect  on  the  current  ratio.  This  behavior  is  shown  in  Fig.  5,  where  the 
starting  VGs  is  varied  from  -8  to  0V  for  two  different  values  of  VDs- 

The  microwave  power  output  for  these  devices  was  measured  using  on-wafer  microwave 
probes.  The  input  and  output  tuning  as  well  as  the  gate  and  drain  bias  were  adjusted  to  maximize 
the  output  power.  The  measurement  frequency  was  2  GHz,  at  which  the  small-signal  gain  was 
between  10  and  13  dB.  Output  power  levels  as  high  as  2.3  W/mm  and  as  low  as  0.4  W/mm  were 
measured.  The  power  output  is  plotted  as  a  function  of  drain  current  pulse  response  in  Fig.  6, 
and  a  strong  correlation  is  observed. 


543 


The  results  described  above  were  obtained  under  normal  room  lighting  conditions.  The 
effect  of  ultraviolet  illumination  on  both  the  microwave  and  pulsed  current  measurement  was 
investigated.  It  was  generally  observed  that  ultraviolet  illumination  significantly  increased  the 
power  output  and  pulse  response  ratio  for  HEMTs  where  these  values  were  low,  but  had  a 
minimal  effect  for  devices  where  these  values  were  high.  For  example,  for  devices  that 
performed  poorly  in  normal  lighting,  the  current  ratio  was  found  to  increase  from  0.12  to  0.65 
and  the  microwave  power  output  was  found  to  increase  by  4  dB  with  ultraviolet  illumination. 
For  devices  that  performed  well,  the  pulse  ratio  increased  from  0.84  to  0.90  and  the  power  output 
increased  by  <0.5  dB  with  the  application  of  ultraviolet  illumination. 


Fig.  5.  Variation  of  pulse  response  with 
starting  gate-source  voltage. 


Fig.  6.  Correlation  of  microwave  power 
output  at  2  GHz  with  drain  current  response. 


DISCUSSION  &  CONCLUSIONS 

The  measured  results  can  be  explained  by  the  presence  of  traps  in  the  device  structure. 
The  pulse  measurement  reported  here  is  related  to  gate  lag  measurements  done  originally  on 
GaAs  MESFETs  to  assess  their  performance  potential  in  digital  circuits.  In  those  cases,  the  gate 
lag  phenomenon  was  usually  attributed  to  surface  states  in  the  access  regions  between  the  metal 
contacts  which  acted  as  electron  traps.  Although  in  the  present  case,  additional  study  is 
necessary  to  establish  with  certainty  that  surface  states  are  involved  in  the  observed  phenomena, 
the  lack  of  a  gate  recess  or  a  systematic  passivation  procedure,  makes  this  a  likely  possibility.  A 
plausible  mechanism  consists  of  electrons  being  trapped  at  the  access  region  surface  with  a 
negative  gate  voltage  and  causing  a  lifting  of  the  quantum  well  below,  thereby  reducing  its  free 
electron  density.  When  the  gate  voltage  switches  to  0  V,  thereby  opening  the  channel  under  the 
gate,  the  trapped  electrons  cannot  respond  quickly,  and  the  2  DEG  density  below  increases  only 
slowly  to  its  lull  value. 

In  the  power  output  tests,  devices  with  more  surface  states  will  have  lower  values  of 
output  power,  since  the  maximum  drain  current  is  limited  by  the  steady-state  trap  occupancy  of 
the  surface  states  which  causes  a  reduction  in  the  electron  density  in  the  quantum  well.  Although 
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further  tests  are  necessary  to  fully  characterize  and  then  hopefully  eliminate  the  mechanism 
causing  the  limitation  in  output  power,  the  observed  correlation  between  gate-pulse  response  and 
power  performance  yields  a  simple  screening  procedure  which  can  be  utilized  early  in  the  device 
fabrication  process. 

ACKNOWLEDGMENTS 

This  work  was  supported  by  the  Office  of  Naval  Research. 

REFERENCES 


1.  S.  T.  Sheppard,  K.  Doverspike,  W.  L.  Pribble,  S.  T.  Allen,  J.  W.  Palmour,  L.  T.  Kehias,  and  T. 
J.  Jenkins,  to  be  published,  IEEE  EDL,  Apr.  1999. 

2.  S.  C.  Binari,  H.  B.  Dietrich,  W.  Kruppa,  G.  Kelner,  N.  S.  Saks,  A.  Edwards,  J.  M.  Redwing,  A. 
E.  Wickenden,  and  D.  D.  Koleske,  Proc.  Inter.  Conf.  Nitride  Semicond.,  pp.476-478, 1997. 

3.  S.  C.  Binari,  W.  Kruppa,  H.  B.  Dietrich,  G.  Kelner,  A.  E.  Wickenden,  and  J.  A.  Freitas,  Jr., 
Solid-State  Electron.  41,  pp.  1549-1554,  (1997). 

4.  W.  Kruppa,  S.  C.  Binari,  and  K.  Doverspike,  Electronics  Lett.  31,  pp.  1951-2,  (1995). 

5.  M.  Rocci,  Physica  129B,  pp.  119-138,  (1985). 

6.  R.  Yeats,  D.  C.  DAvanzo,  K.  Chan,  N.  Fernandez,  T.  W.  Taylor,  and  C.  Vogel,  IEEE  IEDM 
Digest,  pp.  842-845,  (1988). 

7.  A.  Platzker,  A.  Palevsky,  S.  Nash,  W.  Struble,  and  Y.  Tajima,  IEEE  MTT-S  Digest,  pp.  1 137- 
1140,(1990). 

8.  J.  C.  Huang,  G.  Jackson,  S.  Shanfield,  W.  Hoke,  P.  Lyman,  D.  Atwood,  P.  Saledas,  M. 
Schindler,  Y.  Tajima,  A.  Platzker,  D.  Masse,  and  H.  Statz,  IEEE  MTT-S  Digest,  pp.  713-716, 
(1991). 


545 


PHOTOIONIZATION  SPECTRA  OF  TRAPS  RESPONSIBLE  FOR  CURRENT 
COLLAPSE  IN  GaN  MESFETS 

P.B.  KLEIN,  J.A.  FREITAS,  Jr.,  AND  S.C.  BTNARI 

Naval  Research  Laboratory,  Washington  DC  20375-5347,  klein@bloch.nrl.navy.mil 


ABSTRACT 

Current  collapse  in  GaN  MESFETS  is  believed  to  result  from  the  trapping  of  carriers  in 
the  high  resistivity  GaN  layer,  and  can  be  reversed  by  the  application  of  light.  Light 
photoionizes  (or  photoneutralizes)  the  carriers,  releasing  them  from  the  traps  and  restoring  all  or 
part  of  the  original  I-V  characteristics  of  the  device.  In  these  investigations  we  have  taken 
advantage  of  this  effect  to  characterize  the  traps  responsible  for  current  collapse  in  an  n-channel 
GaN  MESFET.  At  fixed  source-drain  voltage,  the  incremental  light-induced  drain  current, 
above  that  measured  in  the  dark,  and  normalized  per  incident  photon,  is  measured  as  a  function 
of  wavelength.  The  resulting  photoionization  spectrum  reflects  two  absorption  thresholds 
corresponding  to  two  distinct  electron  traps.  Because  of  the  nature  of  the  measurement,  these 
traps  can  be  identified  as  those  responsible  for  current  collapse  in  the  device. 

INTRODUCTION 

Significant  progress  has  been  made  over  the  last  several  years  in  understanding  the 
physical  characteristics  of  the  group-m  nitride  material  system,  as  well  as  in  developing 
optoelectronic  and  electronic  devices  based  on  these  materials.  The  material  parameters  of  this 
system  promise  the  possibility  of  convenient  sources  and  detectors  in  the  UV  and  blue  portions 
of  the  spectrum,  as  well  as  electronic  devices  capable  of  operating  at  high  power,  high 
temperature  and  in  adverse  environments.  Indeed,  blue-green  LED’s  ,  as  well  as  blue  lasers 
operating  for  several  thousand  hours  are  now  commercially  available,  in  spite  of  the  fact  that  the 
materials  used  to  fabricate  these  devices  contain  relatively  high  concentrations  of  defects. 
Similarly  for  electronic  devices,  FETs  have  been  successfully  produced  in  GaN  as  well  as  in 
AlGaN/GaN  HEMT  structures.  While  the  properties  of  these  FETs  continue  to  improve,  trap- 
related  phenomena  still  hinder  the  reproducible  fabrication  of  high  quality  electronic 
devices. 

Two  of  the  most  commonplace  trapping  phenomena  are  persistent  photoconductivity 
(PPC)  and  “current  collapse”.  PPC  is  the  optical  excitation  of  photoconductivity  in  a  material 
that  exists  for  times  long  after  the  optical  excitation  source  is  removed.  This  process  is  often 
associated  with  the  presence  of  a  metastable  deep  defect,  such  as  the  DX  center  in  AlGaAs,  or 
can  be  induced  by  the  transport  of  photoexcited  carriers  across  macroscopic  potential  barriers 
[1].  It  has  been  noted  with  respect  to  the  AlGaAs/GaAs  system  that  while  PPC  poses  no  direct 
problem  for  FETs,  its  presence  does  indicate  the  possibility  of  other  transient  device  instabilities 
associated  with  charge  trapping,  such  as  shifts  in  the  threshold  voltage  [2].  “Current  collapse” 
refers  to  the  trapping  of  charge  at  deep  level  centers  in  the  structure,  resulting  in  a  dramatic 
reduction  in  the  current  flowing  through  the  device,  and  hence  in  its  output  power. 

Current  collapse  is  initiated  by  subjecting  the  device  to  a  high  electric  field,  such  as  that 
experienced  by  ramping  the  drain  voltage  up  to  a  large  value.  This  is  thought  to  inject  hot 
carriers  from  the  channel  into  regions  of  the  structure  where  they  can  be  trapped  by  deep  defects. 
The  resulting  buildup  of  charge  forms  a  depletion  region  in  the  channel  which  tends  to  pinch  off 
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the  channel  and  reduce  the  source-drain  current.  Khan  et  al.  [3]  studied  collapse  in  an 
AlGaN/GaN  heterostructure  insulated  gate  FET  (HIGFET)  and,  following  analogous  work  in 
similar  AlGaAs/GaAs  structures  [4],  suggested  that  the  trapping  occurred  in  the  AlGaN  gate 
insulator.  Similarly,  Binari  et  al.  [5]  observed  this  effect  in  GaN  MESFETS.  In  that  case,  the 
carrier  trapping  was  assumed  to  occur  in  the  semi-insulating  GaN  layer  below  the  active  n-type 
channel  layer.  In  both  of  these  studies  it  was  observed  that  the  current  collapse  could  be 
reversed  by  the  application  of  light,  and  that  the  effectiveness  of  the  light  illumination 
diminished  monotonically  with  increasing  wavelength. 

It  is  the  purpose  of  this  investigation  to  take  advantage  of  the  light  sensitivity  of  the  current 
collapse  phenomenon  in  order  to  begin  to  identify  the  traps  responsible  for  this  effect  in  GaN 
MESFETs.  While  current  interest  is  more  focused  on  the  more  efficient  HFET  structures,  it  is 
important  to  understand  these  processes  in  the  simpler  MESFET,  where  only  the  GaN  material 
contributes.  With  channel  carriers  trapped  on  deep  level  centers  in  the  structure,  the  optical 
reversal  of  current  collapse  should  be  viewed  as  a  photoionization  (or  photoneutralization, 
depending  on  the  charge  state  of  the  trap)  of  the  trapped  carrier  from  the  trap.  Consequently,  the 
dependence  of  the  light-induced  increase  in  the  drain  current  on  the  illumination  wavelength 
should  reflect  the  photoionization  spectrum  of  the  trap.  This  spectrum,  and  its  associated 
photoionization  threshold,  can  serve  as  an  identifier  for  the  trap  involved  in  the  current  collapse 
process. 

EXPERIMENT 

Details  of  the  MESFET  design  and  characterization  are  described  in  Ref.  5.  The  device 
layout  for  the  MESFET  is  shown  in  Fig.  1  and  a  cross-section  is  shown  in  Fig.  2.  The  FET  was 
fabricated  with  a  source-drain  spacing  of  5pm,  a  gate  width  of  150pm  and  a  gate  length  of 
1.5pm.  The  active  channel  was  grown  on  top  of  a  thick,  undoped  semi-insulating  buffer  layer  in 
order  to  spatially  remove  the  active  part  of  the  device  from  the  higher-defect-density  material 
near  the  sapphire  substrate.  Hall  measurements  at  300K  indicated  a  channel  carrier 
concentration  of  2x10  cm'  and  a  mobility  of  410  cm/V-sec.  The  current  collapse 
measurements  were  carried  out  by  obtaining  drain  current  characteristics  of  the  device  with  light 
illumination  and  in  the  dark.  These  were  determined  using  an  HP4145B  semiconductor 
parameter  analyzer,  which  measures  the  drain  characteristics  with  a  single  sweep  of  Vds  for  each 
gate  bias. 
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Fig.  2.  MESFET  cross-section. 


Fig.  1.  MESFET  layout.  Solid  lines  indicate 
source,  drain  and  gate  metallizations.  Dotted 
lines  indicate  implant  isolation  regions. 
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For  reproducible  measurements  of  current  collapse,  it  was  found  necessary  to  initialize  the 
device  before  each  measurement  by  proximity  illumination  with  a  blue  GaN  LED  (lmW),  which 
emptied  all  or  most  of  the  traps.  The  measurements  were  carried  out  near  zero  gate  bias  by 
setting  the  system  to  record  two  consecutive  I-V  curves  with  VGs  at  OV  and  -lOmV,  with  a  5  sec 
delay  between  scans.  After  the  first  I-V  curve  was  recorded  in  the  dark,  an  electronically 
activated  shutter  was  opened,  allowing  the  device  to  be  measured  during  the  second  scan  under 
optical  illumination.  Monochromatic  light  was  obtained  from  a  75W  Xe  arc  lamp  (PTI  model 
A1010)  and  a  Spex  1680B  0.22m.  double  monochromator  with  a  1200  gpm  holographic  grating, 
with  the  spectrometer  bandpass  set  to  approximately  3.5nm.  The  light  was  collected  with  a 
spherical  mirror  and  focused  onto  the  device  with  an  output  power  of  generally  tens  of  pW  in  an 
image  area  of  about  20mm2.  I-V  curves  were  obtained  for  light-on  and  light-off  (dark) 
conditions,  and  the  fractional  increase  in  drain  current  taken  under  illumination  (at  wavelength 
A,)  over  that  taken  in  the  dark,  (Ix-Idark)/Idark  ,  was  measured  at  a  predetermined  fixed  drain 
voltage  (taken  at  VDs=5V).  This  light-induced  increase  in  Ids  was  normalized  at  each 
wavelength  by  the  incident  photon  flux  O  (photons/cm2/sec).  The  resultant  quantity,  defined 
by  R(A)  =  [(Iji-Idark)/Idark]/^>(A)  is  a  measure  of  the  number  of  traps  emptied  by  photoionization 
per  incident  photon.  The  spectral  dependence  of  R(A)  reflects  the  photoionization  spectrum  [6] 
of  the  trap,  thus  allowing  us  to  probe  the  traps  responsible  for  the  current  collapse. 

RESULTS 

The  experimentally  determined  spectrum  R(hv),  plotted  as  a  function  of  incident  photon 
energy  (hv  =  he/ A),  is  shown  as  the  filled  circles  in  Fig.  3.  Two  broad  absorptions  are  observed. 
In  addition,  a  rise  in  the  drain  current  is  observed  near  the  GaN  bandgap,  and  is  assumed  to 
result  from  photoexcited  carriers  injected  into  the  channel.  As  observed  by  Binari  et  al.  [5],  a 
monotonic  decrease  in  the  effectiveness  of  light  to  reverse  current  collapse  is  observed  with 
increasing  wavelength.  This  optically-induced  reversal  appears  to  result  from  the 
photoionization  of  two  distinct  trapping  centers,  labeled  Trap  1  and  Trap  2.  It  should  be 
emphasized  again  that  the  absorptions  seen  here  represent  optical  transitions  from  traps  that  are 
intimately  connected  with  the  current  collapse  phenomenon. 

The  dotted  line  in  the  figure  represents  a  best  fit  of  the  data  to  the  functional  form  for  the 
photoionization  cross-section  of  a  deep-level  defect  [7,8  j,  where  a  vertical,  “forbidden”  optical 
transition  is  assumed:  a(hv)  «=  (hv-Eu,)3/2/(hv)3,  where  Eth  is  the  absorption  threshold.  A  similar 
form  for  the  analogous  “allowed”  transition  [8],  which  employs  an  additional  fitting  parameter, 
does  not  significantly  improve  the  fit.  The  failure  of  this  fitting  procedure  appears  to  result  from 
the  fact  that  the  observed  absorptions  are  particularly  broad.  Large  optical  linewidths  associated 
with  deep  centers  in  semiconductors  often  reveal  the  presence  of  strong  coupling  of  the 
electronic  states  of  the  deep  center  to  the  vibrational  states  of  the  lattice  [6].  Such  coupling  is 
usually  associated  with  a  significant  lattice  distortion  at  the  defect  site.  As  sketched  in  Fig.  4,  at 
300K,  absorption  between  the  trap  and  the  conduction  band  can  take  place  from  vibrational 
excited  states  as  well  as  from  the  lowest  trap  state,  thus  resulting  in  a  Gaussian  broadening  of 
the  absorption. 

In  such  cases,  photoionization  data  must  be  fitted  by  a  convolution  of  the  photoionization 
cross-section  with  a  Gaussian  broadening  function.  This  procedure  has  been  successfully 
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Fig.  3.  The  filled  circles  represent  the  spectral  dependence  of  the  optical  reversal  of  current 
collapse,  R(hv),  that  reflects  the  photoionization  spectrum  of  the  traps  causing  this  effect.  The 
dotted  line  represents  the  best  fit  of  the  data  to  a  standard  deep  level  photoionization  spectrum, 
while  the  solid  line  is  a  fit  employing  the  convolution  of  the  photoionization  spectrum  with  a 
Gaussian  broadening  function.  The  open  squares  and  diamonds  represent  data  from  recent 
photoconductivity  studies  (individually  scaled). 


employed  in  studies  of  the  DX  center  in  AlGaAs  [9]  and  the  EL2  center  in  semi-insulating  GaAs 
[10],  and  has  recently  been  applied  to  account  for  capacitance  transient  spectra  of  the  deep  “E2” 
center  in  n-GaN  [11].  Using  the  approach  of  Mooney  et  al.  [9],  the  solid  line  in  Fig.  3  represents 
such  a  fit  of  the  current  collapse  data,  and  accounts  quite  well  for  the  spectral  dependence  of 
R(hv).  The  dashed  lines  are  the  Trap  1  and  Trap  2  components  of  this  fit.  For  each  absorption, 
an  amplitude,  an  energy  threshold  and  a  Gaussian  broadening  parameter  are  deduced.  For  Trap 
1,  A!=1.5x10'16,  E,=1.8  eV,  and  <*=0.26  eV.  For  Trap  2,  A2=1.4xl0‘14,  E2=2.85  eV,  and 
a2=0.10  eV.  Note  that  these  broadening  parameters  correspond  to  Gaussians  with  FWHM  of 
approximately  0.6eV  and  0.25eV,  respectively,  which  verifies  the  large  breadth  of  the 
absorptions.  Unlike  the  unbroadened  photoionization  cross-section,  there  is  significant 
absorption  at  energies  lower  than  the  threshold  energy.  As  can  be  seen  from  the  diagram  in  Fig. 
5,  these  two  threshold  energies  correspond  to  two  very  deep  traps.  It  is  also  important  to  note 
that  these  optical  threshold  energies  exceed  the  trap  depths  that  might  be  determined  from  a 
DLTS  measurement  of  the  same  center,  for  example,  by  the  lattice  relaxation  energy  (or  Franck- 
Condon  energy)  dpc  indicated  in  Fig.  5. 
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Vibrational 

The  data  in  Fig.  3  is  also  compared 
to  two  recent  investigations  of 
photoconductivity  in  GaN.  Hirsch  et  al. 

[12]  studied  the  spectral  dependence  of 
PPC  in  MOCVD  grown,  unintentionally 
doped  n-GaN,  and  deduced  the 
photoionization  spectrum  (diamonds) 
shown  (scaled)  in  Fig.  3  from  the  time 
dependence  of  photoconductivity  buildup 
in  their  samples.  Similarly,  Reddy  et  al. 

[13]  also  measured  PPC  in  undoped, 

MBE-grown  GaN,  but  in  a  slightly 
different  spectral  region:  their  photo¬ 
current  results  are  shown  (scaled)  as  the 
squares  in  Fig.  3.  That  these  data  agree 
with  our  current  measurements  for  Trap 
2  and  Trap  1,  respectively,  suggests  the 
possibility  that  we  are  observing  the 
same  traps,  but  it  is  curious  that  each  of 
these  studies  reports  a  single  trap.  The 
signal-to-noise  of  the  data  of  Hirsch  et  al. 
would  suggest  that  they  would  have  been 
unable  to  detect  Trap  1,  but  it  is  not  clear 
whether  Reddy  et  al.  investigated  the 
energy  range  of  Trap  2,  or  whether  that  trap  simply  does  not  exist  in  MBE-grown  material.  If 
the  latter  were  found  to  be  true  it  would  be  a  significant  point,  as  the  trap  is  a  major  contributor 
to  current  collapse  in  GaN-based  devices. 

We  have  also  studied  the  dependence  of  the  light-induced  reversal  of  current  collapse  on 
the  excitation  intensity  of  the  light  source.  It  was  found  that  at  400nm  (3.1eV),  the  optical 
response  from  Trap  2  is  almost  fully  saturated  (i.e.  most  of  the  traps  are  empty)  at  the  highest 
power  used,  corresponding  to  about  lmW/cm2.  For  Trap  1,  studied  at  600nm  (2.07eV),  the 
highest  excitation  power  was  found  to  be  within  an  order  of  magnitude  of  saturation  values. 
Saturation  at  such  low  power  levels  suggests  either  a  low  trap  density,  a  large  photoionization 
cross-section,  or  a  small  capture  cross-section,  although  these  parameters  cannot  yet  be 
unraveled  by  the  present  measurements.  However,  Hirsch  et  al.  have  observed  very  slow 
photoconductivity  buildups  associated  with  the  deep  center  that  appears  to  be  identical  to  Trap  2 
in  the  current  work.  From  these  results  they  concluded  that  the  capture  cross-section  for  this 
trap  must  be  extremely  small,  in  agreement  with  our  current  observations. 

CONCLUSIONS 

In  these  studies  we  have  taken  advantage  of  the  optical  reversibility  of  the  current  collapse 
phenomenon  in  order  to  probe  the  deep  traps  responsible  for  this  process  in  a  GaN  MESFET.  In 
addition  to  a  near-bandedge  effect  believed  due  to  the  injection  of  photoexcited  carriers  into  the 
channel,  two  broad,  below-gap  absorptions  were  observed,  which  we  have  associated  with  the 
photoionization  of  trapped  electrons  at  two  distinct  deep  centers  in  the  semi-insulating  GaN 


Lattice  Distortion 


Fig.  4.  Broadening  of  absorption  lines  from  a 
strongly  lattice-coupled  deep  level  defect. 
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layer.  These  absorptions  were  much  too  broad 
to  fit  with  the  standard  spectral  dependence  for 
a  deep-center  photoionization  cross-section. 
Assuming  strong  coupling  of  the  deep  trap 
with  the  lattice,  the  data  was  well  accounted 
for  by  a  convolution  of  the  photoionization 
cross  section  and  a  Gaussian  broadening 
function.  The  resulting  threshold  energies 
reflect  two  very  deep  traps  associated  with 
current  collapse,  with  absorption  thresholds  at 
1.8  eV  and  2.85  eV.  These  traps  may  have 
been  observed  in  recent  PPC  studies  as  well. 
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Fig.  5.  Threshold  absorption  energies  of  Trap 
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